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Foreword

The World Wide Web offers wonderful resources. This is a comfortable medium for
today, especially for those who have grown up in a virtual world of information.
But printed books remain unique vehicles of information and ideas. They are con-
venient and organized. They can be thought provoking. Many current textbooks are
excellent encyclopedias of information. But too many are overbearing and stately,
often mannered in presentation. So they go unread or they have a small audience.
And that is a shame. I therefore try here with a writing style that I hope will people
to read, to pause and consider, and then to read further.

I also think a scientific book needs to be part of a scientific conversation with
the readers. A book must not look like a “cemetery of dead ideas”, (Miguel de Una-
muno, 1913). It has to be filled with ideas and evidence that go beyond what is found
in the journal articles. A scientific book has to act as an argument, as a commentary,
not merely a summary of other people ideas and works. It needs to allow the au-
thor to enter into dialogue with the readers and must be able to generate discussion
with audiences. A scientific book has to give the readers a relevant description of
the topic as well as its overall perspective, argument, or purpose. Authors should
always immerse themselves in their books, writing a book they would like to read.

Not doing so, there is the risk that “the books have the same enemies as people:
fire, humidity. . . weather, and their own content.” (Paul Valery, 1921)

* * *

This book is designed as a review of the state of the art but also brings new
contributions in highly specialized subjects, in a still rapidly moving field: the fun-
damentals of polyurethane elastomers: their chemistry and properties and materials
choice for formulation development.

Why choosing to write a book on the fundamental science of polyurethanes?
These materials have played a pivotal role in achieving the improvement of the
human condition. They have long become an inherent part of our everyday lives. In
fact polyurethane products are almost everywhere we look. Just think of a Parisian
boulevard or elsewhere, sitting outside a café, think—people watching. Watch them
wherever you happen to be—at a bus stop, walking down the high street, sitting in
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viii Foreword

a meeting. . . Think of what they are wearing, how they are walking (their clothes,
their shoes. . . ), what their job might be. Or chose an object in the room. You will
find polyurethanes everywhere we look.

Things are moving. If only thinking of the footwear industry—how much it has
changed in a century in so many significant ways: machinery, footwear testing, lo-
cation of manufacturing plants, and especially alternatives to leather where polyu-
rethanes play a leading role. Inexpensively made, polyurethanes do have consistent
properties.

Year 1894. The T. & A. Bata
Shoe Company in Zlı́n, The
Czech Republic by the siblings
Tomáš, Anna and Antonı́n
Bat’a – the eighth generation
of shoe-making Batas. (http://
www.batova-vila.cz/EN/
Thomas-Bata-Foundation-History.
html)

Or think of the developments brought by polyurethanes in the clothing indus-
try. . . Here are example pictures of the benefits of progress by doing polyurethane
clothes. . . isn’t it remarkable? You can judge yourselves �. . .

Year 2010 new design — 100% PU jacket. Year 1910. Dress designed by Paul Poiret.
(http://upload.wikimedia.org/wikipedia/
/commons/4/4b/Poiretdress.jpg)

Polyurethanes are unique materials where the elasticity of rubber is combined
with the toughness and durability of metals which allows the engineer to replace
rubber, plastic and metal with the ultimate in abrasion resistance and physical

http://www.batova-vila.cz/EN/Thomas-Bata-Foundation-History.html
http://www.batova-vila.cz/EN/Thomas-Bata-Foundation-History.html
http://www.batova-vila.cz/EN/Thomas-Bata-Foundation-History.html
http://www.batova-vila.cz/EN/Thomas-Bata-Foundation-History.html
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properties. Polyurethanes have a large variety of applications due to their unique
properties, such as high strength, high hardness, high modulus, and high elonga-
tion at break. Therefore there are so many problems these materials can solve: from
automotive parts to building and construction, from medicine to electronics, from
textiles to furniture. And even so, this is not all.

Picture of a polyurethane clepsydra counting history and present of PUs development in the areas
of fundamental research and applications

Polyurethanes can be manufactured in an extremely wide range of grades, in
densities from 6 to 1 220 kg/m3 and from flexible elastomers to rigid, hard plastics.

Polyurethane materials exist in a variety of forms including flexible or rigid
foams, chemical resistant coatings, specialty adhesives and sealants, and elastomers.
Most polyurethanes are thermoset materials; they cannot be melted and reshaped
as thermoplastic materials. Once the reactions have ceased the thermoset polyure-
thanes are cured and cannot be heat shaped without degradation. The thermal sta-
bility results from the croslinking degree of polymer chains (the crosslink density)
and from the nature and frequency of repeating units within the polymer chains.

Thermoplastic polyurethane elastomers are polymers that bridge the gap between
rubbers and plastics. They can be used in a wide range of properties, from hard
rubbers to soft engineering thermoplastics as they are elastic and melt-processable.
They can be processed on extrusion as well as injection, blow and compression
molding equipment. They can be vacuum-formed or solution-coated and are suited
for a wide variety of fabrication methodologies. They provide a considerable num-
ber of physical property combinations: high resilience, good compression set, resis-
tance to abrasions, tears, impacts, weather, and even hydrocarbons. Such materials
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offer flexibility without the use of plasticizers as well as a broad range of hardness
and high elasticity.

The world’s consumption of polyurethanes has been growing continuously be-
cause as materials they offer so many different properties and unique ecological and
economic advantages. In fact, its consumption rate is increasing by up to 5% a year.
(source: www.inntecsrl.eu/cms). And there seems to be no end to this trend, quite
the opposite actually: polyurethane systems are finding new fields of application
and market segments: in Europe or the U.S., in Central or South America, in Asia,
Africa or Australia.

Over 2 million people are employed in industries involving polyurethanes, of
which more than 800 000 workers are in the EU. The market value of the polyu-
rethanes industry in the EU today is over e150 billion (source: www.polyurethane.
org).

Cristina Prisacariu
April 2011

www.inntecsrl.eu/cms
www.polyurethane.org
www.polyurethane.org


Preface

Everything connects to everything else. (Leonardo da Vinci)

Things are always changing, while everything connects together to everything
else, to form a balance of our chances, experiences and things, so to maintain a
structure. From letters that build the word to language, from the relationship be-
tween our actions to their consequences, everything is connected. From social net-
working to digit communication, or from neuron networks in the brain to chemical
neuromediators generating thoughts and viewpoints of people, everything is con-
nected.

They all work together, while each relationship is a discrete thing in itself.
The overwhelming majority of research studies rely on the opinions of individu-

als, but all of them are linked.
The connections go beyond human relationship. Various systems of interacting

things act together to perform a common goal. The details make the product. In this
picture, polyurethanes architecture is a small world where everything is linked to
everything too by a two — phase microstructure consisting of hard and soft domains.
The overall properties of polyurethanes depend on the intrinsic properties of each of
the phases, which in turn depend on details of molecular packing of the constituents
within the phases, including the density of hydrogen bonds.

There are no hard and fast rules for obtaining the optimum polyurethane elas-
tomers end products, success depends on good formulation selection with well cho-
sen and appropriate processing parameters. Polyurethane elastomers are polymers
with remarkable versatility. Through suitable choice of the diisocyanates and diols
combined in their synthesis, a huge range of physical properties are achievable. For
example, these may be varied from those typical of soft elastomers to those of hard
plastics, simply by varying the dominant diol from a flexible long-chain molecule
to a small molecule such as ethylene glycol.

This versatility is combined with the processing advantages of a thermoplastic.
It is therefore understandable that the polyurethane elastomers are employed in an
exceptionally wide range of manufactured products.
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An important feature of polyurethane elastomers is that their elastomeric be-
haviour is highly sensitive to chemical and physical structure of the material, that
are potentially under the control of the synthesist. For this advantage to be exploited
more effectively, however, there is a need for deeper understanding of the mecha-
nisms by which structure determines the properties of importance.

The present book aims to advance this understanding, by means of a systematic
study of the effects of varying chemical composition of model polyurethane elas-
tomers on: (a) their physical structure at the important nanometre length-scale, and
(b) the resulting mechanical properties of interest.

The book reviews aspects from the up-to-date literature focused on these topics
including our research. In addition the book records selected results from an inter-
national NATO project collaboration between The Department of Engineering Sci-
ence, University of Oxford and our Romanian laboratory at the Institute of Macro-
molecular Chemistry “Petru Poni”, Iasi. This has made possible an unusually com-
prehensive study of the structure and important physical properties of polyurethane
elastomers—a class of polymer of such great industrial importance.

A particular topic approached in this book is new insight into the physical ori-
gin of inelastic effects in reinforced elastomers, to assist with the development of
physically-based constitutive models.

In the book, a study was made of how aspects of the constitutive responses of pol-
yurethane elastomers vary with composition: the polyaddition procedure, the hard
segment, soft segment and chain extender (mostly diols) were varied systematically
in a large number of systems of model and novel materials. Results were related to:
microstructural changes, on the basis of evidence from X-ray scattering, scanning
and transmission electron microscopy, atomic force microscopy, and also dynamic
mechanical analyses, differential scanning calorimetry and IR dichroic measure-
ments.

The book covers aspects from the morphology to mechanical aspects focused on
the elasticity and inelasticity of amorphous to crystalline polyurethane elastomers,
in relation to their sensitivity to chemical and physical structure. In such polymers,
resilience of the material is an important attribute. In many applications they are
in commercial competition with other, relatively soft, elastomeric materials. The
choice of material for any given application then hinges on a spectrum of key prop-
erties offered by relatively soft polymers—stiffness and strain recovery characteriz-
ing their elasticity, but also inelastic effects such as hysteresis and stress relaxation.
In these respects the mechanical properties of polyurethane elastomers are similar
to those of other elastomers.

In this book, inelastic effects correlated with systematically varying the chemical
structure, were also investigated by including quantitative correlations between the
magnitude of the Mullins effect and the fractional energy dissipation by hysteresis
under cyclic straining, giving common relations approached by all the materials
studied.

A major structural feature that was explored in this book is the relationship be-
tween the nature of the hard segment (crystallizing or not) and that of the soft seg-
ments. Crystallinity has been sometimes observed in the commercial polyurethane
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elastomers hard phase but this is usually limited to only a few percent for most hard
segment structures when solidified from the melt.

But there is one particular diisocyanate, 4,4’-dibenzyl diisocyanate (DBDI) that,
in the presence of suitable chain extenders (diols or diamines), gives rise to signifi-
cant degrees of crystallinity and this is included in the present work.

Schematic of the flexible
4,4’-dibenzyl diisocyanate
DBDI crystallizing

O C N CH2
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Schematic of a conventional
rigid diisocyanate,
4,4’-diphenylmethane
diisocyanate (MDI)
non-crystallizing
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Recent developments in polyurethane materials have been made in our Romanian
laboratory, by producing and studying polymers based on the diisocyanate DBDI
giving dibenzyl based hard segments (only available from Romania), that allows
the variation of hard domain crystallinity as a key structural variable. The confor-
mational mobility of the novel DBDI causes an unusually wide range of mechani-
cal, physical and chemical properties, associated with the possibility of pronounced
phase separation into a domain-matrix morphology, and with a high tendency to
crystallization and self-association by hydrogen bonding, which is not available with
the conventional diisocyanates in traditional melt-cast polyurethanes.

Thus, new polymers were achieved by us, with a controlled ordering of copoly-
mer hard segment blocks on the macromolecular chain.

This book concerns with the study of a large series of systems of PUs based on the
aromatic DBDI diisocyanate as compared to materials derived from conventional
diisocyanates, mainly 4,4’-diphenylmethane diisocyanate (MDI), as one of the most
representative and commonly used aromatic diisocyanates.

The present book is organized into 6 chapters. Chapter 1 describes general
aspects on the chemistry of polyurethane elastomers: their origins and develop-
ment, the principles and synthesis mechanisms, as well as general considerations
on the main chemical parameters that define such materials, i. e. diisocyanate,
macrodiol and chain extender. Selected considerations regarding the reactivity of
diisocyanates, the hydrogen bonding and its dynamic and quantum aspects are also
discussed in this chapter.

In chapter 2, there are investigated aspects regarding the morphology and phase
separation on two large categories of polyurethane elastomers: materials based on
single diisocyanates, and materials derived from mixtures of diisocyanates. Results
are discussed in terms of the structural studies: wide and small angle X-ray scat-
tering (WAXS) and (SAXS), and transmission and scanning electron microscopy
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(TEM and SEM) revealing particularities on the polyurethane elastomers morphol-
ogy. Conventional materials derived from rigid diisocyanates (mainly MDI) are
compared with the relatively recent polyurethane elastomers obtained by us, that
contain crystallizing hard segments generated by DBDI which displayes a vari-
able geometry. Such materials have higher flow stress in the hard phase caused
by stronger phase segregation.

Thermal techniques such as differential scanning calorimetry (DSC) and dynamic
mechanical analysis (DMA) used to describe the thermal behaviour of the materi-
als are also detailed in this book. A comparison is made in chapter 3, between the
thermal behaviour of conventional materials and those derived from dibenzyl struc-
tures, from the perspective of the materials with single diisocyanates as compared to
those based on mixtures of diioscyanates. The thermal behaviour of a series of novel
polyurethane blends obtained with the isocyanate DBDI has also been described in
chapter 3.

The mechanical performance of polyurethane elastomers is strongly affected by
the higher-ordered structure of hard segments on the macromolecular chain, and
this is also discussed to a large extent in the present book. Inelastic features in the
polyurethane elastomers constitutive response are investigated in chapter 4. Their
constitutive responses are sensitive to microstructural detail on length scales of or-
der nm and the hard-domain crystallinity exerts a strong effect on inelasticity of
the elastomers and this is largely discussed in chapter 4. Tensile properties and the
cyclic tensile responses are investigated and the correlation between the Mullins re-
sponse and hysteresis is made for a large number of polyurethane elastomers with
varying systematically the chemical structure: diisocyanates, macrodiols and chain
extenders. A comparison has been made between the mechanical response of elas-
tomers achieved without and with excess of isocyanate NCO groups. For the latter,
a study of the kinetics and postcure reaction mechanisms has been devoted.

Special consideration was given to the investigation of polyurethane elastomers
deformation induced morphological developments and crystallization. In chapter 5,
a brief review has been made of selected research in this area, by including materi-
als with hard segments crystallizing or non-crytallizing, based on diisocyanates of
variable geometries.

Chapter 6 is dedicated to a detailed description of a new family of crosslinked
polyurethanes, with regard to their thermorheological characterization as shape
memory materials and the prediction of their shape-memory performance.

Recent progress has been done by us, in the field of PUs chain extended with
diols. For this reason, in the present book I have mainly focused on this cathegory
of materials.

Understanding the reaction pathways involved, in resolving the subtle morpho-
logical evolution at the nanometre level, and capturing mathematically the complex,
large-deformation nonlinear viscoelastic mechanical behaviour are assumed to bring
new important insights in the world basic research in polyurethanes and towards ap-
plied industrial research in this area, and this is the overall target of this book.
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Which is why, this book is addressed not only to chemists from both academia
and industry, but to all those who are interested in the latest developments in the
science of elastomeric materials.

I started from simple to complex approaches so that hopefully this book is also
useful and of interest for graduate students and in general for younger audience.

However, while doing so, undoubtedly I am aware that the road to success is
always “under construction” �.
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Chapter 1
Chemistry of polyurethane elastomers

1.1 Origins and development

If you want to understand today, you have to search yesterday. (Pearl Buck)

In order to discuss about the origin and history of polyurethanes, I should start with
the history of the diisocyanates. Before year 1850, Wurtz and Hoffman prepared and
investigated the properties of both aromatic and aliphatic diisocyanates. Yet, the de-
velopment of real interest in these raw materials was discouraged at the time because
of the difficulty in the original preparatory methods. In year 1884 this difficulty was
overcome by Hentschel who developed a convenient way for the preparation of di-
isocyanates, i.e. the phosgenation of amines. Still, little commercial interest was
shown in these until year 1937. Polyurethanes chemistry started in year 1937 at the
I.G. Farben Laboratories, a subdivision of Bayer Corporation, in Leverkusen, Ger-
many, where Heinrich Rinke first prepared 1,6-hexamethylene diisocyanate (HDI)
and Otto Bayer developed the diisocyanate polyaddition process. The basic idea was
related to spinnable products made of HDI and hexa-1,6-diamine (HDA) followed
by the publication of German Patent DRP 728981 on November 1937: “A process
for the production of polyurethanes and polyureas”. The team of inventors consisted
of Otto Bayer & al. The utilization of the polyaddition principle to produce poly-
urethanes from liquid diisocyanates and liquid polyether or polyester diols opened
new perspectives, especially when compared to already existing plastics obtained
by polymerizing olefins, or by polycondensation. Initial work before year 1940 was
focused on polyurethane fibers. In 1938, Heinrich Rinke produced a polymer based
on octamethylene diisocyanate and 1,4-butanediol, which he called “polyurethane”.
While most of the early work on polyurethanes was in the field of foams, it soon
became apparent that these materials could be used as synthetic rubbers. The first
polyurethane rubbers were prepared in Germany by Pinten (1940). These materials
known as I-Gummi had high tensile strengths and abrasion resistance but low tear
strength and poor low temperatature properties.

The development of elastic polyurethanes began as a program to find a replace-
ment for rubber during the days of World War II when polyurethanes were utilized
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2 1 Chemistry of polyurethane elastomers

as a replacement for rubber, which at the time was expensive and hard to obtain. In
year 1950, Bayer et al systematically studied the formulations that led to the advent
of the Vulkollan rubbers. These polyurethane elastomers showed many advantages
over natural rubber in that they had higher abrasion resistance and tear strength,
better resistance to oxygen ageing while displaying good flexibility and elasticity.
However these materials had the disadvantage of rapid breakdown in the presence
of water and heat.

The first commercial polyurethanes were achieved in Germany by Bayer-Faben-
fabriken and in the US by B.F. Goodrich in the 1950’s (Schollenbenger et al., 1958).
In subsequent decades (starting year 1952 when polyisocyanates became commer-
cially available), there were further developments. The first commercially available
polyether polyol, poly(tetramethylene ether) glycol, was introduced by DuPont in
1956 by polymerizing tetrahydrofuran.

By the early 1960’s, B.F. Goodrich produced Estane, while Mobay and Upjohn
marketed Texin, and Pellethane respectively in the United States. Bayer and Elas-
togran marketed Desmopan and Elastollan respectively, in Europe.

The polyurethane market started to develop in the 1970’s. The production capac-
ity for these products began to grow rapidly, and the industry became dominated
by large chemical companies. Bayer & BASF in Germany, ICI in the UK, Dow
Chemical, and Upjohn Polymer Chemicals in the USA. During the 1990’s the busi-
ness developed on a global basis and many of the applications became dominated by
very large customers consuming increasing large volumes of products. Polyurethane
products are now being increasingly made in China driven mainly by the dynamic
development of the Chinese economy.

Whatever the continent, today we are surrounded by polyurethane applications in
every aspect of our everyday lives. And things are moving, progress is being made
continuously. . .

Fig. 1.1 PU roller. . . to keep
things moving forward.
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1.2 Principles and mechanisms

Inanimate objects can be classified scientifically into three major categories; those that
don’t work, those that break down and those that get lost. (Russell Bake)

Whether or not it is true, I do not like to think of polyurethanes in such terms,
simply because these materials can have an excellent durability and lifetime ex-
pectancy; they are currently used for the most severe applications in industries such
as aerospace and military applications. The inherent strength of these materials is
vital in the building of other external structures which are subjected to high levels
of weight, impact and weathering.

1.2.1 General considerations

Polyurethanes are a broad class of polymers produced by the polyaddition reaction
of a diisocyanate or a polymeric isocyanate with a polyol, in the presence of suitable
catalysts and additives. Under the name of polyurethanes, a practically unlimited
number of structures can be involved. The only necessary condition is in general
reduced to the presence of the urethane group, (–NHCO−O–) on the macromolec-
ular chain with a more or less frequency. The urethane group is usually formed by
reaction between isocyanate and hydroxyl groups, although alternative routes such
as from bischloroformates and amines are used in special cases.

If in the case of other polymers the macromolecular structure can be displayed
in general by the repetition of an only one simple structural unit, (usually well de-
ducible even from the name of the polymer), in the case of polyurethanes the situ-
ation becomes more complicated. The polyurethane represents the first example of
a polymer building by using the so called “tailoring” proceeding. In this technique
which involves in general many more steps, molecular fragments of a high diversity
of structures and dimensions are inserted on the same macromolecular chain.

Polyurethane elastomers (PUs) are formed typically by reacting together three
chemical constituents: a diisocyanate (aromatic or aliphatic), a long-chain diol
(or “macrodiol”), and a small molecule chain-extender diol or a diamine (Fig.
1.2). The resulting polymer may be considered a copolymer of the macrodiol and
diisocyanate-chain extender sequences: termed the soft segment (SS) and hard seg-
ment (HS) respectively, since the SS usually has its glass transition below ambient
temperature and the HS is frequently a relatively rigid aromatic molecule with the
glass transition above ambient temperature.

The HS are built from alternating diisocyanate-chain extender sequences while
the SS originate from the polyol. Because of rigidity and hydrogen bonding, the
HS (either glassy or crystalline) are associated into hard domains acting as physical
crosslinks and as filler particles within the rubbery SS matrix [1–4] (Fig. 1.4).

With regard to the SS matrix, just think of the erratic trajectories described by
a swarm of butterflies flying around flowers to collect and transport pollen; the
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Soft segment (polyol)

Hard segment (di-isocyanate)
crystallising non-crystallisingor

Chain extender

Fig. 1.2 Structure of repeat of a typical PUs. “Realize that everything connects to everything else.”
(Leonardo da Vinci)

changes in their flight directions, to explore regions rising air, switching to circling
flights when they succeed in locating a patch. . . I am suggesting this interpretation
because, why not, they could describe a SS matrix. In which case flowers would act
as hard segments? �

Fig. 1.3 Source: http://
anti-plictiseala.
roiv.net/wallpaper/
poze-desktop-flori-fluturi/

They like entropy, flying disordered.
Due to the incompatibility (different polarity and chemical nature) between HS

and SS, phase separation occurs in most PUs. The degree of phase separation and
domain formation depends on the HS and SS nature and sizes, on the type of the
diisocyanate and polyol employed to produce prepolymers, on the type of the chain
extender, and on the molecular weight of the SS. It is also influenced by the hydro-
gen bond formation between the urethane linkages, by the manufacturing process,
and reaction conditions [3–6].

Usually, microphase separation is incomplete and the HS and SS phases still
contain certain amounts of the other segment. The mean domain size increases from
10 to 20 nm as the HS content increases. The shapes of hard domains can be in the
form of spheres 5-20 nm, or long needles 5 nm thick and 50-300 nm long. PUs phase
segregation behaviour has been studied by a variety of characterization techniques,
including electron microscopy, small angle X-ray and neutron scattering, infrared
dichroism, dynamic mechanical analysis, and differential scanning calorimetry [6–
16].

http://anti- plictiseala.roiv.net/wallpaper/poze-desktop-flori-fluturi/
http://anti- plictiseala.roiv.net/wallpaper/poze-desktop-flori-fluturi/
http://anti- plictiseala.roiv.net/wallpaper/poze-desktop-flori-fluturi/
http://anti- plictiseala.roiv.net/wallpaper/poze-desktop-flori-fluturi/
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Hard segment

Soft segmentHydrogen bond

Fig. 1.4 PUs alternating hard segment (HS)–soft segment (SS) structure.

The urethane groups link the HS and the flexible SS together by means of both
covalent bonds and hydrogen bonds. They are usually arranged at the borderline
between domains. Urethane groups are known for their ability to self-associate via
hydrogen bonding (Fig. 1.5). They form linear hydrogen bonds, in either a parallel
or an anti parallel fashion. Urethane can form infinite stacks of hydrogen bonded
arrays.

Hydrogen bonding has a considerable effect on the kinetics of urethane group
formation. Annealing favors stronger hydrogen bonds and increases the PUs melting
points as it determines a greater uniformity of the polymer network. The maximum
amount of interphase H bond is in phase mixing. In pure homopolyurethanes (i.e.
achieved with only HS [4]), the number of hydrogen bonds is bigger than in their
corresponding PUs containing SS, where it occurs partial mixing between HS and
SS.

PUs elastomeric behaviour requires highly flexible chains, i.e. a low degree of
intermolecular interaction, and the presence of crosslinks which prevent sliding of
the chains against their neighbors causing plastic flow. The crosslinks can be of a
chemical or physical nature. Physical crosslinking can be achieved through hydro-
gen bonding and hard domain formation while chemical crosslinking is introduced
via tri- or multifunctional constituents. Once introduced, chemical crosslinks cannot
be easily destroyed by thermal treatment as it is the case with physical crosslinks,
except in some special cases of labile chemical groups, producing an irreversible
network. Therefore, physically crosslinked PUs allow multiple melting or dissolu-
tion of the material which is of great practical importance [1–4].

The PUs properties depend strongly on their macromolecular structure, i.e. the
nature and functionality of their constituting (macro)monomers. In general the
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Fig. 1.5 Hydrogen bonding interaction in polyurethanes.



6 1 Chemistry of polyurethane elastomers

types of PUs that are commercially available are either thermoplastic or thermoset.
Thermoplastic PUs can be thermally processed while thermoset elastomers are
crosslinked and cannot be thermally processed.

For a polymer to be genuinely thermoplastic, adventitious crosslinking by the
action of absorbed moisture must be avoided [1, 3, 4, 17] and this means the
chemical composition expressed in numbers N of moles (Ndiisocyanate : Nmacrodiol :
Nchain extender), is constrained by stoichiometry Ndiisocyanate = Nmacrodiol+

Nchain extender. But dramatic variations in properties may be obtained by varying the
ratio Ndiisocyanate : Nmacrodiol, thereby changing the fraction of the HS in the copoly-
mer. However, the PUs mechanical properties are influenced not only by the HS
fraction. In particular, since the diisocyanate is terminated at each end by urethane
−NH−CO−O− linkages that are potentially able to hydrogen bond to corresponding
groups on neighbouring molecules, mechanical properties will also depend on the
extent to which this potential is realized.

By changing the formulation, materials can be produced with properties ranging
from soft elastomers to relatively hard reinforced rubbers However, in contrast to
the covalent crosslinks in conventional rubbers, the physical crosslinks provided by
the HS microdomains in PUs can be melted, allowing the materials to be moulded
or extruded.

The advantages of PUs are related to their high hardness for a given modulus,
high abrasion and chemical resistance, excellent mechanical and elastic properties
[1–3]. Another important factor is the possibility for the synthesist to tailor the struc-
ture by varying the type and the ratio of starting components during processing.
Their ability to be fabricated by almost any of the conventional technologies has
also been important in leading to their present universal applications [1–4, 18].

1.2.2 Synthesis mechanism

PUs microstructure and mechanical behaviour are strongly dependent on the synthe-
sis method employed. The various methods for producing PUs can be differentiated
according to the medium of preparation (bulk, solution, water) and the addition se-
quence of reactants (one-step or prepolymer synthesis routes).

The main difference between the materials prepared by the prepolymer and
the one-step methods involves the chain build-up. The PUs obtained via the pre-
polymer method are statistically more regular in the chain sequence of polyester-
diisocyanate-glycol-diisocyanate-polyester, whereas PUs obtained by using the
one-step method, (assuming the polyester and the glycol are of equal activity), have
a more random sequence. A higher order of crystallinity is obtained in the one-
step polymers. The one-step route begins with the slightly favored reaction between
glycol and diisocyanate which produces highly crystalline, mobile chain elements.
These areas of crystallinity, acting as crosslinks, increase the tensile strength of the
one-step PUs.
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In the one-shot polyaddition procedure all reagents (SS macrodiol, diisocyanate
and chain extender) are added at once during the initial reaction. Although this is
a commonly used industrial technique, this procedure does not have the control re-
quired to yield regular block sequences [2–4]. However the process is faster, easier
and more reproducible and can be used to best advantage where the reaction rates of
the diol components with the diisocyanate are comparable [1–4, 19, 20]. If the reac-
tivity of both groups in an isocyanate are the same, then the ratio of relative reaction
rates will be 2, since the concentration of the second NCO group is half that of the
original. Since the diisocyanate and macrodiol components are usually incompati-
ble at lower temperatures, the reaction will take place at the phase interface and the
stoichiometric balance could be changed. Incompatibility results in structural het-
erogeneity, in a change of the average HS length, in segregation during processing
and in lower solubility in solvents [21–23]. Incompatibility has the same effect on
the prepolymer process too, but a greater regularity.

A higher order of crystallinity in the one-step polymers is also important. The
one-step polymers begin with the slightly favored reaction of glycol and diiso-
cyanate which produces highly crystalline, mobile chain elements. Therefore, order
can be established before extended polymer growth has occurred. These areas of
crystallinity, acting as crosslinks, increase the tensile strength of the one-step elas-
tomers. Although materials are molded at high temperatures, the melting point of
the one-step elastomer is still higher [24]. Complete random disorder is not attained
during short exposure to temperatures below the melting point and therefore the
crystalline order persists in the one-step polymer.

In the one-shot method, factors like the different reactivity of isocyanate groups
and the different hydroxyl groups of a polyol and a chain extender may affect the dis-
tribution of HS in the chain or even produce a mixture (oligomer) of diisocyanate–
chain extender and diisocyanate–macrodiol homopolymers [4, 24, 25].

In contrast in the two-step polymerization technique (Fig. 1.6), in the first step of
the reaction a prepolymer is produced through the reaction of a SS oligomer with
an excess of diisocyanate, followed by chain extension with a short diol(urethane or
ester) or a diamine (urea, urethaneurea, amide, or ester-amide) to form the HS and
also to increase the overall molecular weight of the polymer.

As the two-step method is more controlled, it produces linear PU chains, fewer
side reactions and polydispersities near 2, which is an expected result of step-growth
polymers [2, 4, 24].

PU structures obtained by the two step polyaddition procedure tend to be more
regular than the corresponding polymers obtained via the one step route. This is be-
cause the prepolymer route caps the polyol with the diisocyanate and then connects
these oligomers with the chain extenders. This provides a more regular hard–soft–
hard–soft sequence than in the one-step synthesis route where the HS size distri-
bution is narrower. The structural regularity may result in better mechanical prop-
erties since HS aggregate or crystallize much easier to form physical cross-linking
points [26, 27]. As shown, a two-stage polymerization gives a product of a narrower
HS molecular weight distribution on the macromolecular chain than does a one-
stage polymerization. This tends to reduce the residual stresses and to improve the
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O C N R N C O2 + HO R1 OH

OCN R N C O R1 O C N R NCO

H O O H

Prepolymer

HO R2 OH

O R2 O C N N C O R2 O

O H H O

Diisocyanate Macrodiol

Low molecular
weight diol

(Chain extender)

Final Polyurethane Product

Fig. 1.6 Schematic of the PUs two-step polymerization synthesis route based on diol chain exten-
ders.

mechanical properties in the material especially in the higher deformation region
apparently due to the formation of more organized domains under stress.

An ideal PU primary structure assumes a perfect alternating block copolymer.
However, under practical conditions, the SS structure, as well as the urethane re-
action, follows a statistical Flory distribution, which is why the HS formed is not
perfectly alternating and the block length may vary [28].

The bonding of SS and HS microphases in the PU copolymer structure (either
by homoselection or by heteroselection) is possible only by joining the isocyanic
(NCO) rest of one of the soft (S) or hard (H) elements to the free hydroxyl (OH)
group of another S or H element (Fig. 1.7). The total number of isocyanic groups
taken into reaction equals the total number of OH groups so to ensure theoretically
the formation of infinite macromolecule lengths. In principle there may appear reg-
ular structures where the order of S and H segmented repeats periodically (type 1),
or irregular structures (types 2, 3 etc).

If the reaction rates of the SS and HS inclusion on the increasing macromolecular
chain are equal, it results a HS–SS statistical sequential distribution. If the two

SHHSHHSHHSHH

HHHSSHHSHHHS

HHHHHHSSSHHS

8H - 4S ordered

8H - 4S unordered

8H - 4S unordered

(1)

(2)

(3)

Fig. 1.7 Hard and soft segment distribution on the PU macromolecular chain.
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reaction rates are unequal, accumulations appear initially on the increasing chain of
the sequences characteristic to the quickest process, followed by the bonding of the
sequences which form with a slower rate.

To assess the effect of sequential distribution on PUs with the same chemical
structure but with different orders, in the Romanian laboratory we synthesized three
series of analogous materials by using different synthesis routes: (a) a sub-set of
materials with a complete uncontrolled ordering obtained by the one-step route;
(b) similar structures as in case (a), but with a normal quasi ordered structure ob-
tained by the diisocyanate prepolymer synthesis followed by extension with a low
molecular diol chain extender, by using the conventional two-step polymerization
technique; (c) similar polymers as in the cases (a) and (b) but achieved with an in-
creased sequential ordering of the type –S−HH−S−HH−S−HH– made up by a spe-
cial inverse step by step synthesis that started with the construction of a hard ordered
reactive intermediate OCN−HH−NCO, or more detailed an isocyanate (I)–chain ex-
tender (CE) structure of the type I−CE−I−CE−I, which was only then reacted with
the macrodiol. As shown [29], such materials with a more regular structure have
a more rigid network which requires higher initial strain energies. However this re-
sults in lower tensile strengths along with higher values of elongation and hysteresis.
A high sequential ordering of the SS and HS domains of the type (c) resulted in a
higher tendency of phase separation and crystallization and in a moderate decrease
in the material elastomeric performance.

1.2.3 Diisocyanates

The first essential component of a PU is the isocyanate. Molecules that contain two
isocyanate groups are called diisocyanates. They are compounds containing the iso-
cyanate group (–NCO). They react with compounds containing alcohol (hydroxyl)
groups to produce PUs.

The PUs hard segments can be either aromatic or aliphatic. The aromatic iso-
cyanates are more reactive than the aliphatic diisocyanates, which can only be uti-
lized if their reactivities match the specific polymer reaction and special properties
desired in the final product. For example, PUs made from aliphatic isocyanates are
light stable [30–33], while materials made from aromatic isocyanates undergo photo
degradation [34–36]. Furthermore, the reactivity of an isocyanate group may vary
dramatically even within the same class of a diisocyanate.

The structure, substituents, and steric effect can influence reactivity. For example
in 2,4-toluene diisocyanate (TDI), the isocyanate group para to the methyl group is
25 time more reactive than the other NCO group at the ortho position [28]. More-
over, the reactivity of the second NCO group can change as a result of the initial
reaction.

Two of the most important aromatic isocyanates are 2,4-tolylene diisocyanate
(TDI) and 4,4-diphenylmethane diisocyanate (MDI). TDI consists of a mixture of
the 2,4-and 2,6-toluene diisocyanate isomers [37–39].
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Other example isocyanates commonly used in PUs applications are shown in
Fig. 1.8. A series of model conventional aromatic diisocyanates is depicted: 4,4-
diphenylmethane diisocyanate (MDI), 1,5-naphthalene diisocyanate (NDI) and 2,4-
tolylene diisocyanate (TDI), most common commercially as an 80:20 mixture of the
2,4-and 2,6-toluene diisocyanate isomers (TDI).

Also shown in Fig. 1.8 are two of the commonly used aliphatic diisocyanates,
2,2,4-trimethyl-1,6-hexamethylenediisocyanate (TMDI) and 1,6-hexamethylenedi-
isocyanate (HDI). These all are isocyanates of rigid geometries [39.40].

As an example, HDI is a highly crystalline diisocyanate, which forms spherulitic
structures under moderate annealing conditions (room temperature, on the order
of minutes) [41, 42]. Unlike HS based for example on the chain extender 1,4-
butanediol and diisocyanate MDI, the couple between 1,4 butanediol and the di-
isocyanate HDI imparts flexibility to the hard domain, which promotes the rate and
extent of microphase segregation and may moderate the PUs plastic deformation
behaviour. The use of an aliphatic diisocyanate, such as HDI, also circumvents is-
sues related to thermal degradation and light instability usually associated with the
aromatic hard domain [28, 41, 42]. In addition, the high degree of crystallinity in
HDI lowers its susceptibility to hydrolytic attack.

The PUs degree of phase separation or domain formation is also strongly influ-
enced by the symmetry of the diisocyanate and by the selection of the chain extender,
influencing the degree of interaction between the HS. A diisocyanate and a chain
extender with a more symmetrical structure increases the formation of organized
structures, leading to more complete phase segregation. For example, as shown by
Seefried et al. [43], an increased symmetry and bulkiness in the isocyanate MDI as
compared to TDI leads to better phase separation and better elastomeric properties.
As also shown by us [44–46] the symmetry of the diisocyanate may lead to HS
crystallization and better tensile strength, hardness and modulus.

The aromatic or aliphatic diisocyanates have profound effects on the PUs prop-
erties [47–58]. The structural rigidity of aromatic HS generally produce elastomers
with high tensile strength and modulus and enhanced thermal stability [55]. How-
ever, these aromatic units are susceptible to attack by ultraviolet radiation, causing
degradation and yellowing without the use of stabilizers.

Aliphatic diisocyanates, such as HDI, offer ultraviolet stability and resistance to
hydrolytic degradation, but are less reactive than the aromatic HS [idem 21, 26].
These aliphatic HS may impart more flexibility to the microstructure compared to
aromatic HS, as they determine a higher degree of phase segregation [56].

There are also other inexpensive diisocyanates like NDI, produced on a smaller
scale. In early works, Bayer et al [57] showed that NDI exhibited excellent physical
properties in water extended poly(ethylene adipate) (PEA) based elastomers, due to
the rigid naphatalene structure. However, this polymer has poorer stability at high
temperature (it decomposes above 150◦C).

For comparison reasons and not only—as you will see, in the present book,
considerable attention has been given to the aromatic isocyanate of variable ge-
ometry 4,4’-dibenzyl diisocyanate (DBDI) [59–63], which (as shown in the pref-
ace of this book), is a relatively novel diisocyanate, now available commercially,
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Fig. 1.8 Examples of commonly used aromatic and aliphatic diisocyanates; all of them are rigid;
also included is the flexible 4,4’-dibenzyl diisocyanate (DBDI) (produced in our Romanian labo-
ratory), in the extended linear “anti” and contorted “syn” forms.

first synthesized in our Romanian laboratory. It differs from the conventional di-
isocyanate MDI only in that DBDI contains two methylene groups between the
aromatic rings, while the conventional MDI has only one. This apparently small
difference nevertheless produces substantial changes in properties of the resulting
polymer, because of the possibility of rotation around the central –C−C– bond, al-
lowing more compact packing and crystallization between DBDI hard segments
blocks [64–69].

Our research reported in this book is mainly focused on materials obtained with
aromatic diisocyanates MDI and DBDI. To compare the DBDI materials, I have
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chosen MDI as one of the most representative and commonly used aromatic diiso-
cyanates.

1.2.4 Macrodiols

Long-chain diols or “macrodiols”, generating the SS, are typically polyester or pol-
yether diols, with molecular weights between 500 to 5 000, although in practice,
molecular weights of 1 000 and 2 000 are primarily used.

Polyols are formed by base-catalyzed addition of propylene oxide (PO), ethylene
oxide (EO) onto a hydroxyl or amine containing initiator, or by polyesterification of
a di-acid, such as adipic acid, with glycols, such as ethylene glycol or dipropy-
lene glycol. Polyols extended with PO or EO are polyether polyols. Polyols formed
by polyesterification are polyester polyols. The choice of extender, and molecular
weight of the polyol greatly affect its physical state, and the PUs elastomeric prop-
erties. Important characteristics of polyols are their molecular weight, percentage of
primary hydroxyl groups, functionality, and viscosity.

Common SS include polyethers, polyesters and polyalkyl glycols with glass
transition temperatures in the range of –70◦to –30◦C. Commonly used macrodi-
ols in the PUs synthesis are: polyalkyl-diols, such as: polyisobutylene diol [70],
polybutadiene (PBU) [20, 71], or oligo-butadiene diols [72] as well as hydro-
genated polybutadiene diol [20]; polyether diols: polytetrahydrofuran (PTHF or
PTMO) [50–52], polyethylene glycol (PEG) or (PEO) [73], polypropyleneoxide
(PPO) [73] or mixed blocks of them: PEO−PPO−PEO [74] and PPO−THF [54];
polyester diols: poly(ethylene adipate) (PEA) [4, 20], poly(butylene adipate) (PBA)
[20, 73], and latterly polycaprolactone diol (PCL or PCD) [75], polyalkylcarbonate
polyol [20] or mixed blocks of them, for example: poly(carbonate-co-ester)diol [76],
poly(hexamethylene-carbonate)diol [77], as well as poly(hexamethylene-carbonate-
co-caprolactone)diol [78] and a mixed block copolymer of polyether and polyester
blocks: PCL−b−PTHF−b−PCL [79]. Examples schemes of macrodiols are shown
in Fig. 1.9.

The ether bond (C−O) bond in the polyether SS and the ester (CO−O) bond in
the polyester are capable of hydrogen bonding with the urethane linkages (NH−CO)
in the hard domain, influencing the degree of microphase segregation; polyesters are
generally stronger hydrogen bond acceptors than polyethers. These general observa-
tions are dependent upon the crystallinity or ordering of the SS, which is a function
of molecular weight.

Hydroxy terminated polybutadiene (PBU) [2] has also been used for special types
of PUs elastomers where products of low water absorption and sensitivity are re-
quired. In general the mechanical strength of this class of PUs is lower than that of
their polyester and polyether analogues with the advantage of giving PUs of very
low glass transition temperatures and hence temperature flexibility.

The degree of phase separation is strongly influenced by the type of the SS [2–4,
80]. Polyester polyols differ from the polyether polyols as they virtually have no
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Fig. 1.9 Examples of commonly used macrodiols in the PUs synthesis.

unreactive end groups, a factor which contributes substantially to a higher strength
of polyester based PUs. The increased polarity of the ester carbonyl group leads
to stronger hydrogen bonding between HS and SS. Thus polyester PUs are stiffer
and have a higher strength than the polyetheric PUs with a better resistance to high
temperature, solvents and oxidation. Polyether polyols give higher resilience with a
good hydrolysis resistance.

As shown by Sung and Schneider [81], Clough and Schneider [82], Shibayama
[83] and also by ourselves [80], phase mixing is enhanced in polyester based PUs
due to the increased number of ester groups capable to form hydrogen bonds with
the urethane group from the HS. Higher molecular weight polyethers provide better
phase separation in polyether than in polyester PUs.

Stronger phase segregation has been observed in polyether based PUs especially
when employed with crystallizable HS. [3, 4, 80]. Polyesters have stronger inter-
molecular interactions between the N−H and the ester carbonyl, which leads to
higher interfacial mixing and higher modulus. However these interactions lead to
increased temperature dependence of the PU properties including more hysteresis
or stress softening.
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The selection of the SS type also has a great influence of the PUs structure and
properties. The polyether polyols have a good hydrolisis resistance. The increased
polarity of the ester carbonyl group leads to stronger hydrogen bonding between the
HS and SS, which increase the material strength. In contrast, polyester based PUs
are stiffer and stronger, with a better ressitance to solvents and high temperatures.
Polyester polyols differ from the poyether polyols as they virtually have no unreac-
tive end groups, which contributes significantly to the increase of the strength of the
material.

Polyethers usually have a lower glass transisiton temperature and a weaker inter-
chain force than polyesters, therefore rendering PUs with more reduced mechanical
properties. This is often attributed to the stronger hydrogen bonding between the NH
and the ester carbonyl group, rather than urethane NH–ether oxygen bond. Among
polyethers, the PTMO based PUs have the best physical properties, which reflect
the regularity of its chain structure and its ability to crystallize upon stretching.

Polyester PUs have good material properties, but they are susceptible to hy-
drolytic cleavage of the ester linkage while polyether based urethanes have rela-
tively high resistance to hydrolytic chain scission. Polyethylene oxide (PEO) based
materials exhibit poor water resistance due to the hydrophilic nature of the ethylene
oxide. Although the PUs mechanical properties obtained with polypropylene oxide
(PPO) are not as good as those made from PTMO, PPO has also been widely used
because of its low cost and reasonable hydrolytic stability [2].

1.2.5 Chain extenders

Typical chain extenders are low molecular weight (Mw) < 400 difunctional interme-
diates designed to react with the isocyanate groups to become part of the HS. These
materials typically produce urethane or urea based HS which are highly regular and
polar, leading to significant local phase ordering and possibly crystallinity.

The chain extenders play a very important role. Without a chain extender, a PU
formed by directly reacting diisocyanate and polyol generally has very poor physical
properties and often does not exhibit microphase separation.

The introduction of a chain extender may increase the HS length to allow HS
segregation, which results in good mechanical properties, such as an increase in the
modulus and an increase in the HS glass transition temperature of the polymer.

PUs chain extenders can be categorized into two classes: aromatic diols and di-
amines and the corresponding aliphatic diols and diamines. In general PUs chain
extended with an aliphatic diol produce a softer material than do their aromatic
chain extended counterparts [84]. Also, diamine chain extenders are much more
reactive than diol chain extenders and give properties superior to those of similar
polymers prepared with the equivalent diol chain extenders. This is due to the HS
(urea linkage) which has a higher density of hydrogen bonding, which results in a
higher glass transition temperature and higher thermal stability. However, for the
same reason, PU ureas made from diamine chain extenders tend to be less soluble
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Fig. 1.10 Example diamine chain extenders.

in common solvents and therefore they are more difficult to melt process. Moreover,
due to electron delocalization, the aromatic chain extenders have less reactivity than
aliphatic chain extenders, which can be favourable in reactions that need to be highly
controlled.

Examples of diol chain extenders (Table 1.1) include 1,6-hexanediol (HG) [20],
ethylene glycol (EG) [58, 60, 61], 1,4-butanediol (BDO, BD or BG) [53, 75, 77,
78], diethylene glycol (DEG) [61], diacetylene diols [50] such as: 2,4-hexadiyne-
1,6-diol or 5,7-dodecadiyne-1,12-diol and some aromatic diols: triazine diols [72,
85] or 4,4’-(ethane-1,2-diyl)bis(benzenethiohexanol) [86].

Table 1.1 Example diol chain extenders

(EG) (ethylene glycol) HO−(CH2)2−OH
(BG or BDO) (butylene glycol) HO−(CH2)4−OH
(DEG) (diethylene glycol) HO−(CH2)2−O−(CH2)2−O

Examples of diamine chain extenders (Fig. 1.10) include 2,5-bis-(4-amino-
phenylene-1,3,4-oxadiazole) (DAPO), 4,4’-diamino-dibenzyl (DAB), 2,6-diamino-
pyridine (DAPy) or 4,4’-methylene-diamine (MDA).

The chain extender structure strongly influences the PUs mechanical perfor-
mance. Modifying the ratio between the polyol and chain extender, PUs may result
in a change from a hard, brittle material to a rubbery elastomer, as a result of the
variation of the HS concentration (defined as the ratio of the mass of the non-polyol
components to the total mass of the polymer) [2–4].

Also, the study of the effect of the chain extender length on the structure of
MDI/diol hard segments has shown that BDO and longer diol chain extenders (up
to octandiol) produce PUs structures with properties that depend on whether the
diol has an even or odd number of methylene (CH2) groups. The even diol poly-
mers adopt the lowest energy fully extended conformations that allow for hydrogen
bonding in both directions perpendicular to the chain axis. Such a hydrogen bonding
network would not be possible for the odd diol polymers in the extended conforma-
tion because they adopt contracted, higher energy conformations. Both the odd and
even diol polymers adopt staggered chain structures with triclinic unit cells, but the
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even diol polymers have a higher crystalline order. The first two members of the ho-
mologous series, prepared by using ethylene glycol and propandiol, are exceptions
to the above behaviour and adopt contracted unstaggered structures. These two diols
are too short to allow packing of the diisocyanate units in the same way as for the
longer chain extenders [3, 4].

When a diamine is used as a chain extender, better physical properties may re-
sult than using a diol, due to stronger interchain interaction from the urea linkage.
However, the use of an aliphatic glycol containing aromatic structure may result in
materials with higher modulus and hardness [87].

In the present book we will focus mainly on PUs derived from diol chain ex-
tenders. This is due to recent progress we have done in the research area of these
materials.

1.2.6 General considerations regarding the isocyanate structure

The isocyanate group represents a strained structure able to perform addition re-
actions when interacting with various compounds that can be generally considered
as phyloisocyanaic reaction partners. As a rule, the addition performs at the N−−C
double bond and only exceptionally at the C−−O group [88, 89].

The isocyanate group reactivity is based on the polarisation of these groups rep-
resented by the following resonance limit structures [1] (equation 1.1):

R N C O R N C O R N C O

a b c (1.1)

According to the molecular orbital theory, the isocyanic group has a linear struc-
ture, the two cumulated double bound N−−C and C−−O lying in principle on the same
axis. The π electrons from the respective double bond are situated in two different
perpendicular planes. As shown by Caraculacu et al. [89], due to the higher elec-
tronegativity of the nitrogen and oxygen atoms the electron density is shifted to-
ward the ends of this system. Theoretically the π electrons of the N−−C and of C−−O
groups should not interact with each another, and the both double bonds should be
considered as isolated groups.

The problem of the electron density distribution in the case of the isocyanate
group has been investigated. There still is large disagreement between researchers.
This element is very important as it determines the reaction mechanism by specify-
ing which of the double bonds, C−−N or C−−O is the first affected in the initial stage
of the reaction [89].

With regard to the urethane group formation, Kozak et al [90] concluded that
the electronic deficit at the NCO carbon is not a sufficient condition to promote the
reaction.

The NCO group deviation from the linearity although apparently of a smaller
importance, induces the possibility of the existence of two planar isomeric forms
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corresponding to the cis or trans structure [90]. The possible effects of this iso-
merism on the energetic states belonging to some supposed structures which could
appear as a result of the interactions between the NCO methyl isocyanate group
and the C−−C methyl metacrylate double bond during their copolymerisation, were
evaluated by quanto-chemical methods by Nizelsky [91].

The complexity of the fundamental understanding of isocyanate chemistry in-
creases even more if considering other particular isocyanate structures. There are
known very large series of isocyanate types, unexplored until now in the polymer
chemistry, in which the radical bonded to the –NCO group is not an aromatic or
aliphatic hydrocarbonate rest. Consequently the electronic structure and therefore
the reactivity of these isocyanates can be strongly influenced by the nature of the
alternative radical attached to the nitrogen atom of the NCO group. These sub-
stituents can display more or less electron withdrawing or donating capacities. The
isocyanates with an electron-withdrawing group, such as sulfonyl [92, 93], chloro-
sulfonyl [94], phosphorous [95] and carbonyl [96, 97], attached to the isocyanic
group have been largely studied. The same consideration was given in the opposite
case when the presence of an electron-donating atom such as oxygen, nitrogen or
sulphur, modifies the chemical behaviour of NCO system. Reichen [98] presented
an interesting review which illustrates the multiple possibilities of these new classes
as of compounds.

Even though the area of isocyanates chemistry becomes more and more wide, the
largest majority of applications still remains based on the classic addition reactions
leading in general to the appearance of urethane or urea groups. Numerous works
were dedicated to the elucidation of the mechanism of these fundamental reactions.
However, many fundamental problems are yet unclear so far.

1.2.7 Reactivity of diisocyanates

In our previous papers [45], a series of PUs based on dibenzylic monomers were
presented. These monomers belong to a large category of diaromatic compounds
with variable geometry. This is due to rotation around the A−B bridge as shown
in Fig. 1.11, where X and Y = functional groups, and A and B = –CH–, –CR, R–,
–CO–, –NH–, –NR–, –S–, –SO–, and –SO2–. As previously shown by us [59–63]
the presence of the dibenzylic structure induces significant effects on the macro-
molecular chains, especially those in connection with the rearranging capacity of
the molecular fragments and thus to the increase in the degree of crystallinity. This
is reflected in the PUs mechanical properties. During the synthesis of urethanic poly-
mers through homogeneous polyaddition, disproportionation accompanies the reac-
tion, leading to the simultaneous synthesis of PUs with different relative ratios of
the components both in solution and suspension media.

In order to clarify the mechanism of this process, the dibenzyl diisocyanates re-
activities were studied by us. For comparison reasons, the reactivity of one of the
most common diisocyanates, 4,4-MDI was also investigated.
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Fig. 1.11 Schematic of dibenzyl monomers.
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Fig. 1.12 Schematic of DBDI intermediates.

A series of intermediates (Fig. 1.12) obtained by us was considered. They were
synthesized with two identical functional groups situated in different rings: 2,2’-
DBDI, 2,4’-DBDI and 4,4’-DBDI as described elsewhere [45]. A study was made
by us on the reactivity of 2,2’-, 2,4’-, and 4,4’-DBDI with n-butanol in benzene.

The concentrations of all reaction species were monitored by using high perfor-
mance liquid chromatography (HPLC). The NCO/OH group ratio had a value of 2
as it has in the case of PUs prepolymer synthesis conditions. Benzene was selected
as the reaction solvent because of its low polarity, thus permitting the monitoring of
the catalytic effects of the alcohol and the resulting urethanes. The effect of various
functional groups and solvents on polyaddition processes was also studied, e.g., the
influence of alcohol concentration, the addition of urethane, ester, and ether groups,
and polar solvents.

The molar fraction (−FN) of unreacted diisocyanate was determined as a function
of the reduced time τ (Fig. 1.13) [44]. Due to the changes in the rate constants during
reaction, both the initial and average rate-constant values were calculated. The rate
constants of the initial and average stages of the process and the values of the rate-
constant ratios were determined. These values corresponded to the reactions of the
first and second NCO groups of the symmetrical DBDI isocyanates (2,2’ and 4,4’)
and to those of the 4,4’-MDI reaction. Note that the reactivity values of 4,4’-DBDI
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Fig. 1.13 Dependence of the ln FN (%) function on τ. Number of kinetic runs: a = 10, b = 6, c = 4,
d = 12, e = 7, f = 14, g = 3, h = 15, i = 11, j = 1, k = 2, l = 5, m = 9, n = 8, o = 13 [45].

were very close to those of 4,4’-MDI, and these values barely changed during the
reactions.

In the case of 2,2’-DBDI, geometric effects were clearly evident. Reactivity was
influenced by the steric effects wich lead to significant intramolecular catalytic ac-
tivity. These effects were responsible for the whole reaction pattern.

From the reactivity standpoint, 2,4’-DBDI was similar to 2,4’-TDI, although the
selectivity of the NCO groups at the ortho and para positions was found to be lower
than that of 2,4’-TDI. The former material has an important practical implication
since it is a liquid with a low vapour pressure and therefore reduces the risk of
inhalation.

In a second series of investigations [44-46], Caraculacu et al., studied the reac-
tivity of the functional groups 4,4’-DBDI. The rate constants of the reactions of
diisocyanates with n-butanol were determined by using the IR spectophotometric
method of Bailey [99]. The rate constants of the consecutive reactions were deter-
mined by the time ratio method developed by Frost and Pearson [100].

The kinetic data indicated that the overall reactivity of a diisocyanate and its
decrease as the reaction progresses, were determined by two factors: (a) the electron
attracting power (electophilivity) of the radical attached to the isocyanate groups and
(b) the interaction between the two functional groups.

In the case of 4,4’-MDI and of 4,4’-DBDI, the activating influence of the
isocyanate and urethane groups, respectively, was transmitted by an inductive mech-
anism through the methylene and ethylene groups. Simultaneously, the methy-
lene and ethylene groups had a deactivating influence. The balance among these
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opposing effects during the process was illustrated by the decrease of the rate con-
stants [59].

By studying the reactivity of 4,4’-DBDI and comparing it with other conven-
tional diisocyanates, it observed that the reactivity of 4,4’-DBDI was very similar to
that of the diisocyanate 4,4’-MDI.

This is one of the reasons for which in the present book we refered only to the
4,4’-DBDI isomer. Another thing is that from our earlier studies, we could onclude
that the utilization of this isomer resulted in much better mechanical propeties than
in the case in which 2,2’-DBDI or 2,4’-DBDI were employed in the PUs synthesis.

For simplification reasons, in the present book, we denoted 4,4’-DBDI as DBDI,
as long as this was the only isomer which we used in the synthesis of the materials
that make the subject of this book. Also for simplification reasons we denoted 4,4’-
MDI as MDI.

1.2.8 The hydrogen bonding

The number of earlier publications can be a measure of the importance of a scientific
topic. Numerous authors tried to predict more accurately the influence of hydrogen
bonding on the PUs reactants reactivity and on the urethane reaction mechanism
[89, 101–103]. The complexity of the hydrogen bonding systems determined by
their high instability and the lack of proper information on the nature and number of
associated alcohol species, maintained however so far a high degree of incertitude.

From the perspective of macromolecular science and especially for the iso-
cyanate chemistry, the main problem resides in the elucidation of the hydrogen bond
associates structure especially in the case of diols and polyols as in fact they finally
represent the products involved directly in the macromolecular synthesis. Certainly
a similar question is also risen in the case of diamines leading to the urea groups
formation.

1.2.8.1 Dynamic and quantum aspects of hydrogen bonding

Along with the physical methods which will be discussed in the following chapters,
the problem of the hydrogen bonding should also be considered from the quan-
tum point of view. Different orbital molecular calculus were approached [104–107].
However, unfortunately at present the ab initio calculations are still insufficiently
developed. There is still sensible discrepancy between some of the calculated and
experimentally determined spectral data [89, 108].

With regard to the hydrogen bonding more or less recent developments, the main
accent has been shifted from the old global equilibrium characterisation achieved
in the case of some particular association transient structures forms, towards the
dynamics of the process [109, 110–113].
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Panayiotou et al [109] developed an unified statistical thermodynamic model for
hydrogen-bonded fluids and presented an interesting equation of state approach, ac-
cording to which the basic assumption was the division of intermolecular forces
into physical (van der Waals) and chemical (hydrogen bonding) forces. For multi-
component systems of molecules, a general formalism is presented regardless the
number of hydrogen (proton) donor and acceptor groups [89]. Also, the model ap-
plies to self-associated substances and may be used to describe the thermodynamic
behaviour of these systems. The equation of state approach was compared to the
experimental values for the vapour pressure and heat of mixing and there were ob-
tained good results [89].

It concluded that the main aspect which should be considered is the equilibrium
between the formation and rupture of every hydrogen bonds and not the ensemble
equilibrium between various associates [89]. Veytsman [114] considered systems of
molecules with a one type of proton-donor group and a one type of proton-acceptor
group and proposed an approximate combinatorial expression for the number or
routes to form hydrogen bonds that does not invoke the existence of associates [89].

1.2.8.2 The hydrogen bonding in glycols

In the PUs macromolecular synthesis glycols acts as one of the most important raw
materials. The glycols have a high tendency to self-associate but in this case it is
possible to appear more or less intramolecular hydrogen bonding as well, depending
on the molecular structure facilities [89].

In earlies studies (1964), Robertson et Stutchbury [115] evidenced the impor-
tance of this kind of association and inferred it for kinetical misunderstandings. By
studying the IR glycol spectra, Kuhn [116] showed that in diluted unpolar solvents
a series of diols presented two νOH bands, while others showed only one band. The
higher frequency band at 3 630-3 644 cm−1 was attributed to the free νOH and the
lower 3 478-3 590 cm−1 to intramolecular band. At higher glycol concentrations it
appeared a third band at 3 185-3 415 cm−1 attributed to intermolecular associations
[89]. The difference ΔνOH between the free νOH and that of intramolecular bands
represented a measure of the hydrogen bond force. Kuhn et al [117] suggested that
in 1,4-diols there exist a higher chain flexibility and the intramolecular hydrogen
bonding becomes very strong. This fact is characterised by a high νOH value of 100-
160 cm−1 [89]. Steric factors which determine the intramolecular hydrogen bonding
force are the reciprocal approaching of the two glycol OH groups, below the limit
of 3.3 Å, and the posibility of the O−H···O structure to adopt a linear form.

The hydrogen bond strength in diols varies in the following order [89, 118]:

1,4-diols > 1,3-diols > 1,2- and 2,3-diols

A correlation between this situation and the reactivity towards phenylisocyanate
was made by Caraculacu et al [89, 119].

The high reactivity of 1,4-buthanediol in the first step of the reaction, when it
reacts with only a single OH group was explained in terms of the existence of an
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increased nucleophilicity of the oxygen from the OH proton donor group, involved
in the intramolecular hydrogen bonding formation [89, 120].

The intramolecular hydrogen bonding in diols [121] with a longer life time exis-
tence was examined by A.J. Benigno et al [122] using fluorescence transient spectra
(540 nm excitation) generated with an amplified synchronously-pumped dye laser.
The authors used an indirect method by which it was measured the life time of
the flurescent hydrogen bond mixt associate for a series of hydroxilix compounds
with resorufin considered as a reference compound. The ethanol-resofurin hydro-
gen bond associate presented the smallest life time, whereas the life time for the
1,3-butanediol-resofurin associate was found to be 4.1 times longer as compared to
that of ethanol. These results were attributed to the presence of the internal hydrogen
bonding in 1,3-butanediol (1,3-BDO) [89]. As 1,4-butanediol has a higher tendency
to form internal hydrogen bonding than 1,3-butanediol [118, 123], the lifetime of
internal hydrogen bonding in 1,4-butanediol should be longer. Basing on these ob-
servations, and on the kinetical measurements, a good concordance was reported
by Caraculacu et al., between the hydrogen bond life time and the reaction rate of
different OH type in the urethane formation [89, 124].



Chapter 2
Structural studies on polyurethane elastomers

2.1 General considerations on the phase separation and
morphological features

The whole is more than the sum of its parts (Aristotle)

In addition to chemical interactions, the physical arrangement of the molecules plays
an important role.

Remember the widely accepted paradigm that “the whole is more than the sum of
its parts”? Cumulative effects and interactions in a PU material system reveal more
than the parts hidden properties. The reverse is effective as well.

Morphology is defined as the science of structural forms. PUs properties orig-
inate in their nanoscale phase separation by the competition between the hard and
soft phases. PUs morphology can be studied at different levels of structure according
to their domain sizes [4]. At an intermediate level a two phase structure is observed,
where the dimensions of domains are of the order of 5–100 nm.

It is well-known that the PUs tend to exhibit phase separation where the SS
units confer elastomeric behaviour while the microphase rich in HS provides phys-
ical cross-linking—see [4, 74, 78, 80, 125–127], for example the review by Diet-
rich and Hespe [126]. In addition to the microphase separation of segments, the
macrophase separation of molecules with different composition has to be consid-
ered in discussing the PUs morphology and their properties. As this phenomenon
is supposed to be common for PUs, it is also important to study the control and
characterization of the heterogeneity of segmented macromolecules and also the
relationship between properties and the molecular heterogeneity.

Because of the basic thermodynamic incompatibility of the segments, localized
microphase separation occurs, leading to the well recognized domain structure, and
the properties of the final bulk material are strongly influenced by the extent of
microphase separation and by the morphological characteristics of the domains (Fig.
2.1 and 2.2).

C. Prisacariu, Polyurethane Elastomers, DOI 10.1007/978-3-7091-0514-6 2,
c© Springer-Verlag/Wien 2011
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Fig. 2.1 Schematic repre-
sentation of a well phase
segregated PU system

Fig. 2.2 Schematic represen-
tation of a phase mixed PU
system

It is energetically favourable for the SS and HS not to mix. Thus during cooling
from above a critical order-disorder temperature, spontaneous segregation of SS and
HS into separate soft (SS-rich) and hard (HS-rich) phases occurs by the process of
spinodal decomposition. To achieve elastomeric performance, the SS must be the
majority constituent by mass, and the phase structure then takes the form of discrete
hard domains dispersed within a soft matrix. Such a phase structure impacts on
mechanical properties, and a further structural parameter of importance, therefore,
is the degree of phase separation.

PUs phase separation strongly depends on the hydrogen bond formation between
the urethane linkages, as well as on the manufacturing process, and reaction con-
ditions [4, 128–132]. It also depends on the SS type and molecular weight. As the
SS molecular weight decreases, the phase mixing increases [77]. Furthermore, the
molecular weight of the SS is a dominant factor since higher molecular weights
easily form rich phases on account of entropic contribution. As long as the size of
the microphase-separated structure is of a nanometer scale, PUs can be classified as
nanostructured materials [131].

The extent of the hydrogen bonding which is related to the phase separation is af-
fected by the material structure, composition and temperature. In linear PUs, Tiffan
and Terenzi found that almost all NH groups at room temperature are hydrogen
bonded [132]. Similar observations were made by Boyarchuk et al [133] both for
polyether and polyester PUs.

The overall mechanical properties of the material depend upon the relative vol-
ume fractions of soft and hard phases, and on the intrinsic properties of each of the
phases. These in turn depend on details of molecular packing of the constituents
within the phases, including the density of hydrogen bonds.

There is a wide variety of compositional variables which can affect the degree of
phase segregation, the organization of the HS and consequently the PUs mechani-
cal properties. The symmetry of the diisocyanate is an important factor. For exam-
ple, Sung et al. studied a series of polymers based on the diisocyanates 2,4-TDI
or 2,6-TDI, extended with BDO, and polyether or polyester SS of molar masses
1 000 or 2 000 g/mol. In the 2,4-TDI polymers, the asymmetric placement of the
isocyanate residued with respect to the methyl group resulted in some head-to-tail
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isomerization in the HS. In contrast, in the 2,6-TDI based materials, this problem
was absent since the molecule is symmetrical [134]. Other compositional variables
were undertaken in this study: the macrodiol type (polyether or polyester SS macro-
diol), the SS molecular weight and the length of the HS.

All of the 2,4-TDI polymers had amorphous domain structures with HS glass
transitions below 100◦C, whereas all of the 2,6-TDI based polymers exhibited
semicrystalline HS structures with melting temperatures in the range of 130◦ to
200◦C [134]. The interurethane hydrogen bonding was proved to be insufficient in
order to stabilize the HS domains and to assure extensive phase segregation. As
shown by Sung et al, there were other conditions that also contributed to PUs phase
incompatibility such as the increase in the SS molecular weight, and the use of a
less polar SS like hydroxy terminated polybutadienes (PBU).

For segmented PUs synthesized with PBU in bulk, Xu et al [21] showed that
such materials contain two fractions of segmented macromolecules with quite dif-
ferent composition and average HS length. The morphological complexity of such
PUs was interpreted by taking into account the domain formation due to the seg-
regation phenomena on different levels, namely, macrophase separation and mi-
crophase separation. The general morphological features observed in the PBU based
PUs were useful to understand the morphology-property relationships of other seg-
mented copolymers.

Comparing the effects of polyether and polyester SS, the polyester macrodiol
PBA introduced greater phase mixing than the PTMO soft segments, thereby raising
the glass transition temperature of the SS [4, 134, 135]. These results confirmed that
the hydrogen bonding to ester is stronger than to ether.

There was also evidence that the hydrogen bonding interaction can interfere with
the SS crystallization, as long as the SS crystallization did not occur in polymers
like those based on 2,4-TDI-PTMO (molar mass 2 000 g/mol), whereas a slight
improvement in phase segregation occured in the polymers with 2,6-TDI-PTMO of
molar mass 2 000 g/mol [134]. The SS segment crystallized freely as indicated by
a further decrease in the glass transition temperature.

Similar comparisons were made for materials obtained with the diioscyanate
MDI by using the polyester PBA of analogous molar mass. The MDI materials
showed that hydrogen bond dissociation can occur within an ordered domain struc-
ture at temperatures well below the domain transition temperature and with little
regard for improvement in the degree of order [134]. The thermal behaviour of hy-
drogen bonding appeared to be virtually independent of the PUs structural organi-
zation.

Previous publications [136, 137] reviewed models proposed for HS achieved
with the diisocyanate MDI and extended with BDO. A detailed morphological anal-
ysis [137] of a series of such materials showed that the hard microdomain struc-
ture was in qualitative agreement with the model proposed by Koberstein and Stein
[136]. This model was based on the partial solubilization of short HS into the soft
microphase. HS shorter than the critical length for microphase separation were
presumed to remain within the soft microphase while longer segments aggregated
into lamellar hard microdomains of thickness proportional to the critical sequence



26 2 Structural studies on polyurethane elastomers

length. Models of this nature provided a means for relating chemical structure and
thermodynamics to the PUs properties.

Mc Kiernan [138, 139] studied the influence of the hydrogen bonding on the crys-
tallization behaviour of a series of linear, aliphatic m,n-polyurethanes
[O−(CH2) m−O−C(O)−NH(CH2) n−NHC(O)]x derived from long chain aliphatic
diols. The studies showed that, hydrogen bonding still influenced the crystalliza-
tion process of the long-chain, aliphatic PUs. The X-ray and electron diffraction,
and infrared spectroscopy indicated that long alkane PUs segments have interchain
and intersheet distances similar to that observed for PUs of higher hydrogen bonding
densities. The hydrogen bonding controls the crystallization, packing, and morphol-
ogy of such materials. In addition, high-temperature infrared studies showed the
existence and high concentration (∼75%) of hydrogen bonding in such PUs even in
the melt [138, 139].

The three-dimensional hydrogen-bonding ability to act as an additional driving
force for more complete phase segregation determines stronger interaction between
the HS.

Hydrogen bonding can be detected and studied by means of IR spectroscopy. The
changing distribution of hydrogen-bonding properties in the hard and soft domains
can be assessed by this technique. The hydrogen bonded and free N−H and urethane
carbonyl C−−O are the peaks of interest [140–148]. PUs phase separation in PUs can
be characterized by measuring the intensity and position of the hydrogen-bonded
N−H stretching vibration. HS–HS hydrogen bonding (N−H···O−−C) in the hard do-
mains and HS–SS (N−H···O−) hydrogen bonding in phase-mixed states were iden-
tified. In the case of well segregated PUs systems, there is significant N−H···O−−C
hydrogen bonding, since both units are associated with the HS. N−H can form
strong hydrogen bonding with the oxygen of the ether groups associated with the
SS, where observation of the hydrogen bonds indicates the existence of a dispersed
phase consisting of HS mixed with SS [149]. In general, the N−H groups free from
hydrogen bonding have a stretching vibration at 3 450 cm−1. In contrast, the groups
involved in hydrogen bonding have much lower frequencies, ranging from 3 300 to
as low as 3 200 cm−1. The exact position depends on the strength of the hydrogen
bonding. The spectroscopic data can then be correlated to the macroscopic structural
transformation, mainly the degree of phase mixing or the separation kinetics.

The extent of hydrogen bonding is affected by the nature of the SS. Eisenbach
and Gronski [150] found that 40% of carbonyls in polyether urethanes are hydrogen
bonded, which is much less than with polyester urethanes on the same basis but at
a higher HS content [151].Their results are in agreement with the findings of other
authors [152–155] who also found that the ratio of band intensities of the bonded
C−−O to the free carbonyl groups decreased as the SS length decreased, i.e. when
the volume fraction of the soft phase increased.

In some of our recent papers we also made evidence that polyetheric PUs phase
separate to a much greater extent than the corresponding polyester-based polymers
[135]. This is consistent with previous studies, that showed polyether macrodiols to
give greater phase separation than polyester macrodiols [4, 14]. The reason is be-
lieved to be the availability of a >C−−O group on each monomer in a polyester for
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possible hydrogen bonding with the >N−H groups on the HS. This lowers the free
energy of mixing of HS and SS that drives phase separation, relative to those macro-
diols where this is absent. The polyethers PUs are extensively hydrogen bonded
which involves the N−H group as the proton donor and the urethane carbonyl, the
ester carbonyl (in polyester materials) or the ether oxygen (in polyether PUs) as
proton acceptor. As shown [4, 135], although nearly 100% of the N−H groups are
involved in the hydrogen bonding, only 60% of the urethane carbonyls are hydrogen
bonded, while the remaining N−H groups hydrogen bond with the SS. This was ex-
plained in terms of the phase intermixing of a large hard domain surface area, due to
tiny domains. Srichatrupimul and Cooper [153] observed that the hydrogen bond-
ing between the SS and HS is stronger and dissociates at higher temperatures in the
interurethane hydrogen bonding.

Numerous studies of the PUs morphological features and phase segregation be-
haviour have been carried out by means of a variety of characterization techniques,
including transmission and scanning electron microscopy (TEM) and (SEM), small
angle X-ray scattering (SAXS) and atomic force microscopy (AFM), and by in-
frared dichroism, or thermal methods like dynamic mechanical analysis (DMA),
and differential scanning calorimetry (DSC). If one could say that the variety of
the techniques used to investigate the PUs phase separation suffer from emotional
disorder, this would be called phase separation anxiety. . . �

These techniques allow visions of the microphase separation in polymers. As one
can say that eye is the mirror of the soul, microphase is the mirror of the polymer
structure. Remember the well known Alexander Pope’s quote a few hundreds of
years ago where he was asking “why has not man a microscopic eye?” Certainly if
he had been a scientist nowadays and if he had had access to these techniques, he
woudn’t have stated that man has not a microscopic eye “for the plain reason he is
not a fly”.

The first direct evidence for the formation of a two-phase structure was obtained
from the SAXS studies by Bonart [156]. However detailed information could not
be obtained from the single peak in their SAXS profiles without some ambiguity, as
long as PUs have a disordered two-phase morphology. The two-phase microstruc-
ture was observed by Koutsky et al, by using transmission electron microscopy
(TEM) both on polyether and on polyester PUs [157]. They found that the sizes
of the hard domains varied between 30 Å to 100 Å. Later TEM works were carried
out by Xu et al., Chen-Tsai et al., and Serrano et al., on the morphology of a series
of TDI based PUs extended with BDO, with varying the HS fraction. The two-phase
morphology was evidenced [158–160]. Yet, on the basis of the obtained evidence it
still could not be assumed that complete phase separation occurred. In fact, there was
evidence that appreciable hydrogen bonding exist between the HS and SS, which
involved incomplete phase separation. HS domains were observed as grains of 3-
10 nm dimensions by Koutsky et al [157] in solvent etched and iodine stained PUs
samples by means of TEM. Finer fibrils (6 nm width) were observed by Fridman
and Thomas [161]. Fibrillar structures were reported by Schneider et al. where the
smallest fibrils observed were 20-30 nm in width [162]. For PUs structures of the
type MDI:PBU:BG but of variable HS concentrations, Li et al. evidenced a rod-like
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Fig. 2.3 The two-phase structure of a PU material based on MDI:PTHF:BDO. Soft domains are
represented by white areas.

or lamellar structure for materials with a HS percentage of 42%-67%. At lower per-
centages, (<31wt %), the HS phase was dispersed in the SS matrix in the form of
short cylinders or spheroids [163, 164].

An example TEM micrograph of a MDI-BDO based PU based on PTHF
(Mw=2 000 g/mol), is shown in Fig. 2.3.

The use of TEM to image the nanoscale morphologies of PUs is a very useful
technique that has the ability to image at high magnifications provided there is suf-
ficient contrast between the electron density of the two phases. The electron density
of one of the phases is sometimes enhanced using staining agents that make this
technique dependent on the efficacy of the staining procedure. Phase separation can
be detected by TEM if there is sufficient contrast between the phases. Serrano et
al [165] were able to observe two phases in MDI/PBU/BDO polyurethanes even
without staining, in samples with 55% and 75 wt% hard segments. Yet, TEM ex-
periments are limited by the possibility of beam damage, and are also tedious and
time-consuming due to the microtomy involved in cutting samples into few tens of
nanometers thin sections. Imaging at high magnifications under TEM can also lead
to misleading phase-contrast artifacts observed at a scale length of approximately
100 Å under slight defocus conditions.

Li et al used various physical methods to study the morphology of PBU based
materials with variable of HS content [166]. Segmented PUs with low HS con-
tents were found to have a morphology of dispersed short HS cylinders embed-
ded in the matrix of the PBU based SS. An alternating HS-SS rodlike or lamellar
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microdomain structure was characteristic of materials with higher HS contents. At
very high HS percentages, a morphology with a dispersed SS phase was observed.

HS and SS domains can organize to form crystalline superstructures, especially
in the case of solution cast samples. Spherulites with diameters from several thou-
sands of nm up to about 20 μm were observed by small-angle light scattering (SALS)
[167, 168], and by using optical and electron microscopic methods [169–171].

More recently, compositional heterogeneity has also been detected for various
PUs, such as those based on poly(caprolactone) glycol PCL/PET polyesters [172]
or MDI:PCL:BDO based PUs [162], by means of gel permeation chromatography
and thin layer chromatography.

It is necessary to consider both the microphase separation of HS and SS of
the same chain into different domains, and also macrophase separation of macro-
molecules as a whole (segregation on the molecular level) in order to explain the
morphology and properties of these materials.

Small-angle X-ray scattering (SAXS) is another important tool to make evidence
of SS and HS phase separation. SAXS offers several important advantages and al-
though interpretation is less direct than are the TEM or AFM techniques, the sample
preparation for SAXS avoids the potential for staining artifacts that may arise with
TEM. X-rays are also less damaging to the samples than are the electron beams
used in TEM, allowing measurements to be made continuously over many minutes.
SAXS is used to characterize the domain structure in the size range of tens of nm.
The scattering is related to morphology on the nanometer scale, but it originates
from a relatively large volume (mm3) of the material under investigation although
microbeam techniques can sample smaller volumes. Therefore the results give a
more statistically significant view of the morphology [173]. The X-ray are scattered
by the electrons of a sample and the amplitude of the scattering radiation is given
by the three-dimensional Fourier transformation of the electron density distribution.
Analysis of the intensity as a function of angle reveals information regarding the
morphology of the material. SAXS results for patterns of phase separated PUs show
a distinct peak. This is indicative of a quasi-periodic fluctuation in electron density
within these materials.

Bragg equation is used to estimate the characteristic morphological periodicity
from the scattering vector corresponding to the SAXS peak position, which is related
to the scattering angle and the wavelength of the X-rays. The periodicity given by
the Bragg spacing corresponding to the scattering angle at peak intensity usually
ranges from about 10 to 25 nm and it increases with increasing the SS molecular
weight [4, 135, 173–175].

Numerous structural SAXS studies were done on PUs. For example, materials
achieved with MDI-diol based HS were studied by Bonart et al [14, 15] and by
Wilkes and Yusek [174]. The X-ray patterns obtained by them showed a single
Bragg reflection in the diffraction pattern of the poly(MDI-BDO) hard segments
at d ≈ 7.9 Å, azimuthally inclined at ∼30◦ to the meridian. In addition, an intense
amorphous halo at d ≈ 4 Å was observed. Bonart assigned the Bragg reflection to
planes inclined at ∼60◦ to the fibre axis, and suggested that these planes arise from
a staggering of adjacent chains so that intermolecular C−−O···H−N hydrogen bonds
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are formed between the urethane groups. This lead to the conclusion that the PU
chain structure is analogous to that for the α-form of nylon 6.6.

Koberstein and Stein [136] also studied the PUs phase separation by using SAXS.
The maximum in the small angle region was interpreted as the mean separation dis-
tance between the HS. The intensity profile contained information about the inter-
facial thickness and about the purity of the domains.

SAXS was also used by Li et al [163] to investigate the structure of a series
of segmented PUs of variable HS percentage, for materials based on the couple
diisocyanate-chain extender, HDI/BDO. Thet found that the phase structure was in-
sensitive to the increasing HS content and thermal treatment. Structure property be-
haviour of the MDI/BDO based PUs was studied through the effect of composition
ratio of the HS by Abouzahr et al [176]. They observed that morphological changes
occur as the HS fraction is increased. The texture changed from that in which little
HS domain content exists al low HS levels (15%), to that in which the polymer has
an interlocking domain morphology at higher HS content (35% and 40%). Low hys-
teresis and high extension was obtained when isolated HS exist (25% HS). Thermal
treatment of the samples lead to domain disruption and to HS-SS mixing.

In general crystalline domains are disrupted the least while the fastest recovery
is displayed in samples with a non-crystalline domain texture, but this is going to be
discussed to a great extent in Chapter 4 of this book.

For PU structures of a high HS content (above ∼30%), continuous HS domains
could be clearly identified and traced in structural transitions [177–182]. On the
other hand, the PUs of a low HS composition (less than 30%) were believed to have
only discontinuous HS domains of a micellar nature [180] in the SS solvent-like
matrix, especially when the sequence length of the HS is short [179]. Y.S. Sun et al
[183], and L.Y. Chiang et al [184], investigated the micellar structural characteristics
of segmented PUs of a low HS content and a short HS sequence length, by using the
contrast variation provided by SANS and SAXS. The polyether MDI/PTMO based
materials were prepared from the reaction of the chain extender BDO with diiso-
cyanated prepolymers [184]. PUs were synthesized so that they contained 19.3 wt%
hard segments. These two SAXS and SANS profiles were very similar in a wide Q
range, except the sharp raising peak for SAXS in the Q region lower than 0.02 Å−1.
The results indicated a general two-phase structure with low-Q sharp peak observed
in the SAXS profile, which were attributed to the scattering from the partially crys-
talline PTMO domains of few hundreds angstroms estimated from the broad WAXS
peak widths of the PTMO chains. The PTMO crystalline domains were virtually
invisible to neutrons due to the very low scattering contrast [183]. The high value
for the critical aggregation concentration of the HS in the PTMO matrix indicated
that the HS of a short MDI sequence can dissolve in elastomer well up to ∼30%.

The increase in the HS content produces a decrease in the PUs melting enthalpy.
As the melting enthalpy of is related to the interactions between the polymeric
chains (so-called virtual crosslinking), the trend followed by the melting enthalpy
indicates that the virtual crosslinking becomes less important as the HS content
increases. PUs such as those containing TDI have a high HS content and show a
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melting enthalpy lower than other materials. TDI usually contains a mixture of 2,4-
and 2,6-isomers and two kinds of urethane groups are possible.

Abouzahr and Wilkes also studied the effect of HS content on a series of MDI-
based PUs [176]. Depending on the HS content, the properties of the elastomers
were divided into four regimes. At very low HS percentages, they found that the
polymer was poorly phase separated and exhibited poor elastomeric properties. At
slightly higher HS contents the polymer was better phase separated, but the HS were
small and isolated. This lead to higher modulus, toughness and extensibility and
consequently to low hysteresis. At higher HS percentages, the HS became interpen-
etrating and the material had a much higher modulus and hysteresis. At percentages
of 50% HS and higher, the phases inverted from HS domains in a soft matrix to
soft domains in a HS matrix and the polymer became brittle, high modulus plastic.
Similar observations were made by us on PUs based on crystallizable HS [185].

PUs with MDI:BDO hard segments and oligomeric ethyleneoxide end-capped
poly(propyleneoxide) SS containing 5-100 wt% hard blocks contents were inves-
tigated by Saiani et al [186, 187]. In their works, the PU without oligomeric diol
(100% HS) exhibited one glass transition temperature and no scattering peak in the
SAXS experiments, indicative of a single-phase structure. Adding just 10 wt% SS
resulted in a microphase separated structure [187].

By using wide-angle X-ray diffraction (WAXD) and SAXS, Bonart et al [14]
proposed a model according to which the HS were considered as extended chains.

Later, on the basis of results from SAXS and thermal analysis, Koberstein and
Stein [136] and Leung and Koberstein [137] proposed a model according to which
the HS domains thickness domains was controlled by the shortest HS chain insol-
uble in the SS phase. The HS longer than the critical length were either coiled or
even folded so to be included in the HS domains. HS shorter than the critical length
were dissolved in the SS phases. They also observed that the HS mobility, and the
strength of the HS interaction between themselves were influenced by the anneal-
ing temperature. For example, in materials derived from aromatic diisocyanates like
MDI/BDO-based segmented PUs, the HS mobility was low, and the HS interactions
between them were strong, which resulted in slower phase separation after the melt
was quenched to lower annealing temperatures.

Koberstein et al [180] investigated a series of thermoplastic PUs based on poly -
ε-caprolactone SS and aromatic MDI:BDO based HS. To assess the hard block size
on the PUs morphology, Koberstein et al. used poly -ε-caprolactone SS because of
its miscibility with the HS. A range of block lengths showed that the compatibility
level combined in polymers with smaller block lengths showed no phase segregation
as inidcated by SAXS measurements. The short hard block lengths were assumed
to dissolve into the soft phase of such PUs systems. Increasing the block lengths,
the position of the SAXS peak indicated phase separation but only of short range
orders. This is consistent with a morphology with a short term order in the form of
lamellar HS domains being dispersed in the SS continuous phase.

Replacing aromatic with aliphatic diisocyanates like 1,6-hexamethylene diiso-
cyanate (HDI) while keeping the same structure with BDO as chain extender,
resulted in HS of greater flexibility. Due to the higher HS mobility, the phase
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separation rate increased owing to the relatively higher HS mobility and conse-
quently lower PU system viscosity.

In materials obtatined with aliphatic diisoyanates, the insensitivity of the hard do-
main length to increasing HS content has been reported for a number of HDI-BDO
polyurethanes; this behaviour has been attributed to chain-folding of the lamellar
morphology.

Chu et al (1992) studied the phase structure of segmented PUs as a function of
the HS flexibility, by using synchrotron SAXS analysis in order to assess the effects
of thermodinamics vs. kinetics during the phase separation [188]. Using the value of
the relative invariant from the SAXS analysis and the glass transition temperature
of the SS determined by DSC, they found that an increased HS content did not lead
to the enhance of the phase separation. This finding does not match with the theory
according to which higher HS contents lead to lower compatibility between HS and
SS, which should promote phase segregation. This behaviour was explained by Chu
et al., as a function of kinetics.

Other methods associated with solid-state NMR have been also used in numerous
works to investigate the PUs phase separation behaviour [189-193]. Dumais et al.,
detected phase separation in NMR line broadening experiments using labeled chain
extenders [191]. The two-dimensional wide-line-separation nuclear magnetic reso-
nance spectroscopy (WISE-NMR) provides a particularly interesting alternative tool
for determination of the PUs phase composition. With this experiment, a correlation
has been established between chemical structure and segmental mobility as reflected
in 13C chemical shifts and 1H line shapes, respectively. Segments dispersed in HS
rich domains are immobilized, resulting in broad components in the 1H spectra. The
fraction of HS and SS distributed in each phase can therefore be calculated from
the resolved 13C spectrum. Using this technique, the degree of phase separation in
piperazine-based PUs has been established [194].

The PUs microstructure can be also investigated by means of atomic force mi-
croscopy (AFM). Phase images obtained via AFM, enable visual representation of
the PUs microphase separated morphology. AFM records the surface topography
of materials by measuring attractive or repulsive forces between the probe and the
sample. Vertical deflections caused by surface variations are monitored as a raster
scan drugs a fine tip over the sample. A detailed description of different modes in
AFM technology has been described in [195].

The use of AFM to examine the surface morphology of polymers is now well
established While different variations of AFM are available, tapping-mode AFM
has gained popularity due to the lower forces involved, and because there is only
intermittent contact between the sample and the tip, unlike for example in contact-
mode AFM. This technique allows simultaneous detection of height and degree of
phase segregation. It provides information on the variations in topography and lo-
cal stiffness. ‘Height’ images are obtained by storing the vertical ‘z’ position of
the AFM scanner-head as it scans an ‘x-y’ surface, while maintaining a constant
‘set point’ amplitude. Simultaneously, ‘phase’ images are obtained by detecting the
phase shift between the actual oscillation of a tip and its drive oscillation. In addi-
tion, since AFM images are essentially three dimensional plots of data points, this
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technique also enables semi-quantitative analysis of the images by means of surface
roughness and power spectral density calculations.

The AFM technique has been increasingly used as an alternative to transmission
electron microscopy (TEM) for the visual interpretation of the PUs nanostructure
where the surface morphology was imaged by using the tapping mode AFM. The
high modulus hard domains and the low modulus soft blocks appeared as light and
dark regions respectively.

The development of a PUs hard domain continuous morphology upon increas-
ing the HS size has been investigated [196]. Using AFM, the hard domains were
found to preferentially orient with their long axis along the radial direction of the
spherulites. The hard domain connectivity was found to increase with increasing
the percentage of HS content. For example, materials such as those based on the SS
macrodiol polyethylene glycol (PEO) displayed extremely rough surfaces, limiting
their resolution via AFM [176, 196]. At lower HS contents (22 wt%), the deforma-
tion mechanism involved extension of the SS. The HS were randomly dispersed in
a continuous soft domain without significant aggregation which is why the align-
ment and break-up of the hard domain structure did not occur. At higher HS content
(33 wt%), the hard domains were observed to be still randomly dispersed in a con-
tinuous soft domain, which was reflected in higher interdomain spacings. With in-
creasing the HS content, an inter-lockong HS morphology developed, leading to the
decrease of the average distance between the hard domains, which was confirmed
by the SAXS studies. The development of a hard domain continuous morphology
upon increasing the HS size has been observed in numerous other segmented PUs
[176, 196].

PUs usually possess the microphase separated structure with interdomain spacing
of 10-20 nm. But what happens if the film thickness is smaller than the spacing?
As a rule, PUs block copolymers loose the microphase separated structure with the
thickness which is smaller than the periodic structure, or forms an island structure, in
which the periodic structure exists [197]. Decreasing the PUs film thickness, the size
of the microphase separated domains decrease as evidenced by AFM. Decreasing
the film thickness the aggregation of the HS chains becomes weaker [131].

PUs phase separation is also strongly influenced by temperature. The changes in
the hydrogen bonding characteristics occurring in soft and hard domains are corre-
lated with the macroscopic phase transformation as a function of temperature. In-
creasing the temperature above the ‘melting’ transition of the hard domains, results
in a homogeneous structure accompanied by the disassociation of most of the HS–
HS hydrogen bonding. If rapidly cooled (quenched), the high-temperature structure
becomes “frozen”, which results in a significant number of interactions between the
HS and SS. Quenching to lower temperatures retains the degree of phase mixing at
the elevated temperature. If the quenched temperature is much lower than the SS
glass transition temperature, the slow rate of segmental separation at low tempera-
ture prevents the reformation of the HS–HS hydrogen bonding. Raising the temper-
ature, the low temperature structure undergoes phase separation to become a room
temperature structure. In this way, direct correlation between microscopic evidence
for hydrogen bonding characteristics in soft and hard domains and macroscopic
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phase transformation can be obtained [149]. While the degree of microphase sep-
aration becomes weaker with increasing the polymerization temperatures, thermal
treatments usually determine the increase of the degree of microphase separation
[198, 199]. When the PUs are annealed at certain temperatures, the HS domains
with melting points above the annealing temperature are progressed.

2.2 Phase separation kinetics

Every process which is not forbidden must occur. (totalitarian principle)

Remember the totalitarian principle according to which “every process which is
not forbidden must occur”? Not only the characterization of the PUs phase separated
structure is important, but, from the perspective of PUs fundamental point of view,
the mechanism associated with the phase separation is also extremely important
and equally interesting. Occurrences in the phase separation process are strongly
affected by the variety of parameters in operation.

Phase separation kinetics for PUs block copolymers has been extensively stud-
ied. Various techniques have been applied to study the aspects of PUs phase separa-
tion kinetic behaviour. For example, scattering techniques, mainly SAXS can give
the average size of the hard domains evolving from a homogeneous single phase.
By monitoring mechanical properties as a function of phase separation time, the
phase separation kinetics can also be deduced, but the direct relationship between
the macroscopic mechanical properties and the degree of phase separation is gener-
ally hard to establish.

The rate and degree of phase separation depends on structural parameters such
as interaction parameter between two phases, presence of hydrogen bonding and
crystallization of one or both phases, segment size and segment size distribution,
and also experimental conditions, i.e. annealing and storing temperature and time)
[4]. The rate of phase separation depends on the regime of cooling, or isothermal
temperature if the process is studied isothermally. In general the experiments consist
of heating the PUs sample at high temperature (annealing) and then quenching to a
storage temperature, at different time intervals. On quenching, HS ordering needs
pulling of the SS ends, while stretched SS retractive forces act during reheating of
the sample, which may cause HS disruption. This leads to partial mixing of phases,
at elevated temperatures, above the glass transition temperature of the HS. Heating
above the melting point of the hard phase causes complete mixing with SS [4].
At high temperatures part of short HS are soluble in the soft phase. Decreasing
temperature, shorter and shorter segments become excluded.

A series spectroscopic analysis of the phase separation kinetics in model PUs
was made by Lee et al [200]. Isothermal phase separation kinetics was studied by
raising the PUs sample temperature quickly to the phase separation temperature
and measure the changes in the infrared spectrum at constant temperature. They
assigned spectroscopic features characteristic of urethane linkages dispersed in the
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SS as compared to interurethane hydrogen bonding confined to the HS domains.
With a specially designed sample cell [200], they trapped a phase-mixed structure
at a temperature 60◦C below the glass transition temperature of the SS. When the
quenched PU sample was brought up to a higher temperature, the increase of one
spectroscopic component and the corresponding decrease of the other provided a
direct measurement of phase-separation kinetics.

The results of the study clearly indicated that the phase separation process in-
volves a gradual transfer of the HS dissolved in the soft matrix into the hard domain.
As shown [200], frequency and intensity differences at different temperatures for
both the hydrogen bonded and free C−−O vibrations can be significant and difficult
to define. However the measurement of the relative intensity of the two components
at constant temperature removes this difficulty.

2.3 Structural studies on polyurethane elastomers with
crystallizable hard segments

Crystallization is the action of the mind that discovers fresh perfections . . . at every turn of
events. (Stendhal)

“Crystallization” is a concept developed in 1822 by the French writer Stendhal,
to describe mental metamorphosis. In the summer of 1818 Stendhal went to the
salt mines of Hallein near Salzburg with his friend Madame Gherardi, where they
discovered the phenomenon of salt “crystallization”. He defined the term “crystal-
lization” and used it as a metaphor for human relationships. Remember Stendhal’s
classic (1882) “De l’Amour” where he explains crystallization as a natural “mental
process” drawing from proofs of the perfection. Imagine a tree branch covered with
crystal deposits left in Salzburg’s salt mines for a few months.

The notion of “crystallization” was pivotal for Stendhal who extended this
metaphor into his theories on art and on literature: the process of making and per-
fecting art and the evocative power of the artist. He defined them as “crystallization
processes”.

Obviously the author of “Le Rouge et le Noir” wouldn’t have imagined that the
“crystallization” concept defined by him, will be extended to describe things like
polymers. Moreover, in terms of crystallization, the morphology of polymers is even
much more complicated—although I am sure artists or writers would dislike this.�
But here, while writing this, I feel on a safe territory, far from people of art, so I can
dare to make such an assertion.

It is axiomatic that an individual polymer molecule which possess a high degree
of chemical and structural regularity among its chain elements is capable to undergo
crystallization. For a polymer with a high regular ordered, structure, conditions must
be found that are kinetically favourable for crystallization.

The understanding of the structure and properties of semi-crystalline polymers
involves numerous variable techniques and theoretical approaches. Essentially, all
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Fig. 2.4 Extended linear
“anti” DBDI position

Fig. 2.5 Contorted “syn”
DBDI position

Fig. 2.6 Conventional rigid
4,4-diphenylmethane di-
isocyanate (MDI) non-
crystallizing

properties are controlled by morphology, which in turn is determined by the crystal-
lization mechanisms. From the thermodynamic point of view, the nature of a crys-
tallization process is governed by both thermodynamic and kinetic factors, which
can make it highly variable and difficult to control.

PUs morphology is very complicated not only because of the two-phase struc-
ture, but also because of other physical phenomena such as crystallization and hy-
drogen bonding in such systems. The crystallinity of phases and the size of domains
along with the molecular composition, control the PUs morphology and macro-
scopic properties. Crystallization of the HS is an important determinant of the ex-
tent of phase separation, and the development of crystallinity is dependent on the
hydrogen bonding and other interactions between the chains in the hard domains
[201].

Crystallinity has been observed in the soft phase when the macrodiol chain is
long enough, and it is also sometimes present in the hard phase. The latter is usu-
ally limited to only a few percent for most HS structures when solidified from the
melt, but there is one particular diisocyanate, 4,4’-dibenzyl diisocyanate (DBDI)
that, in the presence of suitable chain extender, gives rise to significant degrees of
crystallinity [60, 61, 135], and this is included and detailed in the present book.

As reported by ourselves [60, 61, 135] and by Lyman and Gowerr [58, 202],
the MDI molecule introduces the rigid –Ph−CH2−Ph– moiety in the elastomeric
PU hard segments. In contrast when using DBDI, the specific –Ph−CH2−CH2−Ph–
moiety introduces a variable geometry into the hard segments due to the possibil-
ity of internal rotation of this isocyanate around the –CH2−CH2– ethylene bridge.



2.3 Structural studies on polyurethane elastomers with crystallizable hard segments 37

This leads to the appearance of both “anti” and “syn” rotational conformations,
which coexist in the DBDI based PU macromolecules, (Fig. 2.4–2.6). As a result,
in this latter case the PU macromolecules can adopt a more compact packing which
enhances significantly the ability to order in crystalline structures involving pre-
dominantly the “anti” form [60]. Shown in Fig. 2.4 and 2.5 are the extended linear
“anti” and contorted “syn” DBDI positions as compared to the conventional rigid
4,4-diphenylmethane diisocyanate (MDI) non-crystallizing (Fig. 2.6).

The rotational isomerism of the dibenzyl biaromatic (DBDI) systems allows
multiple spatial arrangements, with different reciprocal influences of the functional
groups situated in the two rings. As shown, the angle between the plane and the
–CH2−CH2– linkage is 70.5◦. As earlier shown in this book, by studying the re-
activity of DBDI and comparing it with other conventional diisocyanates, we con-
cluded that the reactivity of DBDI was very similar to that of the conventional rigid
diisocyanate MDI [45].

The PUs with DBDI based HS investigated by Caraculacu et al [59] showed a
fiber repeat distance which is that expected for a fully extended chain. In this con-
formation, chains readily pack to form fully hydrogen-bonded sheets. The X-ray
diffraction spectrum showed a periodicity of 19.7 ± 0.2 Å and was similar to that of
the triclinic form of nylon 66, nylon 6 and nylon 8 [59]. This was in contrast with
the analogous materials based on the conventional rigid diisocyanates like MDI,
where the extended chain conformation has the appearance of a large zig-zag struc-
ture where, although chains with this conformation can be readily packed together,
only one half of the potential hydrogen bonds are formed [59]. In the case of the
materials with MDI, X-ray determination showed a periodicity of 15.7 ± 0.1 Å with
qualitatively similar arrangement but belonging to the hexagonal lattice crystalline
system [59]. As previously shown by us, in polymers with MDI, the HS are associ-
ated but not so ordered as they are in the materials with DBDI where HS are both
ordered and associated, which determines a crystalline PU structure [59, 60].

A conformational mobility of the diisocyanate like DBDI (Fig. 2.7) may cause an
unusually wide range of mechanical, physical and chemical properties, associated
with the possibility of pronounced phase separation into a domain-matrix morphol-
ogy, and with a higher tendency to crystallization and self-association by hydrogen
bonding [61, 127]. Hard domains having a higher flow stress in the presence of the
diisocyanate DBDI, have been associated with increased hydrogen bonding which
was enhanced in numerous cases by HS crystallinity [61]. The primary effect of em-
ploying flexible HS in the PUs synthesis, was shown to be a closer self-association
of HS by hydrogen bonding.

Shown in Fig. 2.8 (a) and (b) are example microphotos of the two-phase structure
for two analogous materials based on PTHF of molar mass 2 000 g/mol and chain
extended with BDO. They differ only in the type of diisocyanate, the rigid MDI
or DBDI displaying a variable geometry. Transmission optical microscopy standard
method was used to investigate the microstructures.

Both images reveal clear heterogeneity of the samples. This is consistent with
previous observations made by ourselves and by others on polyether macrodi-
ols based PUs to give greater phase separation than polyester macrodiols [4, 14],
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Fig. 2.7 2-D network of
hydrogen bonds in a DBDI
based material CH2

O

C

NH O C

O

CH2

NH

CH2

CH2

H2C

H2C

HN

HNC O

O

C

O

CH2

O

CH2

O HN

H2C

CH2

NH

CO

O

CH2

C

O

CH2

O

regardless the type of the diisocyanate used in the PU syntesis. Moreover, the inclu-
sions (2 μm diameter or less) observed in the DBDI based structure were associating
with a higher tendency to HS crystallize characteristic for materials based on the
couples DBDI-EG or DBDI-BDO [61].

In the DBDI based polymers there was a clear indication from data that the phys-
ical origin of the flow stress must be relative displacement of the hydrogen-bonded
HS [61, 135, 175]. In deformed PUs, the anisotropy of the structures relative to
the strain direction was clearly visible in the 2D images (Fig. 2.9). Samples were

a b

Fig. 2.8 Example two-phase structures: (a) MDI:BDO:PTHF; (b) DBDI:BDO:PTHF at 1 000 μm
magnification
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Fig. 2.9 SANS patterns from two bulk PU elastomers; they differ only in the type of diisocyanate,
the flexible DBDI and rigid MDI: (a) DBDI:BDO:PTHF; (b) MDI:BDO:PTHF; by courtesy of Dr.
D. Bucknall, Virginia Tech University.

strained to up to 300% levels of extension. Depending on the type of diisocyanate
(crystallizing or not), they showed various degrees of anisotropy, with the highest
values corresponding to the PTHF/DBDI based materials. The macroscopic defor-
mation was present in the molecular levels that were probed with neutrons.

There were tendencies to phase separation, with a characteristic length of ca
20 nm, and, when DBDI was employed with BG or EG, to crystallization of the
hard phase through its effect of increasing the flow stress.

In our previous beam time (RB5l03l5) we observed a strong scattering peak at
low Q in the various PUs (see Fig. 2.10) which is consistent with the microphase
separation in block copolymers predicted by Leibler [203]. The phase domain di-
mensions varied between 10-20 nm, depending on the PUs specific composition.
After straining to 300% (Fig. 2.10) the morphology is clearly disrupted with a re-
duction or in some PUs a total loss of domain structure.

The AFM method was also used by ourselves to examine and compare DBDI
with MDI based films surfaces and to measure their surface topography. Topograph-
ical and phase contrast AFM images were taken from different zones of the materi-
als. The replacement of DBDI with MDI determined morphological variations and a
decrease of the average height texture parameter, both for the molten and for freeze
fracture surfaces. The separation between crystalline and amorphous phases was
better observed in the AFM phase contrast images. The crystalline domains were
observed to have higher hardness while the amorphous domains have higher elastic-
ity. The separation between crystalline and amorphous phases was more pronounced
in the DBDI polymer. Example topographical and phase contrast AFM images for
freeze fracture surfaces are shown in Fig. 2.11 for the same two materials (analo-
gous structures) as in Fig. 2.8 and 2.9. They differ only in the type of diisocyanate,
the model rigid MDI or the flexible DBDI.

The SEM investigation made by us clealy revealed the strong influence of the
variable geometry of the diisocyanate DBDI on the formation of hard domains with
a pronounced crystallinity, especially when EG or BDO were employed as chain
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Fig. 2.10 SANS scattering from a fully hydrogenous PU before (solid line) and after straining to
300%, with data in the parallel (open circles) and perpendicular (solid circles) to the draw direction.
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Fig. 2.11 Topographical and phase contrast AFM images for freeze fracture surfaces for two
analogous materials; they differ only in the type of diisocyanate. (a) (DBDI:BDO:PTHF); (b)
MDI:BDO:PTHF. Courtesy by Mrs. I. Stoica, Institute of Macromolecular Chemistry, Petru Poni,
Iasi, Romania

extenders. Shown in Fig. 2.12 and 2.13 are the SEM pictures of two PUs with similar
structures, where only the type of isocyanate differs: MDI non-crystallizing, DBDI
crystallizing. With DBDI the polymer matrix becomes more mobile and allows the
chain extender-diisocyanate segments to move and crystallize in self-associations
[204]. Investigation of PUs by means of SEM revealed the fact that the nature of
the hard phase and the degree of phase separation in PUs can be controlled via the
chemical structure.

The materials displayed a relatively coarse structure on 10 μm scale but which
varied between the polymers. Fig. 2.12 displays the features of a DBDI based orig-
inal sheet. At 0.1 mm magnification the arrow points to a particularly prominent
area of the banding which is typical of this specimen. The most prominent feature
is what is referred to as the coarse structure of about 10 μm in scale: this is due
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Fig. 2.12 SEM of a PU based on DBDI (original sheet) at two magnifications [204].

Fig. 2.13 SEM of a PU based on MDI (original sheet) at two magnifications [204].

to large extent of PU phases separation in the dibenzyl-based material. There are
only the faintest hints of a texture on this scale in the equivalent material with MDI.
This banding is made up of phase-segregated lumpy regions, which are either finer
or not present at all in the material with MDI. Fig. 2.13 displays the features of the
analogous MDI based PU original sheet. The banding also appears, but much less
pronounced. PU with DBDI which displays X-ray crystallinity [60, 127] tends to
give a rougher surface morphology than PU based on MDI.

The most prominent feature is what is referred to as the coarse structure which
is due to large extent of phases separation in the polymers derived from DBDI. As
previously shown, the dibenzyl based polymers did not retract after rupture [204].
After step stretching of the materials, the presence of the dibenzyl structures gave
a much rougher surface morphology than that observed in the MDI based polymers
[204].

Several chemical etching techniques were tried on these materials. In Fig. 2.14,
etched surfaces of MDI and DBDI based materials are shown.

In the material based on MDI (Fig. 2.14(a)), the relatively resistant material is
in majority, with non-resistant pockets being consumed by the etchant. As observed
elsewhere [60], such pockets represent materials precipitated during polymerization.
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Fig. 2.14 SEM of etched PU specimens: (a) MDI; (b) DBDI [204].

In the materials with DBDI (Fig. 2.14(b)) the overall etched texture is much
flatter. The regions of chemical segregation are more or less equally attacked. The
material with DBDI does not show the precipitated crystals. A more detailed SEM
description on the morphology of MDI and DBDI based PUs and mixtures of them,
is made in section 2.3.2.2. where the materials are characterized and compared from
two perspectives: (a) effect of the SS macrodiol nature (polyester or polyether); (b)
effect of type, and number of diisocyanates (crystallizing or not) and their order of
introduction in the reaction synthesis.

2.3.1 Structural studies on polyurethane elastomers obtained with
single diisocyanates

The degree of phase segregation between HS and SS depends both on the degree of
interaction between the HS to each other and towards the SS and on the mobility of
the polyurethane chains. Hard domains having a higher flow stress in the presence
of the diisocyanate DBDI, have been associated with increased hydrogen bonding
which was enhanced in numerous cases by HS crystallinity [60, 61, 135]. The pri-
mary effect of employing flexible HS in the PUs synthesis, was shown to be a closer
self-association of hard segments by hydrogen bonding. In such polymers there is a
clear indication from data that the physical origin of the flow stress must be relative
displacement of the hydrogen-bonded HS.

A systematic study of PUs with HS of variable crystallinity was made by us
[60, 61, 127, 135]. Two diisocyanates were considered: the frequently employed
MDI, and its close relation DBDI, that is of special interest because of its tendency
to crystallize on cooling from the melt in the presence of some chain extenders
[135]. The family of model PUs was synthesized for this work in the authors’ Ro-
manian laboratory. They were all three-component systems combined in stoichio-
metric proportions, and consisting of: (1) a diisocyanate—either MDI or DBDI;
(2) a SS macrodiol—PEA, PTHF, or PBA; and (3) a small molecule diol as chain
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extender—anhydrous EG, DEG, or BDO. The macrodiols were all of molar mass
2000 ± 50 g/mol.

The three components were always mixed in the molar proportions hard seg-
ment:macrodiol:chain extender = 4:1:3, giving hard segment mass fractions in the
region of 40%, and isocyanic index I = 100 which means that they are truly thermo-
plastic. They do not have the potential for further reaction with ambient humidity
to produce chain lengthening and allophanate cross-linking, seen in similar poly-
mers but with excess isocyanate groups (e.g. I = 110). Synthesis was carried out by
the prepolymer route described previously by Prisacariu et al [135]. Information on
the nanometre-scale physical structures of the materials was gained by X-ray scat-
tering, using synchrotron radiation at the UK Daresbury Laboratory. Wide-angle X-
ray scattering (WAXS) studies were carried out using Station 16.2 SMX, with X-ray
wavelength 82 pm. The 2D patterns were radially averaged to produce 1D intensity
profiles, as illustrated in Fig. 2.15. In some of the materials, predominantly some
of those based on DBDI, sharp peaks were observed in the WAXS intensity ver-
sus 2θ scans, indicating some crystallization of the hard segments [135]. There was
no indication of crystallinity arising from the soft segments in these materials. The
scattering intensity was separated into amorphous halo (Ia) and crystal diffraction
(Ic) components by fitting Gaussian peaks to those crystal diffraction peaks visible,
following the procedure used in a previous paper [135], and a degree of crystallinity
χ was determined from the ratio of the integrated intensities:

χ =

∫
Icdθ

∫
(Ia+ Ic)dθ

(2.1)

Values of χ are included in Table 2.1.
Small-angle X-ray scattering (SAXS) studies were carried out using Dares-

bury Station 16.1 with the RAPID 2-dimensonal detector, with X-ray wavelength
λ = 141 pm and a camera length of 4 m. Scattering intensities were radially aver-

aged, to obtain 1-D patterns of intensity versus q =

(
4π
λ

)
sinθ. Three features are of

particular interest.
Firstly, wide variations were observed in the scattering intensity for different

materials, indicating differing degrees of phase separation. This was quantified as
follows, following Saiani et al [187]. For each scattering pattern, the measured in-
tensity (in arbitrary units) was normalized for specimen thickness and incident beam
intensity. Then the high q tail of the curve of normalized intensity In(q) was fitted
to Porod’s Law for scattering by a two-phase system with sharp phase boundaries

In =
K

q4
+ Ib. Excellent agreement was found in all cases except PU1. For the other

polymers the mean R2 for fitting to Porod’s Law was 0.996. These fits provided the
background intensity Ib (assumed independent of q) and Porod constant K. The cor-
rected intensity I = In− Ib was then employed in determining the relative scattering
invariant Q from the relation
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Table 2.1 Chemical and physical structures of the PUs studied in this work. Q is the relative
SAXS scattering invariant obtained from the intensity distribution, d is the dominant long period
obtained from q* the position of the peak SAXS intensity, A/V is the particle surface-to-volume
ratio obtained from SAXS, and χ is the degree of crystallinity as determined from WAXS [135].

Hard segment d A/V
Material DI MD CE volume fraction Q χ

φH Nm Nm−1

PU1 MDI PEA EG 0.356 0.82 - - 0.036
PU2 MDI PEA DEG 0.380 2.46 18.7 0.722 0
PU3 MDI PEA BG 0.372 2.30 14.1 0.816 0
PU4 DBDI PEA EG 0.363 5.69 16.0 0.822 0.165
PU5 DBDI PEA DEG 0.387 2.32 22.0 0.721 0
PU6 DBDI PEA BG 0.378 2.47 16.8 0.659 0.104
PU7 MDI PTHF EG 0.326 28.69 21.0 0.441 0.012
PU8 MDI PTHF DEG 0.350 11.40 22.8 0.572 0
PU9 DBDI PTHF EG 0.333 34.35 18.7 0.753 0.158
PU10 DBDI PTHF DEG 0.356 22.91 20.1 0.519 0
PU11 MDI PBA EG 0.323 5.64 18.7 0.586 0
PU12 MDI PBA BG 0.338 5.47 16.8 0.835 0.027
PU13 DBDI PBA DEG 0.344 4.96 - 0.536 0
PU14 DBDI PBA BG 0.354 6.28 16.2 0.556 0.183

Q =

∞∫

0

q2I(q)dq (2.2)

where the upper end of the range of integration, beyond where data were available,

was obtained with the extrapolation I =
K

q4
.

Secondly, all but two of the scattering patterns obtained showed a distinct peak,
at a position q∗ in the region of 0.3 nm−1. In these cases, a “long period” d was

calculated from d =
2π
q∗ , representing a dominant repeat distance of the two-phase

structure causing the scattering [135].
Finally, the availability of both parameters K and Q enabled another structural

measure to be estimated: the particle surface area-to-volume ratio A/V . It was ob-
tained as follows [205]:

A/V =
πK
Q

(1−φh) (2.3)

where φh is the volume fraction of particles: hard diisocyanate-rich domains in the
present materials. Note that φh could only be approximated, since the exact com-
position and densities of particles and matrix are unknown. In applying equation
(2.2), it was approximated by its theoretical limit in the case of complete phase seg-
regation, i.e. the HS volume fraction φH , calculated from the HS mass fraction, the
density of the HS (taken to be 1.29 g/ml for DBDI and 1.27 g/ml for MDI [187]),
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Fig. 2.15 Example 1-D SAXS patterns normalized and baseline-corrected as described in the text,
for eight of the materials listed in Table 2.1, with compositions shown [135].

and the density of the SS (taken as 1.18 g/ml for PEA, 1.04 g/ml for PTHF and
1.02 g/ml for PBA). Values of φH, Q, d and A/V are included in Table 2.1.

Fig. 2.15 shows SAXS patterns for eight of the materials, providing evidence of
phase separation in the present series of materials. But Fig. 2.15 also reveals that the
SAXS intensity, indicating the degree of phase separation, varies greatly between
the materials. In particular, it is clearly visible that the polymers with strongest scat-
tering are those with PTHF as macrodiol. This result is quantified in Table 2.1,
where the values of relative scattering invariant Q provide numerical measures of
the relative degree of phase separation, since it depends on the hard phase volume
fraction ϕh and the difference in electron density (ρe) in hard (h) and soft (s) phases
as follows [135, 187]:

Q ∝ ϕh(1−ϕh)(ρe,h−ρe,s)2 (2.4)

In the arbitrary units of Q in Table 2.1, the PTHF-based polymers PU7, PU8, PU9

and PU10 have Q in the range 11-34, while all the other polymers have smaller
values in the range 0.8-6 [135].

The observation that PTHF-based PUs phase-separate to a greater extent than the
corresponding PEA and PBA-based polymers is consistent with previous studies of
polyurethanes, that showed polyether macrodiols to give greater phase separation
than polyester macrodiols [4, 135]. The reason is believed to be the availability of a
>C−−O group on each monomer in a polyester for possible hydrogen bonding with
the >N−H groups on the hard segments. This lowers the free energy of mixing of
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Fig. 2.16 Example 1-D
WAXS patterns for four
representative materials:
all are based on PEA as
macrodiol but differ in di-
isocyanate and chain ex-
tender. PU1 (MDI+EG) is
slightly crystalline (4%), PU3
(MDI+BG) is amorphous,
PU4 (DBDI+EG) is signifi-
cantly crystalline (17%), PU5
(DBDI+DEG) is amorphous.
Consecutive patterns have
been shifted vertically 80
units for clarity [135].
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hard and soft segments that drives phase separation, relative to those macrodiols
where this is absent, such as the polyethers.

Fig. 2.15 also shows that the SAXS patterns of most polymers had pronounced
peaks in intensity, indicating a dominant repeat distance for the 2-phase structure.
As quantified by the long period d, this varied from 14 to 23 nm. Such values for d
and the values of hard domain area-to-volume ratio A/V listed in Table 2.1, empha-
sise the small sizes of the domains. An important consequence for the mechanical
properties of the materials is that a large fraction of the hard segments must there-
fore reside at the surfaces of the domains. This fraction may be quantified in terms of
ν1/3 where ν is the volume of one hard segment monomer: in the present materials it
varies between ca 32% (PU7) to 62% (PU12). Finally, another notable implication is
that molecular mobility within the soft matrix must suffer significant constraint from
the excluded volume of the hard domains. An approximate measure of the average

width of the gap between domains may be obtained from (V/A)
1−φH

φH
. The values

in Table 2.1 indicate this quantity varies between 2.1 nm (PU3) and 4.6 nm (PU14)
[135]. In addition, mobility in the soft phase must be reduced by their molecular
connection to the relatively immobile segments of the hard domains.

WAXS patterns gave evidence of hard phase crystallinity in some of the materi-
als [135]. Fig. 2.16 illustrates the range of types of pattern obtained: DBDI-based
polymers with intense sharp peaks indicating significant crystallinity (PU4), DBDI-
based polymers with no sharp peaks indicating no crystallinity (PU5), MDI-based
polymers with low intensity sharp peaks indicating very slight crystallinity (PU1),
and MDI-based polymers showing only an amorphous halo (PU3).
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Table 2.1 includes the degree of hard segment crystallinity χ for all the materials.
It is notable that all the MDI-based polymers show no, or only slight, crystallinity
(maximum 4%). The only polymers to have more significant crystallinity are those
based on DBDI. This is consistent with previous reports of comparisons between
melt-processed polyurethanes based on these two diisocyanates [60, 202]. But the
presence of DBDI does not always lead to crystallinity: it depends on the choice of
chain extender. In Table 2.1, the DBDI-based polymers with DEG as chain extender
can be seen to have no detectable crystallinity, whereas those with EG and BG have
degrees of crystallinity up to 18%.

The relative ease of crystallisation in DBDI as compared to MDI is readily ex-
plained in terms of greater flexibility of the DBDI molecule, arising from its –
(CH2)2– bridge between the phenyl rings, compared to only –CH2– in MDI [60,
202]. Thus DBDI hard segments can adopt a linear conformation facilitating pack-
ing and inter-chain hydrogen bonding. MDI hard segments, however, are intrin-
sically kinked in shape, reducing conformational mobility and thereby hindering
close packing and achievement of hydrogen bonding [60, 202]. Conversely, when
DEG is used as chain extender with DBDI, the central –O– atom introduces kinks
into the DBDI hard segment and disrupts the chain packing that could otherwise be
achieved [61].

Fig. 2.17 shows example WAXS and SAXS correlated patterns for the PEA, PBA
and PTHF-based materials labeled in Table 2.1, providing evidence of phase sepa-
ration in the present series of materials. The polymers with strongest scattering are
those with PTHF as macrodiol, irrespective of the type of diisocyanate (crystallizing
or not). The crystallinity index (χ) revealed by WAXS experiments, was higher for
PUs with DBDI, extended with EG or BG at lower SAXS peak areas. These two
chain extenders lead to distinct diffraction peaks. Inelasticity was greater for DBDI
hard segments than for MDI [61, 175]. Irrespective of the choice of diisocyanate
(MDI or DBDI), all materials with PTHF showed much higher intensity in SAXS.
Such PUs have fewer H bonding: only 40% of the carbonyl in polyether urethanes
are hydrogen bonded than polyester urethanes (PEA, PBA) with same HS content.

Materials derived from DBDI and PTHF showed both crystallinity and high
phase segregation. This was in contrast with the analogous structures but achieved
with MDI were the crystallinity was absent, but the materials also showed high
phase segregation.There was evidence of the appearance of more or less complete
phase separation associated with the formation of discrete crystalline hard domains.

The PUs excellent properties of originate mainly from their special tendency to
form discrete regions in which the HS made up by diisocyanate and extender tend to
self associate in separate microdomains. Sometimes these associations are ordered
to such an extent that they can be evidenced by their characteristic X-ray diffraction.

A good way for us to study this process was to take into account homopolyure-
thanes as simple model substances, which reproduced the structure of the HS from
the different complex PUs.

Simple model homopolyurethanes [EG−MDI]n or [EG−DBDI]n, were achieved
by us. The X-ray diffraction patterns showed a significant tendency to crystallize for
the dibenzyl based PUs. Fig. 2.18 shows example WAXS diffractograms for a DBDI
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Fig. 2.17 X-ray characterization of the nano-scale structure for example PUs, plotted as crys-
tallinity index (χ) versus SAXS peak areas; filled symbols — data for MDI-based polymers; open
symbols — data for DBDI-based polymers [175]
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Fig. 2.18 Wide-angle X-ray scattering from: (1) homopolymer EG−DBDI; (2) – PU
(DBDI:PEA:EG) with molar ratio EG/PEA = 3; (3) – PU (DBDI:PEA:EG) with molar ratio
EG/PEA = 2.64 (PU1) [206].

material obtained with EG and PEA, with the molar ratios EG/PEA = 3 (curve 2),
and EG/PEA = 2.64 respectively (curve 3) [206]. Curve 1 is for the corresponding
homopolyurethane [EG-DBDI] based on HS only.

For the DBDI-based material and its corresponding homopolyurethane
[EG−DBDI]n (curve 2) the crystallization did not disappear with the inclusion of
the HS in the block copolyurethane elastomeric matrix, indicating the appearance
of more or less phase separations associated with the formation of crystalline hard
domains. As seen, curve (2) for the material with molar ratio EG/PEA = 3, was very
similar with curve (1) corresponding to the homopolymer, and proportional to HS
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Fig. 2.19 WAXS of polyurethanes containing only hard segments: (a) [BDO−DBDI]n; (b)
[EG−DBDI]n; (c) [EG−MDI]n [60]

content. Reducing the number of HS by lowering of molar ratio from 3 to 2.64 deter-
mined significant changes in the shapes of the diffractograms [206]. There appeared
crystalline structures of other types, within which the SS were involved also.

Fig. 2.19 displays some other typical WAXS curves. As shown [60]
[EG−DBDI]n represents a polymer with a high tendency of crystallization (Fig.
2.19 (b)) both in terms of quantity of crystalline material and the definition by the
X-ray reflections. This behaviour is paralleled by the self-separation of crystalline
polymer from its solution with time [69]. The [EG−MDI]n (Fig. 2.19 (c)) shows
only a single broad peak, rather narrower than might be expected for an amorphous
halo, suggesting a rather loose association of molecular chains. This material does
not crystallize from solution [60].

This capacity for crystallization is characteristic not only for the [EG−DBDI]n
structure, but also for similar DBDI based materials produced by changing the gly-
col as for example in the case of a [BDO−DBDI]n structure Fig. 2.19 (a). As shown,
an extender with an even number of methylene units should allow the diisocyanate
molecule to assume an almost linear “anti” conformation, so these materials should
exhibit an ‘odd-even’ variation in their ability to crystallize as observed in similar
cases [60].

The WAXS patterns showed that the crystallizability of DBDI based material
largely remains even after the inclusion of the SS; this indicated the appearance of
more or less complete phase separation associated with the formation of discrete
crystalline hard domains. The presence of these structures induced a special me-
chanical behaviour in these elastomers as you will see in Chapter 4. Due to the
disordered orientation of these domains in the polyether matrix the materials appear
initially isotropic on the macroscale but when subjecting the polymer to stretch-
ing, some microdomains tend to orient in parallel, maintaining to some extent the so
obtained anisotropy even after removing the stress. As a result some enhanced resid-
ual elongation was evident and the chain orientation was substantially confirmed by
using a polarizing optical microscope. Supplementary studies on this subject were
performed employing IR dichroism [60].
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Fig. 2.20 Wide-angle X-ray diffraction from a PU of type D (DBDI-PEA-BDO, I = 110): (1) PU
sheet cast directly from synthesis; (2) PU film obtained by evaporation from 10% solution in DMF;
(3) PU film obtained by evaporation, then stretched to 300% elongation, and then released for 24
hours (residual elongation 175%); intensity scan perpendicular to the direction of elongation [60].

It is also noteworthy, however, that the sample preparation technique also influ-
ences PU crystallization, as shown for the case of a dibenzyl PU (DBDI:PEA:BDO)
in Fig. 2.20. The crystallinity of the materials with DBDI is more pronounced when
the polymer is obtained as a sheet cast directly as a melt following synthesis (Fig.
2.20, curve 1) than when the same PU has been obtained by evaporation from 10%
solution of DMF (Fig. 2.20, curve 2). The crystallinity also changes completely if
the solution-cast PU film is stretched to 300% elongation and released (Fig. 2.20,
curve 3).

2.3.2 Structural studies on polyurethane elastomers obtained with
mixtures of diisocyanates

As shown above one of the convenient means to reduce the DBDI based PUs crys-
tallinity was to use the flexible chain extender diethylene glycol (DEG), which
inhibits crystallization. But the crystallinity of DBDI based PUs can be also consid-
erably reduced with the incorporation of MDI as earlier reported [61].

In the first step of our study, we have focused our work on the generally employed
method of PUs synthesis in the melt, namely the prepolymer route followed by a re-
action with a chain extender subsequently cured with air humidity, which consumes
all of the isocyanate excess situated on the ends of the intermediary formed active
PU oligomer, thereby leading to an additional degree of urea group formation [60].
In our case, in this study, this refered to a PU synthesized by using a 1 mole of
macrodiol – 4 moles diisocyanates – 2.64 moles chain extender system, so to ob-
tain a small isocyanate excess (I = 110) situated at the ends of the above active PU
oligomer.
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In the PU synthesis we started from one mole of hydroxy-terminated macro-
diol which was either a polyester type—polyethylene adipate (PEA) or a polyether
type—polytetrahydrofuran (PTHF).

For the preparation of the PU elastomer containing simultaneously two different
diisocyanates the macrodiol was reacted in different ways with two moles of MDI
and two moles of DBDI. Finally the so-obtained different prepolymers were reacted
with 2.64 moles of chain extender which was in all the cases ethylene glycol (EG).
There were adopted three different modes of prepolymer synthesis leading to three
different active PU oligomers.

PUC1: Single step prepolymer synthesis which used a melt mixture of the two
isocyanates (MDI and DBDI isocyanates). In this case, the two differ-
ent diisocyanates were inserted more or less randomly into the prepoly-
mer and the resulting full polymer;

PUC2: A two-step prepolymer synthesis where two moles of DBDI was first
reacted with one mole of macrodiol, followed by addition of MDI;

PUC3: A two-step prepolymer synthesis where two moles of MDI was firstly
reacted with one mole of macrodiol, followed by addition of DBDI.

In all cases, it obtained active oligomers with final NCO groups having a calcu-
lated molecular weight of about 8 900 [60]. Finally the so-obtained different pre-
polymers were reacted with 2.64 moles of chain extender which was in all cases
EG. There were adopted three different modes of prepolymer synthesis leading to
three different active oligomers.

The composition of the PU family prepared in this study is shown in Table 2.2
and the equations are shown in Table 2.3.

Table 2.2 Compositions of the family of polyurethane elastomers prepared and studied in this
work

Recipe PU structure

PUC1 CE a−MD b−(DBDI−MDI)
PUC2 CE−(MD−DBDI)−MDI
PUC3 CE−(MD−MDI)−DBDI
PUD CE−MD−DBDI
PUM CE−MD−MDI

a CE – chain extender; b MD – macrodiol

2.3.2.1 WAXS results for polyurethane elastomers with mixtures of
diisocyanates. Crystallinity

X-Ray scattering (WAXS) were employed by us on the series of materials labeled
in Tables 2.2 and 2.3, in order to follow the changes that were brought about by
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Table 2.3 Synthesis routes for PUC based on mixtures of the diisocyanates MDI and DBDI, with
PEA or PTHF as soft phase [60]

PUC1 PEA and PUC1 PTHF type synthesis
Single step prepolymer synthesis using a melt mixture of the two isocyanates (MDI + DBDI).

MD + (2 MDI + 2 DBDI) −→ U* U* + 2 (x MDI + y DBDI)
melt mixture prepolymer U

[U* U* + 2 (x MDI + y DBDI)] + 2,64 CE −→ OCN U*[G(UG)1.64U U]2.77 NCO

PUC2 PEA and PUC2 PTHF type synthesis
Two step prepolymer synthesis where DBDI is first reacted, followed by the addition of MDI.

MD + 2 DBDI −→ M* M*
prepolymer (M)

[M* M* + 2 MDI] + 2.64 CE −→ OCN D*[G (DG)1.64 M M]2.77NCO

PUC3 PEA and PUC3 PTHF type synthesis
Two step prepolymer synthesis where MDI is first reacted, followed by the addition of DBDI.

MD + 2 MDI −→ D* D*
prepolymer (D)

[D* D* + 2 DBDI] + 2.64 CE −→ OCN M*[G (MG)1.64 D D] 2.77 NCO

MD - macrodiol; CE - chain extender

M* and D* =monourethane-isocyanate sequence derived from monoreacted MDI and respectively

DBDI;

M and D = diurethane sequence derived from bireacted MDI and respectively DBDI;

U* and U = mono and respectively diurethane sequence derived from either randomly mono and

bireacted MDI or DBDI.

changing the type and the number of isocyanates (one or two diisocyanates), and
the order of their introduction in the material synthesis.

As seen in Fig 2.21, for the materials containing two diisocyanates of PUC1,
PUC2 and PUC3 types, in both of the soft segments PEA and PTHF, the X-ray
diffraction patterns showed in all cases that the crystallinity decreases significantly
relative to those with DBDI indicating a decrease of the HS ordering. In general
when employing the PU synthesis with mixtures of DBDI and MDI, the crystallinity
of the obtained PU decreased relatively the materials obtained by using the diiso-
cyanate DBDI alone. The degree of extinction of crystallinity depended also on the
used synthesis route [60].

The crystallinity was considerably reduced with the incorporation of MDI, of
which the example of PUC1 PEA is presented in Fig. 2.21 (a). In all the PUs con-
taining two diisocyanates, namely PUC1, PUC2 and PUC3 types with either of the
soft segments PEA or PTHF, the X-ray diffraction patterns showed that crystallinity
decreases significantly relative to those PUs containing only DBDI (PUD) indicating
a decrease of the HS ordering [60].

To compare more critically the different routes of copolymerization PUC1, PUC2

and PUC3, and their effect on the HS ordering, a further WAXS data was collected.
These results major on the PTHF series of materials. With these also, when em-

ploying the PUs synthesis with mixtures of DBDI and MDI, the crystallinity was



2.3 Structural studies on polyurethane elastomers with crystallizable hard segments 53

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

2500

3000

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

2500

3000

PU C1 PTHF PU C2 PTHF

PU C3 PTHF

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

2500

3000

3500

PU C1 PEA

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

2500

3000

3500

PU D PTHF

-1
)

0.10 0.15 0.20 0.25 0.30

In
te

n
s
it
y

(a
rb

.
u
n
it
s
)

0

500

1000

1500

2000

2500 PU M PTHF

1
2

3 4

A

1

2

3 4

A

1

2

3 4

A

2
A

1

2

3 4

A

1 2

3 4

A

Fig. 2.21 (a) WAXS pattern collected from sample PUC1 with PTHF showing the separation of
the scattering into crystalline and amorphous components; (b) WAXS pattern collected from sam-
ple PUC2 based on PTHF showing the separation of scattering components. Here, all the peaks
are broad, indicating an amorphous structure; (c) WAXS pattern collected from the PTHF based
sample PUC3 showing the separation of the scattering into crystalline and amorphous components;
(d) WAXS pattern collected from a similar sample type PUC1 but based on the macrodiol PEA;
(e) WAXS pattern collected from sample based on PTHF and derived from the single diisocianate
DBDI (PUD) showing the separation of the scattering into crystalline and amorphous components.
(f) WAXS pattern collected from sample with PTHF derived from the single diisocianate MDI
(PUM) [60].

decreased relative to the unmixed PUD materials, but it is very apparent from Fig.
2.21 that the degree to which crystallinity is depressed depends critically on the
synthesis route.
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Clearly, the sharp peaks associated with DBDI decreased in the order: PUD >
PUC3 > PUC1 > PUC2 > PUM corresponding to introduction of DBDI as follows:
total polymer:hard segments:mixed:soft segments:none.

The crystallization degree was higher in the case of a polyetheric material of the
type PUC3 when the introduction in the reaction of DBDI was performed in the sec-
ond stage, because the HS sequence of the EG-DBDI type becomes preponderant.

Improvement in elastomeric properties, by reducing the crystallinity in PUs
based on DBDI, was obtained especially when both diisocyanates were included
and reacted together in a random fashion, instead of sequentially by using a pre-
polymer stage [60].

It is to be noted that the substitution of the SS from PTHF to PEA did not change
the above mentioned conclusions. The WAXS patterns of corresponding pairs based
on PEA or PTHF were similar in all cases.

To conclude: X-ray diffraction patterns showed significant crystallisability for the
PU materials based on DBDI hard segments. There was evidence of the appearance
of more or less complete phase separation associated with the formation of discrete
crystalline hard domains. However, when the equimolar mixture MDI+DBDI was
used for hard segments (PU type C1) the crystallinity was considerably reduced [60,
61]. As mentioned elsewhere [61], in the case of PU based on the single diisocyante
DBDI, the degree of crystallinity can be reduced also by employing a more flexible
chain extender.

As shown [60], a general improvement in PUs properties was obtained after poly-
mer annealing at 160◦C for 30 minutes [60] when two diisocyanates (MDI+DBDI)
were included in the synthesis at once in a random fashion, i.e. for the type of ma-
terial PUC1.

By doing this study we believe that new insight has been gained into structure-
property relations in polyurethane elastomers by preparing them using mixtures of
isocyanates.

2.3.2.2 Morphology of polyurethane elastomers with mixtures of
diisocyanates as revealed by SEM

The materials with mixtures of diioscyanates depicted in Tables 2.2 and 2.3 were
also investigated by means of SEM [60]. As before, the materials were based on
PTHF or PEA.

The structure of these materials contained features at two levels. All the materials
displayed a relatively structure on the 10μm scale, but which varied considerably
from material to material. This is shown in Fig. 2.22 (a)–(f), for the PTHF materials.
Of the materials studied in Fig. 2.22, the polymer PUC3 PTHF from Fig. 2.22(c) has
the coarsest structure while PUM PTHF has the finest (Fig. 2.22(e)). The materials
which display X-ray crystallinity (a, c and d of Fig. 2.22) tend to give a rougher
surface morphology than those which do not (b and e of Fig. 2.22). The specimens
also show variations in topography such as long scratch marks which derive from
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Fig. 2.22 SEM at medium magnification of: (a) PUC1 PTHF (b)PUC2 PTHF (c)PUC3 PTHF
(d)PUD PTHF (e) PUM PTHF (f) SEM at higher magnification showing fine texture of PUM PTHF [60]

the PTFE plates against which the sheets were moulded, although we have avoided
showing regions where these obscure the characteristic texture of the materials.

There is also a finer texture of scale less than 100 nm, which may correspond
to segregation of the two different chemical parts, namely the HS and SS. This
is only observed by operating the SEM at higher accelerating voltage and smaller
spot size, as in Fig. 2.22 f. Shown here is PUM PTHF, but finer structure is present
in the other materials also. This, however, was not intensively studied, as it would
require transmission electron microscopy to give appropriate resolution, and such
examination would be better if a suitable chemical etching technique were available
to reveal the bulk of the material and remove features associated with the surface.

Several chemical etching techniques were tried by us on these materials [60].
Those based on alkaline reagents (whether potassium hydroxide in alkaline solution,
or sodium ethoxide in ethanol) did not react enougheven to completely remove the
smallest spurious features associated with the moulded surfaces. On the other hand,
the permanganic reagent with phosphoric acid gave smooth and uniform attack over
all the materials. In Fig. 2.23, etched surfaces of all five materials are shown at three
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magnification for easy comparison. PUC1 PTHF (Fig. 2.23 a)) shows roundish regions
which are raised and therefore more resistant to the etchant, surrounded by a flatish
matrix. The scale of these regions is much larger than the length of the HS and SS,
so it appears as if some precipitations of one region has occurred during the reaction:
in this case the precipitated part is more resistant to etching. The whole surface
appears to be strewn with small objects between 0.2 and 0.8 μm in size, which look
like crystals whose edges have been rounded off by partial dissolution [60]. It may
be that these are a particular chemical species, which has been released by the attack.
PUC2 PTHF (Fig. 2.23 b)) shows a similar structure, except that the resistant regions
are much smaller, although they occupy about the same percentage of the total area.
In PUC3 PTHF and PUM PTHF (Fig. 2.23 c and e), it appears that the relatively resistant
material is in the majority, with non-resistant pockets being eaten out by the etchant.
It may be that these pockets represent material precipitated during polymerization.
In PUD PTHF (Fig. 2.23 d)) the overall etched texture is much flatter, so it would seem
that the regions of chemical segregation are more or less equally attacked, although
what structure there is seems to show a pattern similar to Fig. 2.23 c and e. Only
PUD PTHF in Fig. 2.23 d does not show the precipitated crystals: this is the only
one of the five examined samples which does not contain MDI, because the crystals
are derived from units containing this monomer. At the highest magnification, there
is only a faint suggestion of fine-scale structure such as seen in Fig. 2.23 f, which
is most prominent in Fig. 2.23 b (bottom). This particular enchant is therefore not
ideally suited to distinguishing between hard and soft segments.

2.3.2.3 Morphology of polyurethane elastomers with mixtures of
diisocyanates as revealed by AFM

The morphology of a series of polyester or polyether PUs based on mixtures of
diisocyanates has been also examined by ourselves by using the AFM technique.
Example PUs that were studied, based on the macrodiol PEA and chain extended
with EG are depicted in Table 2.4. The molar composition of the materials was
diisocyanate:macrodiol:chain extender = 4:1:3 giving an isocynate index I = 100.
The preparation procedures in order to obtain PUs with single or mixtures of the
diisocyanates MDI and/or DBDI has been described elsewhere [127, 207].

Normally, the surface of a PU sample fracture shows a relief composed of peaks
of HS and crystal aggregates domains. The rupture occurrs most probably in the
amorphous regions. Therefore, it is expected that such a surface contains more in-
formation about the sample morphology than the surface of free solidification or
drying. AFM images were taken from different zones for each sample. Shown in
Fig. 2.24 are images of freeze fracture surfaces for the whole series of the materials
(PU1 to PU5).

The values depicted in Table 2.5 for the parameters Ha and Sq show some cor-
relations between the PUs morphology and their chemical structure. Thus, the cor-
responding roughness order PU2 >PU3 >PU4 > PU1 ≈ PU5 shows that the most
uneven relief appears when the materials is obtained by the two stage polyaddition
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Fig. 2.23 SEM of etched polyurethane specimens at three magnifications: (a) PUC1 PTHF; (b)
PUC2 PTHF; (c) PUC3 PTHF; (d) PUD PTHF; (e) PUM PTHF [60]

procedure. A plausible explanation would be the following: when the macrodiol
is first and completely reacted with one of the two diisocyanates (here denoted as
DI1), the excess of 2 moles of DI1 to 1 mole of macrodiol in the first reaction step re-
sults in a prepolymer that mainly consists of macrodiol molecules with monoreacted
DI1 ends. At the end of the process, when the rest of the reactants is added, (i.e. 3
moles of chain extender and 2 moles of the second diisocyanate (here denoted as
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Table 2.4 Compositions of the family of PUs [207]

Recipe PU structure
PUs composition

Moles Moles Moles Moles
of PEA of MDI of DBDI of EG

PU1 EG−PEA−(DBDI−MDI) 1 2 2 3
PU2 EG−(PEA−DBDI)−MDI 1 2 2 3
PU3 EG−(PEA−MDI)−DBDI 1 2 2 3
PU4 EG−PEA−DBDI 1 0 4 3
PU5 EG−PEA−MDI 1 4 0 3

DI2)), a polymer with –(DI2−CE−DI1−MD−DI1−CE−DI2−CE)– units should re-
sult (where CE is the chain extender). This is the case with the polymers PU2 and
PU3.

Table 2.5 Surface roughness parameters from AFM height images [207]

Sample identification
Crystallinity

Surface roughness parameters
index [135]

Code Composition CI (%) Ha [nm] Sq [nm] NSH (Ha/Sq)

PU1 EG−PEA−(DBDI−MDI) <20 399.4 116.1 3.44
PU2 EG−(PEA−DBDI)−MDI >20 1617.7 368.9 4.38
PU3 EG−(PEA−MDI)−DBDI >30 717.4 191.8 3.74
PU4 EG−PEA−DBDI ∼50 669.3 153.9 4.35
PU5 EG−PEA−MDI >25 320.1 101.6 3.15

The fact that the roughness is significantly higher for PU2 than for PU3 may be
associated with the crystallinity, which is promoted by the presence of DBDI and
is absent in the materials based on the single diisocyanate MDI (Table 2.5). The
difference in crystallinity associated with DBDI and MDI was previously evidenced
and ascribed to the flexibility of the hard segments, which is characteristic to the
DBDI segments and absent in the MDI hard segments [127].

Regarding the roughness order, it is evident that the cross sections of the materi-
als PU4, PU5 and PU1 (where the two diisocyanates are mixed together at once in
a random fashion via the one stage prepolymer synthesis route) are smoother than
those obtained by the two stage prepolymer polyaddition procedures. This is not
only due to crystallinity as long as this parameter is the largest for the materials
PU4, and not for the polymer PU2. Taking into account the morphology model of
the HS phase dispersed into the SS phase proposed by Christenson et al [208], our
assumption was that the domains of the SS crystals joined by the HS matrices are
small and dense in the PUs obtained by the one step prepolymer route, while they
are bulky and rare in the PUs obtained by the two step prepolymer techniques. Such
a morphology is supported by the topographic 3D and 2D images shown in Fig. 2.24
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Fig. 2.24 Tapping mode
AFM topographic 3D and
2D images for freeze fracture
surfaces for materials listed in
Tables 2.4 and 2.5 [207]
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if, for example, the images of the samples PU2 and PU5 are compared with those of
the samples PU2 and PU3, respectively.

It results that the different morphologies are related to the differences in the
chain microstructure. Therefore, while the chains resulted from two step prepolymer
syntheses, are predominantly built with –(DI2−CE−DI1−MD−DI1−CE−DI2−CE)–
units, the chains obtained from one step prepolymer polyadditon processes are more
heterogeneous due to the presence of amounts of other sequences like
–CE−DI−MD−DI−MD−DI– and –CE−DI−CE−DI−CE−DI–. Obviously, the poly-
mer chain heterogeneity does not promote the orientation of the chains.

It is of interest to consider the NSH parameter given by the ratio of the average
height, Ha, to the RMS roughness, Sq. Discussion about this parameter is absent in
the literature. As shown in Table 2.5, the NSH follow the order of the values of Ha
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and Sq, but the differences between the materials are smaller. By correlating NSH
with the characteristics of the surface relief it observed that NSH increased not only
with the roughness, but also with the decrease of the relief uniformity. Comparing
the materials PU4 and PU2, which showed much different values for Ha and Sq, but
almost similar NSH values, it resulted that the relief of the material PU2 is more
uniform than that of the polymer PU4.

The AFM images of fracture surfaces revealed that the PUs obtained by the two
stage prepolymer poliaddition provedure, have a more uneven relief than the those
of the material obtained by the one step prepolymer technique. In addition, DBDI
increases this difference, but leads to more uniform relief forms than does MDI.



Chapter 3
Thermal behaviour of polyurethane elastomers

3.1 DMA experiments

If an experiment works, something has gone wrong. (Murphy’s quote)

While I agree it is always good to be realistic, I never like to be pessimistic. Certainly
the wellknown Murphy’s quote does not apply to the experiments that are described
in this book. There is no study described here that would count on the success of a
single experiment �

Along with differential scanning calorimetry (DSC), dynamic mechanical analy-
sis (DMA) provides methods for probing the microphase separation characteristics
through changes in the glass transitions of the components. DMA experiments mea-
sure the ability of a viscoelastic material to store and dissipate mechanical energy.
They are based on the differences in the load response of the viscous and elastic
components to a small sinusoidally applied strain. The resulting stress that is mea-
sured using an appropriate sensor, lags behind the applied strain by a phase angle
δ. For a perfectly elastic material that stores all the input energy, the phase lag is 0◦
and for a perfectly viscous material is 90◦ out of phase. Thus the stress and strain
are in phase for an elastic material.

The complex Young modulus (E∗) consisting of contributions of a storage mod-
ulus (E′), and of a loss modulus (E′′), is measured (eq. 3.1). The complex modulus
reflects the inherent viscoelastic nature of the polymer, where stress and strains will
be out of phase with one another.

E∗ = E′+ iE′′ (3.1)

The E′ storage modulus quantifies the energy stored elastically by the material
upon deformation, while the loss modulus E′′ is a measure of the energy which is
dissipated as heat during deformation. From the ratio between the loss and storage
moduli, a third parameter, the loss factor (tanδ) can be calculated. This translates
to a measurement of the ratio of the energy absorbed by the sample as heat to the
energy used by the sample to return to its original shape. The loss modulus and loss

C. Prisacariu, Polyurethane Elastomers, DOI 10.1007/978-3-7091-0514-6 3,
c© Springer-Verlag/Wien 2011
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factor are indicators of the polymer ability to internally dissipate the energy under
the test conditions, which is why peaks in the tanδ plots are often referred to as
damping peaks. The DMA technique is sensitive to the various transitions which a
polymer undergoes as a function of changing the temperature.

Information on the PUs different flexible and rigid blocks can be obtained by
means of DMA spectra in which the various segments are respectively observed to
melt in sequence as the temperature is raised. The storage modulus E′, provides in-
formation regarding the stiffness of the material, while the loss factor tanδmeasures
the degree of molecular motion. The glass transition temperature (TG) of the SS is
defined as the α transition in the tanδ curve.

Significant features of a tanδ plot include the location of the low temperature
maximum, where smaller areas are associated with better phase separation of PUs
hard and soft phases, as well as less of the hard phase being involved in the glass
transition. The magnitude of tanδ across the application temperature, which is pro-
portional to the ratio of energy absorbed as heat by sample to energy returns as
movement of the sample. Also significant is the location of the high temperature
upturn, which is associated with the PUs softening. Very low temperature γ and β
peaks are associated with reordering of HS domains.

The degree of phase mixing can be estimated from the shift of the glass transition
temperature (as with DSC), and also from the storage modulus E′, which has an
intermediate value between the moduli of the two phases and depends on the relative
amount of each phase.

3.1.1 DMA behaviour of polyurethane elastomers based on single
diisocyanates

Phase separation in PUs observed by using the DMA technique was first proposed
by Cooper and Tobolsky [209] based on the presence of two thermal transitions in
the dynamical mechanical data that were assigned for the glass transition tempera-
ture (TG) of the SS and HS softening point. Two transitions are a sign of incompati-
bility whereas only one transition is expected for compatible polymers. Hartmann et
al. [210] measured the thermal and PUs dynamic mechanical properties by varying
the diol molecular weight, the type of aromatic chain extender and its stoichiome-
try and the diol weight distribution. They found that the SS crystallization occurs at
higher diol molecular weights. Dynamic mechanical properties were well correlated
with the SS glass transition. The diol molecular weight influenced the PUs dynamic
mechanical properties by affecting the degree of phase separation and hence the
transition temperature. The diol molecular length distribution had no significant ef-
fect on the transition temperatures and dynamic mechanical properties.

Both the mechanical and thermal PUs properties are affected dramatically by
phase mixing. Interaction between HS and SS may increase the TG of the SS and
decrease the TG of the HS. The TG of the polyether polymer was found to be lower
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than that of polyester based elastomer. This is due to more flexibility of the ether
bond and higher phase segregation in comparison with the ester bond.

Numerous systems of PUs have been investigated using the dynamic mechanical
techniques [211, 212]. An earlier review (year 1965) of the PUs mechanical data
was made by McCrumb et al. [213]. In the earlier study made by Ferguson [211],
a series of PUs were studied with systematically varying the HS/SS ratio. Their
dynamic mechanical spectra were studied over a wide temperature range. The ma-
terials were prepared using polyether SS and the diisocyanate MDI which formed
the bulk of the HS. The chain extender was 1,3-diaminopropane. The samples were
studied at 2% static strain. They showed tanδ maxima in three temperature regions,
but each sample did not necessarily show all three transitions. In general, the tran-
sitions occurred at about −130 to −20◦C and over a range from about 11◦ to over
225◦C. These transitions were referred to as the α, β and γ, transitions in order of
decreasing temperature. The transitions were interpreted in terms of molecular mo-
tion. The α transition, which only occurred when MDI was also present, was found
in the 15–20◦ range for the materials with the higher SS concentrations as a result
of the phenyl group rotation. As the HS concentration was increased, spherulites
were detected and the α transition shifted to considerably higher temperatures, but a
shoulder remained at about 20◦ until the HS concentration reached a high level. As
shown [212] time (frequency) and temperature have opposite effects on the molec-
ular motion.

The effect of the HS and SS degree on the morphology and dynamic mechanical
behaviour of semicrystalline segmented PUs was investigated by Korley et al [214].
A series of high molecular weight PUs with SS macrodiols containing poly(eth-
yleneoxide) (PEO) of molar masses 1 000 and 4 600 g/mol and poly(ethylene-
oxide)-poly(propyleneoxide)-poly(ethyleneoxide) (PEO−PPO−PEO) (molar mass
1 900 g/mol) were undertaken. The HS content was varied. The presence of the SS
crystallinity (PEO 1 000 g/mol) resulted in an improvement of the E′ modulus below
the melting temperature of the soft block and in an enhanced toughness compared
to the materials based of the SS macrodiols PEO−PPO−PEO. This was due to the
crystalline soft regions acting as an additional load bearing component during de-
formation. In PUs achieved with the SS macrodiols PEO−PPO−PEO, the tanδ peak
broadened due to restrictions on the SS flexibility imposed by the hard domains, but
no appreciable change in peak position was observed as the HS content increased.
As shown by Korley [214], the crystalline regions of the soft domain served as re-
inforcing fillers and contributed to the mechanical integrity of the polymer. Upon
melting of the PEO crystallites, the HS aggregates supported the micro-phase seg-
regated morphology.

Eceiza et al investigated a series of thermoplastic PUs synthesized in bulk by two-
step polymerization, obtained with the isocyanate-chain extender couple MDI−BG
and various SS macrodiols. The chemical structure, the SS molecular weight and
the HS content were varied. The effects on the thermal and mechanical properties
were investigated [77]. The changes in the macrodiols in the case of PUs based
on MDI−BG, resulted in a modulus curve that showed a plateau indicating the exis-
tence of physical crosslinks because of the increase in the size and inter-connectivity
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of HS domains. The plateau extended more in temperature with increasing the HS
content, until sample softening occured, associated with the starting of physical
crosslink disruption. For materials with HS contents less than 40 wt%, the E′ mod-
ulus droped abruptly and no plateau was observed [215-217]. The HS were not able
to form a sufficient amount of individual domains stable under stress as physical
crosslink.

Christenson et al [208] reported research on a series of PUs synthesized with the
couple MDI/BDO. The SS macrodiols were: PTMO (molar mass 1000 g/mol) or a
mixture of SS based on ethylene oxide (EO) / propylene oxide (PO). The MDI/BDO
polymers were compared with a MDI based material extended with mixed diamines
[208, 218].

Both materials had a similar hard-to-soft segment ratio. The TG was identified by
a drop in the storage modulus E′ and prominent peaks in tanδ and in the loss mod-
ulus E′′. Considerably higher TG of the polymer with PTMO (−18◦C) compared
to poly(ether urethane urea) (−60◦C) was attributed to greater constraint on PTMO
soft segments, which resulted from their shorter length and the higher concentration
of constraining HS. A second transition at −10◦C appeared in the poly(ether ure-
thane urea) spectra, as a small drop in the E′ curve and as shoulders on the tanδ
and E′′ curves. The transition temperature was consistent with the melting temper-
ature of PTMO reported by Niesten et al [219]. The absence of this transition in the
PTMO:MDI:BDO material spectrum indicated that constraint on the SS effectively
prevented their crystallization.

Dynamic mechanical properties of PUs of variable HS content were also studied
by Crawford et al [220], to determine the relationship between tanδ, loss modulus
and storage modulus and the morphology of strain aged and unaged model poly-
mers. A series of model PUs were obtained with the polyester macrodiol PBA or
polyether PTMO, using the diisocyanate MDI and the chain extender BDO. The
obtained data showed that the tanδ peak magnitude and the TG were sensitive to
the material composition. As the HS content of the ester polymers was increased,
their tanδ magnitude decreased. This trend was consistent with polymers that have
increasing amounts of crystallinity [221]. The increasing HS content resulted in
larger hard microcrystalline domains that restricted the molecular motion of the SS
thereby increasing the TG. The DMA data indicated that the interaction between the
hard and soft domains as a result of strain aging is quite complex. This was espe-
cially true with the polyester PUs which did not show a consistent trend in tanδ or
E′′ modulus with increasing the strain. This was assumed to be due to the lower de-
gree of phase separation present in the polyester PUs as compared to the polyether
materials based on the same HS percentage; and to the greater potential of HS−SS
interaction of the polyester based PUs due to potential hydrogen bonding between
the urethane HS and the SS carbonyl. The data relating to tanδ showed an increase
in TG up to a 200% strain elongation for the polyester PUs. Heat aging the PUs
without strain elongation was shown to enhance domain ordering and phase sepa-
ration and resulted in improved material abrasion resistance [220]. The polyether
PUs exhibited a decreasing trend in tan peak magnitude with increasing levels of
strain aging. Although the temperature associated with the tanδ transition initially
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increased, beyond 100% elongation the transition temperature started to decrease
without showing a clear trend. Although the tanδ peak magnitude decreased for the
polyether PUs with increasing the levels of strain aging, tanδ of the same material
showed the opposite trend. As a result of increasing strain levels, the magnitude of
the E′′ modulus increased and broadened. The polyester PUs did not exhibit notable
changes in tanδ or E′′ peak magnitude as a result of strain aging. However, higher
TG values were observed after stretching of the materials to 100% and 200% levels
of elongation [220].

The DMA data indicated that the interaction between the hard and soft domains
as a result of PUs stretching is quite complex. This was especially true with the
polyester PUs which did not show a consistent trend in the loss factor (tanδ) or loss
modulus (E′′) with increasing strain. Crawford et al suggested this could be due to
the lower degree of phase separation present in the polyester materials as compared
to the polyether polymers based on the same HS percent, and the greater potential
of HS/SS interaction of the polyester based PUs due to potential hydrogen bonding
between the urethane HS and the soft segment carbonyl. It concluded that the data
relating to tanδ showed an increase in the glass transition temperature (TG) up to
200% strain elongation.

A DMA study was made by Bagdi et al [222], for a series of PUs where the
isocyanate/hydroxyl (NCO/OH) group ratio was varied. The family of the materi-
als studied consisted of polyether PTMO materials based on the diisocyanate-chain
extender couple MDI/BDO, synthesized by melt polymerization. The −OH func-
tional group ratio of the polyol/total diol was kept constant at 0.4, while the ratio
of the isocyanate and hydroxyl group (NCO/OH) changed between 0.94 and 1.15
[222]. The DMA measurements indicated several transitions. The three TG values
observed were assigned to the relaxation of the −CH2− groups of the polyol, and to
that of the SS and HS respectively. The TG temperature of the soft and hard phase
changed with the NCO/OH ratio, indicating modifications in the material structure
and composition as also confirmed by the maximum of the number in the relaxing
SS. Changes in the relatively small number of end groups resulted in considerable
modifications of the PUs properties. TG depended on the mobility of the relaxing
species. The changes in the TG with composition were also influenced by the inter-
action between the two phases, due to their mutual miscibility [222]. For the PUs
studied by Bagdi, the TG of the SS went through a slight maximum around the
equimolecular ratio of the components. This was explained by the decreasing mo-
bility of the SS with increasing the isocyanate content [222, 223]. As shown, with
increasing the NCO content, the TG of the hard phase increased continuously, but
not linearly. The TG non linear dependence on the phases and composition, sug-
gested changes in the phase structure with changing the NCO/OH ratio.

A systematic DMA study was carried out by Marcos et al on a series of aromatic
and aliphatic PUs chain extended with diamine functionalised poly(oxypropylene)-
tipped poly(oxyethylene) of various molar masses [224]. Four diisocyanates, MDI,
2,4-toluene (TDI), hexamethylene (HMDI) and isophorone (IPDI) were employed.
The symmetry/asymmetry of the diisocyanate strongly influenced the dynamic me-
chanical properties. The symmetric diisocyanates (MDI, HMDI) had more phase
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mixing (lower TG) than the asymmetric diisocyanates. In the asymmetric diiso-
cyanates (TDI, IPDI), the broad transition above TG was ascribed to the domain
boundary mixing [225, 226], in which the phase-mixed material in the interphase
between domains relaxed. In the copolymer IPDI the large proportion of interphase
produced the failure.

The HS relaxation temperature was affected by the symmetry of the reactants
and by the E′ value in the rubbery plateau for the urea group concentration and
steric hindrance. As shown by Marcos [224], the copolymers were very sensitive
to the linkage between HS and SS segments. The use of asymmetric diisocyanates
lead to a large domain boundary mixing while symmetric diisocyanates determined
a sharper boundary. Higher HS percent crystallinity has been observed in PUs with
linear, aliphatic HS compared to those made of aromatic diisocyanates [177, 188].

Recently (2010), Hood et al. [227] reported research on a series of PUs, with high
HS content. They were synthesized with the aliphatic diisocyanate HDI, and chain
extended with BDO. The SS macrodiol poly(ethyleneglycol) (PEG) was chosen
because it has low transition temperatures and desirable mechanical properties. A
variety of molecular weights was chosen, in order to provide a wide temperature
window to conduct confined crystallization studies.

The thermal transitions and material stiffness were investigated. Average E′
ranged from ∼1.3 to 4.1 GPa for −100◦C and from 108 to 417 MPa for room tem-
perature. The first decrease in modulus was broad, spanning from −50 to ∼50◦C.
The decrease in storage moduli was approximately one order of magnitude, which
was significantly less than for most PUs reported. This could be ascribed to the high
HS contents which were still robust over the range of temperatures in the first tran-
sition. After melting of the SS, the materials exhibited elastomeric properties. A
slight decrease in moduli, with increasing temperature, was attributed to PEG chain
deformation with the higher molar masses, PEG showing the smallest decrease in
slope in the elastomeric range.

By using greater than 50 wt.% HS, Hood et al were able to study the confining
of the SS by a matrix of HS, in opposition to the traditional PU model in which
HS are dispersed within the SS. Hood reported the morphological changes that take
place when controlling the crystallization of either the HS or SS, by tailoring the
PU composition.

The following general remarks can be made with regard to the PUs thermal be-
havious as revealed by the DMA experiments: (a) Hard segment effects: the HS
type influences the E′ values; higher E′ values are characteristic for aromatic di-
isocyanates as compared to materials with aliphatic diisocyanates; the increase of
the HS content results in an increase of E′and TG of the polymer; (b) Soft segment
effects: the increase in the SS length determines the increase of the degree of crys-
tallinity and causes an increase in E′; the increase of molecular weight increases the
PUs degree of phase separation by the increase of mobility; the increase of molecu-
lar weight leads to the decrease of the TG , as less energy is needed for motion.
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3.1.2 DMA behaviour of polyurethane elastomers based on
mixtures of diisocyanaytes

We have also reported a series of studies on the DMA behaviour of PUs, by inves-
tigating materials derived from single or mixtures of the diisocyanates MDI (non-
crystallizing) and DBDI, (crystallizing). As shown above, in the DMA experiments
frequency can be varied at a constant temperature and vice versa.

In the studies made by others and by us it has been convenient to use a single
frequency with varying the temperature. A low frequency such as 1 Hz is often cho-
sen since secondary transitions and other structural features can be easily detected.
Moreover, it is easier to relate the results obtained by using low frequency measure-
ments, to the data obtained from other techniques.

For our materials derived from single diisocyanates, (i.e. the rigid MDI or the
flexible DBDI), the three components (hard segment (HS), macrodiol (MD), and
chain extender (CE)) were always mixed in the molar proportions HS:MD:CE =
4:1:3, giving hard segment mass fractions in the region of 40%, and isocyanic in-
dex I = 100. It should be noted that the stoichiometric proportions used in these
polymers (I = 100) means that they are truly thermoplastic. They do not have the
potential for further reaction with ambient humidity to produce chain lengthening
and allophanate cross-linking, seen in similar polymers but with excess isocyanate
groups (e.g. I = 110) [17, 127, 135, 228].

Shown in Fig. 3.1 and 3.2 are two example DMA curves obtained by us for two
materials based on the single diisocyanates MDI or DBDI, with analogous structures
consisting of the diol chain extender BDO and the polyether PTHF.

For the material with DBDI, a weak glass transition occurred at −70◦C and the
viscous flow related to the melting process started from 200◦C. For the analogous
structure but achieved with MDI a clear and strong glass transition was observed
at −65◦C and the viscous flow related to the melting process was observed starting
from 180◦C. The differences were explained in terms of the more mobile DBDI
structure resulting in HS with a higher tendency to self associate evidenced by
higher melting points. As seen the first two regions were well-defined for the MDI
material and were smeared for the dibenzyl PU. The TG value, defined as maximum
of tanδ, was lower for the MDI material (64.6◦C) than for the polymer with DBDI
(69.8◦C). There was evidence of more intensive molecular mobility in the flexible
part of the PU structure, i.e. in the glycol component [228]. A more pronounced
decrease of the storage modulus was observed for the MDI sample after transition
from the glass to the elastic state, although at the starting temperature (−100◦C) the
values of storage modulus were approximately equal, (300 MPa) for both materials
[228].

In the high-temperature region (50◦C) the value of E′ storage modulus was much
higher for the material with DBDI than for that with MDI (50 MPa), revealing the
presence of more rigid molecular chains or higher density of crosslinking in the
DBDI material. The transition from the elastic to plastic state (third region) with
sharp drop of the storage moduli occured at a significantly lower temperature for the
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Fig. 3.1 Storage modulus and Loss Factor as a function of temperature for a segmented PU based
on DBDI with the structure DBDI:PTHF:BG = 4:1:3. [228]

MDI based material (177◦C) than for the sample with DBDI (>210◦C). Since such
a transition is a result of thermal-oxidation destruction, the difference between the
storage moduli of the MDI and DBDI materials, revealed a higher thermal stability
of the DBDI material.

The DMA investigations have been also employed by us for PUs obtained with
mixtures of diisocyanates. The materials were obtained in the Romanian laboratory.
The two isocyanates were employed, MDI and DBDI, alone or as mixtures. The
materials were synthesized with ethylene glycol (EG) as chain extender. The SS
macrodiol was poly(ethylene adipate) PEA or polytetrahydrofuran (PTHF) of molar
masses 2 000 g/mol.

Changes induced by varying the type and the number of isocyanates and the
order of their introduction were followed in a family of materials as described in
Tables 3.1 and 3.2.

Note that the series of materials is the same as in section 2.3.2.3, where AFM
measurements are presented for the same series of PUs.

In all cases the prepolymer obtained from the reaction between macrodiol and di-
isocyanate, was reacted with EG in a quantity calculated so that there should remain
theoretically no excess of unreacted NCO groups. This corresponds to an isocyanic
index I = 100 where: I = (100× [NCO])/([OH]M+ [OH]CE). The description of the
poliadditon procedures are detailed elsewehere [127, 207].

Shown in Fig. 3.3 are the schematic of the synthesis routes to obtain the materials
with mixtures of diisocyanates listed in Tables 3.1 and 3.2:
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Fig. 3.2 Storage modulus and Loss Factor as a function of temperature for a segmented PU based
on MDI with the structure MDI:PTHF:BG = 4:1:3. [228]

Table 3.1 Compositions of the family of polyurethane elastomers prepared and studied in this
work

Recipe PU structure Isocyanic Index (I)

PUC1 EG−PEA−(DBDI−MDI) 100
PUC2 EG−(PEA−DBDI)−MDI 100
PUC3 EG−(PEA−MDI)−DBDI 100
PUD EG−PEA−DBDI 100
PUM EG−PEA−MDI 100

In our experiments, the DMA cooling conditions were: room temperature to
−60◦C cooling rate of 10 K/min, −60◦C to −120◦C, 3.5 K/min and −120◦C to

Table 3.2 Molar compositions of materials studied [127]

PU material PU1 PU2 PU∗C
Moles of polyol 1 1 1
Moles of MDI 0 4 2

Moles of DBDI 4 0 2
Moles of EG 3 3 3

∗ PUC refers to PUC1, PUC2 and PUC3 from Table 3.1
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Fig. 3.3 Schematic of the synthesis routes to obtain materials with mixtures of diisocyanates [127]

−140◦C 2 K/min. The DMA test started at −140◦C and the complex modulus E∗,
storage modulus E′, loss modulus E′′ and the loss factor tanδ were measured as
functions of temperature at a heating rate of 1 K/min. DSC measurements were also
made for these materials by using a heating rate of 20 K/min, in nitrogen. The DMA
instrument was operated with controlled sinusoidal force with a frequency of 1 Hz.
Depending on the type of synthesis and PU structure, significant differences of E′,
and consequently differences in softening were found. The glass transition tempera-
ture depended on the mobility of the macromolecular chain. PUD based on dibenzyl
structures and derived from the single DBDI type of diisocyanate showed a higher
tendency to crystallize.

Example DMA results are presented in Fig. 3.4 and 3.5 for the materials listed in
Table 3.1, obtained with the polyesteric macrodiol PEA.

The E′ storage modulus in the temperature range above the glass transition re-
gion was the highest for PUD and was controlled primarily by the HS crystalline
content. The DMA measurements have shown that modulus E′ in the temperature
range above the glass transition region was the highest for the DBDI based material
(PUD) of the type PEA−DBDI−EG where only a single type of isocyanate (DBDI)
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was used in the material synthesis. This is because of the higher content of DBDI
based hard segments with a coplanar packing. For the series of elastomers the TG

temperatures as defined by the maximum of tanδ at f = 1 Hz was found to range from
−11◦C to −27◦C, the lowest TG value corresponding to PU1 (EG−PEA−DBDI),
which displays a variable geometry. The TG values are shown in Table 3.3. The
DSC curves are presented in Fig. 3.6.



72 3 Thermal behaviour of polyurethane elastomers

-50 0 50 100 150 200

-0,5

0,0

0,5

1,0

1,5

2,0

2,5

H
e
a
t
-
F
l
o
w

R
a
t
e

(
W

/
g
)

Temperature (°C)

PUM

PUD

PUC3

PUC2

PUC1

Fig. 3.6 DSC curves for polymers listed in Table 3.1, for a heating-rate of 20 K/min: low temper-
ature region [127]

Table 3.3 DMA measurements: values of TG (from tanδ) and peak tanδ [127]

PU PUC1 PUC2 PUC3 PUD PUM

TG , ◦C∗ –11 –16 –21 –28 –19
tanδ 0.275 0.448 0.287 0.168 0.333

∗ TG defined here as the position of the tanδ peak at 1 Hz

As shown elsewhere, a general improvement in PUs properties was obtained after
polymer annealing at 160◦C for 30 minutes [60] when two diisocyanates (MDI +
DBDI) were included at once in the synthesis.

The above results are in agreement with the results from WAXS below (see Fig.
3.7), and from other previous studies [60, 61]. The polymer PUD which displays a
50% degree of crystallinity has the lowest value of loss factor at TG and the highest
modulus above TG. PUC3 and PUD melt and degrade at a temperature above 250◦C
in DSC. As seen in Fig 3.6, PUD based on DBDI alone, displays the highest thermal
stability with two pronounced endotherm maxima occurring at 310◦C–315◦C. The
DSC mesophase maxima were more pronounced in the two step prepolymer synthe-
sis and were governed mainly by the type of the last introduced diisocyanate which
was responsible for the hard segment EG−MDI or EG−DBDI formation. As we re-
ported elsewhere [60] in the one step prepolymer procedure when the two MDI
and DBDI isocyanates were introduced at once, the so-obtained copolyurethane
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Fig. 3.7 Wide-angle X-ray diffractograms from materials listed in Table 3.1 [127]

displayed a more irregular structure and no more evident mesophase DSC maxima
were revealed.

Fig 3.7 shows wide-angle X-ray scattering (WAXS) patterns of the PU series
from Tables 3.1 and 3.2. As seen, the various materials displayed different degrees
of crystallinity, as revealed by the presence of sharp diffraction peaks. PUC1 barely
shows any evidence of crystalline reflections, and must be considered as almost
but not completely amorphous. PUC2, PUC3, and PUM exhibit slightly higher crys-
tallinities than PUC1, which is still less than 20%. The sample PUD based on DBDI
alone is the most crystalline sample and displays a crystallinity of 50%.

The crystallinity of DBDI-based PUs was strongly reduced when DBDI was
mixed with the conventional rigid isocyanate MDI. The degree of crystallinity was
found to be dictated by the diisocyanate introduced first during synthesis. Improve-
ment in elastomeric properties, by reducing the crystallinity in PUs based on DBDI,
was obtained especially when both diisocyanates were included and reacted together
in a random fashion, instead of sequentially by using a prepolymer stage.

The results were in agreement with the observations which we made on analo-
gous PUs but based on polyetheric macrodiols[60].
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3.2 DSC experiments

Methods and means cannot be separated from the ultimate aim (Emma Goldman)

3.2.1 DSC behaviour of polyurethane elastomers based on single
diisocyanates

DSC maintains the sample and reference at the same temperature through varying
the heat flow. When the differential heat flow supplied is plotted as a function of
temperature, it is possible, after normalizing the sample mass, to obtain enthalpic
information, such as the heat of fusion.

Although the DSC technique is less sensitive to molecular transitions than DMA,
it generally supports results regarding the thermodynamical changes which the ma-
terial undergoes upon heating or cooling. As in the case of DMA, DSC allows the
estimation of the PUs characteristics of microphase separation or phase mixing.

The DSC experiments to investigate the PUs phase separation are based on the
fact that the TG of the homogeneous mixtures in general obey the following copoly-
mer equation:

1
TG
=

w1

TG1

+
w2

TG2

(3.2)

where w1 and TG1 are the weight fraction and the glass transition temperature (TG)
of the fist component and correspondinly, w2 and TG2 are the weight fraction and
the glass transition temperature of the second component. An interphase layer has a
TG which is a function of the relative amounts of the compounds[4].

Since the phase mixing is partial, three separate phase transitions usually occur.
In practice the amount of mixed material is small compared to the mass of pure
phases, so that the third TG is not observable. Usually some increases of the soft
segment TG and decrease of the hard segment TG is observed [4].

Modifications in the PUs microphase separation characteristics through changes
in the glass transitions of the components can be observed in the phase transforma-
tion from the DSC endothermic and exothermic maxima of the polymer depending
on the nature of the hard domains (diisocyanate and chain extender couple), HS
content or ordering of the elements constituting the HS [60,127].

Another approach to estimate the PUs amount of phase mixing is based on mea-
suring the specific heat, Cp, at the glass transition temperature and comparing it

with the Cp0 for the pure component
ΔCp

ΔCp0

assuming that the chains of the soft

phase mixed with the hard phase will be immobilized and will not participate in the
cooperative motions at the glass transition of the pure soft phase. The Cp value jump
at the glass transition is proportional to the mass of the segments taking part in the
transition [4].
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The PUs thermal transitions are directly related to the degree of mixing between
HS and SS. The shorter HS can dissolve within the soft microphase if their length
is below the critical length for microphase separation. This dissolution process in-
creases the TG of the soft microphase and degrades the low-temperature response
of the material. The SS may also dissolve into the hard microdomains or become
trapped therein during structure formation [180]. Mixing of this nature decreases
the strength of the hard microdomain to plastic flow, leading to a decrease in the
heat distortion temperature.

As shown [180], the softening behaviour provides another basis for the deter-
mination of the compositional transition in the PUs domain morphology. PUs with
40% or lower HS contents, soften at considerably lower temperatures than materi-
als with higher HS contents. For these compositions, softening occurs at teperatures
below the DSC high temperature endotherm, indicating that the HS ordering does
not provide significant structural reinforcement for the PUs with a low HS content
at high temperatures. Yet, for PUs achieved with a higher HS content (50% and
above), softening coincides with the onset of high temperature DSC endotherms
[180].

Wilkes and Wildnauer [229] proposed a model based on classical rubber elas-
ticity which predicted that as the temperature increases, the entropic stress caused
by the slightly extended SS is increased and the compatibility is decreased, causing
the break up of some of the smaller domains. Blackwell and Lee [230] observed
polymorphism in the MDI based PUs. This also has to be considered in identifying
the DSC endotherms.

The existence of multiple endotherms was described in numerous studies on the
DSC thermal behaviour of PUs [231–239].

In general, three distinct endotherms were observed in the DSC experiments. The
lowest temperature endotherm was found at temperatures ca. 20◦C higher than the
annealing temperature and was attributed to a local restructuring of the HS within
the hard microdomains. An intermediate temperature endotherm, found generally
in the range 140–200◦C, has been associated with the destruction of long-range
order of an unspecified nature. A higher temperature endotherm observed above
200◦C was generally ascribed to the melting of microcrystalline regions within hard
microdomains.

With regard to the first low temperature endotherms, Seymour and Cooper [232]
indicated that its behaviour can be improved by annealing. Later Cooper et al [154]
also found that the first temperature endotherm was absent in the DSC thermogram,
when taken immediately after quenching to room temperature from the annealing
temperature at 120◦, 150◦ and 170◦C, but it reappeared some time after quench-
ing, and at a long time, shifted to some higher temperature and grew larger in size.
They indicated that this later phenomenon was an achievement of better short range
order. Cooper et al further indicated that the first low temperature endotherm also
appeared in pure HS materials (polymers models made up only by HS). They sug-
gested that the induced ordering would occur within the hard microdomain rather
than in the interphase between domains. Alternatively, Koberstein et al [151], in
their study on conventional polyether PUs showed that the temperature dependence



76 3 Thermal behaviour of polyurethane elastomers

for the first temperature endotherm may be explained by solubility effects embod-
ied in the microdomain model developed by Koberstein and Stein [136]; according
to which there is a critical HS sequence length below which the HS are dissolved
within the soft microphase. At low annealing temperatures, short and long HS sep-
arate from the soft microphase. Because of the limited mobility of long HS at low
annealing temperatures, only short HS are able to align to form ordered structures.
As the annealing temperature increases, the shorter HS become soluble in the soft
microphases and the ordering process is due to progressively longer HS.

Materials with MDI/BDO hard domains have been extensively investigated. A
series of polyether PUs based on the diisocyanate MDI and macrodiol PTMO and
extended with BDO was investigated by Abouzahr and Wilkes who reported that
the TG increased with the increase of the HS content [176].

At lower HS percentages (26–33%), a broad hard domain transition was ob-
served. Increasing the HS content from 33% to 43% produced a multiple melting
endotherm. A further increase in the HS composition (47%) was proved to lead to
HS melting transitions

For PUs obtained with MDI/BDO based HS, Saiani also showed that PUs usually
display three endotherms [186, 187]. A first “annealing endotherm” was observed
at 20–30◦C, higher than the applied annealing temperature. The two other melting
endotherms were observed at higher temperatures (up to 250◦C). This is consistent
with the results obtained by us on the MDI based PUs achieved with various diol
chain extenders [60].

Chen et al [236] investigated the origin of the so-called “annealing endotherm”.
The authors suggested that this endotherm was related to some relaxation effects of
the polymer chain in the HS phase due to the physical aging of the sample.

The PUs morphology shows a complex dependence on the sample history, prepa-
ration method and chemical composition. The effect of annealing on the DSC en-
dotherms were investigated by Wilkes et al [174, 229], Van Bogart et al [237] and
Hesketh et al [234]. When the HS were annealed below the crystalline melting point,
a DSC endotherm was observed at 20–50◦ above the annealing temperature, which
was attributed to long range HS and SS ordering. Van Bogart et al. attributed the ef-
fect to interdomain rather than interphase phenomena, because it was also observed
in the corresponding homopolymers. Wilkes et al and Hesketh et al studied sam-
ples that were annealed for varying times and at different temperatures, and then
quenched. They observed an increase in the phase mixing in the quenched sam-
ples. The increased temperature of the annealing endotherm resulted from the HS
association with more stable domains.

Saiani et al [186] also investigated the origin of the high temperature melting
endotherms for a series of polyether PUs by varying the HS content. They used an-
nealing temperatures higher than the TG of the HS, so to avoid physical aging. The
DSC phase behaviour of a set of high hard block content (50% to 100%) was investi-
gated. The MDI based HS were chain extended with 2-methyl-1,3-propanediol. The
observed high temperature endothermic transitions were attributed to the disruption
of an ordered structure appearing in the hard phase [186] and to the microphase
mixing of the SS and HS. The results suggested a two-step melting process: (1)
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melting of the ordered structure present in the hard phase; (2) microphase mixing
of the SS and HS. Investigation of the melt-quenched samples showed that for a
HS concentration lower than 65% a homogeneous mixed phase was obtained. A HS
concentration higher than 65% resulted in a two-phase system, one pure HS phase
coexisting with a mixed phase with a HS/SS weight ratio of ∼1.8 corresponding to
a 65% HS concentration.

As shown by Clough et al, in the MDI based PUs a wide range of HS struc-
tural organizations may occur depending on the composition and on the thermal
treatment [82]. Two endothermic transitions characteristic of noncrystalline domain
structure occuring at 80◦ and 130◦ to 150◦ were identified by DSC. By means of an-
nealing procedures the 80◦ transition could be moved to progressively higher tem-
peratures until it merged with the endotherm at 150◦C. In the case of the materials
with sufficiently long HS length, the transition could be increased to above 200◦C,
which would correspond to the melting temperature for crystalline HS domains.

As shown by Bagdi and by ourselves [222, 60], two glass transitions correspond
to the relaxation of the HS formed from a non-crystallizing isocyanate and the BDO
chain extender and to that of polyether SS respectively. Both transitions shift toward
higher temperatures when increasing the NCO/OH ratio [222].

In general, for the PUs based on conventional non-crystallizing diisocyanates,
the endotherm peak observed at around 210◦C was assigned to the beginning of the
melting. As observed by ourselves, the melting process in the case of PUs obtained
with the crystallizing diisocyanate DBDI, may occur at higher temperatures (about
230◦C) [60]. The melting peak changes dramatically with thermal history.

The DSC technique was used by Li et al [42] to investigate a series of segmented
PUs with different HS flexibilities, based on the aliphatic diisocyanate HDI or aro-
matic MDI, as the HS showed a folded-chain conformation. The chain extenders
were the diol BDO or 4,4’-diaminodiphenyl ether (DDE); the SS macrodiols were
PTMO or poly(ethylene/propylene adipate) (PES) with a molar mass 2 000 g/mol.
The materials were prepared by a solution polymerization.

The phase structure was found to be insensitive to the increase of the HS con-
tent and thermal treatment. Phase separation was very fast in these materials as the
HS mobility was relatively high and the system viscosity was low. The DSC results
showed a SS glass transition temperature which was only about 5◦C above that of
the pure SS, indicating that the separation between SS and HS was nearly com-
plete. The results obtained by Li were discussed based on the viscosity-mobility-
interaction argument suggesting the importance of kinetic effects in formulating a
better understanding of the PUs structure-property relationships The PES/HDI/BDO
systems showed low system viscosity, high HS mobility, and strong interaction be-
tween the HS chains. The phase separation was rapid and the kinetic barriers were
not important. The MDI/DDE systems had high system viscosity, low HS mobil-
ity, and strong interaction between the HS chains. While the HS based on HDI/BD
adopted a folded-chain configuration, the HS with MDI/DDE appeared to exist in
coiled configurations.



78 3 Thermal behaviour of polyurethane elastomers

Brunette et al investigated the changes in the frequency, bandwidth, and intensity
of the bonded N−H absorption band following heat treatment in model PUs and
correlated them to structural changes as evidenced by DSC [147].

The materials were based on 2,4- and 2,6 toluene diisocyanate (TDI) and on
MDI respectively and the chain extender was BDO. The temperature dependence
of the hydrogen bonding in these materials was also investigated. Annealing of the
2,6-TDI-BD and MDI-BD based materials, resulted in a change in distribution to-
ward stronger hydrogen bonds increase in the melting temperatures. The half-width
and intensity of the N−H stretching band also showed a strong dependence on the
annealing time as did the shape and size of the melting endotherms: with longer an-
nealing times, they narrowed and became more intense, which indicated uniformity
in the hydrogen bonds and in the structure. The insensitivity to thermal treatment
observed for the 2,4-TDI-BD copolymers was a result of a poorer HS organization
and inability to crystallize.

Numerous model PUs were characterized before and after varying degrees of
strain to study the effect of strain on the polymer morphology by means of DSC.
Crawford et al investigated a series of model polyesteric and polyetheric PUs based
on the conventional diisocyanate MDI and macrodiol BDO by varying the HS con-
tent [220]. They studied the effect of strain on the PUs by means of the DSC and
DMA experiments along with the mechanical properties before, and after stretching
materials to variable degrees of strain. Strain was induced by stretching the polymers
at 100% intervals between 100% and 400% elongations. The samples were held at
constant length throughout the experiments. DSC scans showed that all of the model
polymers exhibited three prominent thermal transitions including a glass transition
below 0◦C and two broad endothermic transitions at higher temperatures. The lower
temperature endothermic transitions had been previously identified with disruption
of SS/HS bonds or disruption of short-range order within the HS microdomains.
The higher temperature endothermic transitions were related to the breakup of inter-
urethane hydrogen bonds.

The data obtained by Crawford et al [220] showed that stretching of the materials
resulted in disruptions of the domain structure which involved phase mixing with,
or without hydrogen bonding taking place between the hard and soft domains, a
breaking up of the hard domain microstructure and dispersion of the HS within
the soft domains, or plastic deformation of the hard domains. As shown the lower
endotherm transition was identified with disruption of the SS-HS bonds [198, 226,
232] or disruption of short range order within the HS microdomains [178].

The higher temperature endothermic transitions is related to the break-up of the
inter-urethane hydrogen bonds [198]. This series of transitions is representative of
the two phases that are present in the polymer and reflect the relative amounts of the
HS and SS present. As the percentage of the HS is increased, the peak endothermic
temperatures increase. The TG of the SS increases as the HS content increases.

Example DSC diagrams are shown below for two example materials based on
the single diisocyanates MDI and DBDI but obtained by using BDO as a macrodiol.
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Fig. 3.8 DSC curves of a PU based MDI:BDO:PTHF [228]

Phase separation, crystallization phenomena revealing the PUs thermal behaviour
of the materials based on single diisocyanates have been also extensively studied by
us, by using DSC measurements.

Example first run DSC diagrams are shown in Fig. 3.8 and 3.9 for two PUs with
similar structures. They differ only in the type of diisocyanate, (rigid MDI or flex-
ible DBDI). The macrodiol PTHF of molar mass 2 000 g/mol was used. The three
components (diisocyanate, macrodiol chain extender) were mixed in the molar pro-
portions hard segment:macrodiol:chain extender =4:1:3, giving hard segment mass
fractions in the region of 40%, and isocyanic index I = 100.

Such a variety of temperature regions can be explained from the perspective of
the PUs microsegregated structure that is given by the HS flexible segments of the
glycol and isocyanate components. Evidently, the volume part of the SS is bigger
than part of rigid segments, so the flexible matrix has a defined distribution of rigid
blocks in it. For such a structure the microsegregated separation of components is
thermodynamically steady. In the first region, TG is approximately the same for
both of the materials (74–75◦C), suggesting an identical intensity of the molecular
mobility in the glycol component. In the second region, the low-temperature en-
dothermic peaks are well-defined for both materials; the peak position is identical
for both of the samples, (0.5–1.0◦C). This peak can be related to the melting pro-
cess of the rigid blocks. The values of the melting heat for both materials are almost
equal (7.24 J/g for the MDI sample and 7.33 J/g for the DBDI material). In the
third region, the high-temperature endothermic peaks are present only on the ther-
mogram of the MDI polymer with maximum at 172◦C. The exothermic peak can be
related to thermal-oxidation destruction of PUs which starts at 180◦C. The positions
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Fig. 3.9 DSC curves of a PU based DBDI:BDO:PTHF [228]

of maxima are 198◦C for the material with MDI and 243◦C for the sample with
DBDI, which makes evidence of higher thermal-oxidation stability of the chemical
structure for the material achieved with DBDI.

3.2.2 DSC behaviour of polyurethane elastomers based on
mixtures of diisocyanates

By using DSC measurements, we also have studied the thermal behaviour of a series
of PUs based on mixtures of diisocyanates. The compositions of the family of PUs
prepared and studied, is given in section 2.3 (Tables 2.2 and 2.3) where we also
report SEM results obtained by us for this family of materials achieved with mix-
tures of diisocyanates. The molar proportions were hard segment:macrodiol:chain
extender = 4:1:2.64, giving HS mass fractions in the region of 40%, and isocyanic
index I = 110.

The experimental DSC proved to be a useful tool to show evidence of the dif-
ference in structure brought about by changing the copolymeric ordering (Fig. 3.10
and 3.11). Remarkable changes could be observed in the phase transformation from
the DSC endothermic and exothermic maxima of the polymer depending on the
ordering of the elements constituting hard segments.
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In order to obtain a better attribution of the DSC maxima, simple macromolecule
models were used which reproduce parts of the copolymer chain as hard sequence
(EG−MDI)n and (EG−DBDI)n and simple elastomers with only one diisocyanate as
PUM and PUD abbreviated PUM PEA and respectively PUD PEA (in the case of PEA
soft segments) and PUM PTHF and PUD PTHF (in the case of PTHF segments).

As observed by us, all the PUs obtained by using mixtures of diisocyanates
(PUC1 PEA and PUC1 PTHF) did not display significant DSC maxima in the region
between 20◦–150◦C characteristic mainly to the ordered soft segment structure as
observed in the case of stretched PUD PTHF model when the small maximum at 50◦C
reveals the PTHF moiety crystallization tendency which maintains also after remov-
ing the stress, Fig. 3.10 (e), curve 2. Such a tendency was observed also in many
other PUs.

The region 150◦–230◦C characteristic of a mesophase transformation was very
sensitive to the changes in the copolymeric ordering. So, the mesophase in which
there are involved MDI and PEA soft segment, displayed two maxima at 195◦ and at
217◦C (Fig. 3.11 d), whereas when using DBDI and PEA there did not appear clear
significant similar interactions (Fig. 3.11 e). A comparable situation appeared in the
case when PTHF was used as a SS. The two above-mentioned maxima displayed
some shifts toward lower temperatures and appear at 185◦ and at 206◦C respectively
(Fig. 3.10 d), indicating that the interaction of the (MDI−EG) hard segments with
PTHF is somewhat slower. This situation was due to the weaker NH···O hydrogen
bonding in PTHF relative to NH···O−−C in PEA, where the carbonyl ester group is
involved.

As shown in Fig. 3.10 and 3.11 (solid and dotted lines), all of our copolyurethanes
were sensitive to supplementary thermal treatments. After annealing at 160◦ for 30
minutes all the mesophase interactions tend to diminish and, as will be shown in a
subsequent section, the mechanical properties are influenced significantly.

The result of DSC measurements made by us, also confirmed the fact that in the
two step prepolymer synthesis the latest introduced diisocyanate determines the pre-
ponderant nature of the HS. Thus the maximum characteristic for the (EG−MDI)n
homopolyurethane at 246◦C (Fig. 3.11 f) can be found again in the range of 240◦–
248◦C. This is the case for PUM PEA (248◦C) (Fig. 3.11 d), PUC2 PEA at 244◦C (Fig.
3.11 b) and PUC2 PTHF at 240◦C (Fig. 3.10 b). This maximum also visible yet in a
smaller measure, in the case when MDI and DBDI mixture was introduced at once
in the reaction as for PUC1 PTHF at 238◦C, (Fig. 3.10 c).

A special situation appeared in the case of DBDI when the −[EG−DBDI]n seg-
ments displayed an exceptional tendency to crystallize and to self associate. The
respective homopolymer EG−DBDI presented hard self interactions characterized
by a high endotherm temperature maximum at 287◦C (Fig. 3.11 g). This maximum
can be found again also in the PUD PEA, at 284◦C (Fig. 3.11 e).

The peculiar behaviour of the EG−DBDI sequence was revealed also when study-
ing the DSC curves of the simpler elastomer type PUD PTHF, (Fig. 3.10 e) which
included PTHF soft segments on the macromolecular chain. In this case there was
a lower tendency of the ether group to participate in the mix hydrogen bond as-
sociation with the urethane EG−DBDI segments than that observed in the case of
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the respective PU containing PEA soft segments (PUD PEA). As a result, during the
PU synthesis in melt, in the last step of the process related to the EG−DBDI seg-
ment appearance, the melt viscosity increased quite quickly and part of the formed
EG−DBDI segments did not have time to segregate in self associations, remaining
in a dissolved state in the vitrified polymer matrix (the maximum characteristic for
EG−DBDI at 287◦C did not appear anymore).

During the DSC measurements, once the temperature was raised sufficiently
the polymer matrix became more mobile and allowed the EG−DBDI segments to
move and crystallize in self-associations. The crystallization was evidenced by the
exothermic maxima appearing at 225◦C, (Fig. 3.10 e, curve1 — see also 230◦C in
Fig. 3.10 c — solid line, characteristic of PUC3 PTHF which also has segments of
the ED type). On repeating 3 times the DSC scanning of PUD PTHF till 250◦C this
exotherm maximum disappeared completely and there was a significant increase in
the EG−DBDI characteristic crystalline maximum at 277◦C (Fig. 3.10 e, curve 4).

Note that in Fig. 3.10 and 3.11, the solid lines are for the initial PUs samples,
denoted by (I)), whereas the dotted lines are for the same materials after annealing,
denoted by (A).

Interpretation of the DSC curves above 250◦C in the case of the polymers con-
taining EG-DBDI segments should be made with prudence, due to the fact that as
we found on employing the thermogravimetrical analyses (see following section),
all of the studied PU started to decompose at about 250◦C and at about 275◦C their
loss in weight represented approx. 5%. So in this region some variation in the DSC
curves is more or less brought about by the incipient degradation thermal effects.

Fortunately, a similar partial crystallization effect as mentioned before could be
obtained on the same polymer at lower temperatures (180◦C – 1 hr) (Fig. 3.10 e,
curve 3), and also at normal temperatures as a result of the polymer stretching (Fig.
3.10 e, curve 2). Evidently, in these situations the thermal degradation process could
not be involved.

With regard to our purpose related to the effect of ordering in copolyurethane
based on two isocyanates, the DSC curves exhibited significant differences de-
pending on the copolyurethane ordering. The DSC mesophase maxima were more
pronounced in the step by step prepolymer synthesis and are governed mainly by
the type of the last introduced diisocyanate which is responsible for the hard seg-
ment EG−MDI or EG−DBDI formation. In the one step prepolymer procedure
when the two MDI and DBDI isocyanates were introduced at once, the so-obtained
copolyurethane displayed a more irregular structure and no more evident mesophase
DSC maxima were revealed.
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Fig. 3.10 DSC curves of copolyurethanes
based on PTHF: (a) PUC3 PTHF –12.6 mg (I),
13.5 mg (A); (b) PUC2 PTHF – 13.0 mg (I),
11 mg(A); (c) PUC1 PTHF – 11.7 mg (I), 11.9
mg (A); (d) PUM PTHF – 10.7 mg (A); (e)
PUD PTHF: (1) – 9.4 mg initially; (2) – 9.4
mg (after stretching till rupture); (3) – 9.6
mg after annealing at 180◦C for 1 hour; (4)
– 8 mg after annealing on repeating 3 times
the DSC scanning of the sample till 250◦C
[60].
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Fig. 3.11 DSC curves of copolyurethanes
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nealing (A) at 160◦C for 30 min [60].

3.3 Thermogravimetry

The only way to lose weight is to check it as airline baggage. (Peggy Ryan)

Well, it seems Mrs Ryan forgot about thermogravimetry � In the thermogravimet-
ric analysis (TGA), the weight loss of a sample is continuously monitored as the
temperature is raised. The transitions observed by using DMA or DSC do not result
in weight changes [240–242].

Thermal methods as it is the DMA technique are not well suited to investigate
the thermal degradation of PUs, as long as thermal degradation involves chemical
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reaction processes as it is the scission or crosslinking of the PUs chains. On the other
hand, thermal degradation which often involves the release of volatile degradation
products, complicates the DSC analysis. Therefore, PUs thermogravimetry (TGA) is
a better method to quantify the PUs thermal degradation as long as it takes advantage
of the tendency to create volatile degradation products.

In the previous two sections we reported research on the block structures of PUs
and their consequences for the phase transitions (recorded by the DMA and DSC
methods) within TG of the SS and HS, and for the melting temperatures of crys-
talline structures formed within the phases. The effects of those parameters are also
essential for the PUs thermal stability. What is especially important in this respect
is the initial degradation temperature which is dependent on the thermal history of
the weakest points within the PU macromolecule - urethane bonds and ester bonds.

Numerous studies have been reported on the PUs thermal stability. As shown by
Barikani [243], the polyester based PUs are more stable than the materials obtained
with polyether macrodiols.

For materials based on MDI and polyester SS, the initial decomposition point
is 227◦C [244]. Much higher decomposition temperature, i.e. 319◦C was recorded
for polyester PUs achieved with TDI and polyesters derived from adipic acid, ethyl
glycol and neopentyl glycol, and trimethylolpropane [245]. Decomposition of the
urethane bonds in polyester PUs based on the diisocyanate MDI and chain extended
with EG begins at 240◦C, and it reaches its maximum rate at 337–356◦C [246].
Decomposition of PUs obtained form TDI was observed to start as early as at 200◦C
and to run through three steps with polybutadiene derived PUs being more stable
[247].

PUs thermal decomposition is a multi-stage process which depends on the pres-
ence of the HS. The first stage of degradation is fast but its rate decreases with
increasing the SS content. As shown, example values of the rate constants for the
first order decomposition in the case of polyester PUs synthesized with MDI, are 60
to 429 106 s−1 at 300◦C, depending on SS content.

The degradation is mainly initiated within the HS. Following the first stage of de-
composition when the weakest bonds in the polymer have been used up, the second
and third stages are much more slow [248]. The main process which occurs dur-
ing degradation is the PU decomposition to yield the diisocyanate and polyols. The
presence of the aromatic rings in the HS reduces the volume of volatile degradation
products released [248].

Hood et al [227] reported research on a series of PUs, with high HS content.
They were synthesized with the aliphatic diisocyanate HDI, and SS macrodiol
poly(ethyleneglycol) PEG, by using the chain extender BDO. TGA scans of the PU
series were collected under nitrogen at 10◦C/min to detail the thermal degradation.
The materials showed a 5 wt% loss at ∼285–314◦C. Differential weight loss curves
showed two main peaks with T1max at ∼340–370◦C and T2max of ∼423–351◦C. The
former was attributed to the greatest rate of mass loss of the HS while the later
accounted for the greatest rate loss of SS mass [73].

The decomposition of PUs also depends on the adopted synthesis route. The de-
composition of the materials obtained by using the prepolymer polyaddition
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procedure takes place much easier than in the case of analogous materials but ob-
tained via the ‘one-shot’ technique. As reported [249], the activation energy for
the first stage of decomposition of PU obtained from the single stage method is 77–
101 kJ/mol, depending on the composition of the material, whereas the second stage
needs an energy of 111–316 kJ/mol.

The PUs thermal stability has been also investigated by us for a series of MDI
and DBDI based materials. The effect of the HS (crystallizing or not), has been fol-
lowed. As observed, the thermal stability is strongly affected by the type of chain
extender and diisocyanate used in the PUs synthesis [250, 251]. As seen in Fig. 3.12
and in Table 3.4, for the polyester materials based on PEA, the presence of the dif-
ferent DTG maxima showed that the degradation process is made up by subsequent
processes which are different from a PU to another. The TGA analyses have shown
that the dibenzyl-based PUs start to decompose at higher temperatures (up to 290◦C)
as compared to analogous materials but derived from classical isocyantes with rigid
structures. As seen in Fig. 3.12, the limits of the thermal stability for the three types
of PEA based PUs are closed as follows: PU chain extended with 4,4’-methylene-
bis-(ortho-chloroaniline) (MOCA) (290◦C) > PU chain extended with the diol DEG
(280◦C) > commercial Adiprene L 100 (100–270◦C).

The TGA analyses were also made by us for a series of intermediates which were
synthesized with two identical functional groups situated in different rings: 2,2’-
DBDI, 2,4’-DBDI and 4,4’-DBDI [59] — see section 1.2.7. For these structures the
melting point of the polymer was 312◦C and the initial decomposition temperature
of the polymer was 220◦C (Fig. 3.13).

Table 3.4 Thermogravimetric data of PU-Adiprene L 100, PU with CE DEG and PUE with CE
MOCA [250]

PU type T0
a(◦C) T5

a (◦C) T10
a (◦C) MaxDTG1

b MaxDTG1
b

PU – Adiprene L 100 270 305 325 405 -
PU extended with DEG 280 315 320 334 430

PU extended with MOCA 290 322 337 366 415

a T0, T5, and T10 represent the start of degradation, the temperatures of 5% and 10% weight loss;
b MaxDTG represents the peak(s) of DTG curves corresponding on the inflexion points of TG

curves as determined by TGA.

Shown in Fig. 3.14 and 3.15 are example TGA/DTGA curves for two polye-
theric PTHF materials with analogous structures. Only the type of diisocyanate
differs (MDI or DBDI). The molar proportions is hard segment:macrodiol:chain
extender=4:1:3, giving HS mass fractions in the region of 40%, and isocyanic index
I = 100.

As seen in Fig. 3.14 and Table 3.5, for the MDI based materials three main degra-
dation processes can be seen: at approximately 340◦C it occurs the decomposition of
urethane groups, at 420◦C the destruction of ether groups takes place and at 560◦C
the destruction of carbon chains and rings begins. For the DBDI based material
(Fig. 3.15), three main degradation processes are also observed: at approximately
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Fig. 3.12 TGA and DTG curves for 3 PUs: (——) commercial PU-Adiprene L 100; (- - - -
) casted dibenzyl-based PU derived from polyester macrodiol (DBDI:PEA2000:DEG, I = 110);
(· · ·) casted dibenzyl-based PU with polyether macrodiol methylene bis o-chloroanyline (MOCA):
(DBDI:PEA:MOCA) [250].

350◦C it occurs the decomposition of urethane groups; at 420◦C the destruction of
ether groups occurs and at 570◦C the destruction of carbon chains and rings be-
gins. Increasing the HS block content leads to the increase of the decomposition
temperature [60, 185, 251].

Table 3.5 TGA/DTGA paramaters for the two PUs depicted in Fig. 3.14 and 3.15

Parameters of spectra
MDI:BG:PTHF DBDI:BG:PTHF

I II III I II III

Temperature intervals of the de-
composition regions, ◦C

260-380 380-480 480-700 260-380 380-510 510-800

Maximum of DTGA, ◦C 336 420 565 347 425 572
Loss of weight for every region of
decomposition, %

46 37 17 45 41 14
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Fig. 3.13 TGA curves for PUs based on EG, and 2,2’-DBDI (——), 2,4-DBDI (− ·−) and 4,4’-
DBDI (- - - -); TGA curves for PUs based on BDO and 2,4-DBDI (· · · ) and 4,4’-DBDI (– – – –);
[see Fig. 3.6]

Fig. 3.14 TGA/DTGA curves for a MDI based PUs (MDI:BG:PTHF) [251]

The chemical structure of the samples allows us to relate the observed regions
of decomposition to following processes: region I is related to decomposition of
urethane groups (links); region II can be connected to destruction of ether groups,
region III is related to destruction of carbon chains and rings.
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Fig. 3.15 TGA/DTGA curves for a DBDI based PUs (DBDI:BG:PTHF) [251]

The analysis of the data shown in Table 3.5 indicates that for both materials the
temperature intervals of region I are identical whereas the temperature intervals of
regions II and III are shifted to higher temperatures for the material with DBDI. The
temperatures of the DTGA maxima are 5–11◦C higher in every region for the DBDI
polymer. The loss of weight (indicating the fraction of structure which is destroyed
and evaporated as a result of thermal-oxidation decomposition), is close for both
materials in the region I. The loss of weight is lower for the material with MDI in
the region II and correspondingly higher in the region III than for the material with
DBDI.

Although in region I the temperature intervals and loss of weight are close for
both materials, the DTGA peak (maximal rate of decomposition) is higher for the
material with DBDI (347◦C vs 336◦C) which is evidence of a higher thermal stabil-
ity of DBDI structure. The same conclusion can be drawn for the DBDI polymer,
from the shift of the temperature intervals and DTGA peaks to higher temperatures
in the regions II and III. The lower value of loss weight in the region II for the
MDI polymer may be caused by a lower number of ether groups in PU structure
originating from the MDI product.

In general, the DBDI material has a higher thermal-oxidation stability than the
similar polymer achieved with MDI.
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Fig. 3.16 Schematic of the in-house thermal creep testing machine with temperature increasing
gradient: (1) – heating chamber; (2) – jaws; (3) – weights; (4) – multi-turn potentiometer; (5) –
linear temperature programmer; (6) – Wheatstone bridge; (7) – creep deformation recorder; (8) –
temperature recorder; (9) – fixed pulley; (10) – thermal resistance [252]

3.4 Thermomechanical behaviour of polyurethane elastomers
obtained with mixtures of diisocyanates

Everything should be made as simply as possible, but not simpler. (Albert Einstein)

The effect of ordering in the copolyurethane elastomers was also assessed by us on
employing thermomechanical analyses with the aid of a home made thermal creep
instrument of own conception (Fig. 3.16). When we built this instrument, we re-
alised Einstein was right �. We followed the course of elongation under constant
load of a pre-tensioned sample so to start from a constant initial 50% strain level.
As seen in Fig. 3.16, as the specimen deforms the wire cable moves and rotate the
potentiometer axle which constitutes one of the Wheatstone bridge’s arms. It results
a disequilibrium in the bridge, which is converted into electric current; the defor-
mation curve is recorded on the creep deformation recorder and simultaneously the
temperature curve is recorded on the temperature recorder. The temperature pro-
grammer has 11 positions for different rates of temperature increase in the heating
chamber: 1; 1.5; 2; 3; 4; 6; 8; 12; 24; 33◦C/min. The gradient of temperature is
controlled by a thermal resistance which is located in the heating chamber [252].

Initially the sample was stretched to a 50% strain amplitude (as revealed by our
IR dichroic measurements). Then the strain was kept constant and the variation of
sample elongation was followed by increasing temperature with constant increments
of 1◦C / min.

Note that the compositions of the family of materials prepared and studied in this
work, is similar to that of the PUs achieved with mixtures of diisocyanates which
were characterized by WAXS and SEM in section 2.3 (Tables 2.2 and 2.3) and also
by DSC in section 3.2.2. So, for a better understanding of the PUs types investigated
in this work, the readers should see Tables 2.2 and 2.3 in section 2.3.
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The results which are portrayed in Fig. 3.17 and 3.18 show the dependence of
thermomechanical properties on the sequential ordering of the block copolyurethane
blocks. As seen in Fig. 3.17 in the case of PUs based on PTHF soft segments, the
course of the thermal creep curves achieved on original PU as obtained after syn-
thesis did not depend essentially on the sequential block ordering.

All of these polymers (based on mixtures of the diisocyanates MDI+DBDI),
PUC1 PTHF, PUC2 PTHF and PUC3 PTHF – (listed in section 2.3, Tables 2.2 and 2.3)
kept their elasticity modulus very well on heating. Differences only appeared with
regard to the temperature at which rupture in the polymer occured. Thus, the ma-
terial with mixtures of the diisocyanates MDI+DBDI (PUC2 PTHF) characterized by
the presence of accumulated EG−MDI blocks displayed a higher resistance at tem-
peratures situated around 130◦C, whereas in the case of polymer PUC3 PTHF where
the EG−DBDI blocks were preponderant the temperature of break decreased to
112◦C. After annealing of these polymers at 160◦C for 30 minutes, the thermome-
chanical properties changed and the elongation of the polymer specimen increased
sensibly along with the temperature increase. The higher deformation in dependence
of temperature was remarked in the case of polymer PUC2 PTHF whereas the most
stable annealed material was PUC1 PTHF, which possess a statistical distribution of
the EG−MDI and EG−DBDI blocks [60].

Note that polymers PUC1, PUC2 and PUC3 are achieved with mixtures of diiso-
cyanates (MDI+DBDI) as shown in Tables 2.2 and 2.3 section 2.3. Polymers PUC1

were achieved from the two diisocyanates randomly distributed (see Table 2.3).
The synthesis of the PUC2 polymers involved a two step prepolymer synthesis

where the first introduced diisocyanate was DBDI, followed by the distribution of
MDI in the prepolymer. The synthesis of PUC3 polymers was achieved similarly,
except that the first introduced diisocyanate was MDI, followed by the distribution
of DBDI in the prepolymer.

A similar situation was observed by us for similar materials i.e. also achieved
with mixtures of MDI+DBDI, but where the SS macrodiol was the polyester PEA,
(Fig. 3.18). The enhanced accumulation of EG−MDI blocks (PUC2 PEA) induced a
higher resistance to heating with Tbreak = 140◦C whereas in the case of PUC3 PEA

with preponderant EG−DBDI block accumulations, Tbreak decreased to 117◦C. In
this case it should be mentioned also the more pronounced enhance of elongation
against temperature [60].

As shown in Fig. 3.17 and 3.18, a significant difference in the thermomechanical
curves appeared in the case of the annealed PUs at 160◦C for 30 minutes when all
the break temperatures increased. The elongation increment increased significantly
too once with the temperature increase. A higher degree of elongation versus tem-
perature was ascertained in the case of PUC3 PEA with accumulated EG−DBDI hard
segments. It should be also mentioned that the annealing of PUC3 PEA improved
its properties from all points of view. So, the temperature at break increased from
117◦C to 138◦C, in parallel with a lower dependence of deformation against tem-
perature.

Again, the materials denoted PUC1, PUC2 and PUC3 are polymers with mixtures
of the diisocyanates (MDI+DBDI) as detailed in Tables 2.2 and 2.3 section 2.3.
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Fig. 3.17 Thermomechanical curves of copolyurethanes with PTHF: (——) – PUC1 PTHF; (– – –)
– PUC2 PTHF; (− ·−) – PUC3 PTHF; (I) - initially; (A) - after annealing.
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Fig. 3.18 Thermomechanical curves of copolyurethanes with PEA: (——) – PUC1 PEA; (– – –) –
PUC2 PEA; (− ·−) – PUC3 PEA; (I) - initially; (A) - after annealing.

Other example thermomechanical curves but for materials based on the single
diisocyanate DBDI and SS macrodiols of variable molecular weights are shown in
Table 3.6. The isocyanic index I ranged between 100–110 [17, 250].

As seen in Table 3.6, the following criteria were used by us: (a) σ50 – the stress to
produce a 50% strain level; (b) TR – the temperature at which the polymer rupture
occurred; (c) E – elongation at break; (d) R – residual elongation; (e) t100 – the
temperature at which the sample reached a 100% level of elongation.
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Table 3.6 Thermomechanical properties of some DBDI-based polyurethanes [253]

Structure σ50% Thermomechanical curves [◦C] TR E R t100

Chain Extender % I Macrodiol Diisocyanate Index MPa 20◦ 40◦ 60◦ 80◦ 100◦ 120◦ 140◦ [◦C] [%] [%] [◦C]

1. DEG 40 PTHF2000 DBDI 100 4.14 153 826 145 132

1. DEG+TMP 40 PTHF2000 DBDI 100a 4.48 116 205 35.5 98

3. DEG 40 PTHF1000 DBDI 110 3.88 70 152 0 40

4. EG 40 PTHF650 DBDI 105 6.83 60 574 6 30

5. BDO 40 PTHF1000 DBDI 110 6.64 76 510 80 26

6. DEG 40 PTHF1546 DBDI 110 5.34 114 210 6 111

7. DEG 40 PTHF1000
b DBDI 110 3.45 79 233 10 42

8. DEG 40 PBA1000 DBDI 110 6.18 112 999 319 26

9. DEG 40 PTHF2000 DBDI 110 3.78 129 267 10 122

a Crosslink; b (2000+650)

The best thermal behaviour was found for the thermoplastic DBDI based material
with PTHF2000 and DEG (curve 1), followed by a similar material but achieved as
crosslinked (I = 110) (PTHF2000, curve 9). Changing the chain extender type lead
to significant changes as it observed the case of the material with BDO (curve 5),
which displayed a poor thermal behaviour with TR = 76◦C. A similar situation was
found in the case of the crosslinked PU with I = 105 (curve 4); this material was
obtained with the SS macrodiol of low molecular weight (PTHF650), and was chain
extended with EG.

The molecular weight influenced the PUs thermomechanical behaviour. The best
results were obtained with Mw = 2000. The type of SS macrodiol (polyether PTHF
or polyester PBA) also influenced the PU thermomechanical behaviour. Numerous
phase transformations were observed in the material obtained with PBA1000 (curve
8) as compared to the material with PTHF1000 (curve 3). Both materials were based
on the same chain extender, DEG and diisocyanate DBDI.

The differences observed in the thermal behaviour of the materials were also
attributed to the chain extender-diisocyanate couple EG−DBDI or BDO−DBDI,
where the HS were observed to crystallize [60, 61, 127, 135, 253, 254]. As shown in
Chapter 4, in such materials, the stiffness, hysteresis, residual elongation and stress
relaxation were all increased relative to the corresponding MDI based materials.
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3.5 Thermal behaviour as revealed by compression tests

Things get worse under pressure (Murphy’s law of thermodynamics)

Fortunately, this is not always a rule, although we had this experience while do-
ing PUs compression experiments achieved at high temperatures �. In our previous
compression experiments carried out on PUs we have shown that (as expected), for
the same material, it obtained different load-deflection curves if changing the shape
and/or size of PUs specimens [250]. A Shape Factor (θ) function was calculated by
us, from the ratio between the charged area and the sum of free areas of the PU sam-
ple when compressed. The stress-strain diagrams of compression were determined
by using a large scale of θ numbers ranging between 0.1 to 4. The variation of the
Young Modulus as a function of the θ factor was determined for MDI and DBDI
materials, as shown elsewhere [250].

In the study reported here, the compression set at variable temperatures was fol-
lowed for a series of PUs with dibenzyl structures as compared to analogous ma-
terials but obtained with the diisocyanates MDI and 1,5-naphthalene diisocyanate
(NDI).Temperatures were ranged from 20◦C to 80◦C. The compression set data
were determined as percentages of the original compression (20%) that was not re-
covered. The tests were conducted on cylindrical specimens of diameter Ø= 20 mm
and height H = 20 mm according to the ISO 815-1972 standard. At the end of the
test, the samples were removed and allowed to cool at room temperature for 30 min-
utes before measuring the differences between the final and original dimensions of
the sample. The experiments were made on employing an in-house made hydraulic
press previously described [250].

3.5.1 Effect of increasing the hard segment content on the
compression properties

A series of materials was studied, based on the flexible diisocyanate DBDI and dif-
ferent chain extenders. The effect of increasing the HS percentage on the residual
elongation and on the modulus at a 20% compression (E20) was studied [250]. As
shown in Table 3.7 in the case of PEA/BDO based PUs, increasing the HS content
(at temperature t = 20◦C), from 32% to 40% had no sensible effect on the compres-
sion set values.

The compression set values decreased with increasing temperature to t = 80◦C as
follows: for a 32 wt% from 4.3% at 20◦C to 1.8% at 80◦C; for a 37 wt% from 4.8%
to 2.8% at 80◦C; and for a 40 wt% from 4.47% to 2.7% at 80◦C. At temperature
t = 20◦C the highest E20 values (60 MPa) were found for PUs of 40 wt%.

As seen in Tables 3.8 and 3.9, replacing the chain extender BDO with DEG
resulted in variations of the E20 modulus. The modifications of the E20 modulus
data were followed as a function of temperature. A dramatic decrease of E20 at
temperatures of 80◦C was observed. Increasing the HS percentage determined the
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Table 3.7 Compression set and modulus at a 20% compression (E20) for PUs based on DBDI and
chain extender BDO of variable hard segment weight percentage

Type of CE hard segment percentage, (wt%) T [◦C] Compression set [%] E20 [MPa]

BDO 32 20 4.3 44.0
BDO 32 50 4.3 42,0
BDO 32 80 1.8 34,8
BDO 37 20 4.8 37,2
BDO 37 50 4.2 35,8
BDO 37 80 2.8 33,7
BDO 40 20 4.47 60.0
BDO 40 50 3.6 40.0
BDO 40 80 2.7 36.2

increase of polymer toughness by the enhance of the number of hydrogen bonds
[250].

Table 3.8 Influence of the hard segment concentration on E20 modulus at variable temperatures,
for a series of DBDI-based PUEs obtained with DEG and macrodiol PEA; (CM) – compression
under medium conditions; (CD) – destructive compression.

CE type DEG hard
T [◦C]

E20 [MPa]
segment percentage (wt%)

20 31.2
DEG 32 CM 50 21.2

CD 80 -

20 22.8
DEG 40 CM 50 20.0

CD 80 13.7

20 47.6
DEG 47 CM 50 29.6

CD 80 24.3

20 38.1
DEG 50 CM 50 31.5

CD 80 20.0

20 29.1
DEG 60 CM 50 27.7

CD 80 18.3

CD – destructive compression at 313 MPa and t◦ = 80◦C;
CM – medium compression at t◦ = 20÷80◦C.

As seen in Table 3.9 below, for a 40% HS percentage, significantly higher E20

values were found in the case of PUs based on the chain extenders BDO and EG
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(60.0 MPa and 55.9 MPA respectively), in contrast with similar polymers but de-
rived from DEG (22.8 MPa) which as shown, inhibits crystallization [61].

The higher compression set data are due to the couples BDO−DBDI or
EG−DBDI, where the variable geometry of DBDI favors the polymer crystalliza-
tion. In polymers based on the couples BDO−DBDI or EG−DBDI (especially pol-
yether PUs) there perform high phase separations and differences in hard phase
plastic flow stress, resulting from crystallinity in the DBDI phase.

Table 3.9 Compression set and E25 Young Modulus at t= 20◦C for DBDI based PUs and various
chain extenders [250]

Type of CE hard segment percentage T Compression set after 30 mins E20
(wt%) (◦C) [%] [MPa]

BDO 40 20 3.7 60.0
DEG 40 20 2.29 22.8
EG 40 20 3.75 55.9

3.5.2 Effect of type of diisocyanate on the compression properties

The compression set data obtained for the DBDI based materials were compared
to those of analogous PUs but obtained with the conventional diisocyanates MDI
and 1.5-NDI. The materials depicted in Table 3.10 were synthesized with a 40% HS
percentage, PEA of molar mass 2 000 g/mol, and chain extender BDO.

Table 3.10 Compression set at t= 20◦C for DBDI based PUs as compared to other conventional
PUs [250]

T (◦C) NDI MDI DBDI

Compression set [%] 20 21.3 13.2 4.47

As seen, the compression set of the polymer with BDO/DBDI is significantly
smaller than the data for the analogous materials but derived from MDI and NDI.
The lower compression set for the DBDI materials were attributed to the BDO-
DBDI couple which favors the polymer crystallization.
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3.6 Polyurethane blends and their thermal behaviour

Let your mind be applied... to the study of the mixtures (Theophilus)

3.6.1 Steric conformations

The introduction of a rotary ehtylenic bridge between the phenyl rings and of a
macromolecular chain entails a series of specific phenomena. As shown in our pre-
vious investigations we found that in contrast to other common diisocyanates as it
is MDI, the diisocyanate DBDI reacts with glycols, leading to insoluble products
which exhibit a higher melting point temperature and high crystallinity [59].

The PUs based of the couple DBDI−EG precipitates from solution after dissolv-
ing in DMF. Due to the high association of the crystalline lattice [59], the obtained
powder cannot be redissolved in DMF even by heating.

As reported earlier, the X-ray diffraction spectrum of this product shows a peri-
odicity of 19.7±0.2 Å and it is similar to that of the triclinic form of nylon 66 [255],
nylon 6, and nylon 8 [256]. This suggests a change in the polymer conformation
in solution from the disordered form into the extended form, which is due to the
lower entropy level of the crystalline structure and to maximum hydrogen bridge
formation. As seen in section 3.3, the melting point of this polymer was found to be
312◦C and the initial decomposition temperature of the polymer was 220◦C.

In the case of PUs based on MDI and EG, the X-ray measurements evidenced a
periodicity of 15.7±0.1 Å with a quantitatively similar arrangement [59, 256], but
belonging to the hexagonal lattice crystalline system.

The orientation effects produced by the introduction of the HS derivatives from
DBDI and EG into polyester based PUs were followed. We investigated the copol-
yaddition of 3 mol 4,4’-DBDI and a mixture of 1 mol PEA or PBA of Mw = 2 000
with OH terminal groups, and 2 mol EG in DMF at 60◦C. In this cases, we observed
an unexpected phenomenon: although initially, as a result of the initial reaction be-
tween DBDI and EG, the mixture was homogeneous, even in the incipient first phase
of the reaction an oligomer resulted which, due to association and crystallization,
separated from solution as a very fine suspension. The reaction progressed in two
phases: solution and suspension [59].

The mixture was disproportionate, which resulted in a white, viscous, and stable
solution-suspension. By intense centrifugation, a precipitate could be separated [59].
By precipitation in water of the remaining clear solution, a second polymer with a
different structure could be separated [59].

The suspension became clear when diluted with 4 times the volume of DMF and
heated at 60-70◦C. The crystalline structure was destroyed, and it did not precipitate
by cooling or standing at room temperature [59].

These facts, and the apparent constant composition of the polymers obtained
when starting from different molar ratios of the reactants, suggested that in
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copolyaddition, the growth of the macromolecules in suspension is governed by
the formation of the crystalline structure. Among others, this behaviour was earlier
used for the processing of artificial leather.

In the case of DBDI, the main characteristic of the polymers is their capacity to
self-orientate in crystalline structures.

In the light of these observations, we proposed to study what are the limit situ-
ations that can be reached when approaching the ‘one shot’ synthesis route in two
distinct cases, e.g. when employing MDI as one of the most utilized commercial
diisocyanates and when using the isocyanate of variable geometry DBDI obtained
by us. The following aspects were envisaged: (a) – to elucidate why an apparently
small change in the diisocyanate structure (one or two −CH2− spacers between two
aromatic nucleus) can change dramatically the course of polyaddition, by splitting
the process course into two phases (in solution and in parallel in suspension); (b) – to
study the difference in the molecular suprastructure of the two copolymers mixture
which may appear simultaneously under different reaction conditions. In principle
this system of a bicomponent macromolecular structure can be regarded as a com-
posite system at different degrees of dispersion ranging from a monodispersion to a
molecular nanodispersion state.

It is already well known that the PUs are obtained by reacting a diisocyanate (I)
with a macrodiol (MD) of a polyesteric or polyetheric type, and with a glycol as a
chain extender (CE). The simplest approach seems to be the simultaneous mixing
of the three components on approaching the ‘one shot’ synthesis route:

(n+1)I+1MD+nCE in solution or in melt. (3.3)

If the I reactivity against the MD and CE is not equal, there is the possibility that
the reaction firstly begins with the most reactive partner, which is the CE, by the
formation of blocks of the type −[I−CE]−I− that are finally performed in the middle
of the final macromolecule.

We have evidenced the difference between the reactivity of the MD and CE by
measuring the reaction rate of I with CE and MD separately. We have shown the
existence of a supplementary synergetic effect due to which, in the case of the re-
action between I with the mixture MD−CE, the reactivity of the glycol increases
in comparison to that of MD [44–46, 89]. With this aim, high pressure liquid chro-
matography (HPLC) measurements where employed to monitor the evolution of
every molecular species which can appear in the reaction, on the model reaction
which employs a monoisocyanate instead of the diisocyanate [89].

Within the second part of the macromolecule building, the contribution of the
MD increases as well by the formation of intermediaries mixed segments. Finally
in the latest stage of the macromolecule increase process, there are inserted only
−[I−MD]− blocks without the CE participation.

MD I−[I−MD]y−MD I−−−[ICE]x−I−−−I−MD−[I−MD]y−I−MD

hard middle block soft end block
(3.4)
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To avoid the appearance of terminal blocks of the type −[I−MD]−, the prepoly-
mer technique is usually used in most of the cases. In this type of synthesis, the MD
is first reacted with an excess of I so that the whole amount of MD is transformed
in a macrodiisocyanate prepolymer:

(n+1)I+1MD→ 1I−MD−I+ (n−1) I n = 1÷9

macrodiisocyanate
(3.5)

In this case the further reaction of the newly appeared intermediate of the type
I−MD−I performs only by the CE contribution so that it assures permanently the
presence of a HS as an element of connection between the SS which leads to the
appearance of a more homogeneous molecular structure.

MDI−[I−MD]y−MDI−−−[ICE]x−I−−−I−MD−[I−MD]y−I−MD

hard middle block soft end block
(3.6)

3.6.2 DBDI based PUs blends

Two PUs systems were obtained with MDI or DBDI, with the following structures:

(MD) (CE) (DI)

PBA — EG — D
1 n n+1 (n = 1 ÷ 10) (3.7)

where the MD was the macrodiol PBA of molar mass 2 000 g/mol and the CE was
EG. The materials were obtained by using the one shot technique in melt and in
solution. The isocyanate index was I = 100. The ratio between the reactants is sum-
marized in Table 3.11. Details regarding the PU synthesis were reported elsewhere
[25].

When MDI was used in the polymer synthesis, irrespective of the synthesis route
it obtained homogeneous soluble polymers inseparable in fractions, by selective dis-
solution in DMF. Certainly, the sequence of ordering on the macromolecular chain
differs from a PU synthesis route to another. As mentioned, the reaction rate between
phenyl isocyanate (FI) and chain extender, ethylene glycol (EG) was found by us to
be 4 times higher than the reaction between FI and PEA when measured separately,
and 11.6 higher respectively if they are in a mixture (EG + PEA) (synergetic effect)
[45, 89].

The situation changed dramatically when using DBDI in the PU synthesis. As
already mentioned, in both of the cases when using MDI or DBDI, due to ki-
netic reasons in the first stage it obtained oligomers with preponderant −[I−EG]n−
structures. Due to the high interaction between oligomer–DMF, the oligomers cor-
responding to the −[MDI−EG]− type remained in solution of DMF. The further
steps of reaction performed also in solution till all the reactants were consumed. In
the synthesis with DBDI the situation changed: due to the possible intramolecular
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Table 3.11 PU type and adopted synthesis routes [257]

Type of PU Synthesis Route CE MD DI Observations

PU 1
One shot

DMF
T = 60◦C

EG
3

PBA
1

DBDI
4

insoluble in DMF (27.9%)
soluble in DMF (72.1%)

PU 2
One shot

melt
T = 60◦C

EG
3

PBA
1

DBDI
4

13.12% insoluble
86.88% soluble

PU 3
One shot

DMF
T = 60◦C

EG
3

PBA
1

MDI
4

100% soluble

PU 4
One shot

DMF
T = 110◦C

EG
3

PBA
1

DBDI
4

insoluble in DMF (28.86%)
soluble in DMF (71.14%)

PU 5
One shot

NMP
T = 115◦C

EG
3

PBA
1

DBDI
4

insoluble in DMF (2.85%)
soluble in DMF (97.15%)

PU 6
Prepolymer

melt
EG
3

PBA
1

DBDI
4

soluble in DMF

PU 7
Prepolymer

melt
EG
3

PBA
1

MDI
4

soluble in DMF

rotation of the DBDI skeleton, the incipient growing oligomer −[DBDI−EG]−
adopted a plan parallel structure which allowed a more compact intermolecular
packing of the growing oligomers. Thus, the interaction between oligomer–oligomer
became preponderant towards the interaction between oligomer–DMF and in solu-
tion appeared life species in suspension which continued to grow by interphasic
reactions.

In parallel, the kinetic-statistically determined incipient reaction of DBDI with
the MD, although rare, leaded to soluble oligomers with a good solubility, with
sufficiently long SS so to maintain the so-obtained polymer in solution till the end
of the process.

The crystallinity of the copolymer resulted in suspension (separated by cen-
trifugation), was evidenced with the aid of X-ray measurements. The X-ray dia-
gram of the so-obtained insoluble copolymer was similar to the pure homopolymer
−ED−DBDI [59]. The similitude was as closer as the ‘n’ number in the schemes
from above was higher.

Replacing the DMF solvent with 1-Methyl-2-pyrrolidinone (NMP), the situation
returned to the “normal” behaviour similar to the MDI based PUs reaction in solu-
tion. In this case the interaction between oligomer-solvent was always higher than
the interaction between oligomer-oligomer (polymer-polymer), and it obtained only
a single type of soluble copolymer [257].

Thus, when employing the ‘one shot’ synthesis in solution (PU 4, Table 3.11),
it obtained a suspension containing 2 copolymers simultaneously one of which was
soluble in DMF (71.2%), and the other was insoluble in DMF (28.85% — Table
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3.11). Replacing DMF by NMP, it obtained a homogeneous viscous solution which
contained one single copolymer. A similar situation appeared when the syntheses
were performed in melt [257].

As a result of the polyaddition of the DBDI based materials by the ‘one shot’ syn-
thesis in melt, it obtained opaque solid elastomer blends consisting of two copoly-
mers, one of which was soluble in DMF (87%), while the other was insoluble in
DMF (13%), (PU100 — Table 3.11).

3.6.3 DMA measurements

The DMA characterization was made of the series of polymers denoted PU 1 to
PU 5 as listed in Table 3.11. The samples were tested in the tensile mode with a
starting distance between the clamps of 45 mm. The cooling conditions were: room
temperature till −60◦C cooling rate of 10 K/minute, −60◦C to −120◦C 3.5 K/min
and −120◦C to −140◦C 2 K/min. The test started at −140◦C and the complex mod-
ulus E∗, storage modulus E′, loss modulus E′′ and the loss factor were measured as
function of temperature at a heating rate of 1 K/min. The instrument was operated
with controlled sinusoidal force with a frequency of 1 s−1.

Depending on the material structure and on the conformation of diisocyanate,
there were observed large differences between the E′ modulus and tanδ loss factors
respectively. The material 3, obtained with MDI via the one shot technique in melt
(Table 3.11), showed an amorphous structure. The E′ modulus above TG was the
lowest of all the materials, and correspondingly the loss factor tanδ in the glass
transition region was the highest. For the samples PU 1, 2, 4 and 5 (DBDI, one
shot), the TG values ranged between −28◦C (PU 2) and −14◦C (PU 3), while tanδ
varied between 0.127 (PU 2) and 0.394 (PU 3).

Example selected DMA curves of selected materials listed in Table 1.1 are shown
in Fig. 3.19–3.22.

Fig. 3.19 Storage Modulus
and Loss Factor as a function
of temperature for PU 1

PU1
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Fig. 3.20 Same as in Fig.
3.19 but for material PU 3
[257]
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Fig. 3.21 Same as in Fig.
3.19 but for material PU 4
[257]
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Fig. 3.22 Same as in Fig.
3.19 but for material PU 5
[257]

10000

1000

100

10

1
–120 –80 –40 0

Temperature (°C)

Lo
ss

 F
ac

to
r 

ta
n 

δ

S
to

ra
ge

 M
od

ul
us

 (
M

P
a)

40 80 120 160
0,01

0,1

1

PU5



Chapter 4
Mechanical aspects of polyurethane elastomers

4.1 Tensile properties

Nothing ruins the truth like stretching it (unkown source)

But “truth” is not a material. . . suggest we see if it applies to polymer stretching
also �?

Tensile tests are used to control product quality and for determining the effect of
chemical or thermal exposure on an elastomer.

As shown [127], the tensile stress or tensile modulus is the force per unit of
original cross-sectional area required to stretch the specimen to a stated elongation.
50%, 100% and 300% extensions are commonly used. Usually, the test is performed
on a dumbbell-shaped specimen [258].

Elongation is the percentage increase in original length of an elastomer as a result
of tensile force being applied to a PU specimen. Usually we talk about percent
elongation, which is the length the polymer sample after it is stretched (L), divided
by the original length of the sample (L0), and then multiplied by 100.

Ultimate elongation or elongation at break is the elongation at the point that the
sample breaks [127, 258].

Certainly residual elongations in materials have nothing to do with the the human
reminiscences that “make one feel so deliciously aged and sad”. (George Bernard
Shaw). Or yet, maybe do they? � Residual elongations in materials or permanent
set is determined as follows: tensile force is applied to break a benchmarked dumb-
bell specimen. A period of relaxation follows after which the two parts are fitted
together and the distance between the marks is re-measured. The difference between
the new measurement and the original is expressed as a percentage of the original
distance [258].

Tensile strength is the maximum tensile stress which a material is capable of
developing. It is the force per unit of the original cross-sectional area which is ap-
plied at the time of rupture of a specimen. It is known variously as “breaking load”,
“breaking stress” and “ultimate tensile strength”. Tensile stress, and tensile strength

C. Prisacariu, Polyurethane Elastomers, DOI 10.1007/978-3-7091-0514-6 4,
c© Springer-Verlag/Wien 2011
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are both measured in units of force divided by units of area, usually N/cm2, or mega-
pascals (MPa) [127, 258].

In PUs, the stress is not linear with strain. Therefore the modulus is neither a ratio
nor a constant slope, but rather denotes a point on the stress-strain curve.

4.1.1 Effect of polyol type and molecular weight on the tensile
properties

The mobility of the polyol influences the PUs properties as it results in low tem-
perature properties and the variation in the tensile strength properties. Thus it is
obvious that features related to the mobility of polyols, such as the glass transition
temperature or the melting temperature and the ability to crystallize under deforma-
tion, certainly impacts the mechanical properties. The polymer mobility is strongly
influenced by the type and the molecular weight of the polyol. To prepare products
with typical rubber elasticity, an average molecular weight between 1 000 and 4 000
(corresponding to a chain length between 180 and 300 Å is desirable [28]. Higher
molecular weights result in materials with better tensile properties but with an in-
creased tendency to cold-harden, a phenomenon caused by gradual crystallization
of the flexible blocks during storage. This process can be avoided by incorporating
copolyesters to provide structure irregularity [259]. The primary consequences of
increasing the SS molecular weight for a given overall molar ratio of the polyol
block to hard block (diisocyanate plus chain extender), are a decrease in modulus
and an increase in the elongation at break, as well as a decrease of the glass transi-
tion temperature of the soft block [28].

Example values showing the influence of molecular weight on the stress-strain
data of a polyester dibenzyl based PU (DBDI:PEA:EG) are shown in Table 4.1.

Table 4.1 Example values showing the influence of molecular weight (Mw) on the stress-strain
data of a polyester dibenzyl based PU (DBDI:PEA:EG).

Mw of PEA Strength Stress Elongation at break Hardness 300% Modulus
[MPa] [%] [Sh◦A] [MPa]

4 000 45 750 74 9
3 000 39 670 87 13
2 000 34 525 98 19
1 000 33 450 99 19.5

It is widely known that a polyester segment with a molecular weight of about
2 000 confer optimum properties to a PUs. Below this level the elastomers may
become too weak, while above this level they may tend to undergo crystallization
while being stored. As shown by others [4] and by us in section 1.2.4., because the
ester groups in particular form strong attractions to urethane groups by means of
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hydrogen bonding, they also contribute to the strength of the material. In polyester
PUs, the cohesive energy between ester groups in the chain is greater with PEA or
PBA than with PCD because of greater distance between ester groups in the latter
[135]. High concentrations of flexible ether groups results in very weak elastomers.
Polyethers usually have a lower glass transition temperature and a weaker interchain
force than polyesters, therefore rendering PUs with reduced mechanical properties.
As shown in section 1.2.4, this is attributed to stronger hydrogen bonding between
the NH and the ester carbonyl group, rather than urethane NH-ether oxygen bond.
But, as shown by us [60], annealing may significantly improve the polyether based
PUs elastomeric properties.

4.1.2 Effect of type of diol chain extender on the tensile properties

The study of the variation in polymer properties obtained by using different gly-
cols with any given polymeric diol emphasized that increasing the distance between
urethane groups (when using longer chain glycols) decreases the density of cohe-
sive force between chains. This effect is coupled with the “odd-even” effect of chain
fit [260]. The “zigzag” pattern in tensile strengths and elongations is particularly
evident in polyester elastomers.

As also reported by others and by ourselves [261], irrespective of the type of the
HS, crystallizing or not, the PUs mechanical response vary with the length / type
of the chain extender. The best mechanical behaviour was observed in PUs derived
from diol chain extenders with even numbers of −CH2− groups. The stress-strain
and abrasion data decreased dramatically in the case of the materials obtained with
chain extenders based on odd numbers of −CH2− groups (Fig. 4.1) [261].

A PU chain extended with “even” diols adopts the lowest energy fully extended
conformation that allows hydrogen bonding and, therefore, a higher crystalline or-
der, which explains why the materials based on BDO and higher diols have better
elastomeric properties. The HS based on these chain extenders crystallize easier,
therefore promoting phase separation [28].

Similar observations were made by Born et al [262], for PUs extended with
aliphatic glycols or diamines. The model compounds studied by them were pre-
pared by the reaction between diphenylmethane-4-mono-isocyanate and glycols of
the HO−(CH2)−OH structure with n= 2 to 6. The series of materials showed a char-
acteristic fluctuation in their thermal and hydrothermal properties which was depen-
dent on the number (“even” or “odd”), of CH2 groups in the chain extender.

The causes of this behaviour were examined in by using X-ray crystallographic
analyses of single crystals of model urethanes. It observed that whilst strain free hy-
drogen bonds could form between neighboring molecules in urethanes with “even”
chain extenders, significant strains occurred in urethanes containing “odd” chain
extenders which resulted in reduced stability of the physical crosslinking system.

In earlier studies Bonart et al [156] observed a great fluctuation in the thermal
and hydrothermal properties of elastomer polyurethane fibers as a function of the
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Fig. 4.1 Stress to produce a 300% strain as a function of number of CH2 groups for a DBDI based
PU

structure of the amine chain extender. A characteristic fluctuation in the properties,
which was dependent on the number of CH2 groups, was particularly prominent
when chain extenders of the H2N−(CH2) n−NH2 structure were used. A similar fluc-
tuation was observed by Bonart et al [263] using thermomechanical measurements.

Large supermolecular structures, in the form of spherulites, were often found
to be associated with crystallization of the polyether segment. Spherulites were ob-
served in PCl:MDI:BDO [264, 265], PTMO:MDI:BD [266, 267], PEO:HMDI:para-
phenyldiamine systems [268] and other segmented PUs [269–271].

Comparison of the effect of diol chain extenders on tensile strength shows that
BDO allows superior properties. The PUs strength was found to decrease in the fol-
lowing order for these chain extenders and MDI polyester polyol materials: BDO >
EG> 1,5-pentanediol>HD> 1,3-propanediol [4]. If different polyols are used, then
the following order has been suggested [272] of chain extenders according to their
effect on strength: BDO > HD > 1,5-pentanediol> 1,3-propanediol> EG. However
the differences are not very large.

The effect of excess of glycol on the PUs mechanical properties was largely stud-
ied. As shown by Rausch [24], the use of excess glycol reduces the PUs molecular
weight The shorter chains in the polymer, being less entangled and having less to-
tal force acting on them, slip more easily. Excess glycol results in lower tensile
properties and higher residual elongations. As the excess glycol approaches zero,
the change in molecular weight is minimal. Hence, as shown by Rausch, the PUs
properties do not significantly differ between a 0-2%, excess.
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4.1.2.1 Non-chain extended polyurethane elastomers and their tensile
properties

Until recently there were no reports in the literature on the preparation of segmented
PUs without chain extenders. Fairly attractive thermal and mechanical properties
have been recently reported, displayed by non-chain extended poly(ether-urea)
segmented copolymers prepared from symmetrical diisocyanates, such as para-phen-
ylenediisocyanate (PPDI), 1,6-diisocyanatohexane (HDI), and trans-cyclohexanedi-
isocyanate CHDI [273]. Due to its small size and symmetry, the PPDI molecule
provides a compact HS and excellent phase separation in PU formulations. Start-
ing from this, a series of PUs with no chain extenders was obtained by Yilgor et
al [273], with analogous poly(ether-urethane)systems, through stoichiometric reac-
tions of PTMO of molar mass 1 000g/mol and the above mentioned diisocyanates.
In addition to symmetrical diisocyanates, high molecular weight PUs obtained with
MDI, TDI, and hexamethylene diisocyanate (HMDI) were also prepared. The PUs
based on PTMO and symmetrical diisocyanates PPDI, HDI, and CHDI formed me-
chanically strong films at ambient temperature. However, the PUs based on the
asymmetrical diisocyanates HMDI, TDI and MDI yielded very sticky films that
showed no mechanical integrity at room temperature. The AFM studies made on
these materials demonstrated that while the PUs based on PTMO of molar mass
1000g/mol and PPDI, HDI, and CHDI showed microphase morphology, the ma-
terials based on HMDI, MDI, and TDI did not show any significant microphase
separation at room temperature. Reducing the SS molar mass, for example, in the
case of PTMO – from 2 000 to 1 000 g/mol, resulted in materials with enhanced
phase mixing.

Such polyether materials were expected to have the same hydrogen bonding
capacity and if hydrogen bonding were the main driving force for microphase sep-
aration, they all would have displayed microphase morphology and good material
properties. However, this was not the case. Only the materials based on symmet-
rical diisocyanates were film forming with good mechanical properties at room
temperature [273]. These observations showed that the diisocyanate symmetry (and
resulting HS crystallinity) is a much more important factor that influences the mor-
phology development in non-chain extended polyether PUs as compared to the hy-
drogen bonding.

4.1.3 Effect of isocyanate-polyester ratio on the tensile properties

Increasing the diisocyanate-polyester ratio leads to an enhance of the concentration
in the high-melting PUs hard domains which affects the physical properties of the
elastomer. This results in greater tensile strength, lower elongation, higher melt tem-
perature, and increased hardness [24]. The greater tensile strength and lower elonga-
tion can be discussed in terms of the glass transition temperature, TG. Studies have
shown that TG increases as the urethane concentration increases, most probably as a
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result of increased intermolecular hydrogen bonding. An increase in the isocyanate-
polyester ratio determines a higher urethane concentration and hence a higher TG.

Due to the numerous factors which influence the PUs mechanical behaviour, it
is also of interest to refer to the structure-property relations in segmented hydroxyl
terminated polybutadiene based PUs in which the polar and hydrogen-bonding in-
teractions between the HS and SS units are eliminated. Huang et al investigated
a series of hydroxyl terminated polybutadiene based PUs that were synthesized by
solution polymerization with different types of diisocyanates and HS contents, by
using variable NCO/OH ratios and changing the polymerization method. The MDI
based materials with higher HS content and NCO/OH ratios, achieved via the one-
stage polymerization method exhibited higher stress at break and lower residual
elongations. There was no greater extent of hydrogen bonding between the HS
and SS for these PUs. A higher value of hydrogen bonding index [274] was ob-
served for higher NCO/OH values when the materials were obtained by the one-
stage method.

4.2 Stress-strain curves and tensile strength properties

My curves are not crazy (Henry Matisse)

Nor are those describing the PUs tensile behaviour �. The amount of stress is grad-
ually increased while the elongation which the sample undergoes is measured at
each stress level until the sample breaks. It obtains a plot of stress versus elonga-
tion. In general, the harder the elastomer, the smaller the elongation. Yet, the ability
of PUs to achieve higher hardness while maintaining good elongation permits them
to withstand higher tensile loads.

Uniaxial tensile stress-strain curves of PUs generally exhibit sigmoidal shapes
characteristic of rubber-like elastomers. A relatively steep increase in stress (σ) at
low strain (ε) is followed by a gradual decrease in slope (i.e., strain-softening), a less
steep section of curve at intermediate strain and a second region of increased slope
(i.e., strain-hardening) at higher strain [275–278]. The Young’s modulus (E) gener-
ally increases with the HS content, which has been attributed to HS microdomains
acting as reinforcing fillers [127, 259, 275–279]. Strain hardening has been at-
tributed to strain-induced crystallization [135].

4.2.1 Effect of type, number and order of diisocyanates on the
stress-strain behaviour

Example stress-strain curves and their tensile properties for six materials obtained
by us are compared in Fig. 4.2 and 4.3. Two families of PUs are included. The
two families differ in the soft phase (PEA, Fig. 4.2 or PTHF, Fig. 4.3). The SS
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molar mass was 2 000 g/mol. The chain extender was EG. Two HS were compared,
based on the diisocyanates MDI, DBDI, and mixtures of them. Rotation around the
central −CH2−CH2− bond in DBDI allows alignment of successive aromatic rings
and hence crystallisation within the DBDI hard phase [60, 61, 127, 135]. The two
families of PUs consisted of three materials each denoted as: A, B, C, where hard
segment molar compositions were (%MDI /%DBDI): A 100/0; B 0/100; C 50/50.
In the case of material C, equal molar quantities of MDI and DBDI were pre-mixed
before the combination with macrodiol, followed by chain extension. Further de-
tails of the synthesis are given elsewhere [280, 281]. The molar proportions used
in the syntheses were: diisocyanate:macrodiol:chain extender (EG) = 4:1:3. WAXS
measurements showed mass fraction degrees of crystallinity in the three families: A
0%; B 14%; C 8%. DSC measurements showed evidence for some phase separation
[280, 281].

To obtain the true stress at break, (in Fig. 4.2 and 4.3), tensile strength values
were multiplied by the extension ratio λ = l/l0, where l and l0 are the extended and
original PU sample lengths and the true strain true λ elongation at break, ε (ε= λ+1).

As seen in Fig. 4.2 and 4.3, in particular, polymer B with DBDI hard segments,
showed higher stiffness and strength than the conventional MDI-based polymer A,
but with lower strain recovery and strain energy recovery on cycling—a primary
consideration for elastomers. Both features of the response were attributed to dif-
ferences in hard phase plastic flow stress, resulting from crystallinity in the DBDI
phase [60, 61, 127, 135], absent in MDI.
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Fig. 4.2 Stress-strain curves during loading at nominal strain-rate 0.0042 s−1 for PUs with PEA
as a soft phase. Material C was achieved by using a single step prepolymer synthesis using a melt
mixture of the two isocyanates (MDI+DBDI) [280]
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Fig. 4.3 As in Fig. 4.2 but for materials with PTHF as soft phase [69]. Material C was achieved by
using a single step prepolymer synthesis using a melt mixture of the two isocyanates (MDI+DBDI)
[69, 280].

Polymer C (with randomly mixed MDI/DBDI hard phase), however, showed ad-
vantages of increased strength and stiffness, plus increased strain recovery com-
pared to polymer A, thus offering improvements in all these properties [61, 254].

Of great interest for use of the polymers as elastomers is the degree of strain-
recovery on unload. Strain-recovery data for the three polymers are compared in
Fig. 4.4. It may be seen that polymer C, obtained with mixtures of diisocyanates
MDI+DBDI shows he highest degree of strain-recovery.

Shown below in Table 4.3 are the stress-strain data of a larger series of PUs ob-
tained by us, with single or mixtures of the diisocyanates MDI and DBDI. They are

Fig. 4.4 Residual elonga-
tion from one load-unload
cycle at nominal strain-rate
0.0042 s−1, from the data
in Fig. 4.2–4.3 comparison
of polymers of types A, B
and C. Material C is polymer
PUC1 PTHF achieved by us-
ing a single step prepolymer
synthesis using a melt mix-
ture of the two isocyanates
(MDI+DBDI) [61]. maximum nominal strain
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all three-component systems combined in stoichiometric proportions, and consisting
of: (1) a diisocyanate—either MDI or DBDI; (2) a macrodiol—PEA or PTHF; and
(3) a small molecule diol as chain extender—anhydrous EG. The macrodiols were
all of molar mass Mw = 2 000±50 g/mol. The three components were mixed in the
molar proportions HS:MD:CE=4:1:2.64, giving HS mass fractions in the region of
40%, and isocyanic index I = 110 which means that they have the potential for fur-
ther reaction with ambient humidity to produce chain lengthening and allophanate
crosslinking.

In Table 4.3, materials with single diisocyanates, (MDI or DBDI) are compared
with a family consisting of 6 polymers obtained with mixtures of MDI+DBDI as
follows: (1) PUC1 PEA or PTHF obtained by using a single step prepolymer synthe-
sis using a melt mixture of the two diisocyanates MDI+DBDI; (2) PUC2 PEA or PTHF

based on mixtures of MDI+DBDI where DBDI is first reacted followed by addi-
tion of MDI; (3) PUC2 PEA or PTHF also based on mixtures of MDI+DBDI but where
DBDI is first reacted followed by addition of MDI. The composition of the family
of elastomers prepared and studied is given in Table 4.2. Also note that previously,
in section 2.3.2, SEM results are presented for the same series of materials.

Table 4.2 Compositions of the family of polyurethane elastomers prepared and studied in this
work

Recipe PU structure

PUC1PEA or PTHF CE a−MD b−(DBDI−MDI)
PUC2PEA or PTHF CE−(MD−DBDI)−MDI
PUC3PEA or PTHF CE−(MD−MDI)−DBDI
PUD PEA or PTHF CE−MD−DBDI
PUM PEA or PTHF CE−MD−MDI

aCE – chain extender; bMD – macrodiol

The stress-strain testing performed on the initial polymer (I—Table 4.3) or on the
same polymer after annealing for 30 min at 150◦C, 160◦C (A—Table 4.3), 170◦C
and 180◦C. Fig. 4.5 reveals noticeable differences in the mechanical performance of
different ordered copolyurethane elastomers.

Strong variations started to occur above 150◦C, and as noted from DSC results
there was a good case for attributing this to variations in copolymeric order and a re-
duction in mesophase interactions [60]. As seen in Table 4.3, as a rule the higher the
disorder the better the elastic properties of the elastomer. This fact is characterized
by a lower variation of the Young’s Modulus during the increase of deformation,
and also by a lower residual elongation.

DBDI has a variable geometry which allows crystallinity to develop, and leads
to an increase in mechanical properties (tensile stress, ultimate strength stress and
also hardness) whereas the residual elongation is also dramatically increased.
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Table 4.3 PU stress-strain data of the materials depicted in Table 2.3 of section 2.3.2. It includes
two analogous families of PUs with single or mixtures of diisocyanates. The two PUs families vary
in the type of macrodiol (PEA or PTHF)[60]

Recipe
Type of PU structure∗

and moles
H

[Sh◦A]

100%
Tensile
Stress
[MPa]

300%
Tensile
Stress
[MPa]

Strength
Stress
[MPa]

Elongation
at Break

[%]

Residual
Elongation

[%]
(a) (b)

PUC1 PEA EG−PEA−(DBDI−MDI)
I
A

98
96

11.04
6.29

25.3
13.0

48.7
45.6

450
575

24 20
25 —

PUC2 PEA EG−(PEA−DBDI)−MDI I 94 9.3 24.7 41.6 375 60 50
PUC3 PEA EG−(PEA−MDI)−DBDI I 99 11.3 24.0 30.3 350 50 40

PUC1 PTHF EG−PTHF−(DBDI−MDI)
I
A

98
96

11.0
8.80

24.3
14.9

24.3
33.6

300
450

5 3
— 30

PUC2 PTHF EG−(PTHF−DBDI)−MDI
I
A

99
95

10.3
7.70

21.3
13.8

21.3
34.2

300
450

20 15
— 80

PUC3 PTHF EG−(PTHF−MDI)−DBDI
I
A

100
98

11.5
11.3

—
15.7

18.9
33.9

250
475

10 7.5
— 70

PUD PEA EG−PEA−DBDI I
98
96

15.8
12.8

19.5
17.3

33.7
27.7

525
600

155 155
240 —

PUM PEA EG−PEA−MDI I 92 8.1 22.0 47.0 425 45 35
PUD PTHF EG−PTHF−DBDI I 96 13.6 14.8 27.6 525 160 160
PUM PTHF EG−PTHF−MDI I 94 8.7 21.4 21.4 300 10 10

H = Hardness [Sh◦A]; I = initially; A = after annealing at 160◦C for 30 minutes;

(a) = immediate residual elongation

(b) = residual elongation after 1 week
∗ The structure is shortly represented by the nature of the monomers used in synthesis. A more

exact representation of the structure including and the molar ratios is given in the schematic of PU

synthesis depicted in Table 2.3, section 2.3.2.

As seen in Table 4.3 from above, the general improvement in properties with
DBDI was retained in polyester PEA type polymers when both diisocyanates are
included, especially when reacted together in a random fashion (PUC1 PEA), rather
than sequentially, in the prepolymer stage (PUC2 and PUC3 series). Under the con-
ditions, the residual elongation returns to that of a more conventional polyurethane
(Figure 4.4), eliminating the major inconvenience derived from the high permanent
deformability and high crystallinity which is undesirable for an elastomer.

For the PUs family achieved with PTHF (Table 4.3), the best mechanical prop-
erties were achieved only after an additional annealing performed by heating the
samples at 160◦C for 30 minutes. Annealing favored stronger hydrogen bonds and
increased the melting points as it determined a greater uniformity to the PUs net-
work.
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Fig. 4.5 Influence of the
annealing on the mechanical
properties of PTHF based
PUs: initially (I) and after
annealing for 39 min at 155,
160, 170 and 180 [60]
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4.3 Stress relaxation

The only reason for time is so that everything doesn’t happen at once (Albert Einstein)

This is true as well for PUs subjected to stress relaxation �. And it applies here too.
As is widely known, PUs are not perfectly elastic. Thus, when deformation is held
constant, the induced stress relaxes gradually.

Figure 4.6 shows example data, for stress relaxation over 100 hours, for a DBDI
material based on PEA and BDO (denoted as PU3 in Table 4.4) stretched to 300%
elongation. It also reveals that over the range shown there is a linear dependence of
stress on the logarithm of time, as expressed by equation (4.1).

σ = σ0 −a log t (4.1)

where σ0 and a are constants for a given material. This relation was found to hold
for all the materials tested by us [61].

Values of percentage stress relaxation, 10 minutes after straining to 300% elon-
gation at 3.1×10−2 s−1, are collected in Table 4.4 for several of the PUs studied,
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Fig. 4.6 Stress relaxation
of PU3 (DBDI-PEA-BDO,
I = 110) following 300%
elongation at nominal strain-
rate 3.1×10−2 s−1. Time t is
expressed in hours [61]

log t
0 1 2

Nominal stress
MPa

13

15

together with the initial nominal stress on reaching 300% elongation σ300%. Also
shown, for comparison, are the values of first and second cycle hysteresis E∗1H and
E∗2H and the residual elongation after unloading from 300% elongation.

Table 4.4 Percentage stress relaxation in various PUs, 10 minutes after elongation to 300% at a
nominal strain rate 3.1×10−2 s−1 [61]

Polymer PU structure
σ300%
MPa

Stress
relaxation

%

E∗1H
%

E∗2H
%

Residual
elongation

%

PU1 DBDI−PEA−DEG 11.3 21.0 84.4 46.5 20
PU2 DBDI−PTHF−DEG 10.5 19.2 81.1 47.2 75
PU3 DBDI−PEA−BDO 17.2 18.6 83.3 67.7 190
PU4 DBDI−PTHF−BDO 14.0 16.8 86.9 63.0 240
PU5 MDI−PEA−BDO 15.3 16.3 74.7 39.1 30

The three components were mixed in the molar proportions hard segment:macro-
diol:chain extender = 4:1:2.64, giving isocyanic index I = 110.

Also shown is the initial stress σ300%. For comparison, the table also shows the
residual elongation and relative hysteresis in first and second cycles of elongation at
the same rate E∗1H and E∗2H [61].

The measured values of percent relaxation over 10 minutes at 300% elongation
were found to lie in the range 17-21% in the case of DBDI based PUs, which may
be compared with the range 16-24% mentioned by Abouzahr and Wilkes for simi-
lar MDI based polyurethane elastomers [282]. As may be seen, the range of stress
relaxation for the DBDI and MDI based PUs do not differ greatly. Nevertheless,
some interesting differences are visible in Table 4.4. Comparing the results for PU3
and PU5, it may be seen that there is an increase of 14% in stress relaxation when
the MDI hard segment is replaced by DBDI, for the same macrodiol/chain extender
combination and urethane group concentration. This is consistent with the increase
in residual elongation and hysteresis also shown in Table 4.4. This table also shows
some influence of changing the macrodiol (10% increase in stress relaxation from
PTHF to PEA) or the chain extender (13% increase from BDO to DEG), when
DBDI was the HS. But it is interesting to note that these increases do not correlate
with increases in residual elongation or hysteresis. Other factors are at work here,
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Fig. 4.7 Stress-strain curves for polymer
PU3 (DBDI-PEA-BDO) at nominal strain-
rate 3.1×10−2 s−1: (a) interrupted test, with
10 min. stress relaxation at intervals of 50%
elongation; (b) continuous test [61]
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Fig. 4.8 As Fig. 4.7 but for polymer PU5
(MDI-PEA-BDO) [61]

including the fact that use of DEG as chain-extender inhibits crystallization of the
DBDI [60, 61].

Further tensile stress relaxation tests were conducted by interrupting constant
strain-rate tests (again 3.1×10−2 s−1) at intervals of 25% elongation, to observe the
relaxation of stress at constant strain over 10 minutes, before resuming extension.
Sample results are shown in Fig. 4.7 and 4.8, where materials based on DBDI and
MDI may be compared (PU3 and PU5). In both cases, the stress-strain curve for
continuous straining is included for comparison. A common pattern of behaviour
can be seen. When straining is resumed after stress relaxation for 10 minutes, the
stress rises rapidly before continuing a steady increase with strain, resuming ap-
proximately the original curve. The fact that the stress-strain curves for continuous
straining lie slightly below the corresponding envelope curves for the interrupted
tests, is believed to reflect a small degree of adiabatic heating in the continuous
tests. The nominal strain-rate employed (3.1×10−2 s−1) is at the upper end of the
range where isothermal conditions are likely to apply in the testing of an elastomer
[283]. Any adiabatic heating is likely to be absent in interrupted tests, where suffi-
cient time was available for heat to dissipate. As may be seen once again, Fig. 4.7
and 4.8 show that, with DBDI as the hard segment, the extent of relaxation is greater
than with MDI.
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4.4 Cyclic tensile responses. Hysteresis

Magic lives in curves not in angles (Mason Cooley)

People prefer curves. � Why curves? Well, sharp contours might convey a sense
of threat (Bar, M. & Neta, M. – Psychological Science, 2006). They are associated
with negative emotions, whereas curved contours are linked with positive reactions,
as symbols of continuity. . .

Hysteresis is a concept that has become involved in a lot of intellectual fields,
from economy to philosophy or from history to science: from the economic hystere-
sis describing the physics of unemployment, to hysteresis in hand-eye coordination,
or from hysteresis of brain-mind duality to engineering hysteresis used to determine
the different routes taken by systems when they change in two directions.

All of these (so various) fields have a common feature: to determine different
modifications taken by systems when they change in two directions.

Hysteresis describes changes that elude our attempts to make predictions of fu-
ture behaviour. Thus, why not, metaphorically speaking, hysteresis might even be
considered as a genuine tool capable to describe people’s patterns of thinking, their
feelings, the changes and chances in life, in terms of ups and downs given by
load/unload cycles. In this scenario, hysteresis may show deterioration or success
evidenced by variations in the human being energy loss, acting as a measure of
the extent to which people are affected after facing various situations. From such a
metaphoric perspective, an “elastic” and tolerant perspective of life would certainly
lead to a minimum hysteresis. �(Not being able to do so, gradual change may sud-
denly become catastrophic (?)

Hysteresis occurs in many fields of science. Hysteresis is observed in various
substances and physical processes. Magnetic hysteresis occurs when a permeable
material like soft iron is magnetized by being subjected to an external magnetic field.
Thermal hysteresis occurs when the value of a given property of a body depends not
only on the body’s temperature but also on whether the temperature is rising or
falling.

The material damping, or mechanical hysteresis, is related with the energy dissi-
pation in the volume of a macro-continuous medium. This phenomenon takes place
when a more or less homogeneous volume of material is subjected to cyclic stresses.
As a result of inelasticity, a phase shift occurs between strain and stress and in the
stress-strain coordinates, the geometrical locus of operational point becomes a loop,
known as hysteresis loop, which evolves with the number of stress cycles and offer
useful information upon the material state.

4.4.1 General considerations on hysteresis and Mullins effect

Hysteresis, which is characteristic of most polyurethanes, has been attributed to a
number of factors including nonaffine deformation, plastic deformation of the hard
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domains, irreversible disruption of the microstructure (particularly in PUs with in-
terlocked HS domains), irreversible orientation of the HS domains, and irreversible
strain induced SS crystallization. Therefore, often it is very difficult to determine
the dominant mechanism responsible for the PUs hysteresis.

PUs display high hysteresis possibly due to irreversible structuring of the mor-
phology and high energy losses caused by the HS orientation. PUs hysteresis and
the associated mechanical loss processes have been attributed to the breakdown
and reformation of the mesophase morphology during mechanical cycling. HS do-
mains act as crosslinking volumes with high functionality and simultaneously act as
fillers, thus raising the elastic modulus. However, in contrast with fillers in conven-
tional rubbers they do not reduce the breaking strain, since being in a material under
macroscopic load, they will be partly deformed. Since the domains undergo plastic
deformation, the retractive force will decrease. This causes a stress-strain hystere-
sis and a so-called permanent set, which is in fact a frozen-in deformation of the
material [4].

Numerous studies have been reported on the investigation of the PUs and other
elastomeric materials hysteresis behaviour [284–293]. As shown, the hysteresis and
the associated mechanical loss processes can be partly attributed to the breakdown
and reformation of the mesophase morphology during mechanical cycling [284].

Harwood et al [285] noticed that a pure natural rubber and a carbon-black filled
natural rubber exhibit a similar softening when both materials are stretched up to
the same stress level. According to this result, the Mullins softening was related
to a stress level than to a strain level, which is why often the Mullins effect has
been referred to as a stress-softening effect [286]. Applying load/unload cycles up
to various stretch levels, Diani et al [286] noted that there is no general stretching
lower limit to observe some Mullins softening, but this depends on the materials.

Muller-Riederer et al [287], and Bonart et al [288] developed the concept of
molecular orientation and inhomogeneous transfer of force throughout the matrix
of segmented PUs, which assumed the existence of stretched and unloaded chains
due to imperfect morphology. Upon the first stretching some chains bear high lo-
cal stresses. Since the chains pass through several hard domains, the pre-stretched
chains cause pulling of HS out of some domains until the homogenization of the
stress transfer, i.e. plastic deformation of the hard domains results. High stresses
are necessary to extend prestretched chains, whereas in the repeat run only entropic
forces or uncoiling of the soft segments are involved.

Abouzahr and Wilkes investigated the hysteresis behaviour of segmented pol-
yetheric PUs based on MDI/BDO and PTMO of molar mass 2 000 g/mol [176].
They revealed that different mechanisms account for stress softening and showed
that particularly, at high HS concentrations, domain disruption dominates starting at
low extensions. As shown by Abouzahr et al [176], at high HS concentrations, the
domain disruption dominates starting at low elongations. PUs also display high hys-
teresis possibly due to irreversible structuring of the morphology and high energy
losses caused by the HS orientation. As observed by Abouzahr, the materials with
distinct domain texture showed the lowest hysteresis while those with no domain
texture showed an increasing level of hysteresis with increasing the strain. This was
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explained by Abouzahr in terms of a morphological model according to which the
domains act as effective crosslinks and filler particles that physically crosslink and
reinforce the SS segment matrix [176].

PUs exhibit an appreciable change in their mechanical properties resulting from
the first extension. This property, observed by Bouasse and Carrière [289] was firstly
reported in filled and non-filled rubber-like materials. In order to provide a better un-
derstanding of the stress-softening resulting from the Mullins effect, several phys-
ical interpretations were proposed, from chain breakage at the interface between
the rubber and the fillers, slipping of molecules, rupture of the clusters of fillers,
chain disentanglements, to more complex composite structure formation [286]. In
the carbon black filled rubbers the explanation of the Mullins phenomenon involved
breaking or detaching “prestrained” chains from the surface of filler particles in the
first cycle. In the following cycles the detached chains did not support the stress,
giving rise to the observed softening bonds during stretching [290].

PUs load/unload cycles were found to be sensitive to the temperature dependent
morphologies. Such observations were reported, for example, by Gorce et al [291]
for segmented PUs based on BDO, PTMO2000, and MDI. The mechanical hysteresis
was found to be sensitive to the temperature dependent morphologies of these mate-
rials and to the morphological changes induced by the strain level and deformation
energy during a deformation cycle.

The mechanical hysteresis of polyether PUs investigated by Gorge et al was stud-
ied as a function of temperature, percent strain, and deformation energy. Hysteresis
values remained small at low temperatures when the extent of the sample deforma-
tion did not disrupt the glassy matrix. This was readily evident at temperatures be-
low the glass transition temperature (TG) of the polymer where the material did not
formally yield. At temperatures above the TG of the polymer, hysteresis remained
small even at substantial strains levels and demonstrated the capabilities of the HS
domains to act as physical crosslinks. At high emperatures, the percent hysteresis
increased as the hydrogen-bonded HS domains weakened.

Nallicheri et al [292], studied the influence of crosslinking on the hysteresis be-
haviour of poly(urethane-diacetylene) segmented copolymers. They developed a
new class of segmented PUs that contain reactive diacetylene groups within their
HS. In such materials, the diacetylene groups remain inactive during material for-
mation but can be subsequently reacted in the solid state to produce HS domains
covalently link together with fully extended poly(diacety1ene) chains. The con-
version of the diacetylene groups to poly(diacety1ene) chains is a topochemical,
lattice-controlled process and therefore occurs without significant disruption of the
hard domain organization or the morphology of the segmented copolymer. This has
made possible to introduce well-defined covalent crosslinks within the hard domains
without modification of the molecular or supermolecular organization of the poly-
mer [292].

Nallicheri examined the influence of hard domain cohesion on the hysteresis be-
haviour. The hard domains of these materials were selectively crosslinked in the
solid state by polymerizing the diacetylene groups contained within their HS. For
materials with weakly associated HS, it oberved that low levels of crosslinking
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significantly reduced the amount of hysteresis which they exhibited at low strains.
Premature break-up of the hard domains due to weak hard domain cohesion was par-
tially responsible for the high hysteresis values observed at low strains. The energy
loss was eliminated by diacetylene crosslinking [292].

The thermodynamics of stress-softening and hysteresis in polybutadiene polyure-
thanes (PBUs) with different compositions were studied by Godovski et al [85, 294],
by using deformational calorimetry. The intramolecular energy contribution of the
soft blocks was investigated. The PBU based PUs are typical poly block copoly-
mers composed of alternating soft and hard blocks which differ from conventional
(polyester) PUs by the chemical structure of the PBU block: it cannot crystallize and
form hydrogen bonds. This leads to a high degree of segregation between the hard
and soft blocks [279]. The absence of interphase interaction makes PBU a suitable
model for studying the deformation behaviour of a polyblock system.

In such materials, deformation causes significant intermolecular changes in PBUs
which raise the internal energy. As shown by Godovski [294], irrespective of com-
position (for 24-79% hard block content), the initial strain (up to 10%), was accom-
panied by heat absorption and was characterized by bulk elasticity. This indicated
that the hard phase in samples was continuous. Further extension, leading to yielding
points and necking, was exothermic, the amount of evolved heat being dependent
on the hard block content. These results refered to elongations of up to 60%.

As revelead by Godovski, irrespective of temperature, the extension of PBU
based materials curves for the first cycles differ from those of subsequent defor-
mations. Similar conclusions were drawn by us for other polyester of polyether PUs
derived from MDI, DBDI or mixturews of them [135].

The maximum mechanical hysteresis and residual strain, which were strongly
dependent on the hard block content, occurred during the first cycle and the residual
elongations and hysteresis decreased with temperature.

The thermodynamic analysis of stress-softening and hysteresis made by
Godovski has shown that the softening of PBU was accompanied by consider-
able energy change [294]. The energy expeditures in urethane hard blocks could
be caused by rearrangements of hydrogen bonds, and by the disruption and rear-
rangement of the hard domains structures under strain. They are responsible for the
stress-softening and hysteresis losses. Recently (2010), similar conclusions were
drawn by us for other polyester and polyether PUs derived from MDI and DBDI
[135].

Overall, the study made by Godovski et al showed that the PUs softening and
hysteresis were accompanied by energy absorption reflecting intermolecular change
in the hard domains. An increased hard block content resulted in increased energy
changes, whereas increasing the temperature resulted in a reverse effect.

A series of studies was also made by us, of the PUs cyclic stress-strain response.
The range of structures achieved by us was widened by inclusion of DBDI, as a
diisocyanate with a very strong tendency to packing due to its constitutional mo-
bility. A systematic investigation (as shown in Table 4.5), was made of the effects
of varying HS and SS chemistry, crosslinking and preparation procedures, on the
hysteresis behaviour and Mullins effect of melt-cast polyurethane elastomers, The
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materials were prepared with no excess of NCO groups, giving isocyanate index
I = 100 [175].

Table 4.5 Compositions of the family of polyurethane elastomers PU1-PU14 prepared and studied
in this work [175]

PEA PTHF

MDI EG PU1 PU7
MDI DEG PU2 PU8
MDI BG PU3 PU12

DBDI EG PU4 PU9
DBDI DEG PU5 PU10
DBDI BG PU6 PU11

The major structural feature which we have explored has been the relationship
between the nature of the HS (crystallizing or not) and that of the SS. The role of
the HS structure was investigated by comparing mainly hard segments with MDI
and DBDI.

The range of polymers was designed to reveal the roles of choice of macrodiol
and of chain extender in determining the performance as an elastomer. The SS were
the polyether PTHF and polyester PEA or PBA, of molar mass 2 000 g/mol. The
chain extenders used in the synthesis were EG, BG or DEG. Mechanical tests in-
cluded load-unload cycles at constant rate of extension, with measurement of hys-
teresis and strain recovery, and stress relaxation tests.

Example curves of nominal stress versus nominal strain for three load/unload
cycles between zero stress and a nominal strain of 3 are given in Fig. 4.9 and 4.10
below for two polymers based on DBDI and MDI. As seen, notable features were
the pronounced hysteresis, and unrecovered strain.

The experiments were carried out at constant rate of extension. Irrespective of
the HS crystallizing or not, PUs exhibited an appreciable change in their mechanical
properties resulting from the first extension The presence of DBDI hard segments
instead of MDI led systematically to increases in: the input strain energy to a given
elongation, hysteresis and residual strain under cyclic loading, and stress relaxation.

Polymers based on DBDI, displayed higher stiffness and strength than the con-
ventional MDI based PU. Both features of the response were attributed to differ-
ences in hard phase plastic flow stress, resulting from crystallinity in the DBDI
phase. Lower strain recovery and strain energy recovery on cycling (hysteresis)
were observed in the case of PU derived from DBDI. The material based on DBDI,
displayed higher Young Modulus values and higher residual elongation than did
the conventional MDI based PU. In such materials the stiffness, hysteresis, resid-
ual elongation and stress relaxation were all increased relative to the corresponding
MDI based PU,
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Fig. 4.9 Tensile load/unload
cycles for a material based on
MDI:PU1(EG-PEA-MDI) at
strain rate 0.03 s−1 [69]
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Fig. 4.10 Tensile load/unload
cycles for a material based on
DBDI:PU4(EG-PEA-DBDI)
at strain rate 0.03 s−1[69]
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Comparing successive load-unload cycles we found that irreversible changes to
the stress-strain response were confined essentially to the first loading cycle. In sub-
sequent cycles the load-unload stress-strain curves remained almost unchanged. For
example, the recovered energies in first and second cycles were equal in most cases,
to a good approximation. Similarly, increasing the time interval between the end of
one unloading cycle and the start of the next, from a few seconds to several hours
(up to 24 hours), had no sensible effect on the measured recoverable strain energy.
This was in contrast to the input energy, which was clearly dependent on the nature
of the HS (crystallizing or not).

First loading to a given deformation was associated with higher stiffness and
hysteresis than is typical for a homogeneous crosslinked elastomer. But the first
loading caused damage to the microstructure, such that subsequent loading inside
the envelope of previous deformations, was associated with lower stiffness and hys-
teresis. Consequently, re-loading followed a stress-strain path closer to the previous
unloading path than to the first loading path: i.e. these materials typically exhibited
the well-known Mullins effect [283, 295–297].
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4.4.1.1 Cycling to fixed extension. Mullins effect

In the first phase of the study, the materials were cycled between an extension of
3, and zero load, for 3 cycles. An example curve of nominal stress versus nominal
strain is shown in Fig. 4.11.

Notable features were the pronounced hysteresis, unrecovered strain and Mullins
effect (whereby re-loading follows a stress-strain path closer to the unloading path
than the original loading path). From curves such as these we calculated several
quantifiers of the inelasticity. Consider the first cycle for material PU1, shown above.
It defines three zones A, B and C in the stress-strain diagram.

In this study we denoted by E1 the energy density expended on first loading to a
nominal strain of 3, thus from Fig. 4.11 [69, 175]:

E1 = EA+EB+EC (4.2)

We indicated all relative quantities by asterisks. Thus we defined the relative first
cycle residual strain, and relative first cycle hysteresis energy dissipation by

ε∗r =
εr

εmax
, E∗1H =

EA+EB

E1
(4.3)

An additional point of interest in cyclic straining was the Mullins effect. It was
helpful to have a quantitative measure of how close the materials come to exhibiting
an “ideal” Mullins response, as defined for example by Ogden et al (1999) [175,
296]. To this end we defined a “Mullins factor” M, such that an ideal Mullins re-
sponse was characterized by M = 1 [175]:

M = 1− EB

E1
(4.4)

As is usual for PU elastomers, all the materials showed substantial deviations
from hyperelastic response, indicating the presence of relaxation processes. The

Fig. 4.11 Loading-
unloading-reloading cycle
for material PU1, with defi-
nitions of zones A, B, C of
the diagram, maximum nom-
inal strain εmax and residual
nominal strain εr [69, 175] nominal strain
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Fig. 4.12 Graph showing the
effects of varying hard phase
crystallinity on two measures
of inelasticity — ε∗r (�) and
E∗1H (•) — and the first cycle
energy input E1 (�). The
data are for materials PU3
and PU6 (a), and PU5 and
PU6 (b). The lines have no
significance except to guide
the eye [175].
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hard domains clearly did not act simply as rigid crosslinks for the soft domains.
Inelasticity measures ε∗r and E∗1H laid in the ranges 0.23–0.75, and 0.74–0.94, re-
spectively. Similarly, all the materials showed a response on re-loading after the first
cycle that had significant Mullins-type character, with M in the range 0.79–0.94.

With respect to varying PU composition, the dominant result from these tests was
the differences between polymers based on the two hard segments. For all combi-
nations of chain extenders and macrodiols, residual strain ε∗r and hysteresis energy
dissipation E∗1H, were highest for hard segments of DBDI than of MDI.

Results showing the effect of varying crystallinity are given in Fig. 4.12. It com-
pares results for the amorphous (χ = 0) materials PU3 (a) and PU5 (b), with PU6
which has partially crystalline hard domains (χ = 0.104).

Thus 4.12(a) shows the effect of introducing HS crystallinity by change of HS,
while 4.12(b) shows the effect of introducing crystallinity by changing the chain
extender. In both cases the effect of crystallinity is the same.

Now consider the role of phase separation. In this study this was quantified in
terms of the SAXS peak area. A striking feature of the results was that all materials
with PTHF as SS showed much higher intensity in SAXS than the corresponding
polymers with the other soft segments. Moreover, in mechanical tests, polymers
with PTHF soft segment showed reduced inelasticity, as expressed via ε∗r and E∗1H,
and increased first cycle energy E1. These effects are shown below in Fig. 4.13,
which compares results for PU2 (MDI+DEG+PEA) with PU8 (MDI+DEG+PTHF)
(a), and PU5 (DBDI+DEG+PEA) with PU10 (DBDI+DEG+PTHF) (b). Thus
4.13(a) shows the effect of greater phase separation in a MDI-based system and
4.13(b) shows the corresponding effect in a DBDI-based (but non-crystalline) sys-
tem.

Also included in Fig. 4.13 is the Mullins factor M. It is interesting to note that in
4.13(a) it increases slightly, while in 4.13(b) it decreases slightly when the SAXS
intensity increases. This is evidence for the fact that the Mullins effect, although
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Fig. 4.13 Variation of inelas-
ticity measures ε∗r (�) and E∗1H
(•), and the first cycle energy
input E1 (�), with degree of
phase separation as expressed
by the integrated SAXS peak
intensity. Results shown are
for PU2 and PU8 (a), and PU5
and PU10 (b). Also shown is
the Mullins factor in each
case (�). The lines have no
significance except to guide
the eye [175].
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usually associated with the presence of hard filler particles, is not sensitive only to
the degree of phase separation in the present materials.

Since the Mullins effect appeared to be special to elastomers, it was of interest to
us, to observe how its appearance relates to more usual manifestations of inelasticity
such as E∗1H. Data for M and E∗1H are crossplotted in Fig. 4.14, therefore, for all the
materials tested cyclically to an extension of 3 [175].

Fig. 4.14 revealed a remarkable, and unexpected, correlation between these two
parameters, for the range of materials studied. All except two of the materials appear
to lie on the straight line shown, which is simply

M = E∗1H (4.5)

The reader will note the two outlying points clearly did not lie on the same line,
having exaggerated values of M for their values of E∗1H. Interestingly, they are for

Fig. 4.14 Results from cyclic
extension to an extension of
3, plotted as M versus E∗1H.
Filled symbols—data for
MDI-based polymers; open
symbols—data for DBDI-
based polymers [175] relative 1 cycle hysteresis
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materials PU7 and PU8: the two MDI-based polymers showing SAXS peak areas
much higher than the others, indicating a higher degree of phase separation. The
evidence of Fig. 4.14 is that, at least in the materials studied here, the Mullins effect
is linked to the mechanism of hysteresis, but is accentuated by a high degree of
phase separation.

4.4.1.2 Cycling to increasing extension

Similar observations were made by us when PUs were cycled to increasing exten-
sion [175]. A further series of mechanical tests was designed to compare inelasticity
of the various materials under cycling to increasing extension. Thus each specimen
was subject to a continuous pseudo-cyclic straining sequence, such that on the nth
cycle it was cycled between a maximum nominal strain εmax = n and zero load. The
magnitude of extension rate was the same as in the previous experiments.

In view of the apparent partial correlation between M and E∗1H revealed by Fig.
4.14, it has been of interest to represent the data from the second series of experi-
ments in the same manner. This is done in Fig. 4.15.

Again the Mullins factor appeared to be related to the hysteresis in a remarkably
similar manner for all materials. With increasing maximum extension the points
moved closer to the line of equation (4.5). We noted that the two materials PU7 and
PU8 that are outliers in Fig. 4.15 (where εmax = 3) are here moving in the same
sense, but by n = 3 they have not yet reached the line.

These experiments revealed clearly that inelastic features in the constitutive re-
sponse of PUs are sensitive to microstructural detail on length scales of order nm.
One prominent result was the strong influence that hard-domain crystallinity exerts
on inelasticity of the elastomers. Thus, there was a clear indication from data such
as those of Fig. 4.15 that the physical origin of the flow stress must be relative dis-
placement of the hydrogen-bonded HS. Note that in PU4 and PU5 hard and soft

Fig. 4.15 Results from cy-
cling to extension n on the
nth cycle: M versus E∗1H.
Filled symbols—data for
MDI-based polymers; open
symbols—data for DBDI-
based polymers. Arrows show
the direction of increasing n
[175]
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segments are the same (DBDI and PEA respectively), the only difference being the
chain extender that induces differing levels of crystallinity. This result is consistent
with previous observations on similar materials with I = 110 [60, 61].

A second clear result from the present work is the influence of phase separation
on the constitutive response. Evidence for some phase separation was seen in SAXS
for all the materials studied. But in the PTHF-based materials it was particularly
pronounced (as evidenced by SAXS peak intensity). Inelasticity as measured by
hysteresis and unrecovered strain was reduced by increased phase separation.

By doing this study, a quantitative correlation was found by us, between the mag-
nitude of the Mullins effect and the fractional energy dissipation by hysteresis under
cyclic straining, giving a common relation that was approached by all the materials
studied. Stress relaxation in interrupted tests also increased with hysteretic energy
loss [175].

4.4.1.3 Influence of strain amplitude on Mullins effect and hysteresis energy
loss

A more pronounced increase of the hysteresis number [69, 175] with increasing
the strain amplitude was found in the case of the materials derived from DBDI
as compared to materials based on MDI. The hysteresis number ranged between
0.56–0.75 (for the MDI type polymer), and between 0.93–0.99 (for the DBDI based
materials) as seen in Fig. 4.16. Similar observations were made by us, with regard to
the Mullins number, which increased with increasing the strain amplitude [69, 175].
Examples are shown in Fig. 4.17-4.19. As seen the Mulllins number increased with
increasing the strain amplitude, irrespective of the type of chain extender (DEG or
BG), or type of diisocyanate (MDI or DBDI).

Note that for the same diisocyanate, (DBDI or MDI), the Mullins response was
not significantly influenced by the adopted polyaddition procedure, i.e. the prepoly-
mer or the one-shot route.

Fig. 4.16 Variation of hys-
teresis number with increas-
ing the strain amplitude from
0% to 300%, for two PTHF-
EG materials selected from
Table 4.5: PU7 (MDI) and
PU9 (DBDI)
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Fig. 4.17 Mullins number as
a function of strain amplitude
(strain rate = 0.03 s−1) for
PU10 (Table 4.5), with the
structure DBDI:DEG:PTHF
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Fig. 4.18 Same but for
PU11 with the structure
DBDI:BG:PTHF
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Fig. 4.19 Same but for a
PU12 with the structure
MDI:BG:PTHF
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4.4.1.4 Influence of strain rate on Mullins effect and hysteresis energy loss

Neither M nor E1H were influenced significantly by variation of strain rate, irre-
spective of the choice of combinations between diisocyanates, chain extenders and
macrodiols. Shown in Tables 4.6 and 4.7 are examples data of M and E∗1H with
increasing the strain rate for material PU11 of Table 4.5.

Neither M nor E1H were significantly influenced by variation of the type of SS
macrodiol, PEA or PTHF. For the DBDI based polymers, the highest E1H values
were found in the case of polymers based on the couples DBDI-EG and DBDI-BG,
while the smallest hysteresis values were observed for materials with DBDI and
chain extended with DEG that inhibits crystallization [61].
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Table 4.6 Mullins number (M) data at 300% maximum strain tests conducted at variable strain
rate for PU11 (DBDI:BG:PTHF)

Strain rate
Maximum

nominal strain,
(300%)

Mullins number
(M)

0.05 300 0.9212
0.03 300 0.9202
0.01 300 0.9199

0.001 300 0.9287
0.0003 300 0.9352

Table 4.7 Hysteresis energy dissipation (E1H) data at 300% maximum strain tests conducted at
variable strain rate for PU11 (DBDI:BG:PTHF)

Strain rate
Maximum

nominal strain,
(300%)

Hysteresis
energy

dissipation,
(E1H)

0.05 300 0.9000
0.03 300 0.8897
0.01 300 0.8959

0.001 300 0.8993

4.4.2 Cycling tensile response with varying the hard segment
content

As shown by Abouzahr and Wilkes [176] in the case of MDI based PUs extended
with BDO, morphological changes take place as the HS fraction is increased. The
texture changes from that in which little such domain content exists at low HS levels
(15%), to that in which the polymer has an interlocking domain morphology at high
HS content (35 and 45%). Preferable elastomeric properties (low hysteresis, high
extension) can be obtained when isolated HS domains exist (25% HS).

Hysteresis behaviour revealed that different mechanisms account for the stress
softening in these PUs. At high HS fractions, the domain disruption dominates start-
ing at low elongations. The materials also display high hysteresis which is due to
irreversible structuring of the morphology and high energy losses caused by the
orientation of the HS.

Materials that possess rather distinct domain textures show the lowest hystere-
sis characteristics while those with no domain texture show an increasing level
of hysteresis with strain. This was explained by Abouzahr [176] in terms of a
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morphological model according to which the domains act as effective crosslinks
and filler particles that physically crosslink and reinforce the SS segment matrix.

As shown by Abouzahr, the kinetics of domain formation was found to be de-
pendent on the driving force for segment segregation and the viscoelastic properties
of the material.

Godovski et al [294, 298, 299] studied the stress softening and mechanical hys-
teresis of a series segmented polybutadiene polyurethanes (PBU). They mainly dif-
fered from conventional polyester polyurethanes by the chemical structure of the
soft polybutadiene block which cannot crystallize and form hydrogen bonds. This
lead to a high degree of segregation between the hard and soft blocks. Therefore
the absence of interphase interaction makes PBU a suitable model for studying the
deformation behaviour of such polyblock systems. Isocyanate MDI with a triazine-
containing diol was used as the hard blocks [298]. The hard block content was var-
ied from 24% to 63%. For all samples, irrespective of temperature, the load curves
for the first cycles differed from those of subsequent deformations. The maximum
mechanical hysteresis and residual strain, which were strongly dependent on the
hard block content, occurred during the first cycle. The residual elongations and
hysteresis decreased with temperature. The hysteresis losses during the second and
subsequent cycles were significantly lower than that during the first one. After five
load/unload cycles the losses were small and were less than 30%. Similar conclu-
sions were reported by us for materials based on crystallizing hard segments [60,
61].

Russo and Thomas studied a series of PUs with increasing percent of hard seg-
ment by mechanical testing at low strain rate [300]. They found that an increase in
the HS content results in an increase in the initial modulus, and of ultimate strength,
and also determines a decrease of the elongation to break.

An interconnected morphology developing upon increasing the HS content has
been also evidenced by use of AFM. At low HS contents, the deformation mecha-
nism involves extension of the SS chains. The HS are mixed within the continuous
domain without significant aggregation so alignment and break-up of hard domain
structure is not in operation, resulting in lower levels of hysteresis. As the HS con-
tent is increased, elongation of the more crystalline, interconnected hard domains
produces plastic deformation and disruption of the hydrogen-bonded and/or crys-
talline hard block structure, which is reflected in increasing amounts of hysteresis
[56, 176]. This is also consistent with our recent observations made on PUs based
on HS crystallizing or non-crystallizing [135].

Qi and Boyce conducted a systematic experimental study on the large strain
stress-strain behaviour of polyetheric segmented PUs based on the diisocyanate
MDI and BDO [301]. The PUs composition was changed from sample to sample
to provide different HS ratios. Materials were examined by uniaxial compression
tests in both the quasi-static and high strain rate regimes, from 103–104 s−1. The
highly non-linear large observed stress-strain behaviour demonstrated a strong hys-
teresis and rate dependent character. Cyclic softening was observed for the materials
with crystalline HS content and was absent for the material with an amorphous well-
dispersed HS content [302].
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Similar conclusions were drawn by us [185]. As reported, the strain energy input
increased with increasing the concentration of the HS urethane groups, reflecting the
increase in concentration of hydrogen bonds. In contrast, the fractional recovered
energy decreased, revealing the fact that the increase in the strain energy input is
associated with increased plastic dissipation of energy, resulting from stress-induced
breakdown of the hydrogen bonds.

Another example is a recent study which we made on materials obtained with
the diisocyanates MDI (non-crystallizing) or DBDI (crystallizing), where we aimed
to investigate how aspects of the mechanical responses vary with the increase of the
HS percent, from 20% to 80%. A series of 10 materials (as shown in Tables 4.8 and
4.9) based on the chain extenders DEG or EG was investigated. DEG was used to
follow the PUs mechanical response with increasing the HS fraction whereas the
influence of the degree of crosslinking (isocyanic index 100 or 110) was followed
for EG based materials of ca 40% HS fraction. The soft segment PTMO of molar
mass 2 000 g/mol was used in the synthesis of all materials.

Table 4.8 Compositions of the family of thermoplastic polyurethane elastomers [185]

DI CE PTHF

MDI EG PU1
MDI DEG PU2

DBDI EG PU3
DBDI DEG PU4

Table 4.9 Molar compositions of the PU1–6 materials (with isocyanic index I = 100 or 110) [185]

PU material PU1 PU2 PU3 PU4 PU5 PU6

Moles of polyol 1 1 1 1 1 1
Moles of MDI 4 4 0 0 0 4
Moles of DBDI 0 0 4 4 4 0
Moles of EG 3 0 3 0 2.64 2.64
Moles of DEG 0 3 0 3 0 0

(A) To produce thermoplastic PUs of variable HS content (I = 100), the chain
extender DEG was used in the syntheses. Obviously, the molar composition was
changed from sample to sample in order to provide different HS ratios. The HS
fractions ranged between 20 and 80%, as shown in Tables 4.10 and 4.11. The syn-
thesis steps were performed as described elsewhere [185].

The tests included load-unload cycles to a nominal strain of 3, at constant rate of
extension, with measurement of hysteresis and strain recovery. They were performed
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Table 4.10 Compositions of the family of DBDI based polyurethane elastomers (D), with increas-
ing the hard segment content from 20% to 80% [185]

PU material D20 D30 D40 D50 D80

Moles of (PTHF2000) 1 1 1 1 1
Moles of DEG 0.5 1.27 2.03 2.78 5.06
Moles of MDI 0 0 0 0 0
Moles of DBDI 1.5 2.27 3.03 3.78 6.06

Table 4.11 Compositions of the family of MDI based polyurethane elastomers (M), with increas-
ing the hard segment content from 20% to 80% [185]

PU material M20 M30 M40 M50 M80

Moles of PTHF2000 1 1 1 1 1
Moles of DEG 0.6 1.4 2.2 3 5.4
Moles of MDI 1.6 2.4 3.2 4 6.4
Moles of DBDI 0 0 0 0 0
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Fig. 4.20 Tensile load/unload cycles for material based on DBDI (D): (DEG-PTHF-DBDI,
I = 100), at strain rate 0.03 s−1, as the HS content was increased from 20% to 80% [185]

on two systems of materials with analogous structures, where only the type of di-
isocyanate (MDI or DBDI) differed (Fig. 4.20 and 4.21).
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Fig. 4.21 Tensile load/unload cycles for a thermoplastic material based on MDI (M): (DEG-PTHF-
MDI, I = 100), at strain rate 0.03 s−1, as the hard segment percent was increased from 20% to 80%
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Fig. 4.22 Comparison of the stress-strain curves for polymers based on DBDI (D) and MDI (M)
with HS increasing percentage from 20% to 80%, during loading at nominal strain-rate 0.03 s−1

[185]

Also, shown in Fig 4.22 is the influence of increasing the HS percentage from 20
to 80% on the tensile stress-strain data of PUs based on the chain extender DEG.

Increasing the HS percentage led systematically to an increase in the input strain
energy elongation [185]. The materials based on DBDI hard segments displayed
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higher stiffness and strength than did the conventional MDI based PUs. As seen in
Fig. 4.20 and 4.21 the recoverability of the MDI based materials was higher than
that of the DBDI based PUs. Such features of the response were attributed to dif-
ferences in hard phase plastic flow stress, resulting from crystallinity in the DBDI
phase. As the HS percentage increased from 20 to 80%, a lower strain recovery and
strain energy recovery on cycling were observed in the case of PUs derived from
dibenzyl structures. When comparing successive load-unload cycles, it was found
that irreversible changes to the stress-strain response were confined essentially to
the first loading cycle. In subsequent cycles the load-unload stress-strain curves re-
mained almost unchanged. The Young modulus increased proportionally with in-
creasing the HS content and was observed to be higher for materials obtained with
DBDI [185]. In the first deformation steps the materials with HS based on DBDI
displayed a higher strength, followed by values of strains which required smaller
stress increments. In contrast, similar materials but based on the MDI-DEG couple,
where the HS crystallinity was practically absent, exhibited proportionality between
the increase of nominal stress and stretching degree [185].

Overall, both for the MDI and DBDI materials, the hysteresis percentage in-
creased with increasing the HS content, which is a direct reflection of the two-phase
morphology displayed in segmented copolymers [176, 303].

(B) In the second part of the study we also aimed to investigate how aspects of the
mechanical responses of selected PUs vary with the value of the isocyanate index
(I). Two series of similar PUs were investigated, achieved with excess (I = 110)
and with no excess (I = 100) of isocyanate NCO groups. The HS fraction was kept
constant at ca 40%.The materials studied are listed in Tables 4.9 and 4.12.

The range of polymers was designed to reveal the role of the crosslinking degree
on the PUs mechanical response. The stress-strain data of the two series of materials
were compared. The stress-strain data are collected in Table 4.12 for four of the
materials studied, chain extended with EG and based on DBDI or MDI respectively.

Table 4.12 Comparison between the stress-strain data of similar PUs achieved as crosslinked and
thermoplastic materials, based on the chain extender EG, and diisocyanates DBDI or MDI[185]

PU
Type of PU

structure∗ and moles
Isocyanic
index %

Tensile
stress
100%
[MPa]

Tensile
stress
300%
[MPa]

Strength
stress
[MPa]

Elongation
at break

(%)

Residual
elongation

(%)

PU3
EG-PTHF-DBDI

3: 1: 4
100 9.7 13.3 34.4 550 189

PU5
EG-PTHF-DBDI

2.64: 1: 4
110 13.6 14.8 35.6 525 160

PU1
EG-PTHF-MDI

3: 1: 4
100 4.3 8.7 29.0 400 21

PU6
EG-PTHF-MDI

2.64: 1: 4
110 8.7 10.4 31.4 300 10

∗ The structure is shortly represented by the nature and the molar ratios of the monomers used in
synthesis.
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As seen, the stress-strain data of the postcured PUs obtained with an isocyanic
index I = 110 were somewhat higher than those of similar but thermoplastic mate-
rials when no excess of isocyanate was used. However, in the case of PU5 (I = 110)
as compared to its analogous PU3 (I = 100) the crosslinks, if any, were very small,
for example, PU3 has HS% = 38.33% whereas PU5 has HS% = 37.91% [185]. The
crosslinks were in fact the inevitable interchain physical association by hydrogen
bonds between urethane groups.

The thermoplastic character of PUs obtained using I = 100 was mainly evidenced
by an increase of the residual elongations. Similar conclusions were drawn in the
case of materials achieved with the chain extender DEG which inhibited crystalliza-
tion, but where the residual elongations were significantly lower irrespective of the
type of diisocyanate employed in the material synthesis.

Regardless the crosslinking degree, in the case of polymers based on EG the
300% modulus, tensile strength and residual elongation values were significantly
higher for the materials based on DBDI than for the PUs derived from MDI. This
was due to the HS having a higher flow stress in the presence of DBDI relative to
MDI, associated with increased hydrogen bonding in DBDI-based polymers,which
was enhanced by HS crystallinity.

4.4.3 Cycling tensile responses of polyurethane elastomers
achieved with no excess of isocyanate NCO groups

The overall PUs mechanical properties depend upon the relative volume fractions
of soft and hard phases, and on the intrinsic properties of each of the phases. These
in turn depend on details of molecular packing of the constituents within the phases,
including the density of hydrogen bonds. Crystallinity has been observed in the soft
phase when the macrodiol chain is long enough [4, 43, 126], and it is also sometimes
present in the hard phase. The latter is usually limited to only a few percent for most
HS structures when solidified from the melt, but as previousy shown, there is one
particular diisocyanate, DBDI that, in the presence of a suitable chain extenders,
gives rise to significant degrees of crystallinity [60, 61, 67, 127, 175, 304, 305] and
this is included in the present work.

There have been several previous studies of the effects of varying HS fraction on
the mechanical properties of thermoplastic PUs. The purpose of our present study
has been to investigate the role of other important structural features, as summa-
rized above. This was achieved by us, by a systematic variation of the three chem-
ical constituents: diisocyanate, macrodiol and chain extender. Two diisocyanates
were considered: the frequently employed MDI, and its close relation DBDI, that
is of special interest because of its tendency to crystallize on cooling from the melt
in the presence of some chain extenders [60, 61, 67, 127, 135]. Three macrodiols
were considered: PEA, PTHF PBA. These were chosen because polyethers such as
PTHF are well-known to promote phase-separation from the diisocyanates, while
polyesters such as PEA and PBA have a greater affinity for the diisocyanate through
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hydrogen bonding to their ester groups and hence are more miscible with the diiso-
cyanate, and phase segregation is expected to be less pronounced [4, 263]. Three
chain extenders were considered: ethylene glycol (EG), di-ethylene glycol (DEG)
and 1,4 butylene glycol (BG). These were selected so as to include two chain ex-
tenders that promote crystallinity with DBDI (EG and BG), and DEG that has been
shown previously to inhibit crystallinity in DBDI [61].

Results are reported here for a set of 14 model thermoplastic materials prepared
with differing combinations of diisocyanates, macrodiols and chain extenders, but
all having approximately the same mass fraction of HS (ca 40%), and all having SS
of the same molar mass (2 000 g/mol). As expected, the differing chemical compo-
sitions of the thermoplastic PUs caused variation in the degree of phase separation
and crystallinity.

Note that the series of materials investigated in this study is previously charac-
terized in Chapter 2, by small-angle X-ray scattering (SAXS) and wide-angle X-ray
scattering (WAXS). SAXS and WAXS results of these materials are previously de-
tailed in section 2.3.1, Table 2.1. Example SAXS patterns are shown in Fig. 2.15,
and WAXS patterns are illustrated in Fig. 2.15, also in section 2.3.1.

The materials were subject to a series of cyclic uniaxial tensile tests at room
temperature and ambient humidity, designed to characterize features of their consti-
tutive response relevant to their performance as thermoplastic elastomers, especially
focusing on their stiffness and their deviations from purely elastic behaviour.

The three components were always mixed in the molar proportions hard segment
diisocyanate (DI):macrodiol(MD):chain extender(CE) = 4:1:3, giving hard segment
mass fractions in the region of 40%, and isocyanic index I = 100. Synthesis was
carried out by the pre-polymer route described previously by Prisacariu et al [61,
135]. The DI and MD components were reacted together with vigorous mixing un-
der vacuum at 100◦C, to give prepolymer consisting of MD terminated at each end
by DI. This was then thoroughly mixed with the CE at 90◦C, and cast into closed
sheet moulds for curing at 110◦C over 24 hours. The final result was polymer with
Mw in the range 60–120 kg mol−1, in the form of sheets with thickness in the range
0.3–0.6 mm. The sheets were stored at room temperature for at least one month be-
fore testing. They were labeled PU1-PU14 according to their combination of HS,
macrodiol and chain extendder, as indicated in Table 4.13. It should be noted that
the stoichiometric proportions used in these polymers (I = 100) means that are truly
thermoplastic. They do not have the potential for further reaction with ambient hu-
midity to produce chain lengthening and allophanate cross-linking, seen in similar
polymers but with excess isocyanate groups (e.g. I = 110) [17, 60, 135].

The materials are numbered similarly as in Table 2.1, section 2.3.1. as long as
the PUs family investigated in this work is the same.

The sheet materials of thickness 0.3–0.6 mm were cut into rectangular strips of
width 6 mm, and tested in uniaxial tension at ambient temperature (23±1◦C) and hu-
midity (41±7% RH) using an Instron model 4204 testing machine at Oxford, with
50 mm between the grips. Extension was measured in the centre of the specimen us-
ing an Instron “elastomer” model extensometer, with a gauge length of 20 mm. No
strain localization was detected within the guage length. The experimental
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Table 4.13 Composition of the materials studied in this work

Material DI MD CE

PU1 MDI PEA EG
PU2 MDI PEA DEG
PU3 MDI PEA BG
PU4 DBDI PEA EG
PU5 DBDI PEA DEG
PU6 DBDI PEA BG
PU7 MDI PTHF EG
PU8 MDI PTHF DEG
PU9 DBDI PTHF EG

PU10 DBDI PTHF DEG
PU11 MDI PBA EG
PU12 MDI PBA BG
PU13 DBDI PBA DEG
PU14 DBDI PBA BG

programme was divided into two phases, with a different experimental protocol in
each phase. The resulting data are expressed below in terms of nominal stress s and
nominal strain e.

Phase 1 consisted of three load-unload cycles to a maximum nominal strain
emax = 3, using a constant nominal strain-rate of magnitude 0.03 s−1 [135]. No dwell
time was allowed when the straining changed direction. From the stress-strain data
obtained, several properties of interest were determined. The tensile modulus E was
calculated as grad ds

de at e = 0.01, determined by fitting a quadratic function to the
stress-strain curve over the range 0.005–0.015 and differentiating analytically. The
values quoted below are means over an average of 4.5 samples for each material,
and in each case the standard error of the mean was 2.4 MPa or less. Assuming lin-
ear viscoelasticity, this value of E corresponds to the isochronal 0.3 s tensile stress
relaxation modulus. Also determined was the residual strain on first unloading er,
expressed as relative residual strain e∗r = er/emax. In addition, the data were used
to compute various measures of specific work input W, obtained by the integration
W =

∫
s de. The first cycle work input W1 was obtained by integration over the first

loading up to emax; first cycle hysteresis ΔW1 by integration over the whole first
load-unload sequence; second cycle work input W2 by integration over the second
loading, from er to emax; and second cycle hysteresis ΔW2 by integration over the
whole second load-unload sequence [135]. The reproducibility of these work calcu-
lations was better than 8% in all cases. In comparing the materials, it was convenient
to express ΔW1 as the relative first cycle hysteresis ΔW∗1 = ΔW1/W2.

Phase 2 consisted of a series of load-unload cycles conducted at the same rate
as in Phase 1, but taken to progressively higher nominal strains emax on each cycle:
1, 2, 3. . . . Between 3 and 5 cycles were possible before failure with most materials.
These may be described as ’pseudo-cyclic’ experiments, to distinguish them from
those in Phase 1 where the maximum strain was constant. As in Phase 1, for each
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value of emax, the second cycle work input W2 was obtained by integrating over
the second loading from er to emax. In this phase, however, the second cycle to any
particular emax was left incomplete, since straining continued to the next value of
emax. Therefore the second cycle hysteresis ΔW2 was approximated by integrating
over the first unloading from emax and the second loading to emax, and we shall
distinguish it in the following with the notation ΔW′2. In this way, for each material,
a series of values of W2 and ΔW′2 was obtained, for various values of emax [135].

Phase 1: Example stress-strain curves obtained are shown in Fig. 4.23, where the
directions of straining are indicated by arrows. The three curves shown exemplify
the response seen with non-crystalline MDI-based PUs (PU2), with semicrystalline
DBDI-based PUs (PU6), and with non-crystalline DBDI-based PUs (PU10). Several
features are apparent immediately.

All three materials show pronounced hysteresis, and all three cyclic responses
exhibit the well-known Mullins effect, whereby in second loading to a given strain
a material follows a stress-strain path closer to the previous unloading path than to
the first loading path. Comparing the curves in Fig. 4.23, we may also see conse-
quences of differing chemical structures, that were replicated across the whole set of
materials. Firstly it is clear that material PU2 (MDI-based) has a discernibly lower
initial stiffness than the other two materials (DBDI-based). Secondly the hysteresis
and residual strain in the case of PU6 (semicrystalline and DBDI-based) are signif-
icantly greater than in the case of both the other two materials (noncrystalline and
either MDI or DBDI-based). Thirdly, material PU2 shows significantly more strain
hardening than the two DBDI-based materials.

The four parameters used to characterize the first and second load/unload cycles
are collected in columns 2–5 of Table 4.14. Materials PU9 and PU11 are missing
(except for the measurement of modulus), since they were insufficiently ductile to
withstand cyclic straining to e = 3.

Fig. 4.23 Examples of stress-
strain curves obtained in the 3-
cycle load-unload tensile tests
of Phase 1. Arrows indicate
the direction of straining.
Nominal strain-rate = 0.03 s−1
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Table 4.14 Tensile test results for first and second loading/unloading cycles to nominal strain e= 3.
Test temperature = 23±1◦C, relative humidity = 41±7% RH, and nominal strain-rate = 0.03 s−1

[135]

Material

1st cycle
tensile

modulus
E (MPa)

1st cycle
work input

W1
(MJm−3)

1st cycle
relative

hysteresis
ΔW∗1

1st cycle
relative
residual

nominal strain
e∗r

2nd cycle
work input

W2
(MJm-3)

2nd cycle
hysteresis
ΔW2 (MJm−3)

PU1 85.7 28.2 0.834 0.463 9.61 5.14
PU2 45.0 22.5 0.788 0.323 9.51 5.05
PU3 47.3 28.2 0.829 0.416 10.3 5.57
PU4 324 50.1 0.910 0.586 9.64 5.32
PU5 138 19.2 0.889 0.516 4.11 2.08
PU6 185 40.8 0.924 0.690 6.34 3.35
PU7 70.5 29.8 0.757 0.246 11.7 5.35
PU8 39.2 26.7 0.744 0.228 11.8 5.52
PU9 305 - - - - -

PU10 125 26.3 0.855 0.435 7.31 3.61
PU11 74.3 - - - - -
PU12 72.9 34.8 0.857 0.524 11.0 6.28
PU13 122 24.8 0.904 0.681 5.09 2.82
PU14 250 45.6 0.939 0.747 5.72 3.15

4.4.3.1 Tensile modulus

Consider first the isochronal tensile modulus E (0.3 s). It varies widely between 39
and 324 MPa. But within this range there is a clear pattern. In every case, the mod-
ulus of MDI-based materials (maximum value 86 MPa) is lower than that of DBDI-
based materials (minimum value 122 MPa). Moreover, the modulus of those DBDI-
based materials without crystallinity (maximum value 138 MPa) is always lower
than that of DBDI-based materials with crystallinity (minimum value 185 MPa). It
is informative also to consider how the modulus depends on physical structure of the
polymers. In Fig. 4.24 the modulus is plotted versus Q, quantifying the degree of
phase separation, for all the materials. It shows clearly that the modulus is indepen-
dent of Q when the degree of phase separation varies through change of macrodiol,
while DI and CE are unchanged. Fig. 4.25, however, shows the modulus plotted
versus degree of crystallinity [135]. This shows clearly that the modulus does in-
crease with increasing degree of crystallinity in the DBDI-based materials, and that
in addition there is the purely chemical effect mentioned above: DBDI always gives
a polymer with higher modulus than MDI, irrespective of choice of CE and MD
[135].

How can such large variations in tensile modulus be explained within a family of
thermoplastic PUs where the hard segment concentration is almost constant and the
soft segment chain length is constant? They are two-phase materials: HS-rich hard
domains are surrounded by a continuous SS-rich soft matrix. But there is likely to
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Fig. 4.24 Tensile modulus
versus SAXS invariant Q (in
arbitrary units). Filled sym-
bols = MDI-based polymers;
open symbols = DBDI-based
polymers. Symbol shapes in-
dicate the macrodiol: � PEA;
� PTHF; � PBA. Lines are
only to guide the eye: they
link materials differing only
in their macrodiol [135]
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Fig. 4.25 Tensile modulus
versus degree of crystallinity
deduced from WAXS. Filled
symbols = MDI-based poly-
mers; open symbols = DBDI-
based polymers. Lines are
only to guide the eye: they
link materials differing only
in diisocyanate (full lines)
or in chain extender (dashed
lines) [135]
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be, in general, some phase mixing (HS occurring in the matrix and SS occurring in
the hard domains). In interpreting physical properties of such a system, some insight
can be gained by considering it as a particulate composite material, comprising two
phases each of which has effective continuum properties such as elastic constants.
Applying this approach to the present TPU systems, there are three possible sources
of variation in elastic constants: variation of the hard phase volume fraction ϕh,
variation of elastic constants of the soft matrix, and variation in elastic constants of
the hard particles. Here, to make the problem tractable we invoke two, physically
reasonable, approximations: (1) both phases are isotropic elastic continua; (2) the
elastomers are incompressible—i.e. Poisson’s ratio ν = 0.5.

To understand the variation of tensile modulus of such a system requires a solu-
tion to the well-known problem of predicting elastic constants of a 2-phase material.
In general there is no analytical solution to this problem. The only rigorous predic-
tions for arbitrary particle shape are bounds on the bulk and shear modulus—the
tightest bounds are those proposed by Hashin and Shtrikman [306]: see for example
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the review by Christensen [307]. For the present materials, however (one phase rub-
bery and the other glassy or crystalline) the bounds are likely to be rather too far
apart to be useful. A convenient empirical description that lies approximately mid-
way between the bounds is the log-law used by Gray and McCrum in interpreting
the dependence of shear modulus on degree of crystallinity in polyethylene [308].
Applied to the present TPUs, this gives the shear modulus G as follows

lnG = ϕh lnGH + (1−ϕh) lnGS (4.6)

where GH and GS are shear moduli of hard and soft phases respectively. Hence
the tensile modulus of the composite can be obtained from E = 2G(1+ ν). Two
interesting results follow.

Firstly, suppose there is some phase mixing. Let a fraction fhs of the hard seg-
ments mix into the soft matrix and a fraction fsh of the soft segments mix into the
hard particles. Suppose also that equations analogous to equation (2.4) section 2.3.1.
apply also to the shear moduli of the individual phases, in terms of shear moduli GH

and GS intrinsic to the hard segments and soft segments respectively. Then there are
two additional equations giving the hard and soft phase shear moduli in terms of the
hard segment volume fraction ϕH:

lnGH = ϕ
−1
h

[
ϕh(1− fhs) lnGH + (1−ϕh) fsh lnGS

]
;

lnGS = (1−ϕh)−1[ϕh fsh lnGH + (1−ϕh)(1− fsh) lnGS +ϕh fhs lnGH
] (4.7)

Combining equations (2.4) section 2.3.1. and (4.6), gives the shear modulus in terms
of intrinsic hard and soft segment shear moduli:

lnG = ϕh lnGH + (1−ϕh) lnGS (4.8)

We see that the shear modulus is predicted to be independent of the degree of
phase mixing if GH and GS remain constant. This explains the results in Fig. 4.24
[135]. There is no significant change in tensile modulus when the degree of phase
mixing varies through change only in MD, while diisocyanate and chain extender
remain the same. There is no a priori reason to expect GH or GS to vary when only
the MD changes. Note that all three soft segments have the same molar mass MS
and hence would have the same rubber elastic modulus if crosslinked at their ends.

Secondly, predictions from equation (4.7) may be compared with measurements
of tensile modulus to estimate changes that occur in the hard and soft phase proper-
ties, as the chemical and physical structures of the TPUs vary. Fig. 4.26 shows con-
tours of calculated tensile modulus E plotted versus the hard and soft phase shear
moduli, according to equation (3.1), with ν = 0.5 and ϕH = 0.354 (the mean hard
segment volume fraction) [135]. It is possible to place some bounds on the ranges
of hard and soft phase moduli. For example, all three macrodiols are above their
glass transition at room temperature. Since they all have molar mass MS = 2 000,
if the hard segments at their ends acted as simple crosslinks, this would lead to an
intrinsic soft segment shear modulus GS = ρRT/MS = 1.2 MPa at room temperature
for all the polymers, according to the affine chain theory of rubber elasticity (we
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neglect here the small differences in density). But this assumes the chains are com-
pletely free of constraint except from crosslinks. In the TPUs this must represent a
lower bound on GS , since the chains are subject to additional constraint from the
excluded volume of, and connectivity to, the hard domains as noted previously in
section 2.3.1. Thus a higher value is expected for GS .

Similarly, in the absence of any phase mixing, the hard phase is a hydrogen-
bonded glassy or semicrystalline polymer. Experience of other polymers suggests
that GH ≈ 1 000 MPa at room temperature [135]. But this is a typical value for
a macroscopic sample of polymer. In the thermoplastic PUs it must represent an
upper bound on GH , since in this case the hard segments are confined to such small
domains that a large fraction of them reside at the particle surfaces, adjacent to the
more mobile matrix, again as shown previously in Section 2.3.1. So a lower value is
expected for GH .

Fig. 4.26 provides a chart on which we may place the various materials. Con-
sider the MDI-based polymers, with E in the range 39 to 86 MPa. It may be seen
that these values could be achieved with a range of combinations of GH and GS ,
varying from a glassy value of GH combined with almost no increase of GS above
its lower bound, to a substantially reduced GH (indicating an unusually compliant
glass) combined with significant increase in GS . Consider now the DBDI-based,
but noncrystalline polymers with E = 122− 138 MPa. Fig. 4.26 shows that in this
case there is definitely substantial soft-phase stiffening, by a factor of at least 6. It
can be explained by the closer packing and hydrogen bonding of DBDI-based hard
segments in hard domains, causing higher constraint at the ends of soft segments.
Finally, the DBDI-based semicrystalline polymers with E = 185− 320 MPa must
have even higher soft-phase stiffening. In the most extreme case GS must be at least
ca 20 MPa. Clearly, crystallization in the hard domains causes severe constraint on
the soft phase segments because of molecular connectivity between the phases.

Fig. 4.26 Contours of tensile
modulus (MPa) for a PU with
hard segment volume fraction
ϕH = 0.354 and Poisson’s
ratio ν = 0.5, according to
the empirical log law for
shear modulus of a two-phase
composite material (equation
(4.7)) [135] hard segment shear modulus (MPa)GH
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4.4.3.2 First cycle work input, unrecovered strain and hysteresis

Fig. 4.27 and 4.28 show the 1st cycle work input W1 plotted versus scattering invari-
ant Q and degree of crystallinity χ. W1 is a measure of the mean flow stress during
first extension to e = 3. If the soft phase is rubberlike with mobile soft segments (i.e.
with minimal phase-mixing), the origin of the flow stress and hence W1 is expected
to be plastic flow in only the hard domains. With phase-mixing, the hard phase flow
stress will decrease as more mobile soft segments penetrate the hard domains, but
at the same time the soft matrix will develop a resistance to flow, as relatively low
mobility hard segments are now interspersed among the soft segments. These two
effects will act in opposition, and Fig. 4.27 shows that they approximately cancel:
there is no trend of varying W1 with change in degree of phase separation (indi-
cated by Q). As with the modulus, however, Fig. 4.28 reveals a significant increase
in W1 with increasing degree of crystallinity. This is readily explicable, since more
efficient molecular packing is expected to cause an increase in the activation bar-
rier, and hence the driving stress and hence W1, associated with the flow process.
Interestingly, unlike the case of the modulus, there is no evidence in Fig. 4.28 for
DBDI-based hard domains requiring a higher flow stress than MDI domains in the
absence of crystallinity.

Since the materials are candidates for use as thermoplastic elastomers, the degree
of strain recovery (or its converse, permanent set) is of great practical interest. The
examples in Fig. 4.23 illustrate the fact that strain recovery varies widely among
these materials. It is apparent that residual strain is a consequence of the unloading
stress-strain curve deviating from the loading curve, in other words it is a conse-
quence of hysteresis. For this reason, the data in columns 4 and 5 of Table 4.14 are
closely related. In Fig. 4.29 relative residual strain e∗r is plotted versus relative first
cycle hysteresis ΔW∗1 , and they can be seen to be well correlated across the range of
materials. This figure also reveals two important trends with respect to the effects of
chemical composition on first cycle hysteresis. Firstly, MDI-based polymers show

Fig. 4.27 First cycle work
input W1 on loading to e = 3,
plotted versus SAXS invariant
Q. Symbols as in Fig. 4.24.
Lines are only to guide the
eye: they link materials dif-
fering only in their macrodiol
[135] scattering invariant Q
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Fig. 4.28 First cycle work
input W1 on loading to e = 3,
plotted versus degree of crys-
tallinity. Filled symbols =
MDI-based polymers; open
symbols = DBDI-based poly-
mers. Lines are only to guide
the eye: they link materials
differing only in diisocyanate
(full lines) or in chain exten-
der (dashed lines) [135]
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substantially lower residual strain and relative hysteresis than the corresponding
DBDI-based polymers. Secondly, for a given DI, polymers with PTHF as MD show
lower residual strain and hysteresis than the corresponding polymers with PEA or
PBA as MD.

The relation between ΔW∗1 and physical structure is revealed in Fig. 4.30 and
4.31. Fig. 4.30 shows that it tends to fall when phase separation increases, and this
is why the PTHF-based polymers show the lowest hysteresis. Conversely, ΔW∗1 is
found to increase with degree of crystallinity, as shown in Fig. 4.31. To explain these
trends in the response to loading followed by unloading requires an understanding
of the structural damage taking place during first loading.

Fig. 4.29 First cycle rela-
tive residual strain on load-
ing/unloading to e = 3, plotted
versus first cycle relative hys-
teresis, showing correlation
and trends with respect to
choice of DI and MD. Sym-
bols as in Fig. 4.24 [135] 1 cycle relative hysteresis Δ
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Fig. 4.30 First cycle rel-
ative hysteresis on load-
ing/unloading to e = 3, plotted
versus SAXS invariant Q.
Symbols as in Fig. 4.24. Lines
are only to guide the eye: they
link materials differing only
in their macrodiol [135]
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Fig. 4.31 First cycle rela-
tive hysteresis on loading to
e = 3, plotted versus degree of
crystallinity. Filled symbols
=MDI-based polymers; open
symbols = DBDI-based poly-
mers. Lines are only to guide
the eye: they link materials
varying only in diisocyanate
(full lines) or in chain exten-
der (dashed lines) [135]
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4.4.3.3 Second cycle work input and hysteresis

The example stress-strain curves in Fig. 4.23 illustrate the dramatic difference in
response of these materials in second and subsequent load/unload cycles to a given
strain level, as compared to the first cycle. Clearly, damage occurs during the first
cycle. The second cycle response is effectively that of a new material. The work
input W2 and hysteresis ΔW2 on the second cycle are included as columns 6 and 7
in Table 4.14, as obtained from the cyclic experiments of Phase 1. They are plotted
one versus the other in Fig. 4.32, for all the 12 materials that could withstand cycling
to emax = 3. The remarkable feature of this graph is that there appears to be a single
linear relationship between ΔW2 and W2 encompassing all the materials except PU7
and PU8: the MDI-based polymers with highest phase separation. The dashed line
shown is a linear regression through all the points except these two, with R2 = 0.986,
as follows (uncertainties quoted are the standard errors of the coefficients)[135]:
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Fig. 4.32 Hysteresis versus
work input for the second
load/unload cycle to e = 3.
Symbols as in Fig. 4.24.
The dashed line is a linear
regression through all points
except those of PU7 and PU8
[135]
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ΔW2 = (0.57±0.02)W2− (0.25±0.20) (4.9)

However, the various materials appear at widely differing positions along this line.
It is interesting to note that W2 (and therefore ΔW2) tends to be lowest for the
DBDI-based materials, irrespective of their crystallinity. The reason for the highly
phase-separated materials PU7 and PU8 having a slightly lower relative 2nd cycle
hysteresis ΔW2/W2 than all the other polymers is unknown at this stage, but it is
interesting to note that these materials also showed the lowest relative hysteresis in
the first cycle (see Fig. 4.30 and Table 4.14).

Phase 2: Examples of stress-strain curves obtained in the more complex pseudo-
cyclic experiments of Phase 2 are shown in Fig. 4.33–4.35, where pairs of materials
are compared. Fig. 4.33 compares PU1 and PU2. These materials are closely related,
both being based on MDI and PEA, and differing only in chain extender (see Table
4.13 in this section and also Table 2.1 in previous section 2.3.1). However PU1
has a small degree of hard phase crystallinity (4%), while PU2 is amorphous. It is
interesting to note the differences in the curves: the slight degree of crystallinity in
PU1 clearly increases the stress levels reached throughout the test, and gives a much
higher modulus (see also Table 4.14). Fig. 4.34 [135] compares the two DBDI-based
polymers PU4 and PU5. These both have PEA as MD, but differ in CE. PU4 has EG
as chain extender and therefore has significant crystallinity (17%), while PU5 has
DEG as chain extender and therefore has no detectable crystallinity. The effect of
crystallinity in PU4 is clearly to cause a large increase in stress throughout, and to
increase the residual strain on each cycle. Fig. 4.35 compares PU8 and PU9, that
are both based on PTHF and DEG, but differ in the diisocyanate. They are both
amorphous, and both highly phase-separated. But the presence of DBDI in PU10
can be seen to increase residual strain in each cycle, and to reduce the rate of strain-
hardening compared to PU8. An equivalent comparison can be made between PU2
in Fig. 4.33 and PU5 in Fig. 4.34, where the same pattern of differences is visible
[135].
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Fig. 4.33–4.35 illustrate the fact that stress-strain paths followed in the pseudo-
cyclic tests show significant quantitative differences between the materials, although
all exhibit the characteristic Mullins effect and varying degrees of residual strain,
increasing with emax. It is interesting, therefore, to discover whether the second cycle
responses at each strain level reflect the remarkable degree of commonality seen in
Phase 1 experiments. As examples, Fig. 4.36 shows second cycle hysteresis and
work input for two materials: PU2 (MDI + DEG + PEA) and PU13 (DBDI + DEG
+ PBA). For each material, ΔW′2 is plotted versus W2 in successive cycles. Arrows
indicate the direction of increasing emax. This graph reveals two surprising features.
First, for each material the points appear to fall on a straight line, with a single
direction of travel away from the origin with increasing emax. Second, data for both
materials (with differing the diisocyanate and macrodiol) appear to lie on the same
straight line.

It is of interest to know whether this commonality extends to all the cycles for
all the materials. Fig. 4.37 therefore shows all the measurements of W2 and ΔW′2:
data for all the ten materials included in Phase 2 (materials 9, 11, 12 and 14 failed
before completion of at least three cycles), and all cycles in their tests.

Fig. 4.37 confirms the trend seen already in Fig. 4.32, but with a much larger data
set. The data for all the materials except PU7 and PU8, for all loading cycles, lie on
a common straight line. Moreover, in every case, the sequence of points was found
to be the same as in Fig. 4.36: towards higher W2 with increasing maximum strain.
Materials PU7 and PU8 behave similarly, but lie on a different line [135]. These
observations may be quantified by fitting linear regressions through the data points.

Fig. 4.33 Stress versus strain
for “pseudo-cyclic” loading
of two materials at nominal
strain-rate 0.03 s−1. PU1 and
PU2 are both based on MDI
and PEA but differ in their
chain extender. PU1 has slight
crystallinity (4%) while PU2
is amorphous [135]
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Fig. 4.34 Stress versus strain
for “pseudo-cyclic” loading
of two materials at nominal
strain-rate 0.03 s−1. PU4
and PU5 are both based on
DBDI and PEA, but differ in
their chain extender. PU4 has
significant crystallinity (17%)
while PU5 is amorphous
[135]
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Fig. 4.35 Stress versus strain
for “pseudo-cyclic” loading
of two materials at nominal
strain-rate 0.03 s−1. PU8 is
PTHF+DEG+MDI, PU10 is
PTHF+DEG+DBDI. Neither
has detectable crystallinity.
Both have significant phase
separation [135]
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Thus the data for eight materials PU1, PU2, PU3, PU4, PU5, PU6, PU10 and PU13
(34 data points in total) fitted the following relation with R2 = 0.995 (line A in Fig.
4.37):

ΔW′2 = (0.565±0.007)W2− (0.48±0.05) MJm−3 (4.10)

The data for materials PU7 and PU8 (7 points only) fitted the different relation
with R2 = 0.988 (line B in Fig. 2.7):

ΔW′2 = (0.44±0.02)W2− (0.50±0.19) MJm−3 (4.11)

Thus we see the pattern reported in Fig. 4.32 is confirmed and greatly extended
in its reach. For most of the materials in the present study there is a common linear
relationship between second cycle hysteresis and second cycle work input, and this
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Fig. 4.36 Hysteresis versus
work input for load/unload
cycles to increasing emax, in
the pseudo-cyclic experiments
of Phase 2, for materials PU2
and PU13. Arrows indicate
the direction of increasing
emax [135]
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Fig. 4.37 Hysteresis versus
work input for second cy-
cle load/unload to increasing
emax, in the pseudo-cyclic
experiments of Phase 2. Sym-
bols are as in Fig. 4.24. The
two dashed lines are linear
regressions through data for
sub-sets of the materials: A
(all materials except PU7 and
PU8), and B (PU7 and PU8)
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relationship is independent of emax reached on the first cycle. Note that the linear
relations described by equations (4.8) and (4.9) are identical to within the standard
errors of the coefficients. However, a sub-set of the present materials (PU7 and PU8)
follow a different relation, characterized by lower relative second cycle hysteresis.

The results presented above reveal a dramatic difference in response between first
loading to a given deformation, and second and subsequent loadings. The model
thermoplastic PUs studied in this work showed large, systematic variations in first
loading response—as quantified by tensile modulus, work input, hysteresis and un-
recovered strain—depending on their chemical structure and molecular packing.



4.4 Cyclic tensile responses. Hysteresis 149

But on second loading to the same strain they showed a remarkable degree of uni-
formity in their relative hysteresis. The clear conclusion is that first loading causes
significant damage to the initial structure, such that second loading corresponds to
deformation of a new structure. Moreover, whereas the initial physical structure
varies greatly between the materials, the new structure dominant in second loading
must be similar between the materials.

To understand this result we may consult the evidence concerning structural
changes during deformation of similar materials, provided by in-situ mechano-cal-
orimetry [294, 298], infra-red (IR) spectroscopy [51, 309], WAXS and SAXS [141,
284, 310]. Although the details differ with the precise chemical composition, some
features seem to be common to thermoplastic PU elastomers.

Several studies have followed deformation of the two-phase structure by means
of in-situ SAXS. On first loading, small deformations are accompanied by affine
deformation of the arrangement of hard domains, but this is followed after stretch-
ing to λ ≈ 2 by a deviation towards reduction of long period d relative to affine
deformation [284, 310], and possibly even to an absolute reduction in d [310].
In some cases the original isotropic scattering is replaced by a four-point pattern
[284]. These observations are all explained in terms of breakage of the original hard
domains into smaller units during plastic deformation [284, 310]. Simultaneously,
calorimetric measurements of heat flux, combined with work input, indicate a sig-
nificant increase in internal energy [294] associated with the less efficient molecular
packing of hard segments, once the original two-phase structure starts to break up.
This might be thought to suggest a reduction in H-bonding during deformation, but
in-situ IR spectroscopy suggests otherwise: the density of H-bonds appears to be
independent of strain [141]. Thus, if H-bonds are broken during deformation, new
bonds must be formed rapidly on the time-scale of straining. Another interesting ob-
servation is the progress of orientation of the various bonds identifiable in IR spectra
obtained during straining. Initially the chain orientation as indicated by >N−H and
urethane or urea >C−−O groups (i.e. the HS) orients perpendicular to direction of
extension, while the chain axes of soft segments align parallel to the direction of
extension. But beyond λ ≈ 2−3, the hard segments rotate and their chain direction
follows that of soft segments, parallel to the direction of extension [51]. This may
also be interpreted plausibly in terms of breakage and re-reformation of H-bonds.

On subsequent cycling, within the envelope of previous strains, a totally differ-
ent pattern has been observed. In-situ SAXS simultaneous with cyclic deformations
showed reversible movements of unchanged four-point patterns, although the move-
ments were in opposite directions for two variants on the same TPU, with monodis-
perse or polydisperse hard segments [284]. Meanwhile, in-situ IR studies simulta-
neous with pseudo-cyclic experiments of the type in Phase 2 of this work, showed
that the orientation pattern of hard segment and soft segment portions of chains was
also reversible [51]. Calorimetry during subsequent loading of TPUs with hard seg-
ment fractions similar to the polymers of the present study showed that there was no
increase in internal energy [298], consistent with no further structural breakdown.

Combining such structural information with results from the present work, a
plausible picture of deformation in thermoplastic PU elastomers emerges. In small
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deformations below the yield stress, the elastic response is that of a two-phase com-
posite material. The soft matrix responds with a stiffness higher than that of a ho-
mogeneous crosslinked elastomer with the soft segment composition, because of
constraint from the excluded volume of, and molecular connectivity to, the hard
domains, especially so when the hard domains are semicrystalline, and possibly be-
cause of some phase mixing with hard segments. At strains beyond yield, break-up
of the two-phase structure commences. Bonart suggested how this could proceed by
sliding of hard segments relative to their neighbors within the hard domains [311].
There are two likely consequences. (I) the sliding could lead to irreversible deforma-
tion and hence residual strain, and (II) the sliding could lead to stripping of segments
from the hard domains to provide new soft matrix in series with the hard domains, as
suggested by Kilian and co-workers [312]. Both these processes would be facilitated
by the small sizes of the particles. As noted in previously in section 2.3.1, a large
proportion of hard segment monomers lie at the surfaces of the hard domains, and
therefore must be relatively weakly bound. On unloading and subsequent re-loading,
while the stress remains below the flow stress of the hard domains, the structure is
expected to remain constant and reversible deformation to occur. Since the newly-
created soft phase is much more compliant than the hard domains and is coupled in
series with them, the reversible deformation occurs essentially entirely within this
soft phase, characterized by much lower stiffness and lower hysteresis than the orig-
inal structure. If the new (series-coupled) structure is loaded up to the flow stress,
structural break-up resumes.

This description accounts qualitatively for the characteristic constitutive response
seen in the present work, and provides a basis for understanding its dependence
on chemical and physical structure. But the new results also add an unexpected
twist. The reproducibility of relative hysteresis on second and subsequent loading
indicates that the new series-coupled soft phase, formed by stripping segments from
the hard domains, has almost constant relative hysteresis, independent of the strain
level at which it is formed. Moreover it is (with two minor deviations among the
range of polymers studied) independent of chemical composition of DI, CE and
MD, when the MDs are of equal length and HS fractions are equal. Why the small
sub-set PU7 and PU8, based on MDI but with highest phase segregation should
have a slightly lower relative hysteresis than the others remains unclear. However,
one could speculate that it results from a lower degree of intermolecular H-bonding
being achieved in the new soft phase (because of the combination of (a) absence of
ester >C−−O groups and (b) the relatively less mobile MDI).

To understand the relative first cycle hysteresis ΔW∗1 we need to consider the
processes of both first loading and unloading. In terms of the description above, its
value is expected to be sensitive to the relative importance of the two damage pro-
cesses identified: (I) and (II). Thus its reduction with replacement of DBDI by MDI,
or with increasing phase separation (Fig. 4.29 and 4.30) could be caused by increase
in contribution from process II, relative to process I, in these cases, presumably be-
cause of weaker binding of segments to the hard phase.

The explanation offered above for the Mullins effect in these materials differs in
an important respect from the model proposed by Qi and Boyce [301]. That model
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invokes parallel coupling between the hard domains and (strain amplified) soft ma-
trix, and explain the Mullins effect in terms of a reduction of strain amplification in
the matrix with increasing strain. In such a parallel-coupled structure, second and
subsequent cycles of loading would involve cyclic deformation of the hard phase in
addition to the rubbery soft phase. This appears to be inconsistent with the struc-
tural studies reported above, and not to be reconcilable with the new results, since
the two hard phases show greatly differing relative hysteresis (as seen on the first
cycle) while there is remarkable commonality of relative hysteresis in second and
subsequent cycles [135].

Overall the following is a plausible picture of events during strain cycling be-
yond yield, consistent with in-situ structural evidence and present results. During
first loading, break-up of the hard domains occurs, producing new soft phase cou-
pled in series with the remaining hard phase, as suggested by Kilian and co-workers.
During unloading and subsequent reloading, it is this more compliant phase that
dominates the deformation. Such a description explains why second and subsequent
loading/unloading inside the envelope of previous maximum strain gave responses
totally different from first loading. They were characterized by much lower stiffness
and hysteresis (the Mullins effect). It also sheds light on the most remarkable dis-
covery from the present work: the apparently almost unique linear relation between
second cycle hysteresis and work input. This relation is independent of the previ-
ous maximum strain reached, and it is almost independent of choice of DI, MD and
CE. Curiously, two polymers—the best phase-separated polymers based on MDI—
showed slightly lower second cycle hysteresis. In terms of the Kilian hypothesis,
these results indicate the mechanical response of the new soft phase is remarkably
independent of the chemical structure of the thermoplastic PU if, as in the present
work, the hard segment fraction and soft segment chain length are held constant.

One aspect of the present results—relative first cycle hysteresis—depends upon
the responses of both the initial structure and of the new soft phase, and is also
sensitive to the precise mechanism of flow and break-up of the hard domains. It
was observed to reduce with increasing phase segregation and with replacing DBDI
with MDI as diisocyanate. In terms of the picture of structural break-up invoked
above, this suggests that in such cases there is relatively more stripping of segments
from hard domains, and less plastic deformation of them. A possible explanation is
weaker binding of segments at the hard domain boundaries.

4.4.4 Cycling tensile responses of polyurethane elastomers
achieved with excess of isocyanate NCO groups

A range of PUs has been synthesized by us, in which the HS was the conventional
MDI, the more flexible DBDI. The materials are listed in Table 4.15 below.

The cycling responses were investigated. The effects of varying HS were studied
in the context of a variety of combinations of chain extender, macrodiol and their
proportions: a total of 19 formulations in total.
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The family of PU elastomers depicted in Table 4.15 was based on the two di-
isocyanates DBDI or MDI. Samples were prepared with systematic variations in
diisocyanate (DI), macrodiol (MD) and chain extender (CE). Molar ratios were as
given in column 6. All polymers (except PU5, PU 18 and PU19) were synthesized
with I = 110 (10% excess of NCO groups), corresponding to the molar ratios diiso-
cyanate (DI):macrodiol (MD):chain extender (CE) = 4:1:2.64.

All the materials except two (PU18 and PU19) were based on a single DI which
was either MDI or DBDI according to the structures shown in Table 4.15.

For comparison reasons, in the series of materials it was included a polymer
achieved with no excess of NCO groups (I = 100, PU5) with the molar ratio
DI:MD:CE = 4:1:3.

The two copolyurethane elastomers of type C (PU18 (I = 110) and 19 (I = 110)
in Table 4.15), containing mixtures of the diisocyanates MDI and DBDI randomly
distributed, were synthesized by using a one step prepolymer synthesis where a
melt mixture of DBDI and MDI was used in equal molar proportions, which was
then introduced into the anhydrous macrodiol [60, 61].

Note that these 2 materials are identical with the materials denoted PUC1 in
Tables 2.2 and 2.3, sections 2.3.2.1 and 2.3.2.2. where the materials were charac-
terized by WAXS and SEM. A detailed description of the PUs synthesis is detailed
elsehere [60, 61].

The performance as elastomers, was assessed by us by means of a series of cyclic
tensile tests, at a constant or variable nominal strain-rate of 3.1× 10−2 s−1, cycling
between 300% elongation and zero load. From these tests, the initial input strain
energy density E1C was computed as the area under the first cycle loading curve
of nominal stress versus nominal strain up to the elongation limit of 300%. The
calculation was repeated for the corresponding quantity for the second load cycle:
E2C. Similarly, recovered energy densities E1R and E2R were computed as the areas
under the unloading curves for first and second cycles respectively. The areas were
measured on paper copies of the curves, using a digital planimeter. For PUs systems
achieved with excess NCO groups E2C, E1R and E2R were expressed as fractions
of the initial input energy density E1C, and denoted as such by an asterisk. The
fractional energy dissipated on each cycle was expressed as the fractional hysteresis
energy density on first and second cycles, obtained from the expressions:

E∗1H = 1−E∗1R (4.12)

E∗2H = E∗1C−E∗2R (4.13)

Comparing successive load-unload cycles, it was found that irreversible changes
to the stress-strain response were confined essentially to the first loading cycle. In
subsequent cycles the load-unload stress-strain curves remained almost unchanged.
Example materials are shown in Table 4.15, where it may be seen that the recovered
energies in first and second cycles are equal in most cases, to a good approximation.
Similarly, increasing the time interval between the end of one unloading cycle and
the start of the next, from a few seconds to several hours (up to 24 hours), had no
sensible effect on the measured recoverable strain energy. This was in contrast to the
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input energy, which was clearly dependent on both the previous strain history and
the relaxation time between loading cycles [61].

Table 4.15 Example values of the input and recovered energies of the 1st and 2nd cycle for selected
PUs [61]

PU PU PU structure E1C E∗2C E∗1R E∗2R
# Type DI MD CE DI:MD:CE I% MJ m−3 % % %

1 D DBDI PTHF DEG 1.5:1:0.38 110 8.00 77.8 50.3 48.8
2 D DBDI PTHF DEG 2.27:1:1.065 110 14.3 62.5 31.1 31.0
3 D DBDI PTHF DEG 3:1:1.73 110 23.1 52.2 18.9 18.9
4 D DBDI PTHF DEG 4:1:2.64 110 25.3 48.0 16.6 17.0
5 D DBDI PTHF DEG 3:1:2 100 20.9 51.3 17.7 18.0
6 D DBDI PEA DEG 3:1:1.73 110 24.0 53.6 15.6 15.0
7 M MDI PTHF DEG 3:1:1.73 110 19.0 63.8 39.1 39.0
8 M MDI PEA DEG 3:1:1.73 110 16.3 72.8 41.7 38.1
9 D DBDI PEA BG 3:1:1.73 110 41.7 32.3 16.7 11.0

10 D DBDI PTHF BG 3:1:1.73 110 25.3 40.9 14.2 14.0
11 M MDI PEA BG 3:1:1.73 110 27.2 60.9 25.3 26.1
12 D DBDI PEA EG 3:1:1.73 110 41.8 33.3 10.2 13.8
13 M MDI PEA EG 3:1:1.73 110 21.7 62.7 33.3 33.0
14 D DBDI PEA EG 4:1:2.64 110 46.6 40.9 11.5 12.2
15 M MDI PEA EG 4:1:2.64 110 30.4 64.6 17.6 20.2
16 D DBDI PTHF EG 4:1:2.64 110 41.1 36.2 10.2 10.8
17 M MDI PTHF EG 4:1:2.64 110 30.6 63.2 38.9 35.2
18 C DBDI+MDI PEA EG 2:2:1:2.64 110 40.1 55.3 15.7 15.7
19 C DBDI+MDI PTHF EG 2:2:1:2.64 110 35.7 50.2 27.9 25.5

Strain energy input (at 300% elongation) and strain energy recovery (on unload-
ing from 300% elongation) were measured in cyclic tensile tests at a nominal strain-
rate of 3.1× 10−2 s−1. Asterisks denote that input energy on the second cycle E∗2C
and recovered energies on first and second cycles E∗1R and E∗2R are expressed as
percentages of the input energy on the first cycle E1C.

Fig. 4.38 shows the dependence of E1C and E∗1R on the equivalent hard segment
urethane group concentration in PUs of structure DEG-PTHF-DBDI (PU1-PU4 in
Table 4.15). As may be seen, E1C increases with increase in concentration of the
HS urethane groups, reflecting the increase in concentration of hydrogen bonds. In
contrast, the fractional recovered energy E∗1R decreases, revealing that the increase in
E1C is associated with increased plastic dissipation of energy, presumably resulting
from stress-induced breakdown of the hydrogen bonds [61].

Comparing the DBDI and MDI based polyurethanes of different recipes in Ta-
ble 4.15, it is clear that, in recipes otherwise identical (same MD and CE, and
equal hard segment molar concentration) the DBDI based PUs display a substan-
tially higher input energy density E1C and lower fractional energy recovery E∗1R
than the corresponding MDI based PUs [61]. This applied for all MD/CE combina-
tions studied: PTHF-DEG (compare PU3 with PU7); PEA-DEG (compare PU6 with
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Fig. 4.38 Variations of in-
put strain energy at 300%
elongation E1C, and first
cycle recovered strain en-
ergy E∗1R, with concentra-
tion U of urethane groups
(expressed as equivalent ure-
thanic groups/100g PU), in
the case of a PU system based
on DBDI-PTHF2000-DEG
(polymers PU1-PU4) [61]
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PU8); PEA-BG (compare PU9 with PU11); PEA-EG (compare PU12 with PU13
and PU14 with PU15); PTHF-EG (compare PU16 with PU17). These findings are
summarized in Table 4.16, where the percentage excess of E1C of the DBDI-based
PUs over the MDI-based PUs is shown.

Table 4.16 The increase of strain energy input E1C for DBDI-based PUs over corresponding MDI-
based PUs, for various combinations of macrodiol and chain extender. From the data in Table 4.15
[61]

Polymers compared MD CE Relative E1C increase,%

PU7 (MDI) and PU3 (DBDI) PTHF DEG 21.6
PU8 (MDI) and PU6 (DBDI) PEA DEG 47.2

PU11 (MDI) and PU9 (DBDI) PEA BG 53.3
PU13 (MDI) and PU12 (DBDI) PEA EG 92.6
PU15 (MDI) and PU14 (DBDI) PEA EG 53.2
PU17 (MDI) and PU16 (DBDI) PTHF EG 34.3

A further interesting observation from Table 4.15 is that, when an equimolar mix-
ture of DBDI+MDI was used for the hard segments, the values of E1C and E∗1R ob-
tained were intermediate between those obtained for the corresponding recipes with
either DBDI or MDI alone (consider the families of materials PU14/PU15/PU18
and PU16/PU17/PU19). Finally, comparison of results for PU5 (DBDI-PTHF-DEG,
I = 100) and PU3 (DBDI-PTHF-DEG, I = 110) revealed the effects of PU chain
structure modification, with the appearance in PU3 of new urea groups and possible
formation of some allophanate branching, in the presence of humidity when there
is an isocyanate excess. PU5 has a larger input strain energy E1C but also a higher
recovery of energy E∗1R than PU3 [61].
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The influence of HS type on recoverability of energy and strain was exam-
ined more closely by means of single-cycle load-unload tensile tests conducted to
a range of maximum elongations at a nominal strain-rate of 4.2× 10−3 s−1, on a
group of three PU materials with equivalent recipes, differing only in the choice of
hard segment: PU17 (MDI), PU16 (DBDI) and PU19 (DBDI+MDI). In every case
the macrodiol was PTHF and the chain extender was EG, and molar ratios were
4:1:2.64. Results are shown in Fig. 4.39-4.41. The influences of HS structure on
E1C and hysteresis, already referred to, can clearly be seen by eye by comparing
Fig. 4.39 to 4.41.

It is interesting to note that, while polymer C occupies an intermediate position
relative to the MDI and DBDI materials in terms of E1C and E∗1R, it gives the lowest
residual elongation. The dominant feature is a hysteresis loop with a width that
varied between the three polymers. Polymer with MDI hard segments (Fig. 4.39)
gives the lowest stresses and least hysteresis, whereas polymer with DBDI hard
segments gives the highest stresses and most hysteresis, Fig. 4.40). It is interesting
to note that polymer with mixed MDI/DBDI hard segments (Fig. 4.41) occupies an
intermediate position.

4.4.5 Interpretation of mechanical response

Prediction is very difficult, especially about the future. (Niels Bohr)

The stress-strain curves in Fig. 4.39 to 4.41 have the characteristic shape for elas-
tomers containing reinforcing particles. There is a rate-dependent flow stress associ-
ated with stress-activated segmental diffusion at the surface or interior of reinforcing
particles, superimposed on the strain-stiffening hyperelastic stress response of the
elastomeric matrix. Such a system is amenable to a quantitative description in terms

Fig. 4.39 Tensile load/unload
cycles for a type M poly-
mer: PU17 (MDI-PTHF-EG,
I = 110). Nominal extension
rate was 0.0042 s−1. Each
cycle was obtained with a
different specimen [61] Elongation %
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Fig. 4.40 As Fig. 4.39, but
for type D polymer: PU16
(DBDI-PTHF-EG, I = 110)
[61]
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Fig. 4.41 As Fig. 4.39, but
for type C polymer: PU19
(DBDI+MDI-PTHF-EG,
I = 110) [61]
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of the Glass-Rubber (GR) constitutive model framework [313] that has been applied
previously to homogeneous amorphous polymers. The (GR) constitutive model for
amorphous polymers [61, 313] provides a convenient means to interpret and ex-
plain the variations in mechanical properties reported above. Even though PU elas-
tomers are well-known to be heterogeneous on a length scale of order 10 nm, they
remain subject to the general truth that, under an imposed deformation, polymers
possess only two major free energy sinks: (1) perturbation of inter-atom potentials
between and within molecules, i.e. what might be called the “bond-stretching” free
energy density Ab, and (2) perturbation of conformational entropy, i.e. the “confor-
mational” free energy density Ac. To proceed further with the GR model, we now
invoke two important assumptions. Firstly, at the continuum level the state of de-
formation throughout the material is uniform. Secondly, within a certain volume
fraction νs of the elastomer (defined as the “soft” phase) the part of the free energy
contribution Ab associated with shape change is fully relaxed. Thus the soft phase
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is as an amorphous polymer above its glass transition. Combining these two as-
sumptions, it follows that the deviatory Cauchy stress tensor s at any instant may be
expressed as the sum of two terms: a conformational stress sc pervading the whole
material and a bond-stretching stress sb acting only within the “hard” phase, with
volume fraction νh = 1− νs. Thus the deviatoric stress is given by

s = νhsb + sc (4.14)

and the total Cauchy stress is given by

ρ = νhsb + sc− pI (4.15)

where the mean stress is −p.
Consider a uniaxial tensile test, parallel to axis 1, say, in which at any instant the

stretch is λ and the rate of stretching is λ̇: hence σ11 = σ, σ22 = 0. It follows from
equation (4.15) that the applied true stress σ may be expressed unambiguously as
the sum of two distinct terms:

σ = νhσ
b +σc (4.16)

where σb = sb
11 − sb

22 and σc = sc
11 − sc

22. The contribution σb is expected to be
elastic-viscoplastic in character, while the contribution σc is assumed here to be
hyperelastic in character. Entanglement slippage is neglected in the present materi-
als prepared with I = 110, since the molecular length is believed to be sufficient for
entanglements to act as physical crosslinks, together with any chemical allophanate
crosslinks [61].

Under these conditions, the contribution σc(λ) will be path-independent, while
the elastic-viscoplastic contribution σb will vary with strain history. Under steady-
state flow, however, after completion of the start-up transient, the GR model frame-
work predicts σb will be a function of only the instantaneous values of λ̇, λ and, in
general, the mean stress −p. For the present purpose we now neglect the effect of
varying mean stress, as the contribution is minor in a uniaxial test [61, 313]. Now
consider a load-unload strain cycle, where the magnitude of the rate of stretch is
equal and opposite in load and unload portions of the cycle. At a given value of
elongation during loading we have σb = σb(+λ̇,λ), whereas at the same elongation
during unloading we have σb = σb(−λ̇,λ). But, in view of the associative form of
flow rule employed in the model [313], reversing the sign of the rate of stretch will
reverse the sign of the deviatoric stresses sb

11 and sb
22, from which it follows that

σb(−λ̇,λ) = −σb(+λ̇,λ) (4.17)

This is a useful result, as it means that stress-strain data for load-unload cycles
may be used to separate out bond-stretching and conformational contributions to
the stress [61]. Thus we may evaluate them as follows, applying equation (4.16) to
loading and unloading, and making use of equation (4.17), for any value of elon-
gation where the above restrictions apply (particularly where stress transients can
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Fig. 4.42 Apportioning of
true stress into contributions
from bond-stretching and
conformational entropy for
polymer PU19, according to
equations (4.18) [61]

Fig. 4.43 Conformational
entropy contribution to the
true stress, σc, as deduced
from equations (4.18) from
the data shown in Fig. 4.39-
4.41, for the polymers of type
M, D and C [61].
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σc =
1
2

[
σ
(
+λ̇,λ

)]
, νhσ

b =
1
2

[
σ
(
+λ̇,λ

)−σ(−λ̇,λ)
]

(4.18)

This separation is illustrated in Fig. 4.42, for a single load-unload cycle on PU19
to ca 300% elongation, and results of the analysis for materials PU16, PU17 and
PU19 are presented in Fig. 4.43 and 4.44.

Fig. 4.43 shows that the apparent conformational entropy contribution to stress
deduced in this way differs little between the three materials. This result is expected,
since the soft segment macrodiol employed in all three materials is the same: PTHF.
The main difference visible is a slightly smaller stress contribution from the MDI-
based polymer, possibly originating in a lower entanglement density in this polymer
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Fig. 4.44 As Fig. 4.43, but
for the bond-stretching contri-
bution to the stress, νhσb [61]
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in view of the lower flexibility of its chains relative to the polymers containing
DBDI. By contrast, Fig. 4.44 shows large differences in the magnitude of the vis-
coplastic flow stress σb in the three polymers. The DBDI-based polymer PU16
shows the greatest flow stress, the MDI-based polymer PU17 the lowest, and the
DBDI+MDI-based polymer PU19 an intermediate value. These differences may be
understood in terms of the crystallinity and more pronounced hydrogen bonding
seen in the materials containing DBDI. They provide a common explanation for
most of the trends in mechanical response discussed above—see below.

Notwithstanding the success of this approach, it is interesting to note that the
results in Fig. 4.44 reveal an inconsistency with the original form of the GR consti-
tutive model. It would predict negative gradients for σb(λ), instead of the positive
gradients shown, since the true strain-rate falls with increasing elongation in tests at
constant nominal strain-rate. A possible explanation for this discrepancy is that ther-
mally activated flow events in the hard phase are intrinsically anisotropic, whereas
the model as previously described assumes they are isotropic [313]. Extension of the
GR model to accommodate intrinsic anisotropy, has been discussed in outline [61,
314] and a preliminary discussion of the application to PU elastomers was given
before [280]. Further details will be given elsewhere.

The primary concern of this study was the question of how the choice of hard
segment composition in PUs elastomers affects their mechanical response, espe-
cially when the relatively rigid MDI segment is replaced partially or entirely by the
relatively more flexible, and crystallisable, DBDI segment. It revealed a consistent
pattern of behaviour. Other parameters being equal, replacement of MDI by DBDI
was seen to lead to a response that is substantially stiffer (e.g. higher E1C), shows
higher hysteresis (e.g. lower E∗1R) and lower strain recovery, and higher stress relax-
ation. The separation of stress into a viscoplastic component, dominated by the hard
phase, and a hyperelastic component, dominated by the soft phase, described in the
previous section, allows all these results to be explained on a common basis. Ap-
plying equation (4.16) to cyclic uniaxial extension at constant elongation rate λ̇ to a
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maximum elongation λmax−1 allowed the input strain energy density and recovered
energy density to be evaluated:

E1C =

∫ λmax

1

[
σc(λ)+ νhσ

b(λ̇,λ
)]

dλ; E1R =

∫ λmax

λr

[
σc(λ

)− νhσb(λ̇,λ
)]

dλ (4.19)

where λr−1 is the residual elongation. Suppose that the pattern of behaviour seen in
Fig. 4.43 and 4.44 were replicated across the range of combinations of PU recipes.
It was immediately clear from the dependence of σb on hard segment content, com-
bined with the relative insensitivity of σc to the hard segment, that the observed
trends in the results for E1C and E∗1R would then be expected from equation (4.19).
Similarly, of the two contributions, only σb is history-dependent. Thus stress relax-
ation must be attributed to this portion of the stress, and the differences in stress
relaxation observed, for example in Fig. 4.7 and 4.8 (see previous section 3.4.), can
also be explained in terms of differences in σb similar to those seen in Fig. 4.44 (for
a different PU recipe).

Thus it was clear that the important effect of inclusion of the DBDI hard seg-
ment is to increase the flow stress of the hard phase. This might be considered
anomalous in view of the greater conformational mobility of DBDI provided by
the −CH2−CH2− bridge. The explanation is provided by the structural evidence, re-
vealing more complete phase segregation in the presence of DBDI (other features of
the recipe and preparation remaining constant) [60], and in some cases hard phase
crystallinity in addition. Closer interactions between the isocyanate groups provided
by these structural differences are expected to be associated with a higher density of
hard segment hydrogen bonds, leading to a higher stress required to overcome these
bonds and achieve plastic flow of the hard phase.

The performance of these materials as elastomers was shown to vary greatly
depending on the composition. The most extreme difference between the effects
of MDI and DBDI hard segments is seen in the cases where the chain extender-
diisocyanate couple is EG-DBDI or BG-DBDI, where the hard segments are ob-
served to crystallise. In such materials the stiffness, hysteresis, residual elongation
and stress relaxation are all increased relative to the corresponding MDI based PU.
When the couple is DEG-DBDI the same trend is observed, although the differences
are less pronounced because the flexible DEG inhibits crystallization. These differ-
ences between DBDI and MDI may be attributed to the greater flexibility of DBDI
allowing a higher tendency to self-associate by hydrogen bonding. A particularly
good balance of elastomeric mechanical properties is observed in the case of PU de-
rived from equimolar mixtures of MDI and DBDI. These polymers are stiffer than
those based on pure MDI but show the highest strain recovery of all the systems
studied, a primary consideration for elastomers.

Results of the mechanical tests can be understood in terms of a physical model in
which the stress is separated objectively into two distinct contributions: an elastic-
viscoplastic stress σb rising from bond-stretching in the hard phase, and a hyper-
elastic stress σc. This separation has been carried out in the case of the EG-PEA
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combination and varying DBDI content. The primary effect of the presence of DBDI
hard segments was shown to be a substantial increase in σb, for any given elonga-
tion, presumably as a result of the closer self-association of hard segments by hy-
drogen bonding. This single effect of the DBDI is sufficient to explain most of the
DBDI-induced differences in the observed mechanical response, across the range of
materials studied.

4.4.6 Interrupted tests

Further tensile load-unload stress relaxation tests were conducted by us by interrupt-
ing constant strain-rate tests (again 3.1×10−2 s−1) with 100 s waiting times during
loading and reloading, to observe the relaxation of stress at constant strain, before
resuming extension [69, 127]. The interesting points to emerge from the interrupted
tests concerned the magnitude and sign of stress relaxation over the 100 s interrup-
tions during loading and unloading. Stress relaxation in interrupted tests increased
with hysteretic energy loss. The observed effects of varying HS could be explained
by the hard domains having a higher flow stress in the presence of DBDI relative to
MDI, associated with increased hydrogen bonding in DBDI-based polymers, which
is enhanced in by hard segment crystallinity [69, 127].

Shown in Fig. 4.45 and 4.46 are the load/unload cycles of two analogous materi-
als. Only the type of diisocyanate differs, (DBDI—Fig. 4.45 or MDI—Fig. 4.46).

It observed that: (a) the magnitude of the mechanical stress relaxation was higher
in the case of PUs with DBDI than with MDI; this was again consistent with the
larger contribution of hard phase stress in the case of the DBDI based PUs [60, 61,
69, 127]. The magnitude of stress relaxation increased with strain during loading.
This indicated that the stress contribution from the hard phase increased with strain,
i.e. the strain-stiffening was not only from the soft (rubber-like) matrix [69, 127].
This was consistent with the arguments used in our earlier works, [61, 135] that the
flow process needs to be considered as intrinsically anisotropic: with deformation
the relaxing units tend to align with the direction of straining; (b) the sign of stress
changed and was different between loading and unloading of the material (see Fig.

Fig. 4.45 Loading and un-
loading of a DBDI material
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test with 100 s waiting time
during loading [127]
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Fig. 4.46 Interrupted test
with 100 s waiting time during
loading and unloading of a
MDI material (MDI:EG:PEA)
[69]
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4.46). This was consistent with a two phase microstructure where there are two
contributions to the stress: an elastic component and a viscous component [61].
The sign of the viscous stress changed sign on reversal of straining, and therefore
relaxation of this stress during unloading produced an increase in the net stress.

On loading, a common pattern of behaviour for the MDI and DBDI materials
could be seen. When straining was resumed after stress relaxation for 100 s, the
stress raised rapidly before continuing a steady increase with strain, resuming ap-
proximately the original curve. But, for the material based on DBDI there were ob-
served higher E modulus and higher stiffness. Also lower strain recovery and strain
energy recovery and higher residual strain, were retained with DBDI. It should be
mentioned that these are examples of the preliminary research regarding the PUs
mechanical behaviour when subjected to interrupted tests. Further research will be
reported soon.

4.5 Mechanical and thermal aspects of polyurethane elastomers
extended with diamines

Much of outcomes research is a systematic attempt to exploit what is known and make it
better (Kevin Kelly)

A series of polyurethane-ureas (PUUs) has been synthesized by us, based on the
aromatic diisocyanates DBDI or MDI. The materials were synthesized with two SS
macrodiols, the polyether macrodiol PTMO or the polyester SS, PEA.

In the first stage of our study, three aromatic diamines were used as chain exten-
ders: a non-symmetrical chain extender, 2,4-toluene diamine (TDA); two symmet-
ric aromatic diamines: 4,4’-methylene dianiline (MDA) and 4,4’-diamino-dibenzyl
(DAB). TDA was used in order to improve the mechanical properties and thermal
stability. The materials were synthesized by a two steps polyaddition reaction as
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described elsewhere [315, 316]. In the second step the prepolymer was extended by
a solution polyaddition reaction using a diamine as chain extender: DAPO, DAB,
or MDA (Fig. 4.47). The materials were synthesized with a molar ratio between
diisocyanate:macrodiol:chain extender = 2:1:1. PUUs films with thickness in the
range 0.3-0.6 mm were obtained. The PUUs mechanical properties and thermal be-
haviour as revealed by TGA and DSC measurements were followed. Examples of
HS schemes of MDI/MDA and DBDI/DAB based materials are shown in Fig. 4.48
and 4.49.

The PUUs structures are shown in Table 4.17.

Table 4.17 Structure of polyurethane ureas obtained with diamines TDA, DAB and MDA

Polymer
Composition

Hard segment (%)
DI MD CE

PUU1 DBDI PTMO TDA 24.56
PUU2 MDI PTMO TDA 23.72
PUU3 DBDI PEA TDA 24.56
PUU4 MDI PEA TDA 23.72
PUDB DBDI PTMO DAB 27.03
PUMD MDI PTMO MDA 25.89

DI–diisocyanate; MD–macrodiol; CE–chain extender

HO P OH + OCN I NCO OCN I NH CO O P O CO NH I NCO

CO NH I NH CO NH R NH CO NH I NH CO O P O

n

where:

P = , O (CH2)2 O CO (CH2)4 CO O (CH2)2 O

m

O (CH2)4 O
m

PTMG PEA

I = CH2 CH2 , CH2

R =

CH3

, CH2 CH2
, CH2

a b

c

R NH2H2N

Fig. 4.47 Schematic of PUUs: P-polyol; I -isocyanate
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Fig. 4.49 Hard segment of a DBDI based PUU extended with aromatic diamine DAB

The type of diisocyanate (MDI or DBDI) strongly influenced the course of poly-
mer synthesis and the polymer properties. As the HS contained urea and urethane
groups, some polymers showed a tendency of precipitation (polymers PUDB based
on DAB and DBDI) [17]. On the other hand, the HS ordered structure allowed
physical crosslinks by hydrogen bonds which resulted in an increase of the thermal
stability and of tensile properties data, as shown in Tables 4.18 and 4.19. In spite
of the lack of symmetry induced by TDA, the PUs series chain extended with this
diamine displayed a higher thermal stability. As in the case of polymer PUMD ob-
tained with DBDI/DAB, all the materials based on TDA were soluble and viscous
polymers without any precipitation tendency, unlike material PUDB, obtained with
DBDI and extended with DAB. The PUMD material had higher viscosity values
due to the MDI+MDA content. All the materials PUU1−4 (extended with TDA) had
a good solubility because the non-symmetrical TDA caused an interruption of the
succession of para-substituted aromatic rings of HS (DBDI, MDI) and cancelled
the tendency of ordering induced by the diisocyanate DBDI [316]. The polymers
PUU1−4 showed a good solubility into the reaction solvent and produced transpar-
ent and flexible films. Similar observations were made for the material PUMD based
on MDI+MDA.

The viscosity values (ηinh) of the PUU1−4 series were in the range of 0.43-
0.76 dL/g. The highest viscosity (0.99 dL/g) was found for the material PUMD.
A similar observation was made for the polymer PUDB which had a surprisingly
good viscosity (0.94 dL/g) although this material contained HS based exclusively
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on dibenzyl rests. This was explained by strong interactions due to intermolecular
hydrogen bonds that can act even in solution. While PUDB containing DBDI re-
sulted in opaque films that shrank during drying (up to break), in the case of PUUs
based on TDA flexible and transparent films were obtained [316].

The resulting linear polymers were characterized by TGA, DSC, inherent viscos-
ity measurements, and mechanical properties as shown in Tables 4.18 and 4.19.

Table 4.18 Characterization of polyurethane-ureas (PUU1−4)

PUUi
ηinh TGA (◦C)

(dL/g) T∗5 Max DTG

PUU1 0.67 300 440
PUU2 0.76 310 435
PUU3 0.63 315 375
PUU4 0.43 285 405
PUDB 0.94 191 348
PUMD 0.99 265 355

∗T5—5% weight loss temperatures

The effect of the urea linkage (in the HS), on the extent of phase separation
and other polymer properties can be revealed by the study of polymers thermal
behaviour (TGA and DSC). As seen in Table 4.18, the chemical structure influenced
the PUUs thermal stability. The materials PUU1−4 had 5% weight loss temperatures
(T5) ranging between 285−315◦C, while those of materials PUDB and PUMD were
of 191−265◦C. Polymers PUU1−4 showed DTG maxima between 375−440◦C, the
highest value belonging to PUU1 obtained with DBDI and PTMO.

PUUs based on TDA showed higher thermal stabilities due to the proximity of
urea and urethane groups in the HS as compared to other PUUs. In the case of PUDB
and PUMD that contained diamines with two aromatic rings, the number of hydro-
gen bonds was not sufficient, (the distance between successive urea and urethane
groups being too large). On the other hand, it is well known that the polyester SS
can contribute to greater phase mixing than polyether, in spite of the tendency of the
polyesters to crystallize more readily than polyethers. This behaviour implied that
the hydrogen bonding of urethane to polyester is stronger than that to polyether. As
shown elsewhere unlike in the case of PUDB and PUMD, the DSC tests revealed
that PUU1−4 were amorphous polymers [316]. Thus, in the case of PUU1,2 which
contained PTMO, the SS phase was amorphous, since the melting endotherm was
absent over −27◦C. However, PUU2 presented a small endotherm at 232◦C which
was attributed to the glass transition temperature of HS domains. The polyester
materials PUU3,4 based on PEA had melting endotherms of the crystalline SS at
42.5◦C and 44.7◦C, and small exotherms were also observed, which was due to the
HS crystallization that occurred at 197.7◦C and 196.6◦C, respectively [316].

The tensile properties of the PUUs series listed in Table 4.17 were determined
(Table 4.19).
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Table 4.19 Tensile properties of the PUUs series labelled in Table 4.17

Stress at 100% and Tensile Elongation Residual
PUUi 300% nominal strain [MPa] strength at break elongation

100% 300% [MPa] [%] [%]

PUU1 4.3 7.3 25 800 120
PUU2 4.4 9.8 39 750 16.6
PUU3 4.2 10.3 36 750 77.7
PUU4 3.4 6.9 23 700 127.7
PUDB 5.9 10.6 36 850 389
PUMD 6.3 11.4 33.5 600 50

Fig. 4.50 Tensile load/unload
cycles for polyurethane-
urea based on DBDI: PUDB
(PTHF/DBDI/DAB)
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The PUUs tensile properties depended on the molecular weights (expressed
as the inherent viscosity) and were strongly influenced by the chemical structure.
Higher stress-strain data of the series PUU1−4 were observed for the materials PUU2

and PUU3, comparable with the data of PUDB based on DBDI. The best results
were found for the material PUU2 with the highest tensile strength value (39 MPa)
and lowest residual elongation (16.6%).

The materials were also subjected to cyclic tensile experiments. Example tensile
load/unload cycles are shown in Fig. 4.50 and 4.51 for the materials PUDB and
PUMD. Polymers based on DBDI hard segments, displayed higher stiffness and
strength than did the conventional MDI based PUs. Polymer with MDI hard seg-
ments gave lower stresses and least hysteresis, whereas polymer with DBDI hard
segments gave higher stresses and most hysteresis.

Similar conclusions could be drawn as in the case of dibenzyl polyurethanes
chain extended with diols like BDO or EG as shown in previous sections: that such
features of the response can be attributed to differences in hard phase plastic flow
stress, resulting from crystallinity in the DBDI phase.

In a second stage of our study we compared the DAB and MDA based materi-
als (PUDB and PUDM from above) with other PUUs obtained by using the same
macrodiols, (polyester PEA or polyether PTMO) but the diamine chain extenders
2,5-bis-(4-amino-phenylene)-1,3,4-oxadiazole (DAPO) or 2,6-diaminopyridine
(DAPy). The materials were obtained similarly as in the case of the TDA and MDA
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Fig. 4.51 Tensile load/unload
cycles for polyurethane-
urea based on MDI: PUMD
(PTHF/MDI/MDA)
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Fig. 4.52 Schematic of a PUs hard segment of DBDI extended with DAPO

Fig. 4.53 Schematic of a PUs hard segment of DBDI extended with DAPy

polymers. Examples of HS schemes of MDI/MDA and DBDI/DAB based materials
are shown in Fig. 4.52 and 4.53.

Shown in Table 4.20 is the composition and the inherent viscosity (ηinh) of the
materials studied:

The viscosity values of the PUPY1−4 series were in the range of 0.37-0.55 dL/g.
This was due to the worm-like configuration of the macromolecular chain even
though relatively high molecular weights were revealed by the GPC data. Some
increase of polydispersity (polymer PUPY4) was observed. Moreover, a correlation
has been observed between viscosity and polydispersity: the smaller the viscos-
ity values, the higher the polydispersity and molecular weight. The relative small
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Table 4.20 PUUs composition and properties: materials extended with DAPO, DAPy, DAB and
MDA

PU Composition
Molar
ratio

P/DI/DA

Hard
segment

(%)

ηinh
(dL/g)

TGA (◦C) DSC (◦C)

T5/T10 Max DTG Endo Exo

PUOX1 PEA/DBDI/DAPO 1/2/1 27.02 0.62 248/275 309/344 38 95
PUOX2 PEA/MDI/DAPO 1/2/1 26.30 0.88 253/285 313/358 43 95
PUOX3 PTHF/DBDI/DAPO 1/2/1 28.08 0.61 234/261 288/361 49 183.5
PUOX4 PTHF/DBDI/DAPO 1/3/2 39.35 0.45 224/255 278/364 45 93, 221
PUPY1 PEA/DBDI/DAPy 1/2/1 24.09 0.55 268/288 305/361 35, 60 90
PUPY2 PTHF/DBDI/DAPy 1/2/1 24.93 0.43 261/275 330/358 30, 64 115
PUPY3 PTHF/DBDI/DAPy 1/3/2 34.44 0.50 287/298 361/396 27, 60 87, 190
PUPY4 PEA/MDI/DAPy 1/2/1 23.13 0.37 285/309 351/388 40 -
PUDB PTHF/DBDI/DAB 1/2/1 27.03 0.94 191/224 268/348 51, 167 70
PUMD PTHF/MDI/MDA 1/2/1 25.89 0.99 265/285 292/355 56, 177 75
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Fig. 4.54 Intramolecular hydrogen bonds attributed to polyurethanes with pyridine rings

viscosity could be explained by the meta-substitution of pyridine rings, the stronger
interaction of polymer-solvent type and the increased tendency of 2,6-pyridine rest
to form intramolecular hydrogen bonds with urea or urethane groups (Fig. 4.54).

Due to the presence of MDI and highest molecular weight, the material PUOX2

showed a good viscosity value (0.62 dl/g). The PUOX1−4 series (especially the
DBDI materials) and polymer PUDB displayed a semi-crystalline structure. The
crystallinity degree varied from 5.49% (PUOX3) to 18.84% (PUOX4).

The ordered structure of HS allowed physical crosslinks by hydrogen bonds
which resulted in an increase of the thermal stability. The PUUs series extended
with DAPO showed higher thermal stability due to the symmetry and rigidity of
this heterocyclic diamine. The series PUOX1−4 had the 5% loss weight tempera-
tures (T5) between 225−252◦C, as compared to PUDB and PUMD (191−265◦C).
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Polymers PUPY1−4 decomposed above 260◦C. The highest value was observed for
material PUPY3 with the longest HS (298◦C).

The materials PUOX2 and PUMD (both of them obtained with MDI), showed
higher viscosity values. PUs extended with DAPy had a good solubility since the
meta-substituted pyridine ring caused an interruption of the succession of para-
substituted aromatic rings of HS (DBDI or MDI) and cancelled the tendency of
ordering induced by DBDI. For example, because the HS of PUPY3 contained a
urea-urethane group ratio of 2/1, the polymer PUPY3 showed a good solubility
into reaction solvent and produced transparent films. The viscosity values of the
PUPY1−4 series were in the range of 0.37− 0.55 dL/g. The series of materials ex-
tended with DAPO showed a higher thermal stability due to the symmetry and rigid-
ity of DAPO.

The thermal behaviour of the materials labbeled in Table 4.20 was also investi-
gated by means of DSC measurements. Results are shown in Fig. 4.55 and 4.56 and
in Table 4.21.

Table 4.21 DSC thermal behaviour of the materials listed in Table X

ENDOTHERMS

PEA melting peaks:
38◦C (PUOX1), 43◦C (PUOX2) and 40◦C
(PUPY4)

PTMO melting peaks:
35◦C (PUPY1), 30◦C (PUPY2) and 27◦C
(PUPY3)

TG of HS and/or
dissociation of HS
hydrogen bondings:

49◦C (PUOX3), 45◦C (PUOX4), 60◦C
(PUPY1,3), 64◦C (PUPY2), 51◦C (PUDB)
and 56◦C (PUMD)

Conformational changes in
the soft segments:

160◦C (PUOX3), 165◦C (PUPY3), 167◦C
(PUDB), 177◦C (PUMD), 185◦C (PUPY1)
and 190◦C (PUOX4)

Endotherms that represent
the beginning of
decomposition process:

240◦C (PUOX1) and 230◦C (PUPY4)

EXOTHERMS

Conformational changes in
mixed phases:

70◦C (PUDB), 75◦C (PUMD), 87◦C
(PUPY3), 90◦C (PUPY1), 93◦C (PUOX4),
95◦C (PUOX1, PUOX2), and 115◦C
(PUPY2):

Conformational changes
during of the crystallization
process of HS:

155◦C (PUOX2), 190◦C (PUPY3) and
221◦C (PUOX4)

The HS crystallization processes and conformational modifications were revealed
by DSC exotherms especially in the case of PUUs with the longest HS based on
DBDI (PUOX4 and PUPY3).Conformational changes occurring in the SS were ob-
served mostly in PUUs with longer HS displaying the smallest SS melting tempera-
tures e.g. better phase separation (PUOX3, PUOX4, PUPY3, and PUDB or PUMD).

In a third stage of this study, the tensile properties of the series of materials
labeled in Table 4.20 (extended with the diamines DAPO, DAPy, DAB and MDA)
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Fig. 4.55 DSC curves for the series of materials PUOX1−4 extended with DAPO

were compared by us, with two PUs extended with the low molecular weight diol
EG, (see series PUEG1−2 in Table 4.22).

Table 4.22 Composition of diol-extended polyurethanes

PU Structure Molar ratio Hard segment (%)

PUEG1 EG-PEA-DBDI 3/1/4 38.31
PUEG2 EG-PEA-MDI 3/1/4 37.23

Shown in Table 4.23 are the tensile properties of the materials listed in Tables
4.20 (extended with diamines) and 4.22 (extended with the diol EG).
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Fig. 4.56 DSC curves for the series of materials PUPY1−4 extended with DAPy

Of all PUUs, the DBDI based material PUDB had the highest tensile strength
(33.5 MPa), followed by material PUPY3 (also based on DBDI) with HS = 34.44%
(31.5 MPa). In such materials, the HS adopt a more compact packing arrangement
(given by the presence of DBDI) by hydrogen bond interactions. The number of
hydrogen bonds is not sufficient if the distance between successive urea and urethane
groups is too large.

Table 4.23 Tensile properties of the materials listed in Tables 4.20 and 4.22

PU
Modulus [MPa] Strength stress

[MPa]
Elongation at

break [%]
Residual

elongation [%]100% 300%

PUOX1 1.4 - 1.8 250 39
PUOX2 1.9 3.4 15.7 800 216
PUOX3 3.5 5.9 17.3 850 339
PUOX4 3.3 - 6.7 200 39
PUPY1 1.9 - 1.9 100 0
PUPY2 2.0 3.0 5.7 700 72
PUPY3 4.8 7.9 31.5 1000 67
PUPY4 1.52 2.8 5.3 750 23
PUDB 5.9 10.6 33.5 850 389
PUMD 6.3 11.4 28.5 600 50
PUEG1 13.7 17.0 40.7 350 145
PUEG2 8.42 20.6 37.5 450 75

Of all the materials included in Table 4.23, the highest tensile strength (40.7 MPa),
was found for the material PUEG1 based on the couple DBDI-EG, followed by
the material PUEG2 (37.5 MPa) obtained with MDI, followed by material PUDB.
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The polymers extended with EG had the highest HS content ((37.23% (MDI) and
38.31% (DBDI)), with the shortest distance between urethane groups belonging to
the same HS, as built during the synthesis (molar ratio:diisocyanate:macrodiol:chain
extender = 4:1:3). As previously shown, in PUs based on the chain extender-diiso-
cyanate couples EG-DBDI (or BDO-DBDI), the HS were observed to crystallize.
PUUs with HS containing para-substituted aromatic rings showed the weakest me-
chanical properties (PUOX1,4). Similar observations were made for the PUUs with
HS containing at least one meta-substituted aromatic ring (PUPY2,4).

The smaller values observed for the DAPO based materials (PUOX1−4 series)
was explained by the lower interaction between aromatic rings than in the case of
the hydrogen bonding type.

4.6 Mechanical properties of dibenzyl based polyurethane
elastomers containing a molecularly dispersed UV absorber

No one can live under degradation (Walid Jumblatt)

It is true. As for things, some of them resist to degradation much better than others� Like other polymers, PUs are subjected to thermal and photo-oxidative degrada-
tions, even during their synthesis. In order to reduce these effects polymers can be
treated with suitable antioxidants and light-stabilizers [64, 317].

The photo-oxidation mechanism of polyurethanes is generally less known and
the products are often complex and difficult to separate and identify [317]. This
mechanism is considered to be similar to that of polyamides due to the simili-
tude of their chemical structure. The mechanism of photo-oxidation of polyure-
thanes was studied on model systems [318]. In the presence of oxygen, the degra-
dation starts by the attack of oxygen atom on α-methane groups (proton abduction)
and formation of the hydroperoxydes. The rate of oxygen absorption depends on
the chemical constitution of diisocyanate and of the hydroxyl-containing partner
used in the synthesis [319]. With regard to the initial rate of oxygen absorption,
PUs based on different isocyanates may be placed in the following order: toluene
diisocyanate (TDI) > diphenylmethane diisocyanate (MDI) > hexamethylene diiso-
cyanate (HDI). Photo-rearranged intermediates are suggested as precursors of col-
ored products in the photo-oxidation of polymers. PUs based on MDI exhibit intense
yellowing tendency during photo-oxidation due to formation of quinoid groups as
shown in Fig. 4.57.

The PUs photo-degradation processes are accelerated by water and ammonia
[319].

In this work, a series of PUs based on DBDI were prepared. They presented some
specific features due to the diisocyanate structure [320]. Thus, when subjected to the
photo-degradation process, the PUs based on DBDI showed a lower yellowing ten-
dency than those based on MDI. This could be explained by the particular behaviour
of the ethylene bridge between the two aromatic rings against the photo-degradation
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Fig. 4.58 The photo-oxidation process of the polyurethanes based on DBDI [64]

process. Whereas the methylene bridge of MDI is simultaneously activated by the
two aromatic rings (Fig. 4.57), in the case of DBDI, each methylene group is ac-
tivated by only one aromatic ring. The photo-oxidation reaction of PUs based on
DBDI for each degradation step could be described as in Fig. 4.58.

As shown in Fig. 4.58, the hydroperoxydes, which result in the initial stage of the
oxidation process, can eliminate water leading to the stilbene structures. The stilben
moieties can further suffer a 2+2 cycloaddition reaction under UV radiation leading
to crosslinked colorless structures of cyclobutane type [59, 321]. These new struc-
tures of cyclobutane hinder the formation of the systems containing quinoid groups
[59]. This is the explanation of the improved light stability of all PUs based on
DBDI as compared to those based on MDI. As a result the yellowing of PUs based
on DBDI appear much slower. The photo-oxidative degradation of these materials
can be improved by treating them with UV absorbers. Frequently, the addition of an
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Fig. 4.59 Synthesis of the UV absorber: 1,2-bis-[2-(2-hydroxy-5-methylphenyl)-5-
benzotriazolyl]-ethane (BHMBE) [64]

insoluble UV absorber to the polymers leads to a more or less fine solid dispersion
in the polymer matrix. One of the principal conditions to enhance the effectiveness
of the additive is to obtain as fine as possible particle dispersion of UV absorber in
polymers [64].

In this work we have studied a series of blends made up by PUs based on DBDI
and an UV absorber having a good behaviour when exposed to environment. The
materials were obtained by two methods as described elsewhere [64]. The UV ab-
sorber was obtained as described earlier (Fig. 4.59) [322].

The materials were obtained with PEA of molar mass 2 000 g/mol and chain
extended with DEG.

The synthesis of the UV absorber was performed by starting from 4,4’-diamino-
dibenzyl through a multistep reaction as follows: acetylation, nitration, hydrolysis,
diazotizing, azo-coupling and, finally, reductive cyclization leading to the 1,2-bis-
[2-(2-hydroxy-5-methylphenyl)-5-benzotriazolyl]-ethane (BHMBE) as shown in
Fig. 4.59 [322]. This product was characterized by physical and chemical analyses
and was used as UV absorber in blends with polyurethane [64, 322]. 1,2-bis-[2-(2-
hydroxy-5-methylphenyl)-5-benzotriazolyl]-ethane (BHMBE) [322]: M. p. 208 −
210◦C (toluene). Elemental analysis: Calculated for C28H24N6O2: C% = 70.60;
H% = 5.04; N% = 17.65. Found: C% = 68.87; H% = 4.92; N% = 17.26. UV ab-
sorption at 304 and 344 nm. 1H NMR (CDCl3, ?): 11.15 (s, OH, 2H), 7.64− 8.18
(m, aryl, 6H), 7.09− 7.26 (m, benzotriazole, 6H), 4.45, 3.23 (d, CH2, 4H), 2.4 (s,
CH3, 6H) [64, 322].

Two types of polyester PUs were synthesized:
(a) the first PU was achieved with a small degree of crosslinking: DBDI:PEA:

DEG DBDI, and HS fraction at ca 40%. A 10% NCO excess (isocyanate I = 110)
was obtained by the polyaddition reaction in bulk of 1 mol of the macrodiol PEA
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and 3 mol of DBDI that formed a prepolymer (P) having isocyanate (NCO) final
groups. This prepolymer was chain-extended with 1.755 mol DEG leading to a re-
active oligomer having final NCO groups. The crude material was cast as 2 mm
thickness plates and was cured at 110◦C for 24 h. The product was post-cured two
weeks at room temperature. During this time the atmospheric humidity consumed
the remaining small excess of isocyanate groups leading to urea bridges and rare
allophanate groups too [17, 64].

(b) The second type of PU was linear: DBDI:PEA:DEG40 (I = 100) and it was
obtained similarly as in the case (a), except the quantity of the chain-extender: 2 mol
of DEG was used [64]. In this case, the product did not contain free isocyanate
groups any longer and, consequently, the post-curing process by means of the atmo-
spheric humidity did not take place any longer. Therefore, the urea and allophanate
branches on the polymer chain were avoided.

The introduction of the UV-stabilizer in PUs was made by different ways. The
first kind of stabilized polymer (a) was obtained by adding a solution of BHMBE in
DMF (conc.= 4.34 g/100 ml) under stirring into the melted prepolymer. The solvent
DMF was then removed by vacuum distillation, and the chain extender was added.
A polyurethane containing 0.58% BHMBE was obtained (Fig. 4.60). A PU sam-
ple obtained by introducing the powdered UV-stabilizer in the macrodiol directly
(forming a dispersed phase) presented poor mechanical properties because of their
less homogeneous structure [64].

The second method used a solution of polyurethane of type (b) which was pre-
pared by dissolving 16 g of polymer into 100 ml DMF under stirring at 70◦C for
24 h. Based on this polyurethane solution, two blends were prepared each containing
different proportions of BHMBE (0.5% and respectively 1%). Thin films (0.3 mm
thickness) have been prepared from these solutions by casting on glass plates and
drying at 60◦C for 72 h. The samples prepared with 0.5 and respective 1% BHMBE
concentration were exposed for 120 days at the sun light in atmospheric conditions.
The mechanical properties were periodically monitored (Tables 4.24 and 4.25).

A practical route to reduce the effects of photo-degradation in PUs (as in the case
of other polymers) is the addition of suitable light stabilizers by different ways. The
most used procedure is the additive stabilization method. A more effective method
to increase the maintenance of the stabilizer in the polymer is the chemical bonding
of these compounds to the macromolecular chain even in the course of polyurethane
synthesis. Some attempts to introduce in such way the stabilizers in polymers are
known. Thus, a benzotriazole UV absorber was mixed with a prepolymer containing
isocyanate groups and the chain extender directly into moulding machine (conc.
0.5%) [64, 323]. The stabilizer can be also mixed into polyol component before
its reaction with the isocyanate component. The stabilizer that usually contains OH
groups could form chemical bonds with the macromolecular chain in some extent
[324].
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4.6.1 Polyurethane-UV absorber blends

In this study, BHMBE containing two OH groups was added into the prepolymer
leading to the formation of urethane adducts between phenolic OH groups and iso-
cyanate groups as presented in Fig. 4.60. Such a type of reaction can have a high
probability to occur because it is well known that isocyanates and phenols can re-
act easily leading to blocked isocyanates [325]. A similar reaction was reported in
the case of adducts between isocyanates and antioxidants that contain reactive hy-
droxylic groups also [324]. The isocyanates blocked with phenols are unstable at
temperatures of 150−200◦C, when they decompose by regenerating (releasing) the
initial isocyanate structures, that makes them useful for many applications, like one-
pack polyurethane systems [326]. Based on these considerations we presumed that
the UV absorber does not consume in fact the isocyanate groups because the initially
formed adducts suffer a thermal dissociation during the final cure of polyurethane
objects (temperatures above 100◦C). Moreover, because of the temporary binding
to the PU chain, the UV absorber has much more chances to reform, but in a more
dispersed state in the bulk of polymer instead to migrate to amorphous zones (soft
segments) as in usual cases [64].

The second method for the addition of BHMBE in polyurethane consisted of a
simple mixing of the stabilizer with the solution of polymer following the classic
route. From these solutions test-pieces were prepared and subjected to the sun light
in the condition of atmospheric ageing process for 120 days and were tested peri-
odically from the view-point of the mechanical properties (Tables 4.24 and 4.25)
[64].

4.6.2 Effect of the UV stabilization on mechanical properties

Shown in Table 4.24 is the behaviour of specimens of the PU type DBDI:PEA:
DEG40 Index 110 (PU 110) with or without BHMBE component, exposed to the
same environmental conditions. The introduction of BHMBE into the polyurethanes
modified in a small extent their mechanical properties. It observed that during the
ageing testing conditions the tensile strength of the simple PU decreased with 17.5%
(from 50.54 to 41.7 MPa), while the tensile strength of the protected PU remained
practically unchanged. Small variations of 100% and 300% tensile stress was ob-
served for the stabilized material while the value of tensile stress of the polymer
without stabilizer a little increased. These results had to be considered cautiously
because the ageing phenomena in the case of 2 mm thickness plates are relatively
insignificant due to the relative thickness of test-pieces [64]. In these conditions
the degradation processes (occurring mainly at the surface) required longer time to
migrate in the bulk of specimens.

These considerations enabled us to study the effect of the stabilizer addition on
samples of smaller thickness (0.3 mm). The data on the behaviour of these speci-
mens from the viewpoint of mechanical properties are shown in Table 4.25.
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Fig. 4.60 Synthesis of the type (a) polyurethane blended with UV absorber [64]

A more significant variation of the properties could be observed during 120 days
of ageing process. After the first 30 days, almost all samples presented a significant
decrease of the tensile strength. Thus, the PU sample without stabilizer showed a
decrease of the tensile strength of 58% (from 27.60 to 16.05 MPa), while in the
case of the sample with 0.5% stabilizer the strength was reduced to 56.5% (from
27.27 to 15.40 MPa) and it was reduced to only 32.3% (from 27.12 to 8.75 MPa) for
the sample with 1% stabilizer [64]. In the following period (until 120 days) all the
mechanical properties presented smaller variations, the observed differences being
favorable in the samples with higher content of stabilizer. For example, the tensile
strength of the untreated sample diminished with 65.4% (from 27.60 to 18.06 MPa)
whereas in the case of the sample with 0.5% stabilizer the reduced value was 59%
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Table 4.24 Tensile properties of plates of polyurethane DBDI:PEA:DEG40 (I = 110) with or with-
out UV absorber [64]

UV
Absorber

PU composition Mechanical
measurements

Time (days)
7 30 60 90 120

BHMBE
Conc. =
0.58%

DEG40
PEA2000
DBDI
I = 110

100% tensile stress (MPa) 3.6 3.57 3.7 3.8 3.7
300% tensile stress (MPa) 10.4 6.86 7.7 7.7 6.9
Tensile Strength (MPa) 42.2 42.3 41.7 39.1 44
Elongation at break (%) 605 600 550 550 625
Residual elongation (%) 20 20 20 20 20

−
DEG40
PEA2000
DBDI
I = 110

100% tensile stress (MPa) 3.9 4 3.9 3.9 4.1
300% tensile stress (MPa) 7.8 8.3 8.4 7.8 8.2
Tensile Strength (MPa) 50.5 45.2 42.6 38.2 41.7
Elongation at break (%) 623 600 550 550 550
Residual elongation (%) 10 10 10 20 10

Table 4.25 Tensile properties of films of polyurethane DBDI:PEA:DEG40 (I = 110) with or with-
out UV absorber [64]

UV Absorber
BHMBE

PU composition Mechanical
measurements

Time (days)
Initial 30 60 90 120

0

DEG40
PEA2000
DBDI
I = 110

100% tensile stress (MPa) 3.34 3.3 4.1 4.8 5.2
300% tensile stress (MPa) 5.9 5.4 6.7 6.9 6.9
Tensile Strength (MPa) 27.6 11.5 8.3 10.4 9.5
Elongation at break (%) 724 650 400 550 500
Residual elongation (%) 85 105 50 70 60

0.5

DEG40
PEA2000
DBDI
I = 110

100% tensile stress (MPa) 2.6 2.7 4.1 4.2 4.7
300% tensile stress (MPa) 6.1 5.0 6.7 5.8 6.5
Tensile Strength (MPa) 27.3 11.9 12.0 8.4 11.2
Elongation at break (%) 600 700 550 500 600
Residual elongation (%) 90 110 70 70 100

1

DEG40
PEA2000
DBDI
I = 110

100% tensile stress (MPa) 2.9 3.4 3.5 4 4.2
300% tensile stress (MPa) 5.86 5.2 6.3 6 6.8
Tensile Strength (MPa) 27.2 18.4 17.4 13.3 14.4
Elongation at break (%) 640 700 675 700 675
Residual elongation (%) 60 110 80 90 70

(from 27.27 to 16.06 MPa) and it was 47% (from 27.12 to 12.78 MPa) for the sample
with 1% stabilizer [64].

Overall, it could be concluded that the addition of UV stabilizer 1,2-bis[2-(2-
hydroxy-5-methylphenyl)-5-benzotriazolyl]ethane (BHMBE) to the prepolymer
step of the studied PUs can be used successfully [64]. The UV absorber first formed
a temporary chemical binding as a result of the addition reaction between OH
phenolic groups and the isocyanate groups belonging to the prepolymer. During
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the post-cure, the new urethane groups broke releasing the absorber that remained
trapped in the polymer matrix as a molecular level dispersion.

This method of mixing the UV absorber with PUs was used without damage or
significant decrease of mechanical properties. The presence of BHMBE determined
temperate stabilization effects. In this first stage of our research the influence of the
stabilizer of a concentration range up to 1% in polymer was studied [64].

This work will be continued by us with the investigation of the stabilization ef-
fects on PUs containing higher concentrations of UV absorber.

4.7 Influence of hydrogen bonding on the mechanical response of
polyurethane elastomers

If you have a difficult task, give it to a lazy person; they will find an easier way to do it.
(Hlade’s Law)

We did not do so, even if this study has not been quite an easy task for us �. The
topic has been challenging �.

As seen in previous chapters, it is clear that the mechanical properties of PUs are
mainly determined by their microphase morphologies. They are extensively hydro-
gen bonded. The hydrogen bonding is the strongest secondary chemical bond, with
a strength estimated to about 20-50 kJ/mol [4].

The effect of hydrogen bonding is frequently used to explain various anomalies
or improved properties. However it is difficult to isolate this effect from the effects of
physical and chemical structure. Some studies have concluded that molecular mobil-
ity is not controlled by hydrogen bonding. Instead it is believed that a rapid increase
in molecular mobility accompanying glass transition allows the hydrogen bonding
to dissociate [2–4]. Therefore the hydrogen bonding does not necessarily enhance
mechanical properties, although there is insufficient published data that quantita-
tively demonstrates the effect of hydrogen bonding on the mechanical properties.

As shown [4], a clear effect of hydrogen bonding could be observed only if me-
chanical tests are carried out on PUs of analogous structures with and without hy-
drogen bonding.

Therefore in our studies this problem was addressed by investigating a series of
PUs with analogous structures but achieved with or without hydrogen bonding. The
effect of hydrogen bonding on the PUs mechanical behaviour was undertaken. To
obtain polymers without hydrogen bondings by deuteration, the following prepara-
tion procedures were adopted: (a) the direct substitution of hydrogen with deuterium
of D2O, in the case of 0.02 mm thin PUs films; (b) the deuteration by synthesis
by using deuterated chain extenders; (c) the deuteration by synthesis using deuter-
ated SS [327, 328]. The hydrogen substitution with inert (−CH3) groups was also
undertaken. It was carried out using the following synthesis routes: (a) chemical
modification of usual PUs by substitution after synthesis, using lithium hydride and
methyl chloride; (b) using dichloroformates based on PEA and DEG reacted with
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−NN’− dimethyl diaminodiphenyl methane. In the study presented here, the ma-
terials were synthesized with the diisocyanate DBDI, and the polyesters PEA or
PBA. To avoid crystallization, DEG has been used as a chain extender. The mo-
lar ratio of the components was diisocyanate:macrodiol:chain extender: 4:1:3. The
stoichiometric proportions used in these polymers (I = 100) means that were truly
thermoplastic. They did not have the potential for further reaction with ambient hu-
midity to produce chain lengthening and allophanate cross-linking, seen in similar
polymers but with excess isocyanate groups (e.g. I = 110) [17, 60, 61].

4.7.1 Deuterated polyurethane elastomers

The polyaddition procedures to obtain deuterated materials according to the meth-
ods (a)–(c) have been described elsewhere [127, 327, 328].

The polymers in the form of films were subjected to uniaxial tensile tests at con-
stant nominal strain-rate (0.03 s−1). In addition, to investigate mechanical hysteresis,
cyclic tensile tests were carried out, cycling between a fixed strain limit (300%) and
zero load, with the same magnitude of strain-rate for loading and unloading.

On employing the IR measurements the degree of isotope exchange was esti-
mated by the decrease of the νNH stretching vibration and concomitantly the in-
crease of νND corresponding to the step by step appearance of the ND groups as
a result of the hydrogen replacement by deuterium. Quantitative IR measurements
confirmed a 59% deuteration degree but only for 0.2 mm thin PUs films. The posi-
tion of the urethane hydrogen replacement was strongly influenced by the adopted
polyaddition procedure [327]. While in the case of direct deuteration by isotope
exchange using D2O, the hydrogen replacement with deuterium occurred preferen-
tially at the joint points between HS and polyesters, when using a deuterated glycol
the exchange of hydrogen with deuterium proceeded especially within the middle of
the HS urethane groups [328]. After deuteration with D2O vapours, from the initial
large 3 300–3 400 cm−1 N−H stretching band, it remained only a band centered at
3 305 cm−1 corresponding to the most associated state. In the case of the deuteration
by synthesis of the initial large 3 300–3 400 cm−1 N−H stretching band, it resulted
only a narrow band centered at 3 350 cm−1 corresponding to the lowest associated
state [328].

In the case of PUs thicker films, the direct replacement of hydrogen with deu-
terium by using D2O failed. This was due to the difficulty of D2O macromolecules to
penetrate through thicker PUs macromolecular networks. However, concomitantly
with the experiments achieved on thicker sheets immersed in D2O, similar exper-
iments were done simultaneously on similar PU films but immersed in H2O. The
stress-strain data of the two series of polymers were achieved. We observed that
while the samples immersed in H2O presented significant hydrolytic degradation,
the properties of the series of films immersed in D2O were not altered. Not any
degradation effects were evidenced. Apparently unexpectedly, for the similar sam-
ples subjected to the same treatment with H2O, the mechanical properties decreased
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Fig. 4.61 Stress-strain diagrams of uniaxial extension: (�) — PU immersed in D2O; (•) — PU
immersed in H2O [327]

appreciably as a result of the appearance of a significant hydrolytic degradation (Fig.
4.61).

That has suggested that D2O does not penetrate the macromolecular network
because of its higher volume as compared to that of normal H2O.

To enable the replacement of hydrogen with deuterium in the case of thicker
PUs, we proceeded to the deuteration by synthesis. This was achieved by using a
deuterated chain extender DO−CH2−CH2−O−CH2CH2−OD (DEGd) (isotopic pu-
rity 90%) instead of DEG. DEGd was obtained from a mixture of D2O:DEG (25:6
vol) by fractionated distillation after 24 hrs of isotopic exchange at 60◦C. Quantita-
tive measurements confirmed a 66.7% deuteration degree. The stress-strain data of
uniaxial tension (Table 4.26) showed that for the PUs derived from the deuterated
chain extender DEGd it obtained better elastomeric properties. This was revealed
by an increase of the tensile strength from 41.3 MPa (normal DEG) to 56.4 MPa
(DEGd), and by a decrease of about 50% of the residual elongation (50%—normal
DEG to 22%—DEGd). Also a higher strain energy (17.2 MPa) and a lower 300%
permanent hysteresis (40.2 MPa were found in the PU obtained with DEGd, as com-
pared to 14.7 MPa and 45.5 MPa respectively (normal DEG).

4.7.2 Polyurethane elastomers obtained by hydrogen substitution
with inert (−CH3) groups

When hydrogen was not substituted with deuterium but with inert (−CH3) groups
(Fig. 4.62) the polymer inelasticity increased dramatically, which resulted in a con-
stant degree of elongation at break, and an increase of the residual elongation show-
ing a pronounced tendency of polymer plasticization, as seen in Fig. 4.63.
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Table 4.26 Tensile properties of a DBDI based PU obtained with PBA and normal/deuterated
chain extender DEG [327]

The Tensile Property Normal DEG Deuterated DEG

100% Tensile Stress [MPa] 3.85 5.74
300% Tensile Stress, [MPa] 7.67 10.6
Tensile Strength [MPa] 41.2 56.3
Residual Elongation [%] 50.0 22.0
Hardness, Shore A 90 94
Strain Energy 300% [MPa] 14.7 17,2
300% Permanent Hysteresis, 45.5 40.2
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Fig. 4.62 Hydrogen substitution with inert (−CH3) groups
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Fig. 4.63 Tensile load/unload cycles for a material with PBA and DBDI, at strain rate 0.03 s−1,
where hydrogen was substituted with inert (−CH3) groups

Inelasticity (residual strain, hysteresis) increased when hydrogen was replaced
by inert (−CH3) groups (Table 4.27). The tensile properties data decreased dramat-
ically: the tensile strength dropped from 66.7 MPa (PU with hydrogen) to 7.4 MPa
(PU without hydrogen) whereas the residual elongation (one of the most important
parameters to describe the material elasticity) increased from 20% (PU with hy-
drogen) to 220% (PU with no hydrogen). The molecular weight expressed by the
inherent viscosity also decreased from 1.18 dl/g (PU with hydrogen) to 0.37 dl/g
(PU with no hydrogen).
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Table 4.27 Stress-strain data of a PU based on the SS macrodiol PBA with/without hydrogen
bonding, obtained by the prepolymer technique

PU Synthesis Route
Inherent viscosity

[dl/g]
Hardness, [Sh◦ A]

Stress at 300%
strain, [MPa]

with hydrogen bonding 1.18 89 14.6
without hydrogen bonding 0.37 72 3.8

PU Synthesis Route
Tensile strength,

[MPa]
Elongation at

break, [%]
Residual

elongation, [%]

with hydrogen bonding 66.7 550 20
without hydrogen bonding 7.4 780 220

Therefore while the hydrogen bonding did not necessarily enhance the PUs me-
chanical properties, it plays an essential role on the improvement of the materials
performance as elastomers. Similar conclusions were obtained by us in other works,
for materials obtained with the diisocyanate MDI and when using other macrodiols
like the polyester PEA or the polyether PTMO [127, 327, 328].

4.8 Kinetics and postcure reactions mechanism in polyurethane
elastomers achieved with excess of NCO groups

Time stays long enough for those who use it. (Leonardo da Vinci).

This also applies to PUs achieved with excess of NCO groups, as you will see in
this section.�

The postcure processes developed in solid state [3, 329, 330] play an important
role in the polymer synthesis. Although an old subject, the postcuring mechanism
of PUs remained so far incompletely elucidated.

In the casting PUs, which are traditionally synthesized using a small excess of
up to 10% isocyanic groups (NCO) against the total amount of hydroxyl groups
(OH) present in the system (“index number”) [1, 3] I = 110, the mechanical prop-
erties enhance with time. Even though the atmosphere humidity has a vast access
for thin films and porous materials, the preponderance of urea group formation has
been unambiguously proven [1, 3, 59, 331–334]. The nature of the process, which
performs in the depth of solid cast elastomers where water penetration takes place
more difficultly, still remains open.

For the NCO excess group consumption many more reactions have been sug-
gested. Also evidenced was the spontaneous isocyanate group dimerization at room
temperature [322, 323]. In the hot cure reaction, the principal process, admitted by
A. Awater, was the appearance of the allophanate and/or biuret linkages [335]. K.A.
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Piggot [336] also presumed that the presence of some base or metal as a trace cat-
alyst in the raw starting polyol can favor the biuret, allophanate of the trimerisation
process. If considering the relatively long time of the postcure reaction, it is difficult
to predict which of these reactions mainly continue to perform. Once the usual hot
cure reaction has finished, it has been shown that when kept in time at room tem-
perature, a cast PU continues to change its properties [331]. This change appears as
a function of environmental exposure, extended use, or chemical reactions intrinsic
to the material itself [1, 331, 332]. This phenomenon was previously observed by
our Romanian colleagues on different types of PUs [320] with variable I values, and
also using different reaction components.

In a first stage of our study we followed the evolution of the tensile properties in
time for a series of polyether PUs obtained by using the two aromatic diisocyanates
MDI or DBDI. The PUs composition is shown in Table 4.28.

Table 4.28 PUs composition

PU# Diisocyanate MD
M = 2 000

CE I

1 DBDI PTHF DEG 110
2 DBDI PTHF DEG 105
3 DBDI PTHF DEG 100
4 MDI PTHF DEG 110

where: MD — macrodiol; CE — chain extender.

The diisocyanate / macrodiol ratio (mol) was of 3.03. The amount of chain ex-
tender was calculated so to obtain a 0 to 10% excess of NCO groups [331]. The
isocyanate index (I) was calculated according to eq. (4.20):

I =
[NCO] ·100

[OH]M+ [OH]CE

(4.20)

where: [NCO] = equivalents of NCO groups from diisocyanate; [OH]M = equiva-
lents of OH groups from macrodiol; [OH]CE = equivalents of OH groups from chain
extender.

4.8.1 Postcure processes in polyurethane elastomers

The evolution of PUs postcure processes was compared by us by introducing and
following a reduced 300% tensile stress function (α) which we calculated according
to eq. (4.21) as follows:

α =

⎛
⎜⎜⎜⎜⎜⎝1−
σ300

30 −σ300
t

σ300
30

⎞
⎟⎟⎟⎟⎟⎠100 (4.21)
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Fig. 4.64 α–t dependence as a function of time for the DBDI series of materials PU1, PU2 and
PU3 of variable index I (100 to 110)(Table 4.28) [331]

The function reproduces the percent level of the 300% tensile stress (σ300
t ),

achieved at a time (t) by comparing it to the final 300% tensile stress (σ300
30 ), achieved

30 days after synthesis. The α—time dependence is a function of the chemical struc-
ture of the PUs hard constituent polymer blocks. The relationship between the func-
tion α and the isocyanate (NCO) excess was followed (Fig. 4.64). Decreasing the
NCO groups excess (I) from the value of I = 110 to I = 105 and consequently to
I = 100 resulted in a decrease of α from 33% to 13% and finally to 1.5%. Shown
in Fig. 4.65 and 4.66 is the evolution in time of the tensile strength and residual
elongation for the series of PUs listed in Table 4.28.

As seen in Fig. 4.65 and 4.66, regardless the type of diisocyanate (DBDI or
MDI), the tensile strength and residual elongation developed towards stabilized val-
ues within specific periods of time, ranging from about 7 to 30 days. The higher the
index values, the longer the postcure process[331].

The PUs groups of samples were kept under different conditions: (a) – ageing at
25◦C and 50% RH; (b) – under vacuum of 0.1 mm Hg in sealed ampoules; (c) –
maintained in closed P2O5 anhydrous atmosphere. PU postcuring reactions in vac-
uum and especially in P2O5 anhydrous atmosphere were found to be very poor as
compared to the case when after synthesis, the materials were kept under atmo-
spheric humidity at room temperature. This is shown in Fig. 4.67 for the polymer
PU1 derived from DBDI and with the index I = 110.

As shown [331],these time-dependent maturation processes occurring in PUs
were suggested to be caused mainly by the reaction of the excess of isocyanic groups
with the atmospheric humidity which lasts until the total consumption of the excess
of NCO groups.

Similar observations where made by us for polyester materials based on PEA
and when using other chain extenders (BDO or EG) [331].
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Fig. 4.66 Residual elongation as a function of time for the series of PUs listed in Table 4.28 [331]

In the second stage of our study we included only one of the most representative
PU cases studied by us, a material based on PEA of molar mass 2 000 g/mol, the
diisocyanate DBDI, and the chain extender DEG in a molar ratio 1:3.03:1.754.

From the various diisocyanates studied by us, we have chosen here DBDI, due
to the fact that this isocyanate leads to the most stable PU toward environmental
factors [59]. In this way, we intended to avoid the interference between the favorable
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Fig. 4.67 Stress-strain curve of PU1 with DBDI (index I = 110) [331]

postcure processes and the eventual incipient parallel degradative phenomena as
much as possible.

Recently, an excellent study presented by D.W. Duff and G.E. Maciel [337],
proved that solid-state 15N and 13CCP/MAS NMR could be an extremely useful
tool in pursuing the postcure reaction chemistry of residual isocyanate in isocya-
nurate resins. As reported by Duff and Maciel, the predominant postcure process
should be due to the reaction of isocyanate group with the atmospheric humidity
to form an amine which further condenses with an additional isocyanate from the
immediate vicinity to form a urea linkage.

So far, this method was not extended to the post cure processes of PUs. How-
ever, if its use is intended, there are difficulties to be expected. The overlapping of
the NMR nitrogen resonance signals as isocyanate with amine and urea with biuret
mentioned by these authors [337] will be complicated here even more by overlap-
ping with other additional nitrogen signals characteristic to a polyurethane system,
like urethane and possible allophanate nitrogens [337–340].

Our own work was motivated by the hope that more detailed information on
the postcure process of polyurethane elastomers could be obtained by combining
the quantitative measurements like the enhancement in the mechanical properties in
time with various dynamic processes which take place concomitantly, similarly as
performed by Toffey et al in the case of cellulose crosslinking by urethane groups
when the dynamic mechanical thermal analysis (DMTA) was used [341].

It is reasonable to suggest that the main process involved in the PUs maturation
observed on the material obtained with a slight −NCO excess (I ≤ 110) is one of
a chemical nature. The presence of air humidity certainly plays a decisive role, but
also, it cannot exclude other side reactions. These side reactions are well known, yet
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the results of the competition of these reactions in solid state during the long time
postcuring and the correlation effects between the mechanical properties enhance-
ment and also, such structure modifications are not clear.

Theoretically, several principal ways can be rationalized for the excess isocyanate
consumption.

+ HO

+ HO

NHCO

NHCONH

NHCONH

– CO2

NH + H O2 2

NHCOOCONH
NHCOOHNCO + H O2 NCO

isocyanurate

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)
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COO

NCO + NHCOO NHCONCOO
allophanate

NCO + NHCONH NHCONCONH
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NCO
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CO
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uretidinedione

2

3 N
CO

N

CO CO
N

(4.22)

The intermediary appearance of the −NH2 group in PUs as a result of water reac-
tion (equation 4.22, (a)) was already confirmed quite a while ago [342]. Taking into
account the necessity of the reactive end groups collision, the low concentration
of these end groups and their quasi limited mobility, special consideration should
be given to other possible −NH2 group consumption. Under the circumstances, the
much slower reactions with other groups like urethane and ester groups, which are
present in high concentrations in PUs, should also be considered. As already men-
tioned, the aliphatic polyesters can be degraded by the amine groups yielding amide
derivatives [17]. On the other hand, the interaction between the amine and urethane
groups can also lead to the urea group formation [1]. Obviously, these reactions
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Fig. 4.68 Schematic representation of hard segment and chain end groups segregation [17]

normally perform at higher temperatures, yet it is necessary to determine if during
the long period of the post cure phenomenon, such processes may or not perform to
some extent, as in the case of the slow hydrolytic degradation process in time.

As observed in the first stage of our study, the considerable decrease of the rate
of maturation process at room temperature in the absence of humidity shown in Fig.
4.67 from above [331], suggested that in our case the allophanate, biuret, uretidine-
dione and isocyanurate group formation equations (4.22 (d), (e) and (h) should play
only a minor role in the PUs consolidation).

The aim of this research was to obtain new clarifications regarding the pre-
ponderant reactions responsible for the PU consolidation process and to study the
evolution of the PUs mechanical performance during the post cure process in cor-
relation with the dynamics of different diffusion processes like water absorption and
CO2 desorption.

From the data mentioned above in the first stage of this work, the first hypothesis
regarding the modality of excess −NCO group consumption during the PU postcure
process appeared to be related to the reactions leading to the formation of a urea
group (equations 4.22 (a)–(c)). The development of reaction 4.22 (a) in solid state
leading to the appearance of amine group does not seem to present problems due
to the possibility of small water molecule able to diffuse relatively easy into the
solid polymer. Regarding the further steps in the ureic groups formation accord-
ing to equations 4.22 (b) and (c), although the reaction between −NCO and −NH2
groups would be by all means the fastest one, the fact remains that in the solid state
the probability of different macromolecule end groups colliding is low. In the al-
ternative possibility, consideration should also be given to the fact that within the
PUs matrix it occurs phase separation which segregate the HS in narrow areas. Tak-
ing into account that the free isocyanate groups are always bonded to the HS, these
groups could be included in the hard block associates bringing the free isocyanate
groups in a reciprocal proximity which would enhance the probability of the reac-
tion 4.22 (b) taking place [17].

Taking into account the complexity of these problems, we first proposed to find a
kinetic equation which could represent the change of the PUs mechanical properties
with the time of maturation and to correlate it to the dynamics of other parallel
processes related to these changes i.e., the decrease of free isocyanate group content,
absorption of water from atmosphere and release of CO2 resulted from reaction.
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4.8.2 Kinetics of maturation phenomenon

As mentioned above, the PUs investigated in the second part of this study were ob-
tained by the prepolymer route with the SS macrodiol PEA of molar mass
2 000 g/mol, the diisocyanate DBDI, and the chain extender DEG in a molar ra-
tio 1:3.03:1.754. The PUs synthesis is described elsewhere [17]. PUs sheets 1, 2,
3, 4, 5 and 6 mm thick and about 20μ PUs thin films were obtained. No release
agent was used in order to avoid the disturbance of diffusion processes between air
atmosphere and polymer during the postcure process. This procedure resulted in a
PU with an isocyanate index I value of 110, which corresponded, in our case, to an
excess of 0.0185 eq. NCO groups/100 g PUs. The density of this PU was 1.22 g/ml.
The changes in mechanical properties were monitored starting immediately after
demolding. In order to follow the postcure process, the samples were maintained in
a tightly closed thermostat under controlled atmospheric conditions i.e., t = 25◦C
and 50±2% RH [17].

300% tensile stress (σ300) of the stress-strain data, has proved to be a valuable
criterion to follow the mechanical properties evolution in time of 1, 2, 3, 4, 5 and
6 mm thick PU sheets: the 300% stretching range was chosen because in this re-
gion of the σ− ε curves the σ−time variation is sufficiently high so to ensure good
monitoring and is sufficiently far from the polymer rupture region.

Fig. 4.69 illustratively presents the results obtained for the 1, 2, 4 and 6 mm
thick PU sheets. We avoided to use the tensile strength value because, in this case,
the reproducibility of the obtained data was lower. In order to express σ300 time-
evolution, the maximum possible value reached by σ300 was used as a reference. In
our case, this value was σ300∞ = 14.1 MPa and was established as corresponding to a
1 mm thick PU, 60 days after synthesis. By using this reference, the simulated mat-
uration phenomenon was found, expressed by σ300

t calc with the aid of the exponential
equation:

σ300
t calc = σ

300
0 +

(
σ300∞ −σ300

0
)(

1− e−kmt) (4.23)

where the σ300
0 = σ300 value found experimentally immediately after synthesis (in

our case 5.15 MPa); t = maturation time (days); km = maturation process rate con-
stant, leads to a fairly good agreement with the real σ300 time-evolution.

The km values corresponding to PU sheets of different thickness were determined
experimentally as the respective straight line slopes derived from equation:

ln(σ300∞ −σ300
t exp) = −kmt (4.24)

whereσ300
t exp =σ

300 values found experimentally at the time t (days). Fig. 4.70 shows
an exemplification for the 1 mm thick PU sheet case.

The corresponding km values to the six different sheet thickness are shown in Fig.
4.71.

For thicker PU films, the maturation proceeded slower and it was most likely that
the weight of the slower reaction leading to allophanate bridges (equation 4.22(d))
should increase. The final σ300 values which could be reached, were all much lower
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since the PU films thickness was higher. The existence of such a secondary process
was supported by the fact that even in anhydrous atmosphere there exists however,
a low increase of σ300 with time (see Fig. 4.67).

With regard to computer simulation of the maturation process, if in equation
(4.23) the unique value σ300∞ = 14.1 MPa is replaced in every case by the particular
σ300 maximum values reached with time for every sheet thickness, it is possible
therefore, to obtain a much better agreement between the calculated σ300

t calc values
and the σ300

t exp values experimentally found.
By calculating the product δkm, we found that for PU films thicker than δ= 2 mm,

a relatively constant value of about 0.371±0.03 was obtained. This relation can be
useful to estimate km values for other thickness and therefore, to approximate the
length of the maturation process in other cases.
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Starting from the data in Fig. 4.71, we have extrapolated the km values to the zero
thickness (δ→ 0), characteristic to surface reaction, where neither water diffusion
nor CO2 desorption rates are involved; the value of km limδ→0 was found to be 0.375.
The virtual σ300 increase simulation, calculated with equation 4.23 for an idealized
ultra thin PU film by using km = 0.375, is revealed in Fig. 4.69 by the solid line (a)
[17].

4.8.3 Kinetics of NCO excess consumption process

The infrared method for the estimation of the NCO groups decrease in the PU
postcure processes has been used by many authors [333, 334]. In the case of our
PUs, we have determined the decrease in NCO group absorbance of the IR spec-
trum at 2 290 cm−1 on 20μ thin PU films cast from the reaction melt between two
teflon sheets. The kinetic measurements started immediately after demolding. The
films were maintained under the same maturation conditions as in the case of thicker
sheets. These values have been converted into a NCO group equivalent concentra-
tions per unit volume of polymer taking into account the measured absorbance and
the polymer thickness. In every case, corrections for variation of thickness of PU
films with time were made. The NCO group molar extinction coefficient was estab-
lished on standard solutions of DBDI in benzene [17].

The kinetics of this process was tested by using an exponential equation similar
to equation 4.23, e.g. equation 4.25:

[NCO]t = [NCO]0e−kNCOt (4.25)
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where: [NCO]t = NCO group concentration at the time t (eq/l); [NCO]0 = the ini-
tial NCO groups excess concentration in polymer calculated from the ratio between
reactants i.e., for (I = 110) 0.227 eq/l polymer (before starting the postcure pro-
cess); kNCO = NCO consumption rate constant; t = time of exposure to atmosphere
humidity (days).

Following the ln[NCO] variation as a function of time, an almost linear depen-
dence could be observed for the initial stages characteristic to the surface process
when the excess NCO consumption did not exceed more than 10% from its initial
value. This conclusion allowed us to calculate the kNCO value as shown in Fig. 4.72.
As the reaction advanced inside the depth of PU film with time, the process became
dependent also on the water diffusion rate in polymer [59].

The kNCO value corresponding to a first stage of up to 10% NCO groups conver-
sion, was found to be 0.35. In order to compare this value to the km limδ→0 value, both
of them being characteristic to the surface processes, we compared the time evolu-
tion degree of both processes expressed in percentages in relation to their respective
final values. The virtual percentage of maturation was expressed by equation 4.26:

Maturation % =
σ300

t calc −σ0

σ∞−σ0
100 (4.26)

By combining equations 4.23 and 4.26, it obtained equation 4.27:

Maturation % = (1− ekmt)100 (4.27)

when for the PU thickness δlim→0 it obtained km limδ→0 = 0.375.
The percentage evolution of virtual surface NCO groups consumption NCOcons %

(representing the percent consumption from the initial [NCO]0 content) was calcu-
lated by using a similar equation (4.28):

NCOcons % =
[NCO]0− [NCO]calc

[NCO]0
100 (4.28)
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where [NCO]0 is the initial NCO group excess concentration i.e., (for I = 110),
0.227 eq/l. By combining equations 4.28 and 4.25, it obtained equation 4.29, similar
to equation 4.27:

NCOcons % = (1− e−kNCOt)100 (4.29)

For the incipient NCO consumption process, we found kNCO = 0.35 correspond-
ing to the initial up to 10% NCO groups conversion (Fig. 4.71). We calculated the
300% tensile stress increase (maturation%) and the NCO group consumption for
the for the virtual PU thickness δlim→0. The results are presented in Table 4.29.
Both of the data series obtained are practically equal revealing that under these limit
extrapolation conditions, both the surface processes, representing the surface NCO
group consumption and the virtual surface σ increase. They proceed identically and
are practically completed after 12 days (98.5%). When extending these findings to
processes which perform in the depth of the polymer, it also should be taken into
account the influence of some possible changes in the polymer morphology. The
DSC measurements showed some peak changes when changing from a 20μ thin PU
film to a 1 mm thick PU sheet [59]. However, further PU thickness increase over the
values of 1, up to 6 mm, did not produce more significant changes in the DSC peaks
[17, 59].

Table 4.29 The evolution in time of 300% tensile stress increase (maturation%) and NCO group
consumption (NCOcons%) for a virtual thickness δlim→0 [17]

Time [Days] Maturation, [%] NCOcons, [%] Difference, Δ(a−b)

0.5 17.10 16.05 1.05
1 31.28 29.53 1.75
2 52.77 50.34 2.43
4 77.70 75.34 2.36
8 95.04 93.92 1.12
12 98.90 98.50 0.40
16 99.77 99.63 0.14
32 100.0 99.90 0.01

4.8.4 Water absorption and desorption kinetics

Water, taken in moderation, cannot hurt anybody (Mark Twain).

This is true for polyurethanes � as long as it has been already reported that PUs
may absorb moderate quantities of water which increase with the HS concentration
[343]. In our study we have followed the increase in weight of already maturated
2 mm thick PU sheets previously anhydrided and then submitted to a controlled
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Fig. 4.73 Water desorption (a) and absorption (b) in a δ = 2 mm PU sheet at 25◦C and 50% RH;
(– – – – –) the stoicheoimetric quantity of water necessary to react with 10% NCO excess groups
[17]

atmosphere with 50% RH at 25◦C i.e., preserving the same conditions as for matu-
ration.

PUs sheets of different thickness, previously completely maturated, were anhy-
drided at 60◦C under vacuum of 0.1 mm Hg in the presence of anhydrous CaCl2 up
to constant weights. On these films, the humidity absorption rate was measured by
the increase of their weight under the same atmosphere conditions as those used in
the maturation postcure process (e.g. 25◦C and 50% RH).

To determine water desorption, PU sheets of different thickness previously mat-
urated, were immersed for 7 days in water, then the surface humidity was wiped off
and maintained at the same controlled atmosphere of 50% RH and t = 25◦C. The
decrease of weight due to gradual drying was followed [17].

The gravimetric increase i.e., the variation of humidity (U) with time for 2 mm
thick PUs films is plotted as shown in Fig. 4.73, curve (b). As seen, water was ab-
sorbed very quickly. A saturation limit of U about 0.2% gravimetric was achieved
in less than 2 days. This maximum degree of water saturation in PU sheets, corre-
sponding to the atmospheric conditions of 50% RH and 25◦C, was also confirmed
by following the kinetics of desorption on similar PUs sheets which were previ-
ously hydrated by immersion in water and then kept under the same atmospheric
conditions (Fig. 4.73, curve (a)).

With respect to water absorption process kinetics, a linear dependence between
1/U and 1/t values was obtained (Fig. 4.74).
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Therefore, the hydration process could be represented by equation 4.30:

U =
t

at+b
(4.30)

where U = g water / 100 g polymer; a, b = constants.
The constants values resulting from the above graph are a = 3.89 · 10−3 and b =

1.56 ·10−3.
In the case of the water desorption process, the function which described the

decrease of U with time (t) was different. In this case a linear dependence was also
obtained when plotting 1/U against t, see Fig. 4.75.

As a consequence, the following equation can be written (4.31):

U =
c

t+d
(4.31)
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where c, d = constants that can be determined from the plot: c = 0.795 and d =
0.4818.

From the above mentioned data, it has been concluded that for up to 2 mm thin
PU sheets, the theoretical quantity of water theoretical necessary to consume the
initial 10% NCO excess (i.e., 0.165 g water / 100 g PU) is quickly absorbed in
about 1 day, unlike the findings concerning the dynamics of maturation process for
these sheets which requires at least 15 days. This fact lead us to conclude that water
diffusion inside the polymer does not control the rate of maturation process and
thus, it is necessary to consider also other factors as it is the desorption of CO2
resulted from reactions 4.22 (a) or (b).

4.8.5 CO2 desorption kinetics

The capacity of PUs to absorb appreciable quantities of CO2 has been relatively
recently mentioned [344, 345]. Previous experiments conducted by us have lead to
the conclusion that when our PUs samples are kept for 48 hours under liquid CO2
pressure at room temperature, they may absorb high quantities of CO2, (up to 14%
grav.) [17].

In our experiments, PU sheets of variable thickness were introduced in stainless
steel pressure tubes and submitted in every case for two days to different CO2 pres-
sures (ranging between 0.5 to 6 MPa). During this time, the PU samples absorbed
variable quantities of CO2 depending on the CO2 pressure to which they were sub-
jected. The samples were withdrawn from the pressure tubes and the CO2 desorp-
tion was followed by the weight decrease in time at atmosphere pressure, 250◦C and
50% RH [17].

Unusual phenomena were observed in the case of the reversed phenomenon. The
desorption curves were quite different depending on PUs sample thickness and ap-
parently unexpected, on the initial absorbed quantity of CO2 (Fig. 4.76).

We studied the behaviour of two 2 mm thick PUs sheets with two different initial
CO2 concentrations C1 = 13.7% grav. and C2 = 3.8% grav., respectively (Fig. 4.76).
After a period of time, the concentration of CO2 in the first case became equal to the
initial concentration of the second case C2. Surprisingly, the further CO2 desorption
rate for the first sample was not equal to the desorption rate observed in the second
case, even though at that time, the CO2 content was equal in both cases. It was
observed that the lower the initial concentration of CO2, the slower the rate of CO2
desorption (Fig. 4.76).

This behaviour was explained as owing to a process of supramolecular structure
loosening as a result of a polymer plasticization effect determined by CO2, which
allowed quicker removal of CO2 [17]. The obvious consequence was that the ki-
netics equations established for every particular case (PUs sheet thickness or CO2
concentration) depended on the initial CO2 concentration.

Taking into account our situation when the calculated quantity of CO2 resulted
from reaction is very poor, 9.23× 10−3 moles of CO2 / 100 g PUs, (i.e., 0.406 g
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Fig. 4.76 CO2 desorption rate for different PU sheet thickness and different initial CO2 content:
(——): 13.7% grav. initial CO2 content: (a) = 1 mm; (b) = 2 mm; (c) = 4 mm; (d) = 6 mm. (– – –):
3.8% grav. initial CO2 content in 2 mm thick PU sheet; (· · · · · ·): Calculated total stoichiometric
CO2

S content evolved from 10% NCO groups excess reaction with water = 0.406 g CO2 / 100 g
PU [17]

CO2 / 100 g PUs), we had to focus our attention especially upon the cases of desorp-
tions in samples with a low initial concentration of CO2, i.e., up to 0.5 g CO2 / 100 g
PUs.

As before we tried to find a correlation between the rate of the CO2 desorption
process and the σ300 - time evolution achieved under the same conditions. The ex-
periment was also performed on 2 mm thin PUs sheets.

To enable these different dynamic processes be compared, both of them were
expressed in percentages of evolution towards the final state as we proceeded when
comparing the cases of σ300 and [NCO] group evolution in time. Thus, for each
situation we considered the initial and final values of σ300 and CO2 content as seen
in Fig. 4.77.

A series of remarks could be made according to equations 4.22 (a) and (b): CO2
appeared in PUs as time proceeded and consequently, its desorption depended both
on the rate of the reactions and on the CO2 diffusion rate.

As observed from the CO2 desorption kinetics, the CO2 diffusion from the poly-
mer was very slow. The quantity of 0.406 g CO2 / 100 g PUs, equivalent to the whole
quantity of CO2 resulted from the reaction, needed at least two weeks to diffuse to-
tally from the 2 mm PUs sheets. The reaction with water proceeded with time and
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Fig. 4.77 Comparison between percent desorption of CO2 (%CO2 des) and parallel percent σ300
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where σ300
0 = 5.15 MPa, σ300∞ = 14.1 MPa and σ300

t = σ300 at time t (days) [17]

CO2 was formed gradually so that the CO2 desorption process became even slower
and under the circumstances, its rate became comparable with the real rate of the
maturation process.

At a first sight, this dependence would seem difficult to be understood due to
the fact that the overall reaction of the NCO groups leading to urea groups at room
temperature is not a reversible process.

Even in some earlier works [1, 346], it was also assumed that the CO2 gas evolu-
tion is apparently complicated by the stability of a possible intermediary anhydride
complex between isocyanate and the carbonic acid (equation 4.22(b)) and this hy-
pothesis could also be emphasized for the PUs solid state conditions.

The discrepancy between the rate of isocyanate group disappearance and the rate
of CO2 evolution was already mentioned even in the case when the reactions were
performed in dioxane [346]. On the other hand, interactions between the evolved
CO2 and H2O could be possible, leading to carbonic acid and other hydrogen bonded
mix associates.

The reactivity of water, bounded in such associates towards the NCO groups
is expected to decrease so that the maturation process should be prolonged. As a
consequence, the diminution in the rate of water −NCO group reaction allowed us
to promote, to some extent, the slow competitive reaction of the NCO groups with
urethane, leading to allophanate linkages (equation 4.22(d)).



200 4 Mechanical aspects of polyurethane elastomers

4.8.6 Possible excess −NCO groups consumption reactions
performed under water assistance

As shown [17, 331], the postcure process is very intense as the index number I is
higher and is strongly influenced by the presence of the atmospheric humidity.

As in other similar cases [337], the main postcure process should be, the appear-
ance of the urea groups according to equations 4.22(a)-(c), together with the slow
reaction leading to the appearance of the allophanate group equation 4.22(d).

Taking into account the molecule low mobility in the solid polymer matrix with
amine end groups formed as intermediate groups, we should also consider the other
possible reaction of amine groups such as that with the urethane or ester groups from
the PU chain. The increase of the mechanical properties data would be produced
in this case by the substitution of some urethane or ester groups by transreactions
leading to the more polar urea or amide groups, respectively [17].

Even though such reactions usually need high temperatures, it should be verified
whether or not they would, however, take place to some extent during the long pe-
riod of the postcure process. The relative higher concentration of urethane and ester
groups from the macromolecular chain in the solid polymer could encourage such a
reaction.

In order to verify the possibility of the contribution of these reactions to the
change in the mechanical properties, some quantities of 4,4’-diamino diphenyl
methane (MDA) were incorporated into the polymeric material, so to obtain an
equivalent quantity of −NH2 groups equal to 0.02 g / 100 g of a linear PU (equal
to the excess initial concentration of −NCO groups corresponding to I = 110). Thin
films of PUs with MDA about 0.5 mm thick were obtained by evaporation from
solution at 60◦C as described elsewhere [17].

The changes in the mechanical properties during 60 days were followed similarly
as before. The observed changes in mechanical properties were insignificant both in
the case of the films containing MDA, and in the reference films, which lead to the
conclusion that the mentioned aminolysis reactions rarely occur at room temperature
[17].

4.8.7 Influence of thickness on the final mechanical properties

The final mechanical properties determined on different completely postcured PU
sheets after more than two months revealed the interesting fact that even if these
samples were made and stored simultaneously under the same conditions, the final
mechanical properties were not totally similar (Table 4.30).

As observed, the values of σ300 tensile stress and tensile strength were somewhat
higher in thinner films probably because in this case the more polar urea group
formation was favored to the prejudice of the appearance of allophanate groups.
The 100% tensile stress value was similar in all the cases due to the fact that, as
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Table 4.30 Influence of thickness on the mechanical properties of a 40 days maturated PU [17]

Thickness, Hardness σ100 σ300 σ EB R
δ (mm) (Sh◦A) (MPa) (MPa) (MPa) (%) (%)

1 92 6.0 14.1 73.0 600 10
2 92 5.9 13.1 70.0 550 10
4 92 5.8 12.2 65.0 550 10
6 92 5.8 11.1 60.0 550 10

σ100 = stress to produce a 100% strain
σ300 = stress to produce a 300% strain
σ = tensile strength
EB = elongation at break
R = residual elongation

shown by IR dichroic and DSC studies [17, 202], up to this elongation value, the
main energy in the macromolecule network is consumed for the loosening of the
SS tangle. The influence of the HS effect in which the hydrogen bonding is high,
becomes decisive at elongations over about 300% when the HS achieve a parallel
orientation towards the stretching direction [17, 202].

The results of this research lead to the following overall conclusions: (a) postcur-
ing of PU sheets up to 6 mm thick, synthesized with a small −NCO groups excess,
(up to I = 110), proceeds at room temperature mainly with the assistance of atmo-
sphere humidity during a period of about one month; (b) the rate of the process, as
well as the final mechanical properties, depend on the thickness of PU sheets; (c) the
course of the postcure process depends on the competition between the urea and the
allophanate group formation; (d) the most enhanced stress-strain data are achieved
for thinner films in which the urea groups formation is favored; (e) the increase of
the tensile properties data with time is mainly due to the urea groups, and in a small
measure, to the allophanate group formation: this consolidation is produced by the
intensification of the internal hydrogen bonding produced by the newly formed urea.

Another aspect of possible postcure reactions, which however, is not yet stud-
ied enough, is the role of the atmospheric oxygen on the superficial processes also
leading to possible NCO groups consumption both in the thermal cure treatment at
110◦C, as well as in the postcure processes.

Although, it is known that the atmospheric oxygen leads to the degradation of
PUs in time, it should be possible that oxygen may improve some consolidation of
polymer by crosslinking in the first step of the process.

Recently (year 2010), our studies have been continued by Pichon et al. [347], who
also investigated the evolution during maturation and the consequences on the PUs
elastic properties. The material used in their work was based on the diisocyanate
MDI, and on the polyester PCL. Hydroquinone bis(β-hydroxyethyl)ether (HQEE),
was preferred to the chain extender BDO, because of its higher incompatibility with
the polyester SS [9, 347]. The polymers were cast with a small excess of isocyanate
(6%) and kept in time under atmospheric humidity at ambient temperature. DMA
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and other experimental techniques were performed in order to determine the struc-
tural evolutions with time, and their effects on the material mechanical properties.

The evolution of the multiscale morphology of a 2 mm thick PU plate and its
consequences on its strain-stress behaviour during a long maturation time at ambi-
ent temperature were studied (up to 13 weeks). Pichon observed that most part of
the modifications occurred during the first 4 weeks. For 2 mm thick PUs plates, a
15% modulus increase and a decrease in tanδ at 120◦C were obtained when the final
properties were reached, 4 weeks after curing, which is consistent with our previous
observations regarding the length of the post curing processes that occur in solid
state in PUs, as a result of the hydrolysis of free NCO groups to produce urea link-
ages at the border of the hard domains [17, 347]. The hydrolysis of excess NCO
groups to produce urea bonds in the border of amorphous hard nodules increased
the average chain length of the HS and therefore the glass transition temperature of
the amorphous HS. No modification was observed in the soft phase.

The PU obtained by Pichon et al was also tested to fatigue, by using a com-
pressive fatigue test at constant load [347]. They studied the behaviour of 39 mm
diameter PU cylinders under stress (between 0.33 and 3.3 MPa at 27 Hz). Because
of the viscoelastic behaviour, a self-heating phenomenon was observed that induced
failure when the temperature reached the HS melting temperature. The fatigue be-
haviour was improved during PU maturation, by a decrease in the damping and a
simultaneous increase in the modulus. Unlike 2 mm thick plates, the final properties
for 39 mm diameter cylinders were obtained only after a 13-week period of matura-
tion. This was due to a thickness effect which delays the moisture diffusion in PUs.
This was also consistent with our observations showing that the rate of the PUs post
curing process and the final mechanical properties, depend on the thickness of PU
sheets.



Chapter 5
Deformation induced morphological
developments

5.1 General considerations on strain induced orientation and
crystallization developments

There is nothing so stable as change (Bob Dylan)

The strain induced orientation of the PUs has been studied extensively by using a
variety of experimental techniques [5, 21, 161, 162.169, 170, 174, 348–350].

Bonart was amongst the first to identify the orientation of the periodic microphase
structure under tensile deformation. Bonart suggested that the hard domains are
composed of laterally stacked HS. It was noted that in MDI polyether copolymers,
the SS become fully extended along the stretch direction and begin to crystallize at
strains of about 150%. In contrast, the HS were found initially to orient transverse
to the stretch direction and ultimately to break up to allow orientation of the HS
in the stretch direction [14]. Similar observations were made by us on DBDI based
materials [67], as shown in the following section.

The tensile alignment of initially randomly oriented SS chains exert a local
torque force that orients the hard domains perpendicular to the direction up to 300%
strain. As shown by Bonart, above 300% strain, the nature of the HS (crystalline or
paracrystalline) strongly influences the deformation behaviour. For paracrystalline
MDI ethylene diamine or MDI-hydrazine HS, further elongation resulted in the re-
orientation and restructuring of the hard domains along the stretching direction as
the stress was transferred from the strain-induced crystalline (PTMO) or paracrys-
talline (mixed polyesters) SS. In the crystalline MDI-BDO hard domains (40wt%
diisocyanate), the HS within the hard domains were found to orient along the equa-
tor up to 400% strain, which suggested that crystalline HS behave as inert fillers dur-
ing deformation. Bonart also proposed that the HS reflections observed in diffraction
patterns were due to the sterically-hindered lateral arrangement of hydrogen bonds
between HS due to a pseudo crystalline lattice formation.

The PUs mechanical behaviour has been investigated extensively and is inti-
mately linked to the composition of the hard and soft domain and their resulting
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morphology. The initial response to stress is elastomeric stretching of the SS ma-
trix. As reported, strain-induced crystallization of the SS in the stretch direction
occurs up to 200% elongation [4, 214].

A good connection between SS and HS due to covalent bonding can cause the
hard domains to rotate as rigid units into the strain direction. At a critical strain,
the hard domains shear yield. Restructuring of the hard domains occurs indicted
by conservation of HS hydrogen bonding [141]. The irreversible deformation of the
hard domains during the first loading is responsible for hysteresis in the stress-strain
response and for the strain-softening which is typically observed when a PU is sub-
jected to subsequent load/unload cycles [140, 351]. Upon stretching, crystallization
of the SS occurs which is reflected by an increase in the stress response [174, 352].
After removing the stress, the crystals melt as the strain recovers. Strain crystalliza-
tion can be enhanced by increasing the SS molecular weight [219].

The SS nature (polyester or polyether) also influences the PUs mechanical prop-
erties. As reported by Nallicheri [292], higher tensile strength values were observed
for polyester PUs as compared to polyether materials, due to stronger intermolec-
ular forces and to a high tendency toward crystallization. Elastomers that crystal-
lized upon stretching generated crystalline domains possibly beginning in highly
deformed regions near incipient or actual micro-cracks. Crystallinity reduced the
strain energy. As we also reported, under tensile deformation polymers derived from
the flexible isocyanate DBDI display a high tendency to crystallization and self-
association by hydrogen bonding. At high strain energies, plastic deformation of
domains causes dissipation of energy which is reflected in high strength and tough-
ness. The nature of hard domain restructuring during deformation also continues
to be a subject of research. As detailed in section 4.4.3, recently we also reported
research regarding the restructuring of HS obtained with the diisocyanates of vari-
able geometries, crsyallizing or not. As shown in previous chapter, in our study
the HS were generated from the diisocyanates MDI (non crystallizing), or DBDI
(crystallizing). Physical structure was characterized by X-ray scattering (SAXS and
WAXS).

Large differences were found by us in the responses to first loading to a given
strain. Tensile modulus and work input increased significantly with degree of hard
phase crystallinity, but were independent of degree of phase separation [135]. First
cycle hysteresis was found to increase with reduced phase separation and with re-
placement of MDI by DBDI. As shown in section 4.4.3, the relative first cycle hys-
teresis depends upon the responses of both the initial structure and of the new soft
phase and it is also sensitive to the precise mechanism of flow and break-up of
the hard domains. The relative first cycle hysteresis was observed to reduce with in-
creasing phase segregation and with replacing DBDI with MDI as diisocyanate, sug-
gesting that in such cases there is relatively more stripping of segments from hard
domains, and less plastic deformation of them. A possible explanation is weaker
binding of segments at the hard domain boundaries [135].

In second and subsequent load cycles, however, in which the Mullins effect was
observed, a remarkable degree of uniformity of response was discovered. A unique
linear relation was obtained by us, between second cycle hysteresis and second cycle
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work input, for all strain levels, and for PUs (especially those with higher phase mix-
ing), while some materials with high phase separation showed slightly lower second
cycle hysteresis. The results obtained by us were explained in terms of pull-out of
segments from the hard phase on the first cycle, to form a new series-coupled soft
phase, whose constitutive response then appears almost independent of chemical
and physical structure [135].

As shown by Qi et al [301, 302], the extent of phase mixing is the predominant
molecular mechanism that influences the PUs mechanical deformation in terms of
both the high strain-rate hardening and fold recovery considerably among model
segmented PUs. The polymers investigated by Qi et al, were obtained with the SS
macrodiol PTMO and variable aromatic diisocyanates. The chain extenders used
included 1,4-butanediol (BDO) and 2,2-dimethyl-1,3-propanediol (DMPD). Better
phase mixing between the HS and SS occurred when DMPD was used as a chain
extender, as revealed by both DSC and SAXS data. The DMPD based materials
had no significant interdomain correlations. The BDO based polymers displayed
a broad scattering peak typical of segmented PUs. The greater the phase mixing
in these model PUs, the higher the dynamic mechanical relaxation strength at all
frequencies.

High levels of long-term residual deformation were commonly observed in PUs
after removal of stress [259]. For diol based PUs, Estes et al [140] reported residual
HS orientation upon removal of applied tensile stress. This effect was particularly
pronounced in materials that totally lack N−H groups to participate in hydrogen
bonding [353]. In contrast, in polyurethane ureas (extended with diamines) (PUUs),
it observed a greater propensity toward microphase segregation, presumably be-
cause of the larger number of possible hydrogen bonds between HS chemical groups
[10, 354, 355].

The rate of sample deformation is also an important factor in defining the hys-
teresis response surface. As shown by Gorce [291], the rate of sample deformation
strongly influences the extent energy dissipation processes.

Xu et al [21] investigated the morphological and mechanical behaviour of se-
micrystalline segmented PUs with varying degrees of order within the continuous
domain, proposing that the incorporation of SS crystallites contributes to the overall
reinforcement of the PUs matrix by absorbing energy through a reformable process
during deformation [356]. Also, Sonnenschein et al. obtained improved mechanical
properties by incorporating semicrystalline polyesterdiols that possess both a high
melting temperature and enthalpy of melting [357]. Similar observations were pre-
viously reported by us on polyester PUs systems obtained with melt mixtures of the
two diisocyantes (MDI+DBDI), where the two isocyanates are inserted more or less
randomly into the prepolymer [60].

Additional SAXS studies of the deformation behaviour of segmented PUs micro-
phase-segregated structure, revealed two dominant response modes of the physically
crosslinked network to tensile strain [5, 162]. Segmented PUs obtained with the
couple MDI/BDO (37wt%MDI), and PUs based on TDI chain extended with either
trimethylene glycol bis(p-aminobenzoate) (32wt%TDI) or 1,1,1-trimethylolpropane
(47wt%TDI) were investigated by Schneider et al. From this study, a generalized
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model based on shape and structural rigidity of the hard domain response to
deformation was obtained [162]. The HS segments with high degrees of structural
integrity and cylindrical geometries (length/diameter�1) were subjected to a shear-
ing mechanism due to the local torque applied by the aligning of the SS chains,
adopting a preferred tilt angle of the hard domains to the applied stress and produc-
ing a four point scattering pattern. In the case of hard domains with length/diameter
∼ 1 (cubic) and less ordered morphologies, the length of the hard block oriented
perpendicular to the elongation, resulting in a two-point scattering pattern along the
meridian [162, 284].

The data obtained by Schneider et al offered a detailed description of the effect of
the PUs deformation process at the microphase level. Depending on the PUs compo-
nents, it has been shown that the microstructure may deform by either local shearing
or local tensile deformation of the SS regions. The shearing mechanisms, which are
dominant for disk-shaped HS particles with good structural integrity, results in tilt-
ing of the HS lamellae away from the direction of elongation. Such a behaviour was
shown as being typified by a four-point SAXS pattern with maxima at 65◦ to the
stretch direction and has been associated with a lower level of mechanical hystere-
sis. In contrast, in the tensile mechanism, the HS acted as cylinders of comparable
thickness and diameter. In this case the repeating direction of the microstructure,
along the cylinder axis, turned toward the stretch direction, resulting in a two-point
SAXS pattern with maxima parallel to the stretch direction. The SAXS repeat pe-
riod was seen to increase in the early stages of deformation although between 100%
and 200%, a significant decrease in long period was observed [162, 284]. This indi-
cated a break-up of the HS phases into smaller chunks, which was associated with
a higher level of mechanical hysteresis.

Over the years, there has been a continuous interest on the impact of mechanical
deformation on the mesophase structure in segmented PUs. Some of these previous
studies have used SAXS to study the deformation of the mesophase structures [4,
358, 359]. Moreland and Wilkes [309] identified a two-step orientation-elongation
mechanism. The region below 50% elongation was associated with low hysteresis in
which lamella-like hard domains aligned along the strain direction in a more or less
reversible manner. Above 50% elongation, the hard domains were disrupted, with
individual HS being pulled away from the hard domains. In many of these studies,
the hard-phase domains often were envisaged as lamella like, although this is by no
means necessarily the case for all polyurethane materials. Previous studies also have
noted the importance of the distribution of the lengths of the hard and soft blocks
[3].

A remarkable study of the deformation behaviour of segmented PUs was con-
ducted by Yeh and coworkers [51]. Yeh et al. concluded that disrupted hard domain
lamellae and strain-induced aligned SS contribute to equatorial scattering in the low
hard segmented (12 wt%) PUs, but the intensity may be decreased due to the lack
of electron density contrast between the HS fibrils and the aligned SS chains and/or
the decrease in coherent scattering due to the small size of the broken down lamel-
lae [51, 284]. The contribution of various orientations (perpendicular, parallel, and
at angle) of hard domain lamellae orientation was also probed by Lee et al, on the
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initial mode of deformation for segmented PUs containing 20-50 wt% HS [360].
Lamellae initially oriented perpendicular to the stretch direction produced an in-
crease in the interdomain spacing under deformation, while those lamellae aligned
parallel to the elongation were subjected to shear under strain, which caused a de-
crease in the interdomain spacing. At higher HS contents, hard domain destruction
occurred at lower strains. In addition, Lee et al. investigated the SS conformation
using SAXS, concluding that the soft chains are only partially extended at high
strains due to the hard domain lamellae break-up [360]. In the materials with lower
percentages of aggregated HS (less structural rigidity), affine deformation occurred
in the PU network, which produced an elliptical pattern with scattering intensity on
the meridian, similar to the findings of Schneider [162].

Relatively recently a series of investigations was made on PUs with aliphatic
diisocyanates. The development of the SS phase in the deformation induced mi-
crostructure was studied by Xu [21] by comparing selected segmented PUs with ei-
ther amorphous or semicrystalline SS, but identical HS contents (33% wt%) based
on the aliphatic diisocyanate HDI and the chain extender BDO. The goal has been
to observe in-situ and understand how the restructuring of the SS phase during de-
formation affects mechanical behaviour, and to probe the role of ordering within the
continuous phase as a toughening mechanism. The morphologies of the materials
were investigated both in the unstrained and deformed states, going from a com-
pletely amorphous SS to one with similar chemistry that displayed a high extent
of the soft domain crystallization, therefore enhancing phase segregation [21]. The
presence of dispersed semicrystalline regions within the continuous soft domain
provided a reinforcing effect when compared to that of a PU derived from a non-
crystalline SS. Incorporating a semicrystalline SS (PEO, 1 000 g/mol) improved
the overall PU toughness. When higher molecular weight (4 600 g/mol), PEO based
SS segments was used, extensibility and, consequently, the material toughness was
affected due to an increased continuous domain modulus. Increasing the SS molec-
ular weight and crystallinity contributed to an increased incompatibility between the
hard and soft domains [21].

Kimura et al. probed further the deformation mechanisms in polyurethane ureas
with crystalline hard domains [170]. A model was proposed, for the orientation
of the HS crystallites. At low tensile strains, the long axis, taken as the length of
the lamellae, contributed to scattering at a tilt angle to the stretching direction. As
a result, hydrogen bonding between HS produced alignment at a preferred angle
to the deformation. At higher strains, the principal axis was along the HS length,
due to the disruption of the crystalline texture, forming nanofibrils and resulting in
diffuse scattering along the equator. Nanofibrils were HS aggregates aligned in the
stretch direction.
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5.2 Thermal investigations of deformation induced
morphological developments

If you saw a heat wave, would you wave back? (Stephen Wright)

Not applicable for PUs, but what about us? I would gladly wave back when it is cold
outside. � Numerous studies had been made on the influence of temperature on the
PUs deformation. A series of model MDI based PUs were characterized by Craw-
ford et al [220] before, and after varying degrees of strain aging to study the effect of
strain on the polymer morphology and mechanical properties. The segmented ma-
terials were synthesized by using the ‘one-shot’ technique. The molar ratios of the
model polymers were varied.

DSC and DMA thermal analyses were performed on polymers before and af-
ter strain aging. Strain was induced by stretching the polymers at 100% intervals
between 100% and 400% elongations [220]. DSC scans showed that the polymers
exhibited three prominent thermal transitions including a glass transition below 0◦C
and two broad endothermic transitions at higher temperatures. The lower temper-
ature endothermic transition was identified with disruption of SS–HS bonds [198,
232, 361], or disruption of short range order within the HS microdomains [178].
The second higher temperature endothermic transition was related to the break-up
of inter-urethane hydrogen bonds. This series of transitions was representative of
the two phases that are present in the polymer and reflect the relative amounts of HS
and SS. In materials achieved with increasing the molar percentages of HS, as the
percent HS increased, the peak temperature of the transition increased also [220].

Tensile properties were also evaluated. The data obtained by Crawford showed
that strain aging disrupts the domain structure. Such disruption may involve phase
mixing with, or without hydrogen bonding, between the hard and soft domains, a
breaking up of the hard domain microstructure and dispersion of the HS within the
soft domain, or plastic deformation of the hard domains. Similar observations were
made by us for materials obtained with MDI and DBDI via the prepolymer synthesis
route [60, 135]. However, as shown by us, irrespective of the type of macrodiol
(polyester or polyether), first loading of the materials caused significant damage
to the initial structure, such that second loading corresponded to deformation of
a new structure: subsequent loading inside the envelope of previous deformations,
was associated by us with lower stiffness and hysteresis. Less efficient molecular
packing of HS, once the original two-phase structure starts to break up, suggested a
reduction in hydrogen bonding during deformation.

The DMA data obtained by Crawford et al [220], showed that the interaction
between the hard and soft domains as a result of straining is quite complex. This was
especially true with the polyester PUs which do not show a consistent trend in tanδ
or E′′ with increasing strain. This maybe due to the lower degree of phase separation
present in the polyester materials compared to the polyether PUs, and the greater
potential of HS–SS interaction of the polyester based materials due to potential
hydrogen bonding between the urethane HS and the SS carbonyl. Data relating to
tanδ showed an increase in TG up to a 200% strain elongation for polyester PUs.
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Heat aging the of the materials without strain elongation was shown to enhance
domain ordering and phase separation and resulted in improved abrasion resistance.

The mechanical hysteresis of a PU investigated by Gorce based on MDI/BDO
and PTMO of molar 2 000 g/mol was also found to be sensitive to the temperature-
dependent morphologies of this material and to the morphological changes induced
by the strain level and deformation energy during a deformation cycle [291].

Low mechanical hysteresis occurred at small strains where the morphology of the
polymer was not permanently disrupted. In these cases, the energy was dissipated
mostly as heat, which was due to the viscoelastic nature of the polymer. Increases
in mechanical hysteresis were attributed to processes which lead to permanent de-
formation and morphological changes. At low temperatures, this occurred at small
strain levels and involved the disruption of the glassy matrix. Above the glass transi-
tion temperature, this occurred at higher strain levels and was attributed to the ther-
mal and strain induced break-up of the HS domains acting as physical crosslinks to
prevent viscous flow [291]. Also, strain-induced crystallization and the disruption
of the crystalline matrix contributed to mechanical hysteresis.

As reported by Blackwell et al [201], the X-ray analyses made on MDI/diol/PBA
based PUs prepared by using hexanediol (HDO), butanediol (BDO), EG and propane-
diol (PDO) revealed the development of a second crystalline structure in the HS as a
result of thermal elongation and annealing. The HDO polymer crystallized initially
in the fully extended conformation, but a second crystal structure, a contracted form,
developed with stretching and annealing at 130◦C. In contrast, the BDO and PDO
polymers crystallized initially in contracted conformations, but fully extended forms
developed as a result of elongation and annealing [201].

The development of the new crystal structures was accompanied by the appear-
ance of new HS melting peaks in the DSC traces. For the HDO polymer, the new
peak for the contracted form appeared at a higher temperature than that for the orig-
inal extended form; for the BDO and PDO polymers the new peaks for the extended
forms appeared at lower temperatures than those for the contracted forms. Only a
single peak was seen for the polymer extended with EG, for which only one crys-
tal structure was detected for the HS. These results indicated that the development
of polymorphic crystal structures have to be considered in the interpretation of the
multiple melting phenomena seen for the hard domains in PUs.

DSC measurements were also used by ourselves to investigate the PUs thermal
behaviour during the material stretching. Example DSC events are shown in Ta-
ble 5.1 for two EG/PEA based PUs with similar structures, by using a single di-
isocyanate (DBDI or MDI). The materials were compared to their corresponding
homopolyurethanes [EG-DBDI] and [EG-MDI] based on HS only. It observed that
there coexist two fields of temperatures: 40◦C up to 62◦C when it occurrs the melt-
ing of the SS and 168◦C up to 277◦C characteristic to the HS melting zones.

As shown in Table 5.1 after stretching from a 300% to a 600% strain amplitude,
the SS crystallized both in the materials with DBDI and MDI. The SS degree of
crystallinity increased with increasing the strain amplitude, whereas, more of less
the HS crystallinity was not significantly influenced by the increase of the strain
amplitude. As seen in Table 5.1, for the materials studied, the HS crystallinity was
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Table 5.1 DSC events for the PU studied initially, after stretching to 300% and 600% elongation
[250]

PU # Structure

Melting Peaks (◦C) Heat of Fusion (J/g)
Soft segment (SS) zone Hard segment (HS) zone

tmax / ΔH tmax / ΔH
initiallya 300% 600% initiallya 300% 600%

1 DBDI:PEA:EG
(4:1:2.64)

– 40◦/3.46 54◦/5.58 277◦/18.21 277◦/25.22 277◦/16.4

2
MDI:PEA:EG

(4:1:2.64)
– – 62◦/0.5 173◦/8.3 168◦/6.7 152◦/2.94

3
DBDI:EG

homopolymer
Without soft segments 287◦/91.83 – –

4
MDI:EG

homopolymer
Without soft segments 237◦/41.7 – –

not significantly influenced by the degree of elongation. The materials PU1 and PU2

(where the SS was present) had lower values of the melting peaks than their cor-
responding homopolymers (materials 3 and 4 in Table 5.1), made up only by HS.
In the case of PU2 with MDI, the HS–SS interaction within mesophases [60] was
preponderant, which affected the position of the PU melting peaks against mod-
els (homopolyurethanes). This was reflected by a significant difference between the
melting peak of PU4 with MDI and its corresponding MDI homopolymer (4). Sim-
ilar observations where made by us for other materials based on diisocyanates like
MDI, and chain extended with EG.

However, an interesting observation could be made in the case of the DBDI ma-
terial, PU1. For this polymer, the melting peak (tmax = 277◦C) was very closed to the
melting peak of the corresponding homopolyurethane [EG−DBDI]n (tmax = 287◦C).
Due to the special spatial structure of DBDI, the HS crystallization of the EG-DBDI
couple in the material PU2 performed in a high proportion (89.7%) [250]. This pro-
cess was not affected by the presence of the SS.

5.3 Deformation induced morphological developments as
revealed by SEM

Every beginning is a consequence—every beginning ends some thing (Paul Valery)

For selected materials with MDI or DBDI obtained by us, we examined the polymer
surface structure by means of SEM, under three conditions: (a) initially after syn-
thesis, on original PUs sheets; (b) while stretching the polymers to a 300% strain
amplitude; (c) on materials recovered after rupture. SEM was performed on the
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outer surface of the original cast sheets as prepared and after stretching up to a
600% level of elongation, as well as after etching, as described elsewhere [60, 204].
The samples subjected to stretching were rotated so that the draw direction lied
approximately from bottom left to top right of the rectangular pictures displayed.

Example SEM results are shown in Fig. 5.1 and 5.2 for two materials with anal-
ogous structures that differ only in the type of diisocyanate, DBDI or MDI. The
two polymers were designed, to reveal the roles of choice of flexible or rigid di-
isocyanate, and of chain extender (EG) in determining the performance as an elas-
tomer [204]. The SS macrodiol was built using PEA of molar mass 2 000 g/mol.
The polymers were synthesized by the prepolymer route. The molar ratio between
components was diisocyanate:macrodiol:chain extender = 4:1:2.64 resulting in an
isocyanate index I = 110. Both of the materials with DBDI and MDI displayed a
relatively coarse structure on 10 μm scale but which varied between the two poly-
mers.

In a first stage the PUs morphology has been studied by SEM initially after syn-
thesis, on original PUs sheets. The results were detailed previously in section 2.3.
The material with DBDI which displayed X-ray crystallinity gave a rougher surface
morphology than did the material with MDI.

In a second stage the PUs morphology has been studied by SEM while the ma-
terials where stretched to a 300% level of elongation. Fig. 5.1.a and 5.1.b. display
the features of the DBDI based PU as compared to the MDI based material. As
before, the polymer with DBDI which displays crystallinity due to the dibenzyl
structures, tends to give a much rougher surface morphology than the MDI based
material. Rotation around the central −CH2−CH2− bridge in DBDI allows align-
ment of aromatic rings and hence crystallization within the PU hard phase, which is
not available with MDI in melt-cast polyurethanes [1–5].

Further SEM investigations were done by us on the same two materials, (using
different samples) after rupture occurred. This is shown in Fig. 5.2.a and 5.2.b. for
both polymers. Fig. 5.2.a displays the features of the DBDI material after rupture
where it observes the banding parallel to the draw direction running from bottom
left to top right. Fig. 5.2.b displays the features of the MDI based PU where the
banding parallel to the draw direction is even more prominent. There are different
cracking patterns. The elliptical cracks in the material with DBDI are characteristic
of where a surface void has opened up and a work hardened ring has formed around
it. As seen in Fig. 5.2.a, the polymer with DBDI did not retract much after rupture.

Fig. 5.1 and 5.2 should be compared with Fig. 2.12 and 2.13 in section 2.3,
where the morphology of these two materials has been studied by SEM initially
after synthesis, on the original PUs sheets.

The material with MDI (Fig. 5.2.b) appears to have retracted almost to its original
length after rupture, the cracks opened up seem to be real cracks formed by sideways
stresses. This is intimately connected with the chemical hard block variable structure
as a function of the type of the adopted isocyanate.

Overall different cracking patterns between the DBDI and MDI based polymers
were observed after material rupture when the dibenzyl based polymer did not re-
tract. On materials stretched to a 300% strain amplitude, the presence of the dibenzyl
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(a)

0.1mm 12,0kV   2.74E2   1054/05   PU5   ASS 10μm 12,0kV    2.10E3   1055/05   PU5   ASS 10μm 12,0kV    2.10E3   1062/05   PU8   ASS 0.1mm 12,0kV    2.63E2   1061/05   PU8   ASS

(b)

Fig. 5.1 SEM of a DBDI based material (a) and a MDI based material (b) while stretched to a
300% strain amplitude, at two magnifications [204]

(a) (b)

0.1mm 12,0kV   2.63E2   1043/05   PU   5AR 10μm 12,0kV    2.10E3   1044/05   PU   5AR 10μm 12,0kV    2.63E2   1050/05   PU   8AR 10mm 12,0kV    2.10E3   1051/05   PU   8AR

Fig. 5.2 SEM of a DBDI based material (a) and of a MDI based material (b) after rupture at two
magnifications [204]

structures gave a much rougher surface morphology than that observed in the MDI
based polymers.

Other aspects regarding the morphology of different DBDI, MDI-based PUs or
combination of these, as revealed by chemical etching techniques were reported
elsewhere [60].

5.4 Orientation and crystallization of microstructure as revealed
by IR dichroic measurements

Not everything that counts can be counted, and not everything that can be counted counts.
(Einstein’s office at Princeton)

Everything that counts could be counted by using IR dichroic measurements to study
the PUs orientation and crystallization �. Numerous studies on the PUs segmen-
tal orientation by means of infrared IR dichroic measurements have been reported.
Estes et al [140] studied the segmental orientation of model MDI based PUs. The
NH, CH and bonded and free C−−O peaks were used to determine the degree and
direction of orientation of the HS and SS. They found that the mode of HS orien-
tation was strongly dependent on the type of ordering present within the hard do-
mains. For PUs with para-crystalline hard domain order it was shown that HS orient
parallel to the stretch direction throughout the entire deformation process. For mate-
rials comprised of crystalline hard domains, the orientation of the HS at low strains
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was shown to be transverse to the direction of stress. Allegrezza et al [353] showed
that after elongation, the SS tend towards a random configuration while the overall
HS orientation for these compositions does not relax. Hysteresis experiments sug-
gested, however, that orientation of crystalline HS domains is reversible so long as
the domains are not disrupted by the strain.

Hun et al. [361] used IR dichroism to study segmental orientation in PUs with
varied structures and composition. A significant change in orientation behaviour was
seen in MDI/BDO materials, with PTMO soft segment, when the MDI content was
changed from 24 to 28%. The lower data of mechanical properties and orientability
at 24% (MDI, 33wt% HS) was attributed to the inability of this material to form an
interlocking domain structure. Similar conclusions have been drawn by Sung et al
[362] based on their IR dichroic data on poly(urethane ureas).

Sung and Schneider predicted the glass transition temperatures (TG) of the SS
by using IR measurements to determine the degree of phase mixing along with a
modified copolymer equation that treats the hydrogen bonds as crosslinks. The TG of
the SS was used by Sung and Schneider [134], Clough and Schneider [82], Clough
et al [6] and Srichatrupimuk and Cooper [153, 154] as evidence of phase separation.
The lower the proportion of dissolved HS in the SS domains the lower the TG of
the SS.

Seymour et al. [363] also studied the segmental orientation of MDI based PUs
during deformation using differential IR dichroism. The NH, CH and bonded and
free C−−O peaks were used to determine the degree and direction of orientation of the
HS and SS. They found that the mode of the HS orientation was strongly dependent
on the type of ordering present within the hard domains. In the case of materials
derived from crystalline hard domains, the orientation of the HS at low strains was
shown to be transverse to the direction of stress. Similar observations were made
by us for materials based on the diisocyanate DBDI crystallizing, especially when
obtained with diol chain extenders like EG or BG [67].

Seymour found that at higher strains the HS realign to orient in the direction
of the stress. This observation was also made by us in for PUs with DBDI [67] It
was suggested that at this point the crystalline hard domains are disrupted, and the
individual HS order along the direction of strain.

Kimura et al. [170] studied polyether based polyurethane-ureas using IR dichro-
ism. They observed that the hard domains were disrupted at higher strains to give
way to HS oriented along the stress direction. These remarks lead to the conclusion
that, depending on the structure, size and molecular organization of the hard do-
mains, it is possible to observe both transverse and parallel orientation of the hard
domains during tensile elongation.

The orientation of the HS during tensile deformation was also investigated by
Hammond in diacetylene containing PUs, by using dichroism [364]. The materials
were obtained with PTMO of molar mass 1 000 g/mol. HS were obtained with
MDI and 2,4-hexadiyne-1,6 diol. The diacetylene groups introduced into the HS
remained dormant until exposed to electron radiation, UV light or heat [364]. The
visible spectra of 4,4’-MDI and PTMO based PUs films containing HS with fully
extended polydiacetylene chains were measured in polarized light in the stretched
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and relaxed state. It observed that the HS were preferentially oriented normal to
the direction of stress at strain levels up to about 500%, indicating that the long
axis of the hard domains was orienting parallel to the stretch direction during the
deformation process. The orientation of these domains was relatively reversible,
with moderate degrees of residual orientation. Up to strains of 300%-400%, the
hard domains remained structurally intact. At strain levels higher than 500%, there
was evidence of hard domain disruption [364].

In the model presented by Hammond, the HS, tied together by a polydiacetylene
backbone, are oriented laterally in lamellar-like hard domains oriented in random
directions before stress is applied, and possibly forming spherulitic type superstruc-
tures. The SS are randomly coiled macromolecules spaced between the hard do-
mains. At low moderate strains, when the material is stretched, stress is transferred
to the hard domains. The HS orient perpendicular to the stress direction. Upon re-
moval of the stress, the SS relaxation allows the hard domains to return in a random
orientation. This results in a small residual hard domain orientation. Therefore, the
two-phase microstructure of the material is not highly interconnected. It consists of
discontinuous hard domains dispersed throughout a continuous SS phase [364].

By using IR dichroic measurements, Alegrezza et al [353] investigated a series
of PUs containing hard blocks with incorporated piperazine units which have no
possibility for hydrogen bonding. In such cases, the SS where observed to orient
into the direction of stretch at all strains but related towards a random configuration
when the load is removed. HS orientation was transverse to the stretch direction at
low strains, turning into the direction of stretch at higher strains. At higher strains
the HS orientation relaxed very little when the load is removed.

Compared to hydrogen bonding, the PUs investigated in this study showed higher
HS orientability and strain hysteresis. This may be partly attributed to the reduced
strength of the intersegment bonding and to the more crystalline nature of the HS in
the piperazine extended polymers.

A series of studies on the PUs segmental orientation by using IR dichroic mea-
surements were also reported by us [67, 127]. We investigated a series of polyesteric
PUs based on PEA, and the isocyanate of variable geometry DBDI (ca 40% HS frac-
tion). To avoid HS crystallinity given by diisocyanate couples such as DBDI/EG or
DBDI/BG, the materials were chain extended with DEG. PUs were synthesized by
a standard prepolymer procedure as reported elsewhere [67].

As mentioned before, the ability of the two benzene rings in the DBDI unit to
rotate in two discrete “syn” and “anti” positions around the −CH2CH2− ethylene
bridge results in a specific hard domain coplanar packing structure in the case of
dibenzyl based polymers. This has an important impact on the material properties.

A stretching device described elsewhere [67] was made by us which extended
the PU samples uniformly from both ends while it was centered in the IR beam.
The samples were placed at an intermediate focus in the infrared source beam at
an angle of 45◦ to the slits. Wire grid polarizers were placed in the sample and ref-
erence beams at a setting of 45◦. The entire stretching device rotated around the
centre of the IR polarized beam (and the sample) to allow absorption experiments
while stretching the sample both parallel and transverse to the plane of the polarized
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radiation. Testing was done at 23◦ initially with a fresh sample being used for each
individual strain test. Subsequently, the experiments involved extending the PU sam-
ple by stepwise increments to 600% strain (and unloading stepwise until the stress
equal was zero). During each step the sample was scanned with the polarized IR so
that the same profile at different strain levels (up to 600% elongation) was followed
for each sample. Then the polarized IR spectra were analyzed quantitatively using
selected adsorption bands [67].

The recorded output was the dichroic difference, from which the orientation func-
tion (FD) could be calculated [140, 363], which is unity for perfect orientation in
the stretch directions, −1/2 for perfect orientation transverse to the stretch direction,
and zero for random orientation.

The applicability of infrared dichroism to the study of PUs has been determined
by the availability of at least one well-characterized absorption band in each type
of domain. It has been shown [67, 140, 364] that the soft domains are comprised
of prepolymer (polyether or polyester) segments, while the hard domains contain
urethane segments. The N−H stretching which is located in the urethane linkage
characterizes the orientation of the higher modulus hard domains. For the DBDI
polymers, we have shown that it appears at 3 320 cm−1 [67]. Similarly, the asym-
metric C−H stretching absorption was determined. It appears at 2 940 cm−1 and
was used to describe the orientation of prepolymer segments which comprise the
rubbery soft domains.

Orientation hysteresis studies were performed by us to probe the mechanism
of the transverse orientation and orientation inversion. The determination of strain
recovery and strain energy recovery on cycling (hysteresis) was made by stretching
the PU samples by stepwise increments to a 300% strain (and unloading stepwise
until the stress was zero) while recording the polarized IR spectra at each step. The
PU samples were subjected to two subsequent load-unloading cycles after which the
sample was stretched to 600% extension, as shown in Fig. 5.3 and 5.4.

By monitoring the N−H and C−H infrared stretching absorptions, it observed
that the orientation of HS and SS strongly depends upon the strain history. A higher
degree of orientation and a greater distinction between the behaviour of the N−H and
C−H groups was observed. The explanation resides in the fact that the N−H groups
belong to the HS which are strongly associated by reciprocal H bonds, that tend to
maintain the initial polymer network state for a longer time during the increase of
the stress. Instead, the C−H groups which display a reduced polarity do not form
associates and are more susceptible to change their positions in the polymer network
[67]. The spatial movement of the N−H and C−H groups while the polymer network
was subjected to stress was different. As seen in Fig. 5.3, the maximum of the N−H
moiety orientation parallel to the stretching direction occurred at a 50% elongation
where the HS became oriented perpendicular to the stretching direction. Then as a
consequence of breaking-up of some of the primary hydrogen bonds and as a result
of the macromolecular chains tendency to orient towards the stretching direction, the
N−H bonding started to orient transverse to the stretching direction, and implicitly
the HS tended to orient in parallel to the stretching direction. The higher strain
amplitude caused a more pronounced tendency of the HS to align in the stretching
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Fig. 5.3 Orientation function (FD) as a function of strain (ε) for a DBDI based PU (DEG 40-PEA,
DBDI, I = 100) at loading-unloading (0% to 600% elongation) for νNH = 3 320 cm−1 [67]
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Fig. 5.4 Orientation function (FD) as a function of strain (ε) for a DBDI based PU (DEG 40-PEA,
DBDI, I = 100) at loading-unloading (0% to 600% elongation) for νCH = 2 940 cm−1 [67]

direction. The maximum of the N−H moiety perpendicular orientation was reached
at a 600% strain level (Fig. 5.3). This process required an input energy EC = 24 MPa
and a recoverable energy ER = 15.6% of EC .

Subsequent stretches by the hysteresis curves showed a higher and higher ori-
entation and ordination of the N−H bonding under load towards the transverse
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(A) (B)

(C) (D)

Fig. 5.5 Schematic of the changes in the supramolecular structure of a dibenzyl based PUs (DEG
40-PEA, DBDI, I = 110) at polymer extension [67]

direction. In subsequent load-unload experiments the N−H bonding remained ori-
ented transverse to the stretching direction (see Fig. 5.5). After relaxation, the chains
containing the N−H group remained oriented to a substantially higher degree than
those containing C−H functional groups. When the sample was stretched again, the
N−H containing chains were more highly oriented than during initial extension.
The distinct difference between the orientation functions for the two types of chains
provided evidence that the different block polymer segments reside in different do-
mains, which react independently to the application and removal of stress.

Gradually decreasing the tensile stress caused the HS to exhibit slow orientation
to the stretching direction. The HS did not return to the transverse position observed
at the 50% elongation. The SS displayed different degrees of crystallization as evi-
denced by the DSC melting peaks. However it should be noted that we also investi-
gated other DBDI based PUs with a high elasticity (residual elongation = 0%−5%),
where a permanent molecular ordering did not occur. An example was the case of a
PUs with a similar structure as before, but with a lower content of DEG, and molar
concentrations such as DEG:DBDI:PEA = 3:1:1.73 (I = 110) [67] Depending on
the structure, PUs crystallization under tensile deformation was observed.



Chapter 6
Perspectives. Novel crosslinked polyurethanes as
shape-memory materials

You never know when you are making a memory. (Rickie Lee Jones)

True, but do we really desire to remember all our memories? I do not think so �.
But this does not apply here to our research in shape memory polyurethanes.

A relatively new and exciting application for polymers is as shape ‘memory’ ma-
terials. Therefore, one of the objectives which we will continue to follow in the im-
mediate future will be to focus on novel crosslinked shape-memory polyurethanes.

Recently we have done a series of preliminary studies on this topic. Here we
report only a few particular aspects of our research. More complete details are given
in one of our most recent works (2010) [63].

In the recent study made by us [63], the usual diol chain extender was replaced
by a triol (TMP), producing crosslinked PU networks without phase segregation.
The aim was to ensure high degrees of strain recoverability, to produce candidate
thermally-triggered shape-memory polyurethanes.

Again MDI and DBDI were compared as hard segments, but also toluene diiso-
cyanate was used.

Numerous polymers have been proposed as shape-memory polymers (SMPs),
and many of them are based on polyurethanes. This is because of the intrinsic versa-
tility of segmented copolyurethane systems. By suitable choice of diisocyanate and
macrodiol, a wide variation in properties may be obtained, allowing the possibility
of tuning the shape-memory response to suit different applications. Usually they are
phase-segregated materials. For example, a dispersed rigid phase (usually based on
the diisocyanate) provides physical crosslinks, while the macrodiol provides a soft
amorphous phase with low glass transition that provides the trigger temperature for
shape recovery [63].

An ideal shape-memory polymer for a given application has a small set of pa-
rameters that determine the usefulness, or otherwise, for a given application: (1)
The fractional recoverable strain: the maximum fraction of the imposed strain that
can be recovered when triggered. (2) The temperature of maximum recovery rate
Tmax for a given rate of heating: a measure of the temperature required to trigger
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recovery of shape. (3) The width ΔT of the window of temperature within which
shape recovery occurs. (4) The tensile modulus ER at the temperature of full recov-
ery: this determines the maximum shape-recovery restoring force if shape recovery
is resisted [63]. Since different applications make different demands on SMPs, it is
particularly desirable to find polymer systems where parameters Tmax, ΔT, and ER

are variable, so the same basic system can be tuned to suit different applications.
Preferably, these will be systems where all the imposed strain is recoverable, that is
the fractional recoverable strain is 100% [63].

These attributes are difficult to achieve, all in the same polymer. Further advances
require improved understanding of how molecular structure controls these parame-
ters.

The source of “memory” of polymers is their capacity to store preferred molecu-
lar orientation on large molecular length scales. The mechanism by which the shape
memory is locked-in is usually cooling through the glass transition TG (and con-
sequent lengthening of mechanical relaxation times) or formation of a hard phase
such as crystal domains. Shape recovery is triggered by subsequent heating, caus-
ing passage through TG (and hence shortening of relaxation times) or softening of
the hard phase. Lendlein and Kelch [365] provide a comprehensive review of the
possibilities and of many of the shape-memory polymers proposed so far.

Previous authors have highlighted the merits of polyurethane polymers as poten-
tial SMPs [365]. This arises largely from the chemical versatility of segmented poly-
urethane copolymer systems. Thus by suitable choice of diisocyanate and macrodiol
phase-segregated materials may be produced, for example where one component
comprises HS that provide physical crosslinking, to enable the retention of shape
memory, while the other component provides a softer phase with a lower softening
temperature, either glass transition or melting temperature, to enable the locking-in
and release of shape memory at convenient temperatures [63].

The softening temperature, which acts as the shape-memory trigger temperature
(to be precise, Tmax), may be changed systematically by variation of the HS content
[366–369] or the chain length of the macrodiol employed [63, 370, 371]. A feature
of practical importance for biomedical applications of SMPs is the fact that these
systems may be designed with trigger temperatures in the convenient range 20–
50◦C [63, 366, 369–372].

The width of the trigger window ΔT is also important in applications of SMPs,
Published shape-recovery measurements, for example as reported by Lin and Chen
[371] for polyurethanes, suggest values in the range 28–46 K, when Tmax exceeds
room temperature.

The third parameter, ER, poses the greatest challenge for SMPs relative to
shape-memory metal alloys, which are orders of magnitude stiffer. Shape recov-
ery in polymers is usually driven by entropy-elastic recoil of molecular chains, but
this is associated with extremely low elastic moduli, for example Young’s moduli
in the range 1–10 MPa [63]. Thus there has been interest in reinforcing SMPs with
hard particles such as chopped glass fibres [373], sub-micron SiC particles [374] and
[375] or molecular-level mixing with silica [376]. However, the price for a small in-
crease in ER (e.g. to 10 MPa) may be a significant deterioration in the recoverability
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of shape, as observed by Ohki et al. [373]. Even 20% by weight of sub-micron SiC
in a crosslinked epoxy gave only a 50% increase in shape restoring force [63, 374].

Our purpose for this study has been to present results for a new family of poly-
urethanes that have particular promise as SMPs [62, 63, 377]. They are all chemi-
cally crosslinked by means of a triol crosslinking agent acting as a chain extender,
and hence have the advantage of 100% strain recoverability. Systematic variations
in chain flexibility and HS content have been achieved by changing the chemical
structures of hard and soft segments, and by changing the length of SS chains, re-
spectively.

All the materials were produced by the prepolymer route followed by melt cast-
ing of sheets, using diisocyanate HS and macrodiol SS. The synthesis of the mate-
rials has been described elsewhere [62, 63].

Such materials have the usual versatility with respect to varying HS content and
macrodiol chain length, allowing the systematic variation of Tmax and ER (with-
out using reinforcing particles). However, they are also single phase, chemically
crosslinked polymers, and hence have the advantage of 100% recoverability of
shape. This is achieved by employing a triol as chain extender, giving a network
structure with tri-functional crosslinks. The crosslinker triol used by us in all cases
was 1,1,1-trimethylol propane (TMP).

We have characterized these polymers with respect to their thermorheological
response in tension, in the linear viscoelastic regime. Then their performance in a
shape-memory sequence was computed from the theory of temperature-dependent
linear viscoelasticity, allowing comparisons to be made between them [63].

To detail, the new family of SMPs was synthesized in our Romanian laboratory,
each of the materials comprising three components, in molar ratios 4:1:2 respec-
tively. (1) a macrodiol (MD) of various chain lengths: either polytetrahydrofurane
diol (PTHF) or polycaprolactone diol (PCD); (2) a diisocyanate: a classical diiso-
cyanate with a rigid structure 4,4’-diphenyl diisocyanate (MDI), a classical iso-
cyanate containing a single phenyl group and non-identical isocyanic groups (2,4
TDI 80% + 2,6 TDI 20%), or 4,4’-dibenzyldisocyanate (DBDI). The latter diiso-
cyanate (DI) is similar to MDI but has variable geometry because of rotation around
the central −CH2−CH2− ethylene bridge which links the two benzene rings. (3) the
TMP acting as a 3-arm star crosslinker.

The crosslink density was quantified in terms of the number nc of moles of 3-arm
star junction points per 100 g of polymer. The macrodiols were of various lengths
(molar mass 650 to 2 000). For PTMO of molar mass 2 000 g/mol polymers, the
glass transition was near to or below room temperature.

As shown in previous chapters, the diisocyanate DBDI provides an interesting
contrast with MDI, as it has more mobility because of rotation of the two benzene
rings around the central −CH2−CH2− bridge which links them [60, 61, 127, 135].
This degree of freedom is not available to MDI, where the bridge is merely −CH2−.

A complete list of the polymers produced by us in this study, is given in Table
6.1. It includes a measure of crosslink density nc for each material, expressed as the
number of moles of three-arm stars per 100 g of polymer.



222 6 Perspectives. Novel crosslinked polyurethanes as shape-memory materials

Table 6.1 List of the crosslinked polyurethane polymers synthesized and studied in this work [63]

SMP type MD 1 mol DII 4 mol
Moles of stars per 100 g

of SMP

1 PTHF650 2,4 + 2,6 TDI 0.1239
2 PTHF650 MDI 0.1043
3 PTHF650 DBDI 0.1013
4 PTHF1000 DBDI 0.0861
5 PTHF1000 MDI 0.0882
6 PTHF1000 2,4 + 2,6 TDI 0.1018
7 PTHF2000 DBDI 0.0602
8 PTHF2000 MDI 0.0612
9 PTHF2000 2,4 + 2,6 TDI 0.0505

10 PCD830 DBDI 0.0928
11 PCD830 MDI 0.0953
12 PCD830 2,4 + 2,6 TDI 0.1115
13 PCD1250 DBDI 0.0777

Macrodiol

Diisocyanate

Trimethylol propane

Macrodiol

Diisocyanate

Trimethylol propane

Fig. 6.1 Schematic diagram of the structure of the triol-crosslinked polyurethanes. Dashed lines
indicate DI-rich regions of reduced mobility [62, 63]

The result is a network polymer with structure as shown schematically in Fig. 6.1
[63]. Each three-arm star is surrounded by three diisocyanate molecules, and these
are linked together partly by the macrodiol. However, given the molar compositions
of these polymers, there must also be some connectivity of junction points through
just the diisocyanate, producing localities within the network with much reduced
mobility — see dotted lines in Fig. 6.1.
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Fig. 6.2 (a) A sample set of creep curves for various temperatures T , and (b) their time-temperature
shift factors for reference temperature T ∗ = 100◦C [63] (b), for SMP3 based on DBDI/PTHF650

[63]

6.1 Thermorheological characterization

Experience is directly proportional to equipment ruined. (unknown source)

Yes, it sometimes happens to us. The thermorheological response of each polymer in
Table 6.1 was characterized by us in the Oxford laboratory. Fortunately after doing
this study no equipment was ruined �.

The materials were characterized by us, by means of a series of short-term (30 s)
tensile creep tests at a range of increasing temperatures above room temperature,
using a custom-built, lever-loading, creep machine. Specimens were prismatic rect-
angular bars of width ca 3 mm, thickness ca 1 mm, and length ca 60 mm between
the grips. The length/width ratio (20:1) was sufficient for grip displacement to be
used for strain measurement [377]. The creep tests were carried out in the linear
viscoelastic range, and a recovery period of at least 300 s was allowed between
tests. Strain was found to be fully recoverable. Creep strain for a test temperature
T was expressed as tensile creep compliance thus: D(t,T ) = ε(t)/σ. A typical set of
isothermal creep curves is shown for polymer DBDI/PTHF650 in Fig. 6.2(a). Creep
data such as this were adjusted to a reference temperature T ∗ by multiplication by
T/T ∗ (to allow for temperature-dependence of relaxed compliance DR, neglecting
the smaller effect of change of density), and combined using time-temperature su-
perposition to obtain the complete creep curve — “master curve”. The required shift
factor aT for this polymer is given in Fig. 6.2(b).

In each case, the master curve was then fitted to the expression
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D∗(t) = D∗U +
(
D∗R −D∗U

)
∞∫

−∞
ϕ∗(lnτ)

[
1− exp(−t/τ)

]
dlnτ (6.1)

to obtain the unrelaxed and relaxed compliances and the retardation spectrum: D∗U ,
D∗R and ϕ∗(lnτ) respectively, for the reference temperature. Even for the short creep
period (30 s) adopted, there was sufficient overlap of the creep curves to generate
the master curves with adequate redundancy.

6.2 Linear theory of shape recovery

It is the theory which decides what we can observe. (Albert Einstein)

For comparing the materials, their performances were modelled for a standard shape-
recovery sequence, in which a strain ε0 is imposed at sufficiently high temperature
to produce complete relaxation, before quenching to freeze-in the strain. In simulat-
ing re-heating to generate shape recovery, the evolution of residual strain was com-
puted from the theory of thermo-rheologically simple linear viscoelasticity, giving
the evolution of fractional recovery as follows:

(
ε0− ε(T )

)

ε0
= 1−

∞∫

−∞
ϕ∗(lnτ)exp

(
−−ξ
τ

)
dlnτ (6.2)

where ξ =
T∫

20

dT

ṪaT
.

The integral in equation (6.2) was evaluated numerically for the retardation spec-
tra obtained from master curves, together with aT from the time-temperature super-
position. A typical result is demonstrated in Fig. 6.3(a), where recovery is shown for
the DBDI/PTHF650 polymer, for a simulated constant rate of heating Ṫ = 0.1 K/s.
This Figure also illustrates the definitions of two parameters used to compare the
responses: the temperature of maximum recovery rate Tmax and the width of the re-
covery window ΔT . These parameters of the SMPs were compared with respect to
chemical composition and crosslink density nc, expressed as the number of moles
of 3-point star crosslinks, per 100 g of polymer.
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Fig. 6.3 (a) Fractional recovery as calculated from the data in Fig. 6.2 for a heating rate of 0.1 K/s,
showing definitions of Tmax and ΔT ; (b) Tmax for all the polymers studied [63]

6.3 Recovery temperature

The quality of recovery is proportional to the quality of surrender. (unknown source)

Indeed, sometimes surrender may be the only way to recover. Susspicion, apprehen-
sion, uselessness and even angerness may lead to the act of surrender. Sometimes
this is justified but certainly not here �.

Fig. 6.3(b) shows the variation of temperature of maximum recovery rate versus
nc for the various combinations of DI and MD. It may be seen that there is a clear
trend of increasing Tmax with increasing crosslink density. This reflects increasing
retardation times — decreasing molecular mobility. It is consistent with reduction
in the mass fraction of the relatively mobile MD chains, located between relatively
rigid diisocyanate groups surrounding each crosslinks. Nevertheless it is interesting
to note there is also a variation with chemical composition. The recovery tempera-
ture of TDI-based polymers lies clearly below those of the other polymers for both
MDs. This reflects the greater mobility of the chains where DI contains only one
phenyl ring instead of two.

6.4 Width of recovery window

If the facts don’t fit the theory, change the facts. (Albert Einstein)

Clearly this could never apply to us if “facts” refer to “results”. We would never
change our results to fit theory �. Fig. 6.4(a) shows the width of the recovery
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Fig. 6.4 (a) Width of the recovery window [63], and (b) relaxed creep modulus at 92.3◦C. Also
shown (dashed line) is the relaxed modulus predicted by the affine theory of rubber elasticity.
Symbols are as in Fig. 6.3 [63, 377]

window plotted versus nc. This parameter reflects primarily the width of the re-
tardation spectrum (see [63]). For the PTHF-based polymers there is a clear trend of
decreasing ΔT with increasing crosslink density. The explanation for this lies in the
range of molecular environments of the MD chains. Close to their terminations at
relatively immobile DI groups the chains are constrained, and retardation times are
expected to be lengthened relative to the central portions of chains where there is
less constraint. With increasing crosslink density the influence of the DI groups ex-
tends over a larger portion of the chains, and hence the contribution of the relatively
mobile (short relaxation time) fraction diminishes and the retardation spectrum nar-
rows, in addition to shifting to longer retardation times. A further interesting point
to emerge from Fig. 6.4(a) is the relatively wide recovery window of the TDI-based
polymers (shown as circles). This may be attributed to the fact that TDI comprises
two isomers: 2,4-TDI (80%) and 2,6-TDI (20%), which will have different mobili-
ties, and a broader retardation spectrum is expected. Notwithstanding the comments
above concerning the PTHF polymers, it is notable from Fig. 6.4(a) that PCD-based
polymers appear not to show the same trend. This inconsistency needs further in-
vestigation.
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6.5 Relaxed modulus

Every time I find the meaning. . . they change it. (Leonardo da Vinci)

Not here �. Also of great interest in relation to shape-memory performance is the
relaxed modulus ER. It determines the recovery stress available to overcome any
resistance to shape recovery during heating. It is determined by entropic elasticity
of the network and is therefore expected to be proportional to absolute temperature.
To compare the various polymers, therefore, relaxed moduli were all reduced to a
common temperature T ∗∗ = 92.3◦C: the mean of the reference temperatures. Thus
values were obtained from relaxed compliances thus

E∗∗R =
(

T ∗∗

T ∗

)(
1

D∗R

)
. (6.3)

Fig. 6.4(b) shows the results of these calculations plotted versus crosslink den-
sity, together with the classical prediction from the affine theory of rubber elasticity:
E∗∗R = 3NckBT ∗∗ where Nc is the number density of chains. It is clear there is approx-
imate agreement with the theory (to within a factor 2), but there is also significant
influence of chemical composition. In particular it is interesting to note the order of
stiffness for polymers based on the three DIs: MDI>DBDI>TDI. This reflects the
relative intrinsic stiffness of the DI groups.

Results have shown systematic trends with crosslinked density and chemical
composition. The recovery temperature primarily increases with crosslink density,
but is reduced by use of TDI and the DI. The width of the recovery window gen-
erally decreases with crosslink density and is least for PCD-based polymers. The
relaxed modulus generally increases with crosslink density, and is highest for poly-
mers based on MDI and lowest for polymers based on TDI.

As detailed elsewhere [63], the results obtained by us have shown that the new
triol-crosslinked polyurethanes appear to have great potential as shape-memory
polymers. Complete recovery is ensured by chemical crosslinking through a triol,
while adjustment of the shape-memory trigger temperature is achieved by variation
of the chemical composition of the hard and soft segments, and the chain length
of the soft segments [63]. By appropriate choice of the hard segment, the trigger
temperature has been varied from below room temperature up to 86◦C, illustrat-
ing the versatility of the system. The shape-memory performance of these materials
was predicted, by first measuring their thermorheological response in the linear vis-
coelastic region, and then predicting their shape recovery during the heating phase
in a standard shape-memory test [63].

The predicted temperature of peak recovery rate Tmax increased with crosslink
density for any given combination of diisocyanate and macrodiol, as a result of de-
creased molecular mobility, revealed through shifting of the retardation spectra to
longer times [63]. The greater flexibility of TDI was also apparent, as compared to
MDI and DBDI, producing a lower Tmax for given crosslink density. The width of
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the shape-recovery temperature window ΔT was found to decrease with decreas-
ing macrodiol chain length. The retardation spectra revealed that this was caused
primarily by a suppression of the shortest retardation times [63]. The shorter chain
length reduced the mobility of the portions of macrodiol chains most remote from
the influence of the hard segments at the network junctions.

As shown in more detail elsewhere, the rubbery-state modulus ER showed a trend
of increasing with crosslink density, with measured values lying close to or between
the predictions of the affine and phantom chain theories of rubber elasticity [63].
However, we also observe an influence from the chemical composition, with the
actual values between these two limits reflecting the intrinsic stiffnesses of the three
diisocyanates and hence the molecular mobility at the network junctions [63].

These results illustrate the potential of this family of polyurethanes to act as
shape-memory polymers, and to be tailored chemically to suit particular practical
applications.

Our further research in this field will include also other systems of PUs that
are based on various diol chain extenders and diisocyanates, crystallizing or non-
crystallizing. Thermally induced shape-memory effects, including thermodynamic
aspects significant for the shape memory effect will be followed. The molecular
mechanism of the shape memory effect will be investigated for larger systems of
materials based on hard segments crystallizing or not. Macroscopic shape memory
effects, will be studied by quantifying the shape memory effect in terms of cyclic
thermomechanical investigations.

Another promising field which we will follow will be to do research in the area
of biomedicine where candidate shape memory polyurethane materials could enable
technology for future applications.

Other perspectives

Polyurethanes elastomers are a highly versatile class of materials in their own right.
For their potential to be exploited more fully, a better understanding of their be-
haviour is still needed. Understanding the properties of the polyurethanes in terms
of their chemistry and molecular architecture raises many new scientific challenges.

Polyurethane structures can be varied systematically, so they are an ideal ve-
hicle for providing information of generic interest in the modelling of hard phase
reinforced elastomers. Modelling the mechanical properties of polymers phase-seg-
regated on the nm length scale is of profound significance for polymer science, with
far-reaching implications in the design and synthesis of future materials.

The perspectives to advance require a multidisciplinary approach combining syn-
thetic macromolecular chemistry and microstructural studies, with the study and
quantitative modelling of mechanical properties.

Such a strategy will enable us to continue doing progress on the characteriza-
tion of these materials, with respect to their physical and mechanical response of
large practical interest and to generate understanding in terms of a physically-based
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finite-strain constitutive model; and to use microstructural information to assist in
the interpretation.

This will offer us the opportunity to find out more performant methods to select
suitable raw materials in order to achieve high performance polyurethanes. Thus
there is great scope to achieve further new fundamental science and to assist the
development of new polyurethanes.
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A conclusion is the place where you got tired of thinking. (Martin Fischer)

. . . A well known quote. . . but it does not apply to the topic of polyurethanes �.
Conclusions on polyurethane research are like circles as they end where they

begin. The topic is inexhaustible. Progress in polyurethane development is being
made continuously. Polyurethane research is as organized as a spider silk, where
the most difficult part, the construction of the first thread (on which the rest of the
web is hanging) was made decades ago. But the wheel-shaped webs, their bridges,
are built continuously by every novel valuable contribution to polyurethane research
while the whole web is extended by progress of research continuously expanding.

The world of polyurethanes is enormous, and so it is the literature that has been
dedicated to these materials over the past seventy years. Academia and industry
have equally brought contributions of very high merit to the development of pol-
yurethanes. Thus, obviously it is impossible to write a book about polyurethanes
where to include all the valuable works that have been reported in this field.

Therefore in this book I only referred to particular aspects, regarding the synthe-
sis and characterization model and novel polyurethane elastomers.

The objective of this book was to review, evaluate and improve understanding
of the relationship between molecular/supramolecular architecture, and nm-scale
and macroscopic mechanical properties of this uniquely versatile family of polyure-
thanes categorized in engineering elastomers. The study included numerous conven-
tional block polyurethane elastomers, based on several diisocyanates, macrodiols
and chain extenders.

The book reviews aspects from the up-to-date literature focus on these topics.
In addition, in order to widen the range of structures achievable beyond those nor-
mally available, in this book I also included recent developments that have been
made by us, by producing polymers based on the diisocyanate of variable geome-
try, 4,4’-dibenzyl diisocyanate (DBDI) (only available from Romania), that allows
the variation of hard domain crystallinity as a key structural variable. The conforma-
tional mobility of DBDI causes an unusually wide range of mechanical, physical and
chemical properties, associated with the possibility of pronounced phase separation

C. Prisacariu, Polyurethane Elastomers, DOI 10.1007/978-3-7091-0514-6,
c© Springer-Verlag/Wien 2011
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into a domain - matrix morphology, and with a high tendency to crystallization and
self-association by hydrogen bonding, which is not available with the conventional
diisocyanates in traditional melt-cast polyurethanes. The mechanical performance
of such elastomers has been shown to be strongly affected by the higher-ordered
structure of hard segments on the macromolecular chain.

In the present book, materials derived from the diisocyanate DBDI were mainly
compared with the conventional diisocyanate 4,4’-diphenylmethane diiso-
cyanate (MDI), as one of the most representative and commonly used aromatic di-
isocyanates.

A key feature of the work described in this book, has been to focus on mate-
rials synthesized in the Romanian laboratory, under known and controlled condi-
tions with known reactants. I consider this is a much more promising route to doing
good science than working with commercial materials where the exact synthesis
conditions and composition are likely to be unknown. Science is feasible when the
variables and their combinations are distinct and clear. We are tending toward the
condition of science and aspiring to do it.

What it has not been done in this book:
(1) – the block copolyurethanes, consisting of isocyanate hard segments, macro-

diol soft segments and chain extenders, represent an extraordinarily versatile family
of polymers, where a wide variety of physical properties may be achieved via varia-
tions in chemical composition and synthesis route. However our research described
in this book had to be limited mainly to the comparison between the novel DBDI
materials and conventional materials obtained with hard segments of MDI. Further
developments by also including other diisocyanates, macrodiols and chain extenders
will be reported in another book to be published in year 2013;

(2) As shown in the present book, in recent years, we have made a series of
studies of different aspects of the mechanical behaviour of these materials, aimed at
improving our understanding of the way macroscopic properties of these materials
depend on chemical structure and nm-scale physical structure. However, in view of
the difficulty of knowing in detail the physical processes active on the nm scale of
elastomers, there still is an urgent need for more comprehensive information on the
sensitivity of the inelasticity to structural detail on the nm scale. There have been
many attempts to explain the inelastic features and to capture them in constitutive
models, with some success at the phenomenological level. But, somewhat inevitably
in view of the difficulty of knowing in detail the physical processes active on the nm
scale, much of previous work in this area has been speculative in terms of providing
a physical interpretation. For progress to be possible, there is an urgent need for
more comprehensive information on the sensitivity of the inelasticity to structural
detail on the nm scale.

(3) Further work is planned, to exploit a series of novel partially or fully deuter-
ated polyurethane elastomers recently made by us, in obtaining a better understand-
ing of the relation between mechanical properties and the nature and degree of phase
separation that occurs in these polymers. The ongoing research in this area will be
included in our further book.
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(4) Due to the limited length of the book, particular aspects like thermal inves-
tigation as revealed by thermogravimetry or thermomechanical analyses had to be
limited to only a few examples of DBDI based polymers.

(5) Similarly, due to the same reason, in the present book I had to refer only to
few aspects regarding the synthesis and characterization of polyurethane ureas. I
have mainly focused on polyurethanes extended with diols because our most recent
works are dedicated to the investigation of polyurethanes with diols. Further works
on the chemistry, morphology and mechanical performance of polyurethane ureas
based on isocyanates of variable geometries will be included in our second book.

(6) Some people write beautifully and effortlessly while others feel like they
are sweating out each word. But over time authors with both writing styles make
successful contributions to science. For myself it has not been quite easy to write
this book as a non-native English speaker. I often felt that inspiration is what is the
tail for a cat. You cannot catch it, but it follows you if you ignore it �.

As always, a conclusion is a chance to have a final say, to summarize thoughts, to
demonstrate the importance of the ideas developed in the book so to give the readers
an overall view. This is what I attempted to do here in the hope readers have enjoyed
this book, but while I am also aware that, as Leonardo da Vinci said, for readers “it
is easier to resist at the beginning than at the end.” �

I hope this book will inspire you to take action as well and continue to embark
on further study in the so challenging field of polyurethanes. Our mobility is such
that we can ask questions and answering them. Our curiosity and willingness are
insatiable. Our mind is in constant turmoil, solving problems, accumulating knowl-
edge within a short range of time. Our chances and our ideas turn our daily life into
a mosaic of intense moments, where the joy of doing valuable research plays a key
role. The future of polyurethanes fundamental research and industry will be driven
by the continued innovation in both the chemistry and the polymer physics of these
highly versatile materials.

However, as Paul Valery said, “the trouble with our times is that the future is not
what it used to be”.
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1,2-bis[2-(2-hydroxy-5-methylphenyl)-5-
benzotriazolyl]ethane (BHMBE),
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1,3-butanediol-resofurin, 22
1,4-butanediol (BDO, BD or BG), 15
1,5-naphthalene diisocyanate (NDI), 10
1,6-hexamethylene diisocyanate (HDI), 31
1,6-hexanediol (HG), 15
1-methyl-2-pyrrolidinone (NMP), 99
100% tensile stress, 112
2,2’-DBDI, 18, 19
2,4’-DBDI, 18, 19
2,4-hexadiyne-1,6-diol, 15
2,4-toluene diamine (TDA), 162
2,4-toluene diisocyanate (TDI), 9, 10
2,5-bis-(4-amino-phenylene)-1,3,4-oxadiazole

(DAPO), 15, 166
2,6-diamino-pyridine (DAPy), 15, 166
300% tensile stress, 112, 134
4,4’-(ethane-1,2-diyl)bis(benzenethiohexanol),

15
4,4’-DBDI, 18
4,4’-diamino-dibenzyl (DAB), 15, 162
4,4’-dibenzyl diisocyanate (DBDI), xiii, 10
4,4’-methylene dianiline (MDA), 15, 162
4,4-diphenylmethane diisocyanate (MDI), 9
5,7-dodecadiyne-1,12-diol, 15

abrasion resistance, 209
adiabatic heating, 115
adipic acid, 12
aliphatic diisocyanate, 10, 31
aliphatic diols, 14
alkaline reagents, 55
allophanate cross-linking, 43, 135
amine, 3

annealing, 5, 34, 54, 76, 81, 83, 91, 112, 113,
209

annealing endotherm, 76
annealing temperature, 31
aromatic diols, 14
aromatic ring, 11
asymmetric diisocyanates, 66
atomic force microscopy (AFM), 27, 32
average height texture parameter, 39

benzene, 18
bischloroformate, 3
bond-stretching, 158
Bragg equation, 29

carbonyl, 17
catalytic effects, 18
Cauchy stress, 157
chain extender, 3, 14
chain sequence, 6
chemical crosslinking, 5
chlorosulfonyl, 17
CO2 desorption rate, 198
coarse structure, 41
complex Young modulus (E∗), 61
compression set, 93–95
compression tests, 93
conformational entropy, 158
constitutive model, 156
contorted “syn” DBDI position, 36
covalent bonds, 5
creep curves, 223
creep strain, 223
crosslink density, 221, 224, 227
crosslinking degree, 133, 134
crystallinity, 35, 73, 99, 134, 141, 212
crystallinity index (χ), 47

251



252 Index

crystallizable hard segments, 35
cyclic tensile responses, 116
cycling to increasing extension, 125

decomposition temperature, 85
deformation induced morphological

developments, 208
deformational calorimetry, 119
degradation process, 85
degree of crosslinking, 130
degree of crystallinity, 44, 142
degree of mixing, 75
deuteration by synthesis, 181
deviatoric stresses, 157
diacetylene diols, 15
diacetylene groups, 213
diamine, 3, 14, 162
diamine chain extenders, 15
dibenzylic monomers, 17
diethylene glycol (DEG), 15
differential scanning calorimetry (DSC), 27
difunctional intermediates, 14
diisocyanate, 3
diol, 3
dipropylene glycol, 12
diurethane sequence, 52
DMA, 61, 100
dominant long period, 44
DSC experiments, 74
dynamic mechanical analysis, 27, 63

effect of ordering, 82, 89
electophilivity, 19
electron density, 16, 45
electronic deficit, 16
elliptical cracks, 211
elongation at break, 103, 112, 181
endotherm, 75, 76
energy density, 122
entropic elasticity, 227
etching techniques, 41, 55
ethanol-resofurin, 22
ether bond (C−O), 12
ethylene bridge, 36
ethylene glycol (EG), 12, 15
ethylene oxide (EO), 12
excess of diisocyanate, 7
excess of glycol, 106
exotherms, 79, 165, 169
extended linear “anti” DBDI position, 36

fibrillar structure, 27
fillers, 118
first cycle hysteresis ΔW1, 136

first cycle hysteresis energy dissipation, 122
first cycle residual strain, 122
first cycle work input W1, 136, 142
flow stress, 142, 160
fractional recoverable strain, 219
freeze fracture surfaces, 40, 56, 59

gel permeation chromatography, 29
glass transition temperature (TG), 12, 33,

64–66, 74, 79, 100, 107, 165, 208, 213
glycol, 6, 12

hard domain restructuring during deformation,
204

hard phase crystallinity, 46, 123
hard phase plastic flow stress, 166
hard phase volume fraction, 45
hard segment, 3
hardness, 112
heat aging, 209
heat of fusion, 210
heterogeneity, 7, 37
hexamethylene diisocyanate (HMDI), 107
high strain rate, 129
high strain-rate hardening, 205
homopolymer, 48
homopolyurethane, 5, 47, 83
hydrogen bond strength, 21
hydrogen bonding, 20, 179
hydrolisis resistance, 14
hydrolytic degradation, 10, 189
hydrolytic stability, 14
hydroquinone bis(β-hydroxyethyl)ether

(HQEE), 201
hydroxyl groups, 3, 12
hyperelastic component, 159
hysteresis, 116, 125, 145, 148, 151, 209
hysteresis number, 126

in-situ SAXS, 149
increased sequential ordering, 9
inelasticity, 47, 181, 182
inelasticity measures, 123, 124
inflexion points, 85
infrared dichroism, 27
inherent viscosity, 166
initial input strain energy density E1C, 152
interdomain spacing, 33
intermediates, 18
interphase phenomena, 76
interrupted tests, 161
IR measurements, 180, 212
IR spectroscopy, 26
irregular structures, 8
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isocyanate, 3, 16
isocyanate group, 9, 16
isocyanate-polyester ratio, 107
isocyanic index I, 43
isotope exchange, 180

junction points, 222

kinetics of maturation phenomenon, 190

lamellar structure, 28
light instability, 10
load-unload cycles, 120
loss factor, 68, 71, 100
loss modulus (E′′), 61

macrodiols, 3, 12, 13
mass fraction, 44
master curve, 223
matrix, 4
maturation process rate constant, 190
melting enthalpy, 30
melting peaks, 210
melting point, 5, 7
melting process, 77
mesophase, 81
methylene groups, 11, 15
micellar structural characteristics, 30
microphase mixing, 77
mixtures of diisocyanates, 50, 81, 89, 90, 110
moisture, 6
molar fraction, 18
molar mass, 43
molar ratio, 48, 49
molecular weight, 7, 12, 104, 166
molecularly dispersed UV absorber, 172
monourethane-isocyanate sequence, 52
morphology, 23, 54, 56
Mullins effect, 116, 118, 122, 126, 146, 151,

204
Mullins factor, 122, 125
Mullins number, 128

NCO/OH ratio, 77
NSH parameter, 59

odd-even effect, 105
oligo-butadiene diols, 12
oligomer, 7
one-shot synthesis, 6, 7, 99
orientation function (FD), 215

particle surface-to-volume ratio, 44
phase mixing, 5, 25, 62, 78, 213

phase separation, 23, 39, 213
phase separation kinetics, 34
phase separation time, 34
phenylisocyanate, 21
phosphorous, 17
photo-oxidation, 172, 173
plasticization, 181
Poisson’s ratio, 139, 141
polarity, 13
poly(butylene adipate) (PBA), 12
poly(carbonate-co-ester)diol, 12
poly(ethylene adipate) (PEA), 12
poly(hexamethylene-carbonate)diol, 12
polyaddition reaction, 3
polyalkyl-diols, 12
polyalkylcarbonate polyol, 12
polybutadiene (PBU), 12
polycaprolactone diol (PCL or PCD), 12
polydiacetylene chains, 213
polydispersity, 7, 167
polyester, 6, 12
polyesterification, 12
polyether, 12
polyethylene glycol (PEG) or (PEO), 12
polyisobutylene diol, 12
polymorphism, 75
polyol, 104
polypropylene oxide (PPO), 12, 14
polytetrahydrofuran (PTHF or PTMO), 12
polyurethane blends, 96
Porod constant, 43
postcure reactions mechanism, 183
prepolymer synthesis, 6
propylene oxide (PO), 12
proton-acceptor group, 21
proton-donor group, 21
pseudo-cyclic loading, 147
pseudo-cyclic tests, 145, 146, 148
pyridine rings, 168

quasi ordered structure, 9
quenched temperature, 33
quenching, 34

rate constant, 18
reaction rates, 8
reactivity of diisocyanates, 17
reactivity of isocyanate groups, 7
recoverable strain energy, 121
recovered energy densities, 152
reduced 300% tensile stress function (α), 184
reduced time τ, 18
regular structures, 8
relative first cycle hysteresis ΔW∗1 , 136
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relaxed compliances, 227
relaxed modulus, 227
residual elongation, 103, 110, 112, 134, 181
residual stress, 7
resonance limit structures, 16
retardation spectra, 228
retardation time, 226
roughness order, 56, 58
rubber, 118
rupture, 211

SANS scattering, 40
scanning electron microscopy, 27
scattering angle, 29
scattering invariant, 43, 44
scattering vector, 29
second cycle hysteresis ΔW2, 136
second cycle work input W2, 136
segmental orientation, 212
self-association, xiii
sequential distribution, 8
sequential ordering, 90
shape memory, 219
shape recovery, 220
shear modulus G, 140
shearing mechanisms, 206
shift factor aT , 223
single step prepolymer synthesis, 51
sliding of hard segments, 150
small angle X-ray scattering (SAXS), 27, 29
small-angle light scattering (SALS), 29
soft segment, 3
softening behaviour, 75
solid-state NMR, 32
solvents, 14
spatial arrangements, 37
specific heat Cp, 74
spectroscopic data, 26
staining agents, 28
stiffness, 133, 150, 151
storage modulus (E′), 61, 67, 68, 70, 71, 100
storage temperature, 34
strain aging, 208
strain amplitude, 126, 127
strain induced orientation, 203
strain rate, 121, 127, 128
strain-hardening, 108, 145
strain-induced crystallization, 108
strain-softening, 118, 119, 129, 204
strain-stiffening, 161
strength stress, 112
stress relaxation, 113, 114, 161
stress-strain curves, 108, 137, 155
stress-strain data, 104, 136

stretching vibration, 26, 180
sulfonyl, 17
surface morphology, 54
surface topography, 32
symmetrical diisocyanates, 10, 65, 107
synthesis mechanism, 6

tapping-mode AFM, 32
temperature of maximum recovery rate, 219,

224
tensile creep compliance, 223
tensile modulus E, 136, 139
tensile properties, 103, 105, 107
tensile strength, 6, 103, 134
tensile stress, 103
thermal behaviour, 61, 80
thermal decomposition, 84
thermal degradation, 10, 83
thermal methods, 27, 83
thermal stability, 14
thermal transitions, 66
thermal treatments, 81
thermal-oxidation stability, 88
thermally-triggered shape-memory polyure-

thanes, 219
thermodynamic analysis, 119
thermodynamic incompatibility, 23
thermogravimetry, 83
thermomechanical curves, 91
thermomechanical properties, 89, 92
thermoplastic, ix, 6, 67
thermorheological response, 223
thermoset, 6
time-temperature shift factors, 223
transmission electron microscopy (TEM), 27
triazine diols, 15
trigger recovery, 220
triol crosslinking agent, 219, 221
triol-crosslinked polyurethanes, 227
true stress at break, 109
two step prepolymer synthesis, 7, 51, 90

ultraviolet stability, 10
uncontrolled ordering, 9
unloading path, 137
unpolar solvents, 21
unreactive end groups, 14
unstaggered structures, 16
urea linkage, 14
urethane group, 3, 5
urethane-ester, 5
urethane-ether, 5

van der Waals, 21
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versatility, xi
viscoelastic region, 227
viscoplastic component, 159
viscosity, 12, 164, 167, 169
volatile degradation, 84
volume fraction, 44

water diffusion rate, 197

weight fraction, 74
weight loss, 83, 85
wide angle X-ray diffraction (WAXD), 31
width of recovery window, 224, 225
width of trigger window, 220

yield stress, 150
Young’s modulus (E), 108, 111, 133
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