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PREFACE

The International Symposium “Fatigue under Thermal and Mechanical Loading”,
held at Petten (The Netherlands) on May 22-24, 1995, was jointly organized by the
Institute for Advanced Materials of The Joint Research Centre, E.C., and by the
Société Francaise de Métallurgie et de Matériaux.

The fast heating and cooling cycles experienced by many high temperature
components cause thermally induced stresses, which often operate in combination
with mechanical loads. The resulting thermal / mechanical fatigue cycle leads to
material degradation mechanisms and failure modes typical of service cycles. The
growing awareness that the synergism between the combined thermal and mechanical
loads can not be reproduced by means of isothermal tests, has resulted in an
increasing interest in thermal and thermo-mechanical fatigue testing. This trend has
been reinforced by the constant pull by industry for more performant, yet safer high
temperature systems, pushing the materials to the limit of their properties. Dedicated
ASTM meetings in particular have set the scene for this area of research. The
proceedings of the symposium organized by D.A. Spera and D.F.Mowbray in 1975
provided a reference book on thermal fatigue which reflects the knowledge and
experimental capabilities of the mid-seventies. The advent of microcomputers and
their increasing availability in the following fifteen years have resulted in a rapid
expansion of this field of research by enabling the application of complex strain-
temperature histories to testing specimens with a view to simulating the behaviour of
critical volume elements of components. The proceedings of the ASTM symposium
on thermo-mechanical fatigue organized by H.Sehitoglu in 1991 illustrate the
progress achieved in the development of experimental control and in life modelling.

Combined thermal and mechanical loading is a critical issue in components for
gas turbines. In Europe, research in this area has been conducted in the collaborative
programmes on Materials for Gas Turbines and other High Temperature Applications
within the framework of COST 50 and COST 501, which has stimulated cross-border
partnership and cooperation. The present symposium is the result of long standing
contacts and friendship which developed within the COST framework between the
conference organisers, who felt in 1993 that this field of research in Europe had
matured to the point that it warranted the organizing of a conference in the old
continent. The venue of the Joint Research Centre of the European Commission at
Petten was actually a symbol per se.

The symposium addressed the mechanisms, mechanics and modelling of thermal
and thermal-mechanical load effects on conventional and advanced structural
materials. It was intended as a forum for disseminating recent research results and for
discussing and exchanging views amongst material scientists, mechanical
engineering experts and design engineers from industry. It brought together some 100
participants from 21 countries, representing the broad range of backgrounds relevant
to the topic of the meeting. More than 80 abstracts were received of which 55 were
accepted by the Programme Committec. The proceedings contain 50 papers. Much to
the regret of the Programme Committee, the final manuscripts of some of the papers
were not submitted. Contributed papers were delivered as oral presentations and in
two poster sessions. Special thanks are due to Drs. Rezai-Aria and P. Skelton for

X1



X11

managing the difficult task of introducing the poster presentations to the audience.
Prof. H. Sehitoglu closed the symposium with an outline of today’s main
achievements in terms of life prediction of thermaily loaded components and with an
overview of the perspectives for thermo-mechanical fatigue research in the USA.

The editors wish to thank all the authors and delegates for their contributions.
The input of a number of persons has been instrumental in turning the Symposium
into an interesting and succesfull event. In particular we wish to thank the members
of the International Committee, of the Programme and Organizing Committee, and
the session chairmen. Thanks are also due to Dr. H.J. Helms, director of programmes
of the JRC, for officially opening the Symposium, and in particular to
Mrs. Y. Den Biesen-Hey, Mrs. C. Schauwers and Mrs. G. Schilder for their
invaluable assistance during the symposium and with the editing of the proceedings.

J.Bressers, L.Rémy
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THE USE OF PLASTIC STRAIN CONTROL IN THERMOMECHANICAL
FATIGUE TESTING

H.-J. CHRIST', H. MUGHRARBL, S. KRAFT, F. PETRY?,
R. ZAUTER® and K. ECKERT
Institut filr Werkstoffwissenschaften, Lehrstuhl I, Universitdt Erlangen-
Niirnberg, D-91058 Erlangen, Fed. Rep. Germany
" Now at: Institut fiir Werkstofftechnik, Universitdt-GH-Siegen
D-57068 Siegen, Fed. Rep. Germany
% Now at: Siemens AG, DIWS-BTQ1, D-86159 Augsburg,
Fed. Rep. Germany
3 Now at: Noell-KRC Umwelttechnik GmbH, D-97080 Wirzburg,
Fed. Rep. Germany

1. Imtroduction

Among the variables that govern the mechanical behaviour of materials, the stress ¢
and the plastic (inelastic) strain rate &, play a distinguished role as so-called state
variables in mechanical equations of state, cf. Hart [1]. The strain rate plays also an
important role in cyclic deformation [2,3], in particular at high temperatures. As is
well known from the literature, the effect of (plastic) strain rate on the cyclic stress-
strain behaviour as well as on cyclic lifetime gains importance with increasing
temperature. Furthermore, many alloys which are used for intermediate and high

0.€€p 0,€,Ep

JE NE
£pl / " %
7 V/ t V ,\I\/V *
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a b
Figure 1. Schematic representation of the courses of stress o total strain £ and plastic strain &, during
(a) total strain controlled and (b) plastic strain controlled cyclic deformation.

1
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2 H.-J. CHRIST et al.

temperature applications exhibit dynamic strain ageing effects. In this case, as a
consequence of the interaction of dislocations with point defects, which are
considered to be responsible for the occurrence of dynamic strain ageing, the sign of
the strain rate sensitivity changes with temperature. Whereas at low as well as at high
temperatures an increase of the strain rate leads to an enhanced stress amplitude in
isothermal fatigue tests at a given constant strain amplitude, in an intermediate
temperature interval the opposite effect can be observed.

Fatigue tests on specimens are often carried out under total strain control, mostly
by using a triangular command signal which leads to a constant total strain rate £ (in
absolute values) during the test as shown schematically in Fig. 1a. Under these condi-
tions, the plastic strain rate changes within each cycle between a minimum value of
zero, if a purely elastic deformation takes place immediately after the load reversal
point, and a maximum value which approaches the total strain rate for sufficiently
high amplitudes at which the total strain approximates to the plastic strain. This
behaviour in a total strain controlled test is reflected by the following relationship [3]

epl =————, )
+

where E denotes Young's modulus. It is easily seen that in the limit of vanishing
plastic strain & (elastic strain &,;>>&,), £, approaches zero, since the slope do/de,
of the stress-strain curve becomes infinitely steep as the elastic limit is approached.
For large plastic strains (5;>>&.), the slope do/ds, is much smaller than E and
hence &, =~ &

It has been shown in earlier studies for isothermal conditions (e.g. [2,3]) that the
continuously changing plastic strain rate can strongly affect the cyclic stress-strain
behaviour and can lead to "deformed" hysteresis loops which complicate an
interpretation of the loop shape on a micromechanistic basis. The use of true plastic
strain control in connection with a triangular command signal as depicted in Fig. 1b
overcomes this problem, since the (absolute value of) plastic strain rate is constant
during each test and can be held at an identical level for tests at different plastic
strain amplitudes by simply adjusting the frequency.

The situation becomes even more complex in typical thermomechanical fatigue
(TMF) testing, since the temperature is usually varied simultaneously (e.g. in-phase
or out-of-phase) with strain. Therefore, the change of the plastic strain rate within the
hysteresis loop is connected with a temperature change, which itself may give rise to
a pronounced alteration in the strain rate sensitivity, as described above. Taking these
arguments into account, it becomes obvious that TMF hysteresis loops are hard to in-
terpret regarding the dominating microstructural deformation processes. Therefore, a
reasonable comparison of isothermal with anisothermal cyclic stress-strain behaviour,
which would be an extremely helpful ingredient in the understanding of the basic de-
formation mechanisms under TMF conditions, seems to be possible only, if a constant
plastic strain rate is applied.

In this contribution, a servohydraulic material test system is introduced which
permits isothermal and thermomechanical fatigue testing at high temperatures in
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high vacuum and defined gaseous environments, respectively. Next, it is shown that
the plastic strain control mode can be implemented quite easily by a combination of
computer calculation and an analogue electronic device. The capability of the test
system and the advantages of plastic strain control are demonstrated by means of se-
lected results obtained in the framework of an extensive study of the isothermal and
thermomechanical fatigue behaviour of the austenitic stainless steel AISI 304L [4-6].
Finally, these results obtained on a rather ductile material are contrasted against those
typical of a high-strength material, namely the monocrystalline nickel-base superalloy
CMSX-6, subjected to isothermal and anisothermal fatigue [7-9]. The latter results

demonstrate the limitations of plastic strain control.

2. The Material Test System

2.1. GENERAL DESCRIPTION

4 Computerand 3  Instrument Board 2  Control Board

Peripheral 3.1 Oscilloscope 2.1 Data Display
Instruments 3.2 Recorder 2.2 Function
3.3 Temperature Generator

Controller and 2.3 Test Controller

Display 2.4 Master Control

3.4 AD-DA-Converter

3.5 Peak/Valley
Detector

3.6 Vacuum System
Control Unit

3.7 AD-DA-Converter

1.3

Load Frame
Upper Crosshead
High Temperature
Grips

Vacuum Chamber

Figure 2. The material test rig for thermomechanical fatigue tests in vacuum or gaseous environment.
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The test rig which has been built around a closed-loop servo-controlled electro-
hydraulic fatigue machine (MTS 880) is shown in Fig. 2. This system allows uniaxial
push-pull loading with maximum/minimum loads of +100kN. In order to
characterize the cyclic stress-strain response in connection with the microstructural
evolution, a uniform stress and strain distribution across the specimen section was
preferred compared to the somewhat simpler bending technique [10].

The main components of the test rig are marked and labelled in Fig. 2. The
system is equipped with a high-vacaum chamber which surrounds the specimen,
high-temperature hydraulic grips and the induction coil of the high frequency (HF)
system used for sample heating. The HF generator is not shown in Fig. 2.

Figure3. A view into the vacuum chamber. (1) specimen, (2) grips, (3) induction coil, (4) extensometer,
(5) water cooling jackets, (6) flexible gas inlet and outlet tubes.

The chamber is double-walled and cooled by flowing cold water. Since all flanges
are of type conflat and sealed by copper gaskets, the pressures can be reduced down to
ultra-high vacuum by means of the vacuum pump system installed which consists of a
turbomolecular pump in combination with a backing pump and various devices to
measure, control and display the pressure. However, ultra-high vacuum was used only
in few cases, because the results obtained on the austenitic stainless steel showed that
the transition from high to ultra-high vacuum does not cause an appreciable
extension of cyclic lifetime. Therefore, for the sake of easier handling and reduced
costs per test, the large front door of the chamber which provides access for sample
exchange and mounting, was preferrentially sealed by a viton O-ring. A metal-
bonnet-seal valve installed between the chamber and the turbomolecular pump allows
a disconnection of the pump system from the interior of the chamber and permits, in
combination with a gas supply unit, tests in defined gases.

Fig. 3 shows a view into the vacuum chamber and reveals the parts which sur-
round the (glowing) sample (1). Vacuum-tight high-temperature hydraulic grips
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guarantee an easy mounting and removal of the fatigue sample (2). The induction coil
(3) is specifically designed in such a way that the quartz rods of a high temperature
extensometer (4), which is cooled by thermostatically controlled distilled water by
means of an almost vibrationless sucking pump, can touch the sample surface with
sufficient distance to the windings. The flexible inert gas inlet and outlet tubes (6),
which are used in combination with hollow samples, and the water cooling jackets (5)
are aids to reach a higher cooling rate under thermomechanical loading conditions.

2.2. SPECIMEN GEOMETRY

The use of plastic strain control requires a highly accurate axial strain measurement
in connection with a cyclindrical gauge length of the specimen. Fig. 4 displays the
standard geometry of the samples used.

In order to obtain higher cooling rates which determine the upper limit of the fre-

108
30
12
1L
O e e N
S °
(e
<

Figure 4. Geometry of the standard specimen.

quency of cycling under thermomechanical fatigue test conditions hollow specimens
with identical outer dimensions as shown in Fig. 4 were used. For this purpose, firstly
a centre hole with a diameter of 5 mm was drilled through the solid sample. Next, a
perpendicular hole and a sealing face were machined into the button heads. Subse-
quently, the inner surfaces were electropolished. Finally the openings at the top and
the bottom of the sample were closed and sealed by electron beam welding.

During the thermomechanical fatigue test, a stream of flowing pre-cooled inert
gas with high thermal conductivity (He) is fed through the centre hole in the half
cycle of decreasing temperature. The cooling gas is supplied from the side ((6) in
Fig. 3) through the perpendicular hole by means of a flexible tube. This tube ends in a
hollow screw which is turned in the corresponding thread of the grip head till a small
copper gasket presses against the sealing face of the specimen and seals the coolant
stream against the vacuum surrounding the outer surface of the sample.
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2.3. HEATING AND TEMPERATURE CONTROL

In order to attain a high reproducibility in thermomechanical fatigue testing, basic
requirements to the heating system are a fast response, which is necessary to follow
the changes in the temperature command signal, and a homogeneous temperature
profile along the gauge length of the sample. Both conditions can be met by high
frequency induction heating. The test system described in this chapter is equipped
with a HF generator supplying a frequency of 200 kHz and a maximum power of
6 kW.

By means of a careful adaption of the geometry of the coil (Fig. 3) the temperature
deviation from the cyclically varying command temperature signal could be reduced
to less than +3°C within the gauge length of the solid specimen (Fig. 4). Fig. 5
compares the function generator signal, which is provided from a digital wave table
stored in the memory of a digital/analogue converter, with the temperature measured
at the sample surface.

As already stated above, the frequency of thermomechanical cycling is limited by
the obtainable cooling rate. In order to overcome this problem, hollow specimens
were used, and the cooling was improved by using pre-cooled helium as coolant
passing through a centre hole. As a disadvantage of this technique a more
pronounced temperature gradient results within the gauge length of the sample which
can lead to barrelling or ratchetting of the sample.

The temperature measurement was carried out using 0.3 mm diameter NiCr-Ni
type thermocouples which were attached to the specimen in two different ways. One
way was to wind a previously rolled, thin and flat thermocouple around the middle of
the gauge length. The part of the thermocouple, where the wires had been connected
by spot welding, was pulled against the sample surface using small springs as
suspension. This technique is similar to that used in the study of Beauchamp and

T
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control
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Figure 5. Comparison of command signal and measured temperature during a thermomechanical test.
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Ellison [11]. In the case of long-term experiments at high temperatures this
arrangement of the thermocouple tended to fracture. Therefore, spot welding of a
thermocouple directly at the surface of the sample in the middle of the gauge length
was preferred. Premature crack initiation connected with reduced lifetime did not
occur during these tests. In tests, in which this type of temperature measurement was
applied, damage in the interior of the material due to creep-fatigue interaction
prevailed in the case of the stainless stecl AISI 304L, whereas the monocrystalline
CMSX-6 specimens exhibited predominantly typical fatigue failures.

3. The Plastic Strain Control

It has been shown in earlier studies (e.g. [2,3]) that under isothermal conditions
plastic strain control works properly and allows to carry out experiments at identical
plastic strain rate for different plastic strain amplitudes applied in the various tests.
The experimental method is schematically illustrated in Fig. 6. By means of a minor
modification of the analogue electronic circuit of a so-called “"analogue strain
computer” board of the commercial control electronics, the signals F and & from the
conditioners of the load cell and the extensometer were combined according to:

y=g—-xF 2)

Following Hooke's law, the quantity y in equation (2) is equal to the plastic strain,

if the value of x, which can be adjusted by means of a potentiometer, is set to the
reciprocal product of cross section 4 and Young's modulus E. This adjustment is
simply done by cycling under load control at small load amplitudes (purely elastic
deformation). Starting with a value of zero for x, the representation of stress or load
vs. y yields a straight line which is turned counterclockwise with increasing x. The
correct value of x (=1/4E) is reached, when the line coincides with the ordinate (i.e.

Specimen
f o €
testing @ @
system
€p|—€'O/E

command Controll feedback
nirofier signal
S|gnal

Figure 6. Basic concept of plastic strain control (isothermal case).
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c . Specimen
Eputer U/}J g 8 T
testing @ @ [:> Computer
€ (T)
(i:,> - system Epl +&h = <: em
Ition
o £ -F/AE(T)

command Controller feedback
signal signal

Figure 7. Basic concept of plastic strain control in TMF testing.

no plastic strain). In this position of the potentiometer, y equals the plastic strain. A
switch allows to apply y, i.e. the plastic strain, instead of the total strain as feedback
signal in the closed control loop of the test system during the actual fatigue test.

In practice, plastic strain control works reliably, although the closed loop control
circuit is operated at the borderline of instability due to the fact that, in a stress-
plastic strain plot, the Hooke elastic line degenerates to a line of infinite slope. As a
consequence, an infinitely small deviation of the plastic strain signal should provoke
an infinitely large stress jump and, hence, an interlock of the system should be
expected, if the system responded instantly. Fortunately, it is found that, in practice,
the response is not fast enough to cause an interlock [3]. The precarious mode of
control is merely reflected by a slight oscillatory wiggle of the stress signal.

It should be noted that microstructural changes during cyclic loading may lead to
a slight change (reduction) in £ with the number of cycles. Therefore, x must be
controlled and readjusted if necessary. For this purpose a continuous recording of the
stress-plastic strain hysteresis loop by means of a digital storage oscilloscope is very
helpful, since changes in £ lead to a deviation from infinite slope in the hysteresis
loop after the load reversal points in tension and compression, respectively.
Furthermore, especially high-strength alloys exhibit an appreciable stress dependency
of the Young’'s modulus [12]. In this case, plastic strain control using a constant
E-value is inappropriate and unsatisfactory. In addition, high-strength materials pose
other problems (Sect. 4.2).

Under thermomechanical fatigue conditions, the situation becomes more compli-
cated than described so far, since the temperature 7 varies within the cycle. The
extensometer determines a total strain which is the sum of the mechanical strain
(elastic and plastic) and the cyclically varying thermal strain &;. Moreover, the
Young’s modulus is a function of temperature and, hence, changes also during each
cycle. Fig. 7 shows schematically in which way plastic strain control is achieved
under TMF conditions.
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The subtraction of the elastic strain from the total strain is carried out in an analo-
gue electronic circuit. Therefore, a continuous signal without phase-shift results
which is equal to the sum of plastic and thermal strain, if the instantaneously correct
value of E is used. The function £(7) had been determined independently by a re-
sonance method and is supplied during the TMF test from a computer via a digi-
tal/analogue converter. For the sake of a better stability of the control loop, the ther-
mal strain is not substracted from the total strain. Rather, the thermal expansion is
calculated by the computer from the instantaneous temperature of the sample and the
thermal expansion coefficient (7) which has been measured prior to the mechanical
tests by means of dilatometry. It could be shown in experiments with zero load and
periodically changing temperature that this calculation agrees with the thermal
expansion experimentally determined. The sum of this &, signal and a triangular
function generator signal is used as command signal in the control of plastic plus
thermal strain.

This control mode commands a very careful and cautious optimization of the con-
trol parameters. The best results were obtained by using plain proportional control
without any differential or integral contributions. Furthermore, the temperature inter-
val of the TMF test should be limited in such a way that the mechanical properties of
the material studied do not change too drastically, since otherwise the control
parameters would have to be changed within the cycle. Moreover, a prerequisite of a
well-defined stable control is a sufficiently high plastic strain range in order to allow
a reasonable control error. Therefore, this technique is well suited for ductile
materials such as stainless steels but unfortunately not for high-strength low-ductility
materials such as (monocrystalline) nickel-base superalloys subjected to cyclic
deformation under conditions of interest with respect to amplitude and temperature.
This will be demonstrated in the next section.

4. Selected Experimental Test Results

In order to demonstrate the potential of plastic strain control in TMF tests, some
selected results from an extensive study on the thermomechanical fatigue behaviour
of AISI 304L stainless steel are reported (the interested reader is kindly referred to
refs. [4-6] for more details) first. Then, some work on the monocrystalline nickel-base
superalloy CMSX-6 [7-9] will be presented which reveals the limitations of plastic
strain control for high-strength low-ductility materials.

4.1. THERMOMECHANICAL FATIGUE OF AISI 304L STAINLESS STEEL

In the case of themomechanical fatigue of the austenitic stainless steel with plastic
strain amplitudes of Agy/2 = 0.5%, corresponding to fatigue lives of typically
Ny =~ 1000 to 3000 cycles to failure, plastic strain control posed no problem and was
hence used routinely [4-6]. Using solid specimens, the plastic strain rate was limited
by the rather slow cooling rate and was selected as &, =6.710” s in most cases. A
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Figure 8.  TMF of the stainless steel AISI 3041
a) Hysteresis loops of in-phase TMF loading for solid and hollow specimens
b) Cyclic deformation curves of in-phase TMF loading with two different plastic strain rates.

higher plastic strain rate (§; = 510 5) could be attained only by using hollow,
internally cooled samples, cf. Sect. 2.2.

In the case of thermomechanical fatigue of the austenitic stainless steel the fatigue
life was found to be shortest in in-phase tests [4-6]. Hence, TMF was studied in most
detail under in-phase conditions.

Fig. 8a shows the hysteresis curves obtained for a solid and a hollow specimen in
in-phase TMF tests in which the plastic strain and the temperature were cycled
synchronously using a triangular command signal, with a plastic strain amplitude
Ag,2 = 0.5%, a plastic strain rate of &, = 6.710° s and a temperature range of
400°C to 650°C. It will be noted that the two hysteresis curves are almost identical.
This indicates that the test conditions were equally well defined for the solid and the
hollow specimen.

The cyclic deformation curves for two in-phase TMF tests performed on a solid
specimen (&; = 6.710° s7) and a hollow specimen (&; = 510 s™) are shown in
Fig. 8b. The cyclic hardening/softening curves document that the lower strain rate
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leads to slightly increased maximum and minimum stress values. This negative strain
rate sensitivity has been reported earlier for isothermal tests at intermediate
temperatures and is attributed to dynamic strain ageing (DSA) processes. Fig. 8
illustrates that also the TMF behaviour is affected by DSA, even if the maximum
temperature of the temperature interval used lies well above the range in which
marked DSA occurs in the isothermal case.

4.2. FATIGUE OF THE MONOCRYSTALLINE NICKEL-BASE SUPERALLOY
CMSX-6

In Fig. 9a, the hysteresis curves of a monocrystalline CMSX-6 specimen, measured in
an isothermal fatigue test at 1100°C under total strain control, using a total strain
amplitude of A&2 = 0.5% and a total strain rate of £ = 5102 s, are shown in the
o vs. & and in the o vs. g presentation, respectively. The corresponding
dependencies of o, eand &, on time ¢ are shown in Fig. 9b. Under these conditions,
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Figure 9.  Isothermal fatigue of monocrystalline CMSX-6 at 1100°C under total strain control
(A/2 = 0.5%, &=5-10"s ™). From [9].
a) Hysteresis loops in g'vs. & and o vs. grplot.
b) Dependency of stress o, total strain s and plastic strain &, on time t.
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Figure 10. Isothermal fatigue of monocrystalline CMSX-6 at 950 °C under total strain control
(As/2 = 0.5%,%=5-10"s™). From [9).
a) Hysteresis loops in o'vs. & and ovs. gplot.
b) Dependency of stress o, total strain & and plastic strain g, on time t.

i.e. at a higher temperature at which the alloy CMSX-6 is rather ductile and for
sufficiently large plastic strain amplitudes (Ag,/2 ~ 1.5107, fatigue life Ny~ 1200),
plastic strain control could have been applied equally well but would have had no
severe effect because of the rather small difference between & and 2.

However, isothermal fatigue at 1100°C does not represent a situation of practical
interest. Fig. 10a and b refer to an isothermal test at 950°C with Ag2 = 0.5% and
£=5103 5! (Ny =~ 3000). In this case, at a lower temperature, the stress is much
larger and, as a consequence, the plastic strain amplitude is much smaller
(Ag/2 ~ 1.210™) than in the previously discussed case (Fig. 9). The hysteresis loop is
narrow and pointed (Fig. 10b) and, in contrast to Fig 9b, the plastic strain rate at the
full amplitude now is about a whole order of magnitude smaller than the total strain
rate (&; = 0.1¢ ). Hence, inspite of the same total strain rates imposed in the two
examples discussed, the cyclic deformation behaviour cannot be compared properly
because of the very different plastic strain rates. Thus, in the second case (Fig. 10), it
would indeed have been advisable to perform the test under plastic strain control.
Unfortunately, this was not possible because of the rather non-linear shape of the
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Figure 11. Out-of-phase thermonechanical fatigue of monocrystalline CMSX-6 in temperature range
700°C<T<1100°C under total strain control (As/2 = 0.5%, £ =6.7-10"° s **). From [9].
a) Hysteresis loops in & vs. s— and & vs. g,-plot.
b) Dependency of stress o, total strain & and plastic strain g, on time £.

clastic loading/unloading curve and because of the rather small plastic strain
amplitude of only = 10™. This example demonstrates the limitations of the application
of plastic strain control.

As a final example, a TMF test on the monocrystalline superalloy CMSX-6 is
considered. In the case of this high-strength material, fatigue life was shortest for out-
of-phase TMF in the regime of interest [7,8]. Fig. 11 shows the hysteresis loops
(Fig. 11a) and the time dependencies ort), &%), &u(t) for an out-of-phase TMF test on
a monocrystalline CMSX-6 specimen. The TMF test was performed under total strain
and not plastic strain control because of the difficulties mentioned above, and a total
strain amplitude 4¢/2 = 0.5% and a total strain rate £ = 6.7:10” s were used. The
temperature range was 700 - 1100°C. The very complex shape of the hysteresis curve
is evident from Fig. 11a. Also, it can be noted from Fig. 11b that the plastic strain
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rate é,, varies in a very pronounced manner during the cycle, being close to zero
almost everywhere except in the approach to maximum compression (at the upper
temperature!), where the specimen undergoes microyiclding. This most complex
behaviour is difficult to analyze in detail in order to obtain a fundamental
understanding of the material response. There can be no doubt that this task would be
considerably easier, if it were possible to conduct the test in plastic strain control.
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U S A

1. Introduction

This paper describes an experimental system developed to conduct thermal
mechanical fatigue (TMF) and biaxial fatigue testing of materials. As such the biaxial
mechanical loadings may be either pure torsion or combined axial-torsion using thin-
wall tubular-type specimens. Additionally, the system is capable of conducting
uniaxial TMF, and isothermal uniaxial and biaxial fatigue testing as well. Currently
only a small number of researchers [1] besides the authors are known to be pursuing
the experimental testing area of combined thermal and biaxial mechanical fatigue
testing and analysis of materials. TMF testing and analysis of materials has been an
ongoing research area for over twenty years, however, in all of these previous known
cases the mechanical loadings have been the uniaxial.

2. Experimental Testing System for Biaxial TMF

The major components of the TMF testing system are shown in Fig. 1. They are: an
axial-torsional load frame capable of applying +248 kN of axial force and +2500 kN-
m of torque either independently or simultaneously, a system digital controller for
direct control of the mechanical cycling and an interface to the thermal loop, a
2.5 kW induction heater for specimen heating, a digital temperature controller, x-y
and strip chart graphical plotters, and a control center consisting of a personal
computer (PC) with a 486 processor, 16 megabytes of RAM and a 540 megabytes
hard drive capability.
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Figure 2. TMF system component integration schematic.
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Figure 3. TMF test specimen.
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2.1. SYSTEM COMPONENT INTEGRATION AND INTERFACES

The schematic in Fig. 2 illustrates the integration and the interfaces between the
components of this biaxial thermal mechanical fatigue testing system. There are two
closed loops: a mechanical loop and a thermal loop. They are both controlled
indirectly through the PC at the control center. Software specifying all operating
parameters for uniaxial and biaxial TMF testing, as well as for isothermal uniaxial
and biaxial fatigue and creep-fatigue testing, is installed on the PC. The software is
written for the workplace shell in OS/2 2.1, a graphical multitasking environment.
Through an interface card, the computer commands are communicated to the system
digital controller which is the unit responsible for: closed loop control of the axial
and torsion channels, load frame actuator and load cell limits, output signals for the
graphical plotters, and all analog and digital data acquisition from the thermal and
mechanical closed loops. The illustration also shows that the mechanical closed loop
control signals are directed from the digital controller to the load frame actuator. The
feedback signals from the load frame are stroke and rotation from the actuator, axial
and angular strain from the extensometers, and load and torque from the load cell.
The load frame is equipped with a moveable hydraulic cross-head and water-cooled
hydraulic collets for specimen gripping. The thin-walled tubular type TMF specimen
is shown in Fig. 3. Over its 25.4 mm gage section length the wall thickness is
1.54 mm. Using a low stress grind technique and electropolishing, a gage section
surface finish (S.F.) of 8-10 can be obtained. Axial and angular strains are measured
using a water-cooled biaxial extensometer fitted with conical point ceramic extension
probes. An air-cooled axial extensometer fitted with either ceramic or quartz probes is
also available for use in pure uniaxial testing.

The thermal loop consists of a digital temperature controller, a 2.5 kW high
frequency induction heater, a three-section independently adjustable heating coil, six
feedback thermocouples for monitoring the specimen temperature. The temperature
controller has pre-established setpoint voltages on which to adjust the output of the
induction heater so that the specimen gage temperature follows the desired waveform.
One thermocouple is placed slightly above the upper extensometer probe as a
feedback to the temperature controller while the five other thermocouples are used to
monitor the specimen temperature over the heated gage region. The thermocouples
are not welded to the specimen, but the wires are looped around and drawn tight to
the specimen surface. The thermocouple wires are then attached to an analog device
which linearizes and amplifies their outputs for view at the system digital controller
or on the computer (PC) terminal screen, and/or for plotting by the strip chart
recorder. The simultaneous thermocouple readings were instrumental in developing a
heating coil configuration for maintaining an acceptable dynamic temperature
gradient over the specimen gage section.
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2.2. BIAXTAL TMF TESTING PROCEDURES

The biaxial TMF testing procedure consists of three main steps. The first step is the
system start-up, the second step involves specimen heat-up and thermal cycling at
zero load and torque, and the final step is the actual strain-control TMF cycling of the
specimen.

The start-up consists of providing electrical power to the system controller, the
hydraulic pump, the computer control center, the graphical plotting equipment, the
load frame controls and all operating systems. First, hydraulic pressure is provided to
the load frame actuator followed by coolant being supplied to the collet grips,
extensometer (biaxial), heating coils and the induction heater. The test specimen is
then installed through the heating coils, aligned in the collet grips and finally the
thermocouples are fixed in place as discussed above.
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Figure 4. System start-up and test procedure.
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TABLE 1. System Fatigue Testing Options - Initial Loading Direction Tension or Compression.

ISOTHERMAL CASES

Isothermal Continuous
Cycling

Isothermal with Tension or
Compression or both Hold-
Times

UNIAXIAL TMF CASES
Uniaxial TMF Continuous
Cycling In-phase *

Uniaxial TMF  Continuous
Cycling Out-of-Phase *

Uniaxial TMF In-Phase with
Tension or Compression or Both
Hold Time

Uniaxial TMF Out-of-Phase with

BIAXIAL TMF CASES

Biaxial (combined Axial-Torsion
or Pure Torsion) TMF Continuous
Cycling In-Phase *

Biaxial TMF Continuous Cycling
Out-of-Phase *

Biaxial TMF In-Phase with
Tension or Compression or Both
Hold-Time

Biaxial TMF Out-of-Phase with

Tension or Compression or Both
Hold-Times

Tension or Compression or Both
Hold-Times

* Refers to load-temperature phasing only.

The second step consists of initial specimen heat-up, specimen thermal cycling
under zero load and torque, and some specimen setup adjustments as mentioned
previously (Fig. 4). This step is mainly controlled by the TMF program which
requires the input of several test operating parameters, to include: initial ramp
temperature (mean of the maximum and minimum temperature cycle amplitudes),
initial ramp time, and maximum and minimum temperature amplitudes. With these
parameters input into the TMF program, this thermal cycling and stabilization step
can begin. Real time temperature signals from all the thermocouples are displayed at
the computer terminal and can be plotted on the strip chart recorder. Some minor
adjustments in the temperature controller setpoint voltages, the thermocouple
positions, and/or locations of the heating coils may be necessary during this step.
These adjustments further ensure that the prescribed maximum and minimum
temperature amplitudes of the cycle and a dynamic thermal gradient of no more than
5 - 10°C will be maintained along the specimen gage section during TMF testing.
When such a temperature cycle is obtained and is observed to be stable for several
cycles, a final temperature cycle is recorded. The thermal strains calculated from this
final cycle are used for the thermal compensation in the TMF test. This procedure is
necessary to avoid geometric instabilities such as barreling which is sometimes
observed in specimens after TMF testing. Even though there will be radial expansion
and contraction of the tubular specimen during TMF testing, the angular thermal
strain component is considered negligible.

In the final step of the testing procedure the system is switched from a load
control mode to a strain control mode to initiate TMF testing. As illustrated in Fig. 4
TMF cycling is started with both the temperature cycle and the mechanical strain
(axial and/or torsional) cycles at their mean values. The TMF cycling proceeds in
either a pre-selected in-phase or an out-of-phase mode. Both the temperature and the
mechanical strain cycles are limited to a constant rate triangular waveform. The
convention taken for in-phase biaxial TMF is that at the temperature cycle’s
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maximum amplitude the axial strain amplitude is at the maximum value also and the
torsional angle of twist is at a maximum counterclockwise position, and conversely,
in the convention taken for out-of-phase biaxial TMF the temperature cycle’s
amplitude would be at a minimum value when the mechanical strains are in these
same positions. For all biaxial fatigue testing the axial and torsional mechanical
loadings are currently programmed to be cycled in an in-phase mode, however, the
ratio of the applied torsional and axial mechanical strain ranges may have values
other than unity. Table 1 summarizes the different types of isothermal fatigue and
TMF tests that have been programmed to be conducted by this computer controlled
system. The mechanical strain cycling may be either uniaxial, pure torsional or
combined axial-torsion. Creep effects can be studied during TMF cycling by imposing
a hold in strain and temperature at their maximum and/or minimum amplitudes.
Similarly, during isothermal fatigue testing, a hold in strain can be imposed at either
the maximum and/or minimum strain amplitudes.

2.3. DATA ACQUISITION AND TEST OUTPUTS

During the load/torque-free thermal cycling and the subsequent TMF testing various
types of data acquisition can be performed. The software is written to allow the
acquisition of cyclic peak/valley, cyclic mean/span, test maximum/minimum, and
timed data from any of the input signals (e.g.: load, torque, strain, displacement,
angle of twist, and temperature). One input channel is selected to be monitored in a
cyclic data acquisition process and any other desired input signals are recorded when
the monitored signal is activated. The TMF cyclic data can be used to generate strain
range and stress range life plots. A separate process handles the acquisition of
hysteresis loop type (load/torque-strain) data. Hence, for a given cycle, timed data
acquisition such as axial load versus axial strain or torque versus angular strain can
be obtained. The computer program computes the axial mechanical strain by
subtracting the calculated thermal strain component from the total axial strain (input
signal). The thermal component of the angular strain is negligible and therefore only
the torque versus total (mechanical) angular strain actually is available. All data
acquisition may be recorded by either a x-y plotter or strip chart recorder as
appropriate, and/or digitally stored in the computer (PC).
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Figure 5. Biaxial TMF hysteresis loops.
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A type of data acquisition that is specifically unique to biaxial TMF are the
hysteresis loops. In Fig. 5 are shown schematically the three different types of
hysteresis loops that result from an in-phase biaxial TMF cycle. In Fig. 5a is the axial
stress (o) versus total axial strain (g), in Fig. 5b is the axial stress versus the
mechanical strain (g,,), and in Fig. 5c is the torsional stress () versus total torsional
strain (7;). The mechanical strain range (Ae,, ) is obtained by subtracting from the
total axial strain range (As; ) the thermal strains, and as discussed before, because
the specimen radial thermal expansion and contraction during TMF cycling is
negligible, the total torsional strain range (Ay;) is equivalent to the mechanical
torsional strain range. Therefore, in biaxial TMF testing two biaxial strain ratios will
exist, defined as:

2,=Mc g 4 A7 1.2)

Ae, Ae,,
Either of these two parameters can be used when comparing biaxial fatigue results.
For uniaxial fatigue cycling A\ = A, = 0.0, and for pure torsional fatigue A4 = Ay, =0o.

3. Discussion of Some Uniaxial and Biaxial TMF Testing Results

Presented in Table 2 are results from two in-phase TMF uniaxial continuous cycling
tests reported previously by the principal authors in [2], and three results from some
recent in-phase TMF biaxial (combined axial-torsion) continuous cycling tests of
type 316 stainless steel. In all of the TMF tests using type 316 stainless steel, the
thermal cycle is between 621°C and 399°C at a frequency of 0.333 cycles per minute.
Specimen cooling was by natural convection.

The fatigue life (N ) from these tabulated test results would show that uniaxial
in-phase TMF continuous cycling is more damaging than biaxial (combined axial-
torsion) TMF loadings at the same von Mises equivalent mechanical strain ranges.
This observation under TMF loadings is consistent with the results discussed in the
previous isothermal fatigue studies of this material [3-5]. The most detrimental
isothermal fatigue loading was the uniaxial case, followed by biaxial fatigue loadings,
and then finally torsional fatigue loadings which had the longest life at the same von
Mises equivalent strain (mechanical) ranges. The Z-parameter developed in [5]
showed how uniaxial, pure torsion and combined axial-torsion isothermal fatigue
data could be correlated onto a single life curve.

4. Summary and Conclusions

A computer controlled experimental test system has been developed to conduct
uniaxial and biaxial thermal mechanical fatigue studies of materials. Over fifty
different types of TMF and isothermal fatigue tests have been programmed to be
conducted. Currently uniaxial and biaxial TMF studies are being conducted using
type 316 stainless steel and Inconel 738LC materials. They will be compared with
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previous results from isothermal fatigue tests on these materials. One of the objectives
of this research is to develop a parameter which will correlate uniaxial, pure torsional
and combined axial-torsion TMF life curves onto a single thermal mechanical fatigue
life curve as was previously demonstrated by use of the Z-parameter [5] for
isothermal loadings.

TABLE 2. Thermomechanical Continuous Cycling In-Phase Fatigue Tests of Type 316 Stainless Steel
Between 621°C and 399°C (All Stress and Strain Range Values at Mid-Life).

Ayt Ast A Asm Aut At Ac Nf
(%) (%)  (Av/Ae=) (%) (Ay/As) (MPa)  (MPa)

0.0 1.18 0.0 0.80 0.0 0 567 1,025

0.0 1.00 0.0 0.60 0.0 0 494 2,549
1.45 0.83 1.745 0.40 3.625 426 267 1,253
0.80 0.78 1.026 0.40 2.000 323 334 2,954
0.68 0.90 0.756 0.50 1.360 259 411 2,144
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1. Introduction

Critical components in gas turbines as used in rocket engines are subject to rapid
temperature changes during operation and thus experience thermal fatigue (TF)
loading. In gas turbine industry, TF is usually investigated using component-like
specimens such as Glenny's tapered discs or wedge specimens tested in fluidized beds
[1], or rigs based on heating by the flame of a burner and cooling by compressed air
[2-3]. However difficulties arose with such facilities e.g. when one wants to
investigate high maximum temperatures in excess of 1100°C with fluidized beds, or
in terms of reproducibility problems with burner rigs. The purpose of this paper is to
give an overview of a thermal fatigue facility that we developed in our laboratory to
circumvent such difficulties, and to present a methodology used to calculate the
temperature-stress-strain history and the lifetime of specimens with a damage model.

2. Thermal Fatigue Test

The material used in this investigation is a wrought nickel base superalloy which
could be used for machining rocket engine blades or discs.

The TF tests are carried out on single-edge wedge specimens with an edge radius
of 0.25 mm and a maximum thickness of 6.7 mm. Two geometries were tested as
shown in Fig. 1: the one with a total width of 27.6 mm (FT-S) is a standard single-
edge wedge specimen [3] and the other is 50 mm wide (FT-L). The larger geometry
was employed to increase the thermal gradient during TF testing, and consequently to
reduce the lifetime of the specimen by increasing stresses and strains.

The edge arca of the specimens was mechanically polished parallel to their
longitudinal axis using diamond paste down to 3 pm.

The TF test consists of alternately heating and cooling the leading edge of the
specimen. During thermal cycling, the specimen is totally free to expand or to
contract so that only mechanical strains resulting from the thermal gradients are seen
by the specimen.
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Closed -loop temperature cycling was achieved using a thermocouple spot welded
at the mid point of the leading edge at 1.5 mm from the radius. The temperature cycle
was obtained by programming a temperature controller which allowed a great
versatility in defining thermal cycles (Tmax, Tmin, temperature rate, number of

cycles,...).

Figure 1. Geometry of Thermal Fatigue specimens.

Heating was provided by a radiation furnace with six 1500-W light bulbs (Fig. 2).
It has no thermal inertia. The specimen leading edge is placed in the centre of the
furnace on an adjustable holder that kept the tested structure in position without
mechanical loading. The furnace was designed to focus lamp radiation on a small
area of about 6 mm in diameter.

The cooling system consists of a removable nozzle which moves during the
thermal cycle. When the furnace is heating, the nozzle is in a backward position, and
when the cooling sequence begins, a pneumatic actuator moves the cooling system
near to the specimen (=3 mm). The cooling was ensured by forced blowing of cold air
at 8 bar.

Figure 2. Schematic drawing of the thermal fatigue rig used in testing the wedge-shaped specimens.
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3. TF Results

To investigate damage evolution in a wrought superalloy used to make aerospace
turbine blades, a thermal cycle was defined between 25°C and 750°C to represent the
thermal loading of a blade under operating conditions. Heating and cooling periods
were respectively fixed at 60 s and 30 s. The thermal cycle (Figs. 5 and 6,
temperature controlled with Th7), is the same for FT-S and FT-L specimens. Tests
were regularly interrupted and specimens were examined by scanning electron and
optical microscopy to investigate the crack initiation and propagation mechanisms.

As shown in Fig. 3 for the longest crack of each specimen, the crack initiation life
is 2.5 times shorter for the FT-L specimen than for the FT-S specimen. Lives for
initiation are 800 cycles and 2100 cycles respectively, using a criterion for initiation
of 0.2 mm crack length at the wedge tip. The propagation rate increases quickly for
the FT-L specimen, and is always higher than the one of FT-S specimen. The
propagation rate for FT-S decreases when the crack has reached a length of 3 mm
whilst it is constant for FT-L from 0.4 to 4 mm.

Crack length a (mm)
5

RN RN LR LR R AR R LRRRE RERE ™

a -]

4 S v —_
v ® :

2 v -
v o ° FT-S .

v experimental -

experimental :

0 1000 2000 3000 4000 5000 6000 7000 8000
N (Cycles)

Figure 3. Evolution of the longest crack (a) vs. cycles under thermal fatigue between 25°C and 750°C.
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The observation of fracture surfaces has revealed that all cracks initiated from
grain boundaries at the wedge tip of the TF specimens. The cracks were oriented
perpendicular to the principal loading direction and the crack front was semi-circular
(Fig. 4).

Figure 4. Fracture surface of the FT-S specimen after 7500 cycles of thermal fatigue (25°C-750°C).

The crack propagation is mainly intergranular for both geometries, but transgranular
propagation was observed for FT-S after 2.5 mm of crack length. In both specimen
types, grain boundaries are oxidised.

4. Thermal Analysis

In order to perform a heat transfer analysis, 14 thermocouples (K type) were spot-
welded along the mid-section of both specimen geometries. The temperatures from
these thermocouples were recorded during a stabilised thermal cycle using a micro-
computer. Examples of surface temperatures obtained from both specimens are shown
in Figs. 5 (FT-S) and 6 (FT-L).

The transient temperature map of the structures was obtained using a 2-D analysis
with the software ZeBuLoN [4] (finite element code developed at ENSMP) in
combination with SiDoLo [5], a commercial software for identifying parameters. For
reasons of symmetry, only half the middle section was modelled. Specific heat (C;),
thermal conductivity (k) and coefficient of thermal expansion are used in calculations
as functions of temperature. The thermal loading of the specimens was described with
convective film cooling (h;) and radiation heat flow (@;) which vary with the location
(i) in the specimen. The FT-S specimen was virtually divided in 3 zones and the FT-L
specimen in 4.

With a set of coefficients (h;, ©;), the temperatures are calculated in the whole
structure by ZeBuLoN and compared to experimental temperatures with SiDoLo
which optimises the coefficients by minimising an error function. The best results for
these computations are shown in Fig. 5 for the FT-S specimen and in Fig. 6 for FT-L.
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Fig. 5. Experimental and computed temperature profiles for FT-S geometry.

Fig. 6. Experimental and computed temperature profiles for FT-L geometry.

The comparison between the calculated and the experimentally measured
temperatures along the section of specimens shows for the most part of the thermal
cycle a good agreement, with a maximum difference of 20°C. The results from both
thermal analyses were used as input for the mechanical stress-strain analysis.
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5. Mechanical Analysis

1
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Under uniaxial loading, the viscoplastic constitutive equations are written as:

- IO’—Xl -Rv " . .
oo Y pexy win @) maxon @
X=X1 +X2 (3)
X1 =C..0,,, where d.lv = év 4

X,=C, 0, where d.z\,: év -D,; dy, V and V =1Ev &)

R,=R, ©)

where ey is viscoplastic strain, € y the rate of viscoplastic strain and v the cumulated
viscoplastic strain. Kinematic hardening is described by means of two kinematic
variables (X; and X5). Ry represents the elastic domain radius. Young's modulus
(E(T)) and Poisson's coefficient (v) were measured by means of tensile tests at several
temperatures. The material parameters K, n, C;, C;, D,, and R, were identified in the
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temperature range 20°C-750°C from LCF and TMF test results [7,8] with SiDoLo
which includes constitutive equations in special subroutines. An example of the
simulated stress-strain loops is shown in Fig. 7 for a TMF test.

The identified constitutive equations were used in the finite element code
ZeBuLoN to calculate strains and stresses using previous thermal analysis for the two
specimen geometries. Examples of the results obtained for a mechanical stabilised
cycle (20th) are presented in Figs. 8 and 9 for FT-S and FT-L specimens respectively.
The stresses generated by thermal cycling are higher at the thin edge of the FT-L
specimen relative to the FT-S specimen, and the mean stresses are tensile for both
geometries. The mechanical and inelastic strains on the one hand, and the mean
strain which is compressive, on the other hand, are largest in the FT-L and FT-S
specimen geometries respectively. Inelastic strains are observed up to 5.6 mm and
11 mm from the leading edge of the FT-S geometry and the FT-L geometry,

respectively.

6. Life Prediction

Usually, TF is used to compare the thermal cycling endurance of different materials.
With the knowledge of the specimen thermal-strain-stress history, the prediction of
the TF lifetime is possible using a damage model.

TF crack initiation life which corresponds to the number of thermal cycles
required to reach a 0.2 mm crack length, is reported in a Manson-Coffin diagram
(using the inelastic strain range, Fig. 10) and compared with fatigue life curves
obtained from volume element tests: LCF at 200°C and 750°C and TMF (temperature
range between 100°C and 750°C) [7,8]. These tests were performed on the same
material as used in the TF tests. The Manson-Coffin diagram shows that the lifetimes
obtained with the two TF geometries are in close agreement with the TMF results.
TMF and TF lifetimes are 10 times shorter than LCF at 200°C and 8 times longer
than LCF at 750°C. Consequently, the Manson-Coffin relation for TMF loading gives
a good prediction of the TF specimen life.

The lifetime of TF specimens was also calculated using a fatigue-creep damage
model. In this model [9, 10 and 11], the total damage rate results from the
cumulation of creep (D¢ ) and fatigue (Dg) damage coupling is ensured by the total
damage dependence of each damage rate :

dD =dDc+dDs = fc (5,D, T) dt+ fs (om, ©,D,T) dN )

where o, 6,,, © are the current stress, maximum stress and mean stress respectively.

This model had to be defined for the whole temperature range of the TF tests.
This was done by identifying model parameters with SiDoLo from LCF test results at
high frequency and from creep results. Lifetime prediction for volume elements,
tested under LCF at low frequency and TMF conditions was in good agreement with
the experiment as shown in Fig. 11. Predictions are unconservative for LCF experi-
ments.
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Figure 8. Calculated stress-temperature loops and stress-mechanical strain loops for FT-S geometry.
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Eq (8) was used to compute the life LOF 200°C
of the first element at the leading edge
of the TF specimen, which is compared
to experimental data to 0.2 mm crack
depth in Fig. 11. Predictions tend to be
slightly conservative, but are within a
factor of two of the experimental
results.
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Figure 11. Comparion between calculated life of
LCF, TMF, TF specimens and experi-
mental data.

7. Conclusions
A thermal fatigue facility using a radiation furnace and forced air cooling system was

developed. The versatility of the TF rig permits various thermal cycles by controlling
the temperature history on specimens.
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The TF tests were performed using two specimen geometries under a thermal
cycle representative of actual blade loading conditions. The effect of the geometry on
the crack initiation and propagation was shown, and the damaging mechanisms were
briefly described.

A finite element analysis was made to compute the temperature-strain-stress
history for the two kinds of specimens. For the thermal analysis, only experimental
surface temperature profiles and material thermal properties were used. The
mechanical analysis was performed using results from thermal computations and
volume element test results to identify the material mechanical behaviour.

Two models were proposed to compute the lifetime to crack initiation under TF
loading. The one based on TMF results in combination with a Manson-Coffin
relationship was shown to give good predictions of TF data. The other one, based on
fatiguecreep damage cumulation, was shown to give good agreement with
experiment.
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1. Imntroduction

This paper describes a new technique designed for testing surface short crack growth
behaviour of metallic materials at elevated temperatures using a fully automated
optical system. Short cracks as small as 10pm initiated on smooth specimens have
been detected and recorded both at room and elevated temperatures up to 700°C. The
application of this computer controlled system offers a reliable, time-saving and cost-
effective method for the in situ study of the initiation and propagation of short cracks
in materials subjected to both baseline and dwell fatigue loading sequences at high
temperatures. Short crack growth behaviour has been studied in a Nickel-based
superalloy. The crystallographic features of short crack growth and the effect of
holding time at maximum load ('dwell' loading sequence) on cracking mode change
from transgranular to intergranular at high temperature were investigated.

2. Experimental Technique

An automated short crack monitoring and testing system for high temperature use has
been developed with the support of Rolls-Royce. This system uses a personal
computer to control the optics, the testing machine and data recording units through
purpose written software. The monitoring of surface short crack growth was made
possible by using a microscope with high magnification lens which accessed a split
type furnace. Since the system is fully automated and can carry out the test
continuously, it overcomes the difficulties associated with recording high temperature
short fatigue crack growth by techniques such as replication. The system is capable of
testing and monitoring the growth of freely initiated short cracks as small as 10um on
a smooth specimen surface, and operating under baseline and complex (dwell)
loading sequences at temperatures up to 700°C. Higher testing temperature is possible
by using a larger furnace.
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This high temperature short crack testing system was developed at Sheffield
University based on an original room temperature testing system, introduced by
Rolls-Royce [1]. This new system combines the Rolls-Royce design with newly
developed system software, hardware and high temperature facilities. There have
been many new refinements since the first development phase was reported [2]. The
most significant ones are the testing of freely initiated surface short cracks at 700°C
and digital image storage, which has been made possible by the arrival of a 3.5 GB
mass storage device. The basic working principle is to automatically and
systematically scan the surface of a specimen using an optical microscope and record
all the scanned information for later processing. The system was fully automated
controlled by purpose written software running on a personal computer. This includes
the control of a hydraulic testing machine using various loading sequences, the
microscope head on stepping motor slides to scan the specimen's surface and the
operation of recording units (videos and disks). Since the system is fully automated, it
is possible to carry out high temperature crack growth testing continuously without
having to interrupt the test and cool the specimen during a data collection, as is
necessary if the replica method is used.

The system hardware is shown schematically in Fig. 1. It consists of a PC, an
image analyser, a long working distance optical microscope mounted on stepping
motor slides, a load sequence generator and two video cassette recorders. There is a
large hard disk (3.5 GB) in the PC for storing data collected during a test. The large
storage capacity of the disk makes it possible to store as many as 13 000 image frames
during a test. The furnace is a split type, controlled by a separate console. A cooling
jacket with a front silicon-quartz window is used to protect the optical head. During a
test, the temperature in the middle of the specimen is closely monitored by a
thermocouple mounted on the specimen, and temperatures are held constant to within
110°C of the set point.

Q520 Image Analyser

video recorder 1 (vldeo camera

486DX2 : &
Computer —{  video recorder2 ) : ZRY
1 ’ ; Furnace :

optical disk drive : l i

IEEE interface 3.5GB disk drive furnace and cooling )

m | 3

System control tension-to-tension :

fatigue loading :

relay :
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generator J F
....................................... e

Figure 1.  Schematic diagram of the short crack testing system.
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The system software was developed using the image analyser's (Q520) high level
programming language, QBASIC. The main functions of the software are
summarised as follows:

1) Generating load sequences for the tests. This includes baseline fatigue sequences,
i.e. sinusoidal and trapezoidal waveforms, and 'dwell' cyclic sequence which
introduces hold periods on maximum/minimum loads for fatigue-creep interaction
study.

2) Setting a scan pattern on the specimen's surface. The data will be collected frame
by frame defined by the scan pattern usually on an area of 5 X 3 mm for a freely
initiated short crack growth test.

3) Recording all the image frames collected during the test on either the video tapes
and the hard disk. The image frames can be later retrieved and processed to trace
back frame by frame to find the crack origin and to measure the length of a crack.

4) The system has been successfully applied to testing the growth of freely initiated
short cracks at temperatures up to 700°C. Fig. 2 shows the images extracted from
a high temperature short crack test. The crack was initiated from an inclusion and
propagated transgranularly on the specimen's surface. Fig. 3 shows the images
from a high temperature test using the 'dwell' load sequence. The crack was
initiated from a sharp corner. Due to the effect of the hold time at the maximum
load, the crack path changed from transgranular to intergranular, suggesting the
creep-fatigue interaction.

3. Elevated Temperature Fatigue Crack Growth Testing
3.1. MATERIAL

The material used was Waspaloy, a nickel-based superalloy. Its microstructure
comprises an equiaxial y matrix containing a bi-modal distribution of y' precipitates.
The average grain size was 70pm. This material is being used extensively in civil gas
turbine engine applications as a disc material in the hot section. This material has
minimum yield and tensile strength of 860 and 1 240 MPa at room temperature, with
corresponding maximum values of 778 and 1 089 MPa at 700°C.

3.2. FATIGUE CRACK GROWTH AT ELEVATED TEMPERATURES

Fatigue crack growth tests were carried out under tension-to-tension loading on
square section specimens at both 20°C and 700°C. Baseline load sequence of
sinusoidal waveform (5Hz) was adopted. Long crack data was obtained using sharply
corner notched specimens at 20, 250, 500 and 700°C. Short surface crack data was
obtained using smooth plain specimens with a pair of parallel shallow side notches of
K=1.05. (K, is the stress concentration factor.) Specimen surfaces were polished and
etched before the tests. Test conditions are: ¢,,,=880 MPa at 20, 250, 500°C and
Omax=792 MPa at 700°C., R=0.1.
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Figure 2.  Freely initiated short fatigue crack growth at 700°C.
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Figure 3. Fatigue crack growth under dwell loading (20s hold
time at maximum load ) at 700°C; intergranular cracking mode.
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The crack growth rates obtained by sharply corner notched specimens at different
temperatures were plotted against the LEFM parameter AK in Fig. 4. The short crack
growth rates were plotted against the AK again in Fig. 5 and will be discussed later.
In this graph and the following, all crack lengths are measured as the length
projected onto a perpendicular to the loading direction. In the figures of this paper the
loading direction is the vertical axis. The stress intensity factor calibrations for corner
cracks in this section were taken from the finite element analysis by Pickard [3]. Fig.
4 shows the da/dN vs. AK for Waspaloy at different temperatures. At temperatures
below 250°C, the temperature effect on the crack growth was small. At above 500°C,
the environmental effect is remarkable. At 700°C , growth rates some 10-20 times
faster than the corresponding room temperature rates were observed. At elevated
temperatures material properties such as modulus and yield stress change and creep
deformation and environmental interactions become more important. The test results
in Fig. 4 are for relatively high frequency (SHz) fatigue tests, without consideration of
creep and hold time effects. However the introduction of maximum load hold periods
did affect crack propagation rates and it will be discussed later in this paper.

The crystallographic features of short crack growth were observed and explained
as for example in Fig. 6 which shows that a notch-initiated crack is growing in a
transgranular manner at 700°C. The growing crack suffered from resistance from the
material's local barriers, such as grain boundaries and slip bands. An extraordinary
phenomenon was observed when the crack tip was in grain A in Fig. 6. As explained
in Fig. 6, there were two slip systems within grain A: I and II. At first the crack tip
tried to extend along the slip system I before it was blocked by the upper grain
boundary. Then the crack tip changed its direction to extend along the slip system II
before it was blocked by the lower grain boundary. This pattern repeated within the
grain to form a zigzag crack path.
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Figure 6. Microstructural feature of short crack.

3.3. SHORT CRACK GROWTH AT ELEVATED TEMPERATURE

Due to the considerable difficulties involved in short crack monitoring techniques at
high temperatures, very little data for freely initiated surface(thumbnail) crack growth
exists, and the problem has been discussed in relatively few publications, as cited in
[4] and [5].

By using the automated short crack testing system developed by the authors, high
temperature surface short crack growth data can be obtained without interrupting the
heating cycle during the tests. Fig. 2 shows some of the images from a freely initiated
surface short crack test at 700°C. The crack was initiated from an inclusion. It is
worth noting that the inclusion was not an artificial one and other results at high
temperatures also suggest that a short crack tends to initiate at inclusions or other
types of microstructure discontinuities at high temperature in this material. As a
contrast, short cracks initiated at room temperature tend to be stage I shear cracks.
The short crack growth rates were plotted against the AK again in Fig. 5. The use of
AK enables a comparison to be made, in the absence of a better alternative, although
concerns have been expressed on the inappropriateness of AK to characterise short
crack growth as cited in [6] and [7]. The short crack growth data shows an apparent
acceleration feature comparing with the long cracks at the same nominal stress
intensity factor range. The behaviour of the short cracks is anomalous and there is no
apparent threshold. Modelling of short crack growth is a far more difficult task than
modelling the long crack growth. The problem is that due to the irregularities and
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discontinuities caused by microstructure interaction, the crack growth rate for short
cracks is not a single function of @ and g, as is the case for long cracks which can
more readily be characterised by AK and the well-known Paris growth law.

3.4. FATIGUE CRACK GROWTH UNDER 'DWELL' LOAD SEQUENCE

Gas turbine discs are subjected to high centrifugal and thermal stresses particularly
during take off and climb. Some disc parts may reach temperatures in the creep range
and are therefore subjected to possible creep-fatigue interaction. Previous studies have
shown faster crack growth rates when tensile dwell periods were included in the
loading signal [8].

A typical 'dwell' load sequence, with different hold time at maximum and
minimum loads, is shown in Fig. 7. The holding time t,, was 5,10 and 20s in our
tests. Before introducing the dwell sequence, a fatigue crack was initiated under the
baseline fatigue load sequence, thus providing a sharp crack tip. This type of test
takes a considerable time to finish since the effective cycling frequency is low
(<0.05Hz for t,,;=20s). The test results for different holding times at maximum load
are shown in Fig. 8. As shown in Fig. 8, crack growth rates showed no significant
change when tp; <10s while the crack path was still transgranular. However, when
the tp,; increased to 20s, the crack growth rates changed rapidly (10 times faster) and
the crack growth path changed from transgranular to intergranular as shown in Fig.3.
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Figure 7. Dwell loading sequence. Figure 8. da/dN vs. AK under dwell loading.
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4. Discussions

The short crack growth behaviour, shown in Fig. 6, is faster than that of long cracks.

The long crack growth rates follow the Paris law and show a threshold below which

the crack does not grow. The short crack growth data at both room and elevated

temperature show anomalous behaviour and no threshold. It can be seen from Figs. 2

and 6 that the short crack growth is highly crystallographic and microstructure

related. However the short crack data tends to join the long crack data at larger AK
values and becomes less scattered. This usually happens when the crack has overcome
the stage I shear growth and becomes a stage II tensile crack. In general, stage I crack

initiation was most prevalent in Waspaloy [9].

The scatter in short crack growth data and its behaviour compared to long cracks
can be explained by the microstructural aspects of the problem:

1) For a given volume of material under fatigue loading, cracks will initiate from the
most favourable sites, which may be gecometrical imperfections, favourably
oriented grains or brittle precipitates. In all cases the local environment of the
initiated crack has more influence on short crack development than the bulk of the
material. As a result, in the early stage the short cracks will grow more rapidly
until some type of microstructural barrier is encountered. This is why the short
crack growth rates usually exhibit initial acceleration followed by deceleration.

2) As a short crack propagates into ‘normal’ material where conditions are near the
material’s average property and thercfore less favourable for crack growth than
the initiation site, the increased crack size tends to sample the material more
uniformly. It thus becomes a normal long crack, whose behaviour is representative
of the bulk properties of the material.

3) Any individual short crack will face unique local conditions due to the various
microstructural features distributed in the polycrystalline material. For instance, a
crack growing in one grain will have a growth rate that is influenced by lattice
orientation and the presence of grain boundaries and precipitates. As a result,
each individual short crack behaves uniquely, giving rise to the scatter shown in
Fig. 5. This individual behaviour of short cracks imposes great difficulties in
modelling the growth behaviour using a unified formula such as the Paris law.
This implies that any realistic modelling of short cracks should include some
description of the random grain distribution. It is also important to note that the
crack is influenced by conditions in the interior of the material as well; our direct
observations are confined to the surface.

4) The minima in crack growth rates are associated with the most unfavourable
conditions for crack growth. At the early stage of crack growth, the cracks are
small and the local driving forces are small. However the cracks are long enough
to begin to encounter microstructural barriers. Some short cracks become non-
propagating since they have smaller driving forces than the crack growth
resistance while others keep advancing across the barriers despite suffering
retardation at these barriers.



46 R.A SMITH, Y. LIU and L. GRABOWSKI

Acknowledgements - This work is supported by a research contract from Rolls-
Royce plc., Derby, Contract Brochure No. PVI2-126D, to whom grateful thanks are
recorded.

References

1. Hussey, LW, Roche, J., Grabowski, L., A fully automated system for monitoring short crack growth,
Fatigue Fracture Engng Mater Structures, 14, (1991), 309-315.

2. Liu, Y., Smith, R.A., Grabowski, L., Automated Short Fatigue Crack Measurements at High Temperatures,
in R.A Ainsworth and R.P.Shelton (eds.), Behaviour of Defects at High Temperatures, ESIS 15,
Mechanical Engineering Publications, London, (1993), pp. 99-109.

3. Pickard, A.C., The application of 3-dimensional finite element methods to fracture mechanics and fatigue
life prediction, EMAS, Warley, West Midlands (1986).

4. Healy, J.C., Grabowski, L, Beevers, C_J., Short fatigue crack growth in a nickel-based superalloy at room
and elevated temperature, Int.. J. Fatigue, 13, (1991),133-138.

5. Hudak, S.J., Davidson, D.L., Chan, K.S., Howland, A.C., Walsh, M.J.,, Growth of small cracks in
aeroengine disc materials, Technical Report AFWAL-TR-88-4090, Southwest Research Institute, USA
(1988).

6. Lankford, J., Davidson, D.L., in R.O.Ritchie and J.Lankford (eds.), Small Fatigue Cracks, Metal Soc. of
AIME, Warrendale, Pa., (1984), pp. 51-72.

7. Leis, B.N,, Hopper, T., Broek, D., Kannien, M.F., Critical review of fatigue crack growth of short cracks,
Engng Fract Mech., 23, (1986), 883-898.

8. Byme, J. Hall, R., Alabraba, M., Grabowski, L., Hussey, I.W., Elevated temperature fatigue crack growth
in a nickel base superalloy under dwell conditions, Proc. Sixth Int. Conf- On Mechanical Behaviour of
Materials, Kyoto, Japan, 4, (1991), pp. 361-366.

9. Lerch, B.A, Jayarman, N.J., Antolovich, S.D., Mater. Sci. Engng., 66, (1984), 151-166.



BITHERMAL FATIGUE TESTING:
EXPERIMENTAL AND PREDICTION PROBLEMS

A. DEL PUGLIA, F. PRATESI, and G. ZONFRILLO
Dipartimento Meccanica e Tecnologie Industriali,
Universita degli Studi di Firenze.

Via S.Marta 3, 1-50139 Firenze, Italy.

1. Introduction

The need of thermomechanical fatigue testing is strongly indicated by the actual
working conditions of various machine components used at high temperatures. In
many cases, temperature is not uniformly distributed on a component and it also
changes over the course of time. In these conditions, isothermal testing has been
shown to be unsuitable and life prediction must be based on more complex testing
procedures.

To this aim, various techniques have been proposed. Among these, widely used is
the one known as thermomechanical fatigue (TMF), in which variations of strain and
temperature are both linear with time. For the two cases in which the two variations
are in phase, IP, or out-of-phase, OP, the definition of a standard procedure is now
under way.

In DMTI, another technique [1], known as bithermal testing (BT) has been
applied until now. For some characteristics, it may be considered as intermediate
between isothermal (LCF) and TMF tests. In BT tests (which, like TMF, may be
carried out in both IP and OP conditions) the tension and compression half-cycles are
conducted isothermally at two different temperatures, while during the changes of
temperature the applied stress is null.

BT testing has several useful advantages. It is easier to implement and to carry out
and the long experience acquired with isothermal testing can be more directly
applied. Probably, the most significant characteristic of BT testing is that it allows
more straightforward correlations among temperature, life and microscopic
phenomena. Therefore, by suitable selection of the two temperatures it is possible to
investigate the presence of microstructural changes leading to tramsitions in
mechanical behaviour. Moreover, it has been shown that BT tests are the most
damaging among the LCF and TMF tests in similar conditions and can thus provide
conservative indications for design.

In literature, two main applications of BT testing can be found. In NASA labs, it
is used for obtaining input data for the application of the "Total Strain version of
Strain Range Partitioning" technique (TS-SRP) to TMF tests [2]. At MPI Stuttgart,
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many experimental procedures have been developed and compared. A particular type
of BT procedure gives the shortest lives observed [3].

2. Experimental Problems in Bithermal Testing

On FSX 414 superalloy, the following tests have been carried out with strain rate
¢ =0.001 s™: LCF at 450°C and 950°C, BT at the same temperatures. Additional
LCF tests have been performed at 950°C with ¢ =0.03 s™.

The testing procedure and the main experimental results have been reported in
[4]. A first group of problems, connected with local ratchetting, determination of
elastic moduli and of the plastic strain range, was encountered [5, 6], as summarised
here. With the specimen geometry used in LCF tests, local ratchetting occurred in BT
tests, with macroscopic changes in the profile of the specimen. This behaviour can be
interpreted by a progressive cumulation of plastic strain in limited zones due to the
different temperature distributions in the two half-cycles. This problem was overcome
by designing a new specimen profile [5].

The apparent elastic moduli not only differ, as expected, between half-cycles
(owing to the two temperatures), but also if evaluated in the loading or in the
unloading stages of the half-cycle. Due to the uncertainty in the evaluation of the
elastic moduli, some difficulties arise for deducing the corresponding plastic strains
in the two half-cycles. Moreover, the plastic strain range, Ae;, shows a change,
sometimes remarkable, due to hardening during the whole test. Some procedures for
evaluating the elastic moduli and the plastic strain characteristic of the cycle are
discussed in [6].

2.1. CYCLIC BEHAVIOUR

While studying in some detail the TS-SRP method and its underlying logic, an
interesting field of investigation has been found in the relations controlling the strain
behaviour of the material.

The representation of such behaviour is generally provided by the relationship
between Ae;, and the elastic strain range, Ag,, or stress range, Ac, but it can be based
on other quantities. In this investigation, for each half-cycle the maximum (or
minimum) elastic strain, g, the maximum (or minimum) stress, C, and the
hysteresis area, A, have been used. The reference values for each test, carried out
until rupture of the specimen occurs, are taken in correspondence to its half-life cycle.

The cyclic behaviour is different in the tension and compression half-cycles, due
to the different temperatures. Representations of the flow behaviour as functions of
Ag, are shown in Fig. 1. Using A (evaluated in MJ/m?®), the sets of data for the
various types of test have about the same slope (Fig. 1a) and the behaviour can be
represented by regrouping the points in relation to the two temperatures (and strain
rate, dashed line). Practically the same behaviour is shown using o, or €4 (Fig. 1b),
even if more extensive scattering exists. This scattering is enhanced by the very slight
slope of the straight lines which fit the experimental points (low value of the
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exponent in the relation between As, and Ae). For the data available, the cyclic
relation may therefore already be predicted starting from knowledge of the results of
LCF tests only.

2.2 EVOLUTION DURING THE TEST

In order to decrease the observed scattering of the experimental values (particularly
evident in the case of €.1) further tests would be useful at lower Ag;; values. In these
conditions, however, life becomes very long and testing is expensive and time-
consuming; therefore, it would be interesting to have the required information
without having to wait for rupture. In the particular case of the alloy under
investigation, the hysteresis cycle does not reach a stable condition and the specimen
hardens, especially at 450°C, until a propagating crack develops. The changes in the
quantities determining the cyclic behaviour of the material occurring during the test
have therefore been investigated.

Figure 1. Cyclic behaviour expressed with A and g

With reference to the half-life values (derived from the relations for the cyclic
behaviour), these changes as a function of the life fraction have been approximated
with a straight line (considering the logarithms of the quantities involved ). Firstly,
four different lines - obtained by regression from IP and OP tension and compression
half-cycles - have been introduced. They give a very good representation of all the
tests. Then the data have been regrouped in two sets related to temperature: the first
group includes IP tension and OP compression data, the second OP tension and IP
compression data. A regression in these two sets gives a good fit, as shown for
example for o, in Fig. 2 (where, for greater clarity, only a fraction of the
experimental points, taken at regular intervals, has been plotted). Note that the
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hardening calculated on the basis of the last regression (depending only on
temperature) gives at 450°C values of o, higher than the experimental ones for
compression and lower for tension phases.

3. Problems of Prediction in Bithermal Testing

For the purposes of design, extensive characterisation of the mechanical behaviour of
materials is necessary; moreover a life prediction method (LPM) is required for
reliable evaluation of strength. For isothermal conditions, several LPMs are available,
often providing good agreement with experimental results. For TMF, only recently
have LPMs been suggested, which will profit from further applications to
experimental results. No model has yet been explicitly developed for BT tests.

Figure 2. Experimental (symbols) and calculated (lines) values of 6y,
(xnn identifies the specimen).

Some isothermal LPMs have been examined and critically evaluated for their
potential application to BT (and TMF) testing, either directly or with simple
modifications. In previous work on isothermal fatigue, a Continuum Damage
Mechanics LPM [7] had been used. This method requires major modifications in
order to be applied to BT or TMF, because the temperature variable is not included in
the expression of fatigue damage. Therefore, different laws for damage evaluation
and for its evolution must be found, for instance connecting the damage to fractions
of the cycle and taking the temperature into account. Another LPM considered is the
TS-SRP method [1]. It is already used in NASA labs for TMF and it should also work
for BT tests. Some difficulties are encountered in evaluating the strength in
elementary cycles. For its application to the specific material, some experimental data
are needed that are not yet available from the tests carried out. At present, simpler
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relations are being used, such as Manson-Coffin and Ostergren laws. In these cases,
"prediction" has the limited meaning of an interpolation (and some extrapolation)
among experimental results and it is valid only for specific test conditions.

3.1. MANSON-COFFIN LAW

For most alloys, the slopes of the straight lines in the Manson-Coffin diagram
(Asp = K N;%) remain practically constant when temperature changes or hold times
are introduced. A regression is performed on the experimental results corresponding
to various testing conditions, assigning the same angular coefficient o to all of the
lines. The resulting diagram is shown in Fig. 3. The agreement with experimental
results is evident (Fig. 5a). This confirms that the exponent depends essentially on the
material and is the same for both LCF and BT tests.

Figure 3. Manson-Coffin law with constant exponent.
3.2. OSTERGREN METHOD

In the Ostergren method, the basis for predicting fatigue life is the energy dissipated
by hysteresis during the tensile half-cycle. Although it was proposed for LCF, it can
be directly applied to BT tests.

When introducing the BT test, a more complete comparison between LCF and BT
tests may be made on the basis of the hysteresis area of both half-cycles, rather than
the tension half-cycle alone. The Ostergren method (A = K' NP) is found to be fully
suitable for representing the experimental results obtained. The slopes f of the
straight lines do not change remarkably in the various kinds of test.

As was done for the Manson-Coffin law, regression can be performed on the
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Figure 4. Ostergren law with constant exponent.

Figure 5. Comparison between experimental and calculated life.

whole set of experimental data, by letting all the straight lines be parallel to each
other, as shown in the diagram of Fig. 4. The comparison between predicted and
actual life shows good agreement (Fig. 5b).

4. Conclusions

BT tests have been sclected and carried out for improving knowledge on the
mechanical behaviour of FSX 414 at high temperature. Some experimental problems
have been discussed, with particular reference to cyclic behaviour. It has been found
that cyclic behaviour is basically a function of temperature.
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The application of some LPMs has been investigated. In particular, Manson-

Coffin and Ostergren laws have been fitted to the experimental results obtained.

BT testing may be very useful in helping to achieve an understanding of the

thermomechanical behaviour of materials; among other things, the experimental
problems are limited and the interpretation of results can be straightforward.
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1. Introduction

The thermonuclear fusion experimental reactor will be an intrinsically pulsed
machine. Therefore the plasma facing components will be subjected to cyclic heat
loads thus resulting in a problem of thermal fatigue. The first wall (FW) is the
structure that covers about 80% of the total plasma-facing surface and will receive a
cyclic heat flux ranging from a zero value up to some hundred kW/m?.

The Institute for Advanced Materials (Joint Research Centre of the European
Union, Ispra site) is carrying out experiments on both simple components and FW
prototypes. A Thermal Fatigue Test Facility has been designed and built to make a
proper simulation of the working environment of the experimental reactor FW as far
as the thermal loads are concerned. A description of the facility can be found in [1].
This apparatus consists of a cylindrical vacuum chamber with diameter 1m and
length 1.2m; the thermal heat flux is provided by a series of infrared lamps with
240 mm long filament and a maximum power of 4 600 W each. The maximum heat
flux compatible with a long lamp lifetime is 0.8 MW/m?. This value is sufficient to
simulate the thermal loads, including peak loads, to which the FW will be subjected
in real operating conditions. Higher fluxes can be obtained at the expense of a shorter
lamp life.

The aims of the experimental campaign can be summarised as follows. (1) To
evaluate the possible extension of the presently existing nuclear design standards to
the fusion environment as far as thermal loads are concerned; (2) to compare the
thermomechanical performances of prototypical first wall mock-ups; (3) to study the
influence of different manufacturing technologies on thermal fatigue failure mode;
(4) to validate computational methods for cycling thermal stress and strain evaluation
and thermal fatigue lifetime prediction. All the components tested are made of
austenitic stainless stecl and are actively cooled by deionised water.

As regards FW prototypes, the testing of one medium-scale prototypical
component was recently completed after 50 000 thermal fatigue cycles. It was
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manufactured by Framatome on behalf of The NET Team. The fabrication process
used in the corresponding FW concept was adopted. The technology developed
envisages the manufacturing of four half-plates, milled to obtain four cooling
semichannels. Each pair of half-plates is welded by means of transparency electron
beam welding; one then obtains plates with four cooling channels which are welded
together, again with an electron beam. The second phase consists of the insertion of
tubes without welding into the channels and in their junction to the plate by means of
vacuum brazing. Further information concerning the fabrication of the component
can be found in the progress reports edited by the manufacturer [2]. Fig. 1 shows a
photo of the mock-up.

2. The Thermal Fatigue Test

The thermal fatigue test was carried out in two phases. The first phase lasted about
5000 cycles and was characterised by a peak heat flux of 590 kW/m®. The second
phase lasted 45 000 cycles, the applied thermal cycle is shown in Fig. 2. The peak
heat flux was 660 kW/m?. The water coolant had a temperature of 15°C and a
pressure of 0.15 MPa. The numerical analysis was performed by means of the
ABAQUS finite element code (vers. 5.3-1, 1994). The thermal transient analysis was
carried out to evaluate the temperature evolution during the thermal cycles. The
elastic stress analysis was performed at the end of the heating period and at the end of
cycle. The generalised plane strain model (bending allowed) was used to compute
stress. Fig. 3 gives the experimental layout and the location of points A and B. The
former point was chosen because in that location a long fatigue crack nucleated and
propagated as is discussed later. At point B the highest temperature and stress was
computed. During phase 2 of the test a maximum temperature of 20 and 386°C was

Figure 1. The prototypical first wall mock-up.
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Figure 2. Applied thermal cycle during phase 2 of the test.
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Figure 3. Experimental layout of the thermal fatigue test.

evaluated at points A and B, respectively. The elastic calculation gave a Von Mises
equivalent stress of 282 and 835 MPa, respectively.

3. Experimental Results

Non-destructive testing was carried out by Framatome by means of ultrasonics before
the fatigue test, after the first phase and at the end of the test. Two parallel cracks
were detected after the first 5 000 cycles. They ran along both sides of the central
electron beam welding (point A, Fig. 3). After the completion of the 50 000 cycles,
these two cracks did not seem to have propagated further.

The component was instrumented by a number of strain gauges (one of them
located at point A) and by two displacement gauges. An analysis of the measurements
showed that:
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¢ no ratchetting occurred;

o the two above-mentioned cracks probably nucleated after a few tens of cycles and
stopped propagating after some hundred cycles.

Further details on the experimental results can be found in [3] and [4].

4. Application of the ASME-III Procedure

The American ASME code [5] deals with fatigue verification in Section ITI, Division
I, Subsection NB-3000 as far as class I components are concerned. The concept of
Alternating Stress Intensity is introduced and the maximum number of cycles allowed
is given by design S/N fatigue curves. Triaxiality is managed using the Tresca
criterion. An elastic numerical analysis is required.

Table 1 summarises the evaluation of the maximum allowable number of cycles
according to the ASME code. When the figure exceeds 10°, it is put at infinity. The
following definitions were used:

St = Alternating Stress Intensity OV Ao, xK,
2 Emf

Eare = Young Modulus of the design curve = 28 300 ksi (195 300 MPa)

E.t = Young Modulus at temperature T,

Tret = (Truax + Triny / 2

K. = Numerical factor as defined by ASME III, NB-3228.5

Sm = Design Stress Intensity value (used to compute K,)

Aoy = Tresca equivalent stress range

Two values are given for the design-allowable number of cycles: the former is
obtained using the above-mentioned definition of S, whereas the latter does not
include the factor K, in the calculation of S,;. In the authors' opinion it is meaningful
because K. is introduced to avoid the 3S,, limit on the range of primary plus
secondary stress intensity. The 3S,, limit is posed to prevent ratchetting but, since it
was experimentally proved that the component shakes down, there is no reason to
require that the 3S, limit be satisfied and consequently to introduce the K, factor.

TABLE 1. Design allowable fatigue cycles, ASME procedure.

[ Point A | Point B
Phase 1 of the test
N incl. K, o 150
N excl. K, o 7 900
Phase 2 of the test
Nincl. Ke s 130
N excl. Ke o 6 600
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As far as the fatigue usage factor is concerned, one can easily verify that it was zero
for point A and above 1 for point B. Therefore this latter point proved to be the most
critical. In spite of this no apparent damage was observed on the heated surface. On
the other hand a long and deep crack started from point A. This failure did not cause
the separation of the two halves of the component.

5. Application of the ASME XI Procedure
5.1. DESCRIPTION OF THE DETECTED FLAWS

In this section the procedure described in the design standard ASME XI will be
applied in that location where fatigue cracks were observed. It is worth remembering
that two parallel flaws were detected after the first phase. They ran along both sides
of the central electron beam welding (point A) at a distance of 5 mm apart. The
lengths, measured by means of ultrasonic testing, were 197 and 22 mm and the
depths were 2 and 3 mm, respectively. These figures refer to the inspectable region
that was about one half of the component; therefore the real length can be guessed to
be roughly 400 and 40 mm, respectively. The use of the ASME-XI procedure will be
discussed in some detail since its application to the fusion reactor FW is not
straightforward.

5.2. CHOICE OF THE ASME-XI DIVISION

The ASME-XI code is organised into the following 3 divisions:
e Div. 1 - Rules for Inspection and Testing of Components of Light-Water
Cooled Plants
¢ Div. 2 - Rules for Inspection and Testing of Components of Gas-Cooled Plants
¢ Div. 3 - Rules for Inspection and Testing of Components of Liquid-Metal
Cooled Plants.
Division 3 appears to be the most relevant as far as the fusion reactor first wall is
concerned. In fact liquid metal fast-breeder reactors operate at a temperature level, in
a radiation environment and with a choice of materials which are the most similar to
those of the plasma facing components. Unfortunately, in the ASME 1992 edition
(July) the acceptance standards were still in course of preparation and therefore Rebus
Sic Stantibus we were forced to use Division 1.

5.3. CLASSIFICATION OF THE FLAWS

The two flaws can be classified as Parallel Planar Flaws (ASME-XI, IWA-3350).
Since they are located less than 2 in. = 12.7 mm apart, according to the ASME they
can be recharacterized as a single flaw with an overall length / of about 400 mm and
with a depth a of 3 mm.
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5.4. ACCEPTANCE OF THE FLAWS

The in-service acceptance procedures are described in ASME-XI, IWB-3130. They
foresee four possibilities:

1.  acceptance by volumetric or surface examination

2. acceptance by repair

3.  acceptance by replacement

4.  acceptance by analytical evaluation.
The first and the last criteria will be discussed hereinafter.

5.4.1. Acceptance by Volumetric or Surface Examination
Most of the acceptance criteria concern ferritic materials. Austenitic steels are
considered only in the following two cases:

1.  austenitic piping (ASME-XI, IWB-3514.3)

2.  pressure retaining welds in pump casing and valve bodies (ASME-XI,

IWB-3518).

The former procedure was chosen even if we are dealing with a first wall geometry
and not with a pipe. This is somewhat arbitrary but it is the only possibility to be able
to use the ASME code. However this assumption seems reasonable. The latter
procedure requires a nominal wall thickness of at least 2 in. (50.8 mm) to be applied
whereas the component thickness ¢ in correspondence of detected flaw is 10.6 mm,
i.e. 0.4 in. (this figure was rounded according to what is stated in ASME-XI, IWA-
3200(c) ). To obtain the maximum allowable crack depth one must refer to table
IWB-3514-2 (ASME-XI).

The aspect ratio a/l is 3/400 = 0.0075, therefore the requirement to be satisfied is:
alt < 11.745%. Therefore the maximum allowable flaw depth is 1.24 mm. Since the
real depth a is 3 mm this acceptance criterion is not satisfied. The acceptance by
analytical evaluation must be carried out.

5.4.2. Acceptance by Analytical Evaluation
The acceptance by analytical evaluation is described in ASME-XI IWB-3600. The
following possibilities are foreseen.

1. Acceptance criteria for ferritic steel components 4 in. (i.e. 101.6 mm) and
greater in thickness.
Acceptance criteria for ferritic components less than 4 in. in thickness.
Acceptance criteria for steam generator tubing.
Evaluation procedures and acceptance criteria for austenitic piping.
Evaluation procedures and acceptance criteria for flaws in ferritic piping.
As far as the material is concerned, the most suitable procedure that can be adopted is
the fourth. It is described in ASME-XI IWB-3640. Unfortunately it can not be
extended to the first wall geometry since it requires to compute the ratio of flaw
length / to pipe circumference. Of course, this ratio can not be defined in the present
case.

wR e



STRUCTURAL INTEGRITY USING THE ASME CODE 61

To be able to apply the ASME code we are therefore forced to use the second
above-listed procedure (acceptance criteria for ferritic components less than 4 in. in
thickness) which is suitable as regards the geometry but not as regards the material.
This procedure is described in ASME-XI TWB-3620. Here is it said that "These
criteria are in the course of preparation. In the interim, the criteria of IWB-3610 may
be applied". The criteria IWB-3610 refer to the above-listed acceptance criteria for
ferritic steel components 4 in. and greater in thickness. This procedure foresees two
possibilities to assess the structural integrity:

e  Acceptance Criteria Based on Flaw Size IWB-3611);,
e  Acceptance Criteria Based on Applied Stress Intensity Factor TWB-3612).
The latter criteria will be applied as far as the "Normal Conditions" are concerned.
The following must be satisfied:
K, <K, /10 6))

where:

K; is the maximum applied stress intensity factor for the flaw size gy, i.e. the
maximum size for which the detected flaw is calculated to grow in a specified
time period, which can be the next scheduled inspection of the component.

Ky, is the available fracture toughness based on crack arrest for the corresponding
crack tip temperature.

In rapidly propagating cracks, Ky, is generally lower than Kjc for two reasons: (1)
because plastic deformation at the moving crack tip is suppressed by the high local
strain rate and therefore all the driving force is available for propagation; (2) because
the structure contains kinetic energy that can be converted to fracture energy [6]. In
case of thermal fatigue cycling no rapidly propagating cracks are expected and
therefore we can say Ky, = Kic. As will be seen later a value of 150 MPa ¥m can be
assumed for Ky, therefore Eq. (1) becomes:

K; <47 MPa Vm )

The flaw size a; must be such that the corresponding K; value satisfies Eq. (2). To
compute ar ASME-XI-appendix A procedure was adopted.

Fig. 4 shows the computed sigma-x distribution in the component thickness in
correspondence with point A (y=0) where the flaw nucleated. The x-stress component
was the driving force for the detected flaw.
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Figure 4.  Sigma-x distribution along the component thickness in
correspondence with the detected flaw (elasto-plastic analysis).

The above-shown non-linear stress distribution through the wall was conservatively
approximated using the linearization technique illustrated in ASME-XI Fig. A-3200-1.
Table 2 gives the resulting membrane and bending components at point A.

TABLE 2. Membrane (6,) and bending (o) sigma-x components at point A.

End of heating End of cycle
o (MPa) -34 -3.4
oy, (MPa) 310 -37.6

These values were used to compute the stress intensity factor according to ASME-XI
A-3300 procedure. The following equation is recommended:

K, =o,M, ‘/;\/‘_l/__Q_ +0o,M, ‘/7—[@ €)

where:

M, is the correction factor for membrane stress (given in ASME-XI Fig. A-3300-3).
M, is the correction factor for bending stress (given in ASME-XI Fig. A-3200).

Q is the flaw shape parameter as determined from ASME-XI Fig. A-3300-1 using a
value of 484 MPa for the yield stress (hardened material).

By the application of the above formula, one can demonstrate that Eq. (2) is satisfied
if ar < 4.8 mm. To compute the flaw growth during phase 2 of the test, the following
relation was used [7,8].
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ﬂ_cﬂ"'[AK—AKo]”
dN =~ K.-A-AK

@

where:

C  =3.122x10° mm/cycle
A =1Q1-R)

R = Kimin/Kimax

m =188 R<0

AK, =5.4(1-02R) R<0
n =295

Kic =150 MPa Vm

Fig. 5 shows the crack propagation after the first 5 000 thermal fatigue cycles as
computed by means of the above-mentioned procedure. To obtain ar=4.8 mm 11,870
thermal fatigue cycles are required. This means that the next non-destructive testing
should have been performed before the above-mentioned number of cycles. In spite of
this, after 50 000 cycles no crack propagation seems to have occurred, therefore we
can conclude that the ASME procedure to assess the structural integrity of damaged
component could be extended with safety margins to the present case.

It is worth noting that as concerns a real FW in a fusion reactor environment one
should also remember the criteria foreseen for emergency and faulty conditions; i.e.
the following relation must be also satisfied:

Ki<Kic/ V2 )

In this case K; must include the stress caused by the plasma disruptions events. This
latter stress field could make Eq. 5 much more limiting than Eq. 1 and therefore the
possible extension of the ASME-XI procedure to the fusion environment can not be
simply stated by the above considerations.

Figure 5. Crack growth according to ASME-XI procedure.
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6. Discussion of the Results and Conclusions

The experimental result showed that crack nucleation and propagation did not occur in
the most stressed location but where the ASME-III code foresees an infinite design
allowable number of cycles. In this respect it is worth briefly recalling the main
conclusions of a Shared Cost Action of the European Communities on Liquid Metal
Fast Breeder Reactor safety [9]. It was observed that the vacuum electron beam
welding (VEB) material is appreciably less subjected to plastic accommodation than
the parent material. Mechanical fatigue tests showed that, in low cycle fatigue, the
endurance data of VEB fall within the overall scatter of the parent material. However,
the fatigue curve of VEB has a stecper slope than the parent material and consequently
the high cycle fatigue life is lower. If VEB experimental fatigue curves are used, the
lifetime of the welded joint at the computed strain level of point A of the FW
component should have been about two orders of magnitude higher. Therefore there
seems to be no correspondence between mechanical and thermal fatigue with respect to
the endurance prediction. Probably under thermal loading, the different plastic
accommodation of the VEB acted as a stress riser generating peak stress where cracks
can easily nucleate and propagate. This effect is particularly appreciable under thermal
loads. In fact since thermal stress is a self-induced stress, it is very sensitive to the
spatial variation of the material properties. On the other hand, in case of mechanical
fatigue tests, the stress field in the specimen mainly results from the applied external
forces rather than in the spatial variation of the plastic behaviour of the material,
therefore the generation of self-induced peak stress is usually not appreciable.

It was experimentally proved that no ratchetting occurred in spite of the very high
stress level. In particular the range of the Tresca elastic stress was 600 MPa (point B)
and the maximum temperature at this point was 386°C. These figures lead to a Sy
value of 110 MPa which is more than 8 times less than the Tresca value. In particular
the 3S,, limit is greatly exceeded. Therefore it can be concluded that, as far as thermal
fatigue on first wall geometries is concerned, this limit as well as the introduction of
the K, factor in the fatigue design procedure appear to be unduly conservative.

The ASME-XI procedure was applied to the detected flaw to evaluate its
acceptability. According to the inspection programme scheduled by the ASME-XI
IWB-2400, the first in-service examination is carried out after about three years of
plant service. One should recall that the thermal fatigue experiment has demonstrated
that the crack nucleated in the very first stage of the operating life and that it stopped
after some propagation. Taking this into account, the three-year interval might prove
to be too long to verify safely the fitness for purpose of a plasma facing component.
On the other hand the successive inspection periods seem to be adequate. A procedure
for austenitic components other than tubes is lacking in the ASME-XI as far as the
analytical evaluation of flaws is concerned. Therefore it should be developed for a
proper extension of the design standards to fusion reactor relevant components.
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INITIATION AND GROWTH OF CRACKS UNDER THERMAL FATIGUE
LOADING FOR A 316 L TYPE STEEL
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Commissariat a I'Energie Atomique, Centre d'Etude de Saclay
91191-Gif sur Yvette, France

1. Introduction

In order to assess the behaviour of components submitted to very severe temperature
fluctuations, the conditions corresponding to initiation and propagation of cracks
under thermal loading must be known. These conditions were determined for the
316 L steel, which is a material widely used in the nuclear industry. In the fast
breeder reactors, the mixing of sodium flows at different temperatures (thermal
striping) can lead to the development of a crack network on some components [1, 2].
In fusion reactors, the first wall of the tokamak vacuum vessel will suffer from
thermal shock even in normal operating conditions due to a periodic ignition of the
plasma about every 100 seconds. However, thermal fatigue will also result from
successive disruptions of the plasma.

In our laboratory, two types of facility have been developed to study crack
initiation and crack growth respectively. This paper gathers all the results obtained in
the last ten years. Crack initiation results will be analyzed using the methodology
proposed by the French RCC-MR code procedure [3]. Propagation results will be
analyzed using Haigh and Skelton's model [4], which is based on the determination of
an effective stress intensity. A first analysis was presented in [5].

2. Material

The chemical composition of the material investigated is given in Table 1 :

TABLE 1. Chemical compositions (wt %) of the investigated material (316 L steel).

C Ni Cr | Mn| Cu | Mo Si |Co S P |Ta N B Fe

0.024 {1233 |1744 |1.82]10.20 | 230 | 0.46 |0.17 ]0.001 }0.027 | 0.01 | 0.06 | 0.0008 | Bal.
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Metallographic examinations performed have shown that the average grain size is
between 3 and 4 (ASTM-E112-74), the residual ferrite & concentration is less than
0.5% (Fisher ferritscope) and the inclusion content is less than 3 (ASTM-E45-76).

3. Experimental Procedures
3.1. DETERMINATION OF CRACK INITIATION

Crack initiation was investigated by optical microscopy and was correlated to the
detection of at least one crack of a length ranging from 50 to 150 pm. This definition
includes some propagation since it corresponds to a crack of several grain sizes.

Thermal fatigue tests are performed with the SPLASH facility (Fig. 1). The
specimen is heated by the passage of an electrical current. The two opposite faces are
simultaneously cooled by spraying water over a central area of 9 mm wide and 30 mm
long. Fig. 2 illustrates the temperature variation at the surface.

Figure 1. Thermal fatigue test facility SPLASH.

Cyclic stresses result from cyclic thermal gradients between the core and the
surface. The specimen has an uniform temperature at the end of the heating phase.
Temperature measurements and calculations show that the temperature remains
always constant at the core. Thus, quenching leads to a temperature decrease on the
surface equal to the temperature gradient between the surface and the core. The basic
concept of this facility is similar to that used by D.J. Marsh [6].

Specimen roughness is accurately controlled (Ra < 0.8 pm) before testing to avoid
a premature initiation. Such a roughness is in agreement with values used for
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mechanical fatigue specimens (Afnor NF A-03-401). Temperatures are measured by
thermocouples (= 5°C) and continually controlled during testing. Recording of the
temperatures at the surface during thermal cycling is required to ensure accurate
application of the chosen thermal loading. Such a calibration is obtained with a
specific specimen removed before performing the test itself.

Conditions of the thermal fatigue tests are given in Table 2.

TABLE 2. Thermal loading conditions used for crack initiation tests.

AT (°C) 100 125 150 180 200 230 250 300 300
T max (°C) 550 550 550 260 550 320 550 450 550
Frequency (Hz) 025 025 025 015 025 015 0.025 0.027 0.25

Cooling time (s) 025 075 025 025 025 13 0.4 12.5 0.25

Hold time (s) ~0 ~0 ~0 ~0 ~0 ~0 30 20 ~0

The hold time is defined as the time during which the temperature is within 5°C
of the maximum.
The frequency of tests performed with non significant hold time may be considered as
constant since it ranges only between 0.15 and 0.25 Hz.

Water
|
1
Specimen
«]
HF inductor
Period duration ,
| Quenching time [ E]' T

— O C]
Tmax O J

‘| 2 || e

Bt gl O Cg
2L O ]
§ 0 0
er O O
Tmin L] 0

Time ¢ 10 mm
¢ 30 mm
.
Figure 2. Typical variation of the temperature at Figure 3. Thermal fatigue test facility CYTHIA.

the surface of the SPLASH specimen.
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3.2. DETERMINATION OF CRACK GROWTH FOR A SINGLE CRACK

These tests were performed on the CYTHIA (CYclage THermique par Induction des
Aciers) facility (Fig. 3). The specimen is a thick tube periodically heated at the
outside by induction using a current of 1 MHz frequency, and permanently cooled by
water flow at the inside. To insure the propagation of a single crack, a circular groove
of 1 mm depth is machined in the heated length. The determination and calibration of
the thermal loading were done using thermocouple measurements. Crack growth was
directly measured on the fracture surface. To determine crack propagation during
thermal fatigue, specimens were broken after two hours of air oxidation at 450°C.

Furthermore, for the last tested specimen, crack growth as a function of the
number of cycles was estimated many times during temporary test interruptions by
ultrasonic testing.

Test conditions are presented in the Table 3.

TABLE 3. Thermal loading conditions used for crack growth tests.

AT (°C) T max (°C) Frequency (Hz) Cooling time (s) Hold time (s)

300 380 0.023 30 ~0

4. Experimental Results

Fig. 4 shows the dependence on the temperature range of the number of cycles to
initiate cracking for different maximum cycle temperatures Tmax. Open symbols
distinguish tests made with significant hold times from the others.

N nanas lLﬁ
g 10 3 ¢ 3 Tmax
g o 1 [ ] 550 °C
:E I 1 O 550°C(HT)
oy 5 A 450 °C (HT)
% 107 ¢ - ]
2 3 N e 320°C
] ¥ 260 °C
I ® g A
N [ :
2] [ ] o]
- 4 :
8 10 ¢ ’
§ : ¢
z b H
HT = Holding time at Tmax |
1 o 3 1111 i 1 1.1

S0 100 150 200 250 300 350
Temperature range (°C)

Figure 4. Number of cycles to crack initiation as a function of the temperature range.
Clearly, the number of cycles decreases whith increasing temperature range.

Initiation appears only after 6,000 cycles for a temperature range equal to 300°C
whereas no initiation is detected after 1,000,000 cycles when it is 100°C.
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As for isothermal mechanical fatigue resistance, a limit of endurance can be
defined. In our case, it is taken as the maximum temperature range for which no
initiation occurs after 1,000,000 cycles. Thus, for a cycle with maximum tempera-
ture equal to 550°C, the endurance limit corresponds to a temperature range of
125°C. Furthermore, initiation is delayed when hold times are significant.
Concerning the crack growth tests which are performed on the second facility, Fig. 5
shows a specimen after final rupture. Let us note that the shape of the crack front can
be effectively considered as circular.

In Fig. 6, one can observe that estimations obtained from ultrasonic testing (full
symbols) are in good agreement with crack propagation measurements performed
after rupture (cross symbols). The meaning of the full line curves and of the
corresponding q factors will be given in the next section. It has to be pointed out that
the development of such a non destructive methodology is very interesting for
monitoring crack growth since it allows to obtain more valuable results with fewer

specimens.

5. Predictions of Crack Initiation and Propagation under a Thermal Fatigue
Loading

5.1. ESTIMATION OF THE NUMBER OF CYCLES TO INITIATION

The RCC-MR (¥) code is used in French Fast Breeder Reactors to assess the absence
of damage in the components including thermal fatigue loadings [3]. The present
results are used to validate this approach. In this code, the temperature range is
converted into a total strain range, Ae. Then, estimations can be compared with strain

controlled isothermal fatigue.
In our case, the stress state at the surface can be considered as equibiaxial. If one
considers that AGe, = AGyy= AG_, strains are given by the relation : (6]
N 0 288 o 0 EZ o 0
ae=| o ASklvd o | o AodM) o L) o 1A% o
0 0 Accg&gl -Vs) 0 0 Ao'estl-vg 0 0 % (A%q)n

where E,, v, are the secant modulus and Poisson's coefficient corresponding to the
point (Ac.,, A€) on the cyclic strain hardening curve. The plastic strain is given by:

Ao, 1
gPleq =( —K_) 2
One considers that Ae,, = K, As; where Ag; is determined with a pure elastic

analysis, and K, is a coefficient derived from the cyclic strain hardening curve. This
was previously determined from strain-controlled fatigue tests performed on 316L.

() "Reégles de Conception et de Construction des Matériels Mécaniques des ilots nucléaires des réacteurs
d neutrons Rapides".
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Acreq
E

As, =§(1+v) 3)

All coefficients used for calculation are taken from the appendix A3-1S of the RCC-
MR code [7].

Finite element calculations carried out under thermo-elasticity conditions with
generalized plane strain show that the variation of the equivalent stress Ac,, can be
estimated with a pure biaxial thermoelastic calculation. This is due to the distribution
of temperature through the thickness of the specimen. Thermal calculations have
shown that the temperature is roughly uniform in the central section whereas it
sharply drops near the surface during the quenching time. Assuming that the
homogeneous thermal state of the specimen is obtained at maximum temperature, it
is finally derived:

Tmin 1TV

2E
A =—————Kv (A T, T, ) AT
S TURKY (80 0, Toue) (T) @

where o is the coefficient of linear thermal expansion.

Fig. 7 compares estimations thus deduced with strains obtained from isothermal
fatigue curves. The isothermal fatigue data corresponds to failure. However, it was
shown that the difference between the number of cycles corresponding to initiation
and failure is very small when the strain range is less than 1% for 316 L [8]. The
comparison is only made for tests performed with a maximum temperature of 550°C
where many results are available. It shows that values (A, N) obtained without hold
time are always close to the isothermal low cycle fatigue curves established at 450
and 550°C by the French working group CEA - EDF. However, calculated strains are
nearer to the 450°C curve which corresponds rather to an intermediate temperature of
the cycle. Besides, results are also close to a curve (full line curve) extrapolated from
the strain controlled curve proposed by D.S. Wood [9]. Let us note that in case where
thermal fatigue comprises significant hold times, the numbers of cycles to crack
initiation are larger than those expected from isothermal fatigue data. As a result,
such calculations never lead to non conservative estimations. Furthermore, in all the
cases, the isothermal strain controlled fatigue RCC-MR design curves underestimate
the number of cycles to initiate cracking under thermal fatigue. As observed in the
previous part, Fig. 7 exhibits also an endurance limit which corresponds to absence of
initiation over 1,000,000 cycles.

5.2. ESTIMATION OF THE CRACK GROWTH

5.2.1. Modelling methodology

In order to estimate the propagation under thermal fatigue loading, the model
proposed by Skelton is used [4]. As for initiation, thermal loadings are directly
converted to mechanical stresses. The application of such a methodology gave good
estimations for similar geometry specimens in many cases [10 - 13]. Despite the fact
that its basis is deduced from a linecar elastic fracture mechanical (LEFM) analysis, it
allows to give good predictions even when non negligible plasticity occurs. Indeed,
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.7igure 5. Crack growth tests. Fracture surface of a CYTHIA specimen.
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Figure 6. Crack growth tests. Number of cycles as a function of the crack length and predictions

deduced from modelling.
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Figure 7.  Crack initiation tests. Comparison between estimations deduced from the results
(RCC-MR code method) and isothermal strain controlled curves (¥).

(*) Isothermal fatigue data corresponds to failure.
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Skelton's method has an important advantage compared to approaches based on the
J integral [14] since accurate determination of J under these conditions requires
complex finite element calculations, whereas effective stresses are more easily
deduced.

A first step is devoted to the determination of an effective stress c.g, which is
perpendicular to the crack plane. As shown in Fig. 8, the effective stress is the sum of
two terms. The first corresponds to the stress range multiplied by the factor
measuring the crack closure. The second is a hypothetical stress normal to the crack
face which would produce an elastic strain equal to the actual plastic strain range. In
such calculations, stress and strain distributions must be estimated for regions far
from the damaged zone.

An effective stress intensity factor can then be deduced as a function of the
propagation.

The number of cycles to reach a crack depth is finally estimated assuming that the
relation between crack growth rate and stress intensity factor is similar to the one
resulting from isothermal fatigue.
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Figure 8. Determination of the effective stress. Figure 9. Evolution of the F1, F2, F3, F4 coefficients.
as a function of the crack depth.

5.2.2. Application to the tests

In the case of the CYTHIA specimens, strain and stress responses are calculated
using a finite element method (CASTEM code) for regions far from the damaged
zone. A symmetrical stress range is taken. Calculations are made using the stabilized
cyclic relation established at the average temperature (300°C). The effective stress
range is given as a function of the crack depth x by the following relations, in the
plastic domain (Eq. 5) and elastic domain (Eq. 6) respectively :

Ac 4 (x) =qAc , (X)+ [A-V)AC , +VAG . +VAG 4] é)

.
(1+v)(1-2v)
Aceg () = Aoz (X) ©)

It is assumed that plasticity is negligible when the calculated plastic strain is less than
or equal to 10, q is the factor measuring the crack closure.
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The effective stress is fitted by a third degree polynomial form :
Ao, (x) = At Ax+ A+ AX N

with coefficients depending on the value of the q factor. The effective stress intensity
factor is detemined using the superposition method [15], it is given by :

AKeE_112(na)°5[AF+2AF+ AF+ LaA,F,] ®)

The F,, F,, Fs, and F, coefficients correspond to uniform, linear, quadratic, and cubic
stress profiles respectively. Fig. 9 shows their evolutions with the crack length a.
These were calculated in the case of the CYTHIA geometry using finite elements. A
refined mesh was used around the tips of the crack since the length was only 50 pm.
The stress intensity factors are deduced from the variation of potential energy with
crack growth Gg.

Using a Paris relation, the number of cycles to reach a crack depth a is given by
the equation:

J i 5
N(a) = ‘o(m) dx &)
if crack growth rate is : % =CAK" (10)

The comparison between measurements and predictions is presented in Fig. 6.
Curves were determined using average and upper bound crack growth rates [16] and
with closure factors q ranging between 0.5 and 1. Values of q of 0.6 - 0.8 give a good
prediction of the experimental results up to a crack length of 4 mm: q =
corresponds to the average, and q = 0.8 to the upper bound crack growth rate. The
same values were already obtained in [10]. A value of q = 1.0 gives conservative
predictions.

6. Conclusions

1. The number of cycles corresponding to initiation under thermal loading was
effectively determined on the Splash Test Facility. Tests were performed with a
temperature evolution during cycling characterized by a maximum between 260
and 550°C and a range between 100 and 300°C. However, as for other test
methodologies, definition of initiation is not easy and includes also some
propagation.

2. Mechanical calculations use the RCC-MR code procedure. They show that
initiation results corresponding to a maximum temperature of 550°C are close to
the predictions of rupture obtained under an isothermal uniaxial cyclic loading at
an intermediate temperature of the cycle. Such a comparison with the number of
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cycles to rupture could seem to be not adapted but for standard fatigue specimens
both numbers are very close in the investigated low cycle fatigue domain.

3. These initiation results plainly confirm the conservatism of the French RCC-MR
methodology to insure integrity of the structure under thermal fatigue loading.

4. As for mechanical fatigue, an endurance limit is evidenced. Thus, for a
temperature range less than 125°C, no crack appears up to 1,000,000 cycles when
the maximum temperature is fixed at 550°C. Evidently, such a limit must be at
least higher when the maximum temperature becomes lower.

5. Furthermore, the beneficial effect of a significant hold at the maximum
temperature was proved. Such a behaviour shows that a direct conversion of a
thermal fatigue loading to a mechanical fatigue response is not sufficient.

6. Tests performed on the CYTHIA facility effectively allowed to obtain the number
of cycles to reach a given crack depth. The maximum temperature and
temperature range are 380 and 300°C respectively. Measurements on the fracture
surface are in reasonable agreement with estimations deduced from detection. As
a result, many crack growth values can be obtained from one specimen.

7. Concerning the growth of a single crack, estimations deduced from application of
the model proposed by Skelton are in good agreement with all the depth
measurements in spite of simplifying assumptions. So, application of such a
model to a crack network should have to confirm that interaction between the
closest cracks leads to very strong rate decreases. Thus, in all the cases, estimation
of the growth rate for a single crack should give an upper limit with a given
thermal loading.

8 Although the crack closure factor is not determined in experiments, predictions
lead to factors about 0.6 - 0.8, which were generally found in similar conditions.
Furthermore, it is emphasized that a value of 1.0 gives always a conservative
prediction of the number of cycles for a given crack depth.
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CRACK GROWTH FROM DEFECTS IN 316L STAINLESS STEEL
COMPONENTS UNDER THERMAL FATIGUE/CREEP LOADING
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1. Introduction

Type 316L stainless steel has gained considerable importance as a candidate material
for the construction of heat exchanger structures in a wide range of engineering
applications, both nuclear and non-nuclear. Indeed, the present work results from an
earlier investigation of the thermal fatigue behaviour of first wall material for a
thermonuclear fusion reactor and its subsequent extension to higher temperatures to
support design and operation of components in fast breeder reactors. Under such
applications, where complex operational temperatures and stresses are manifested, it
is essential to assess component integrity for service in both the ideal material
condition and where flaws are introduced either through manufacture or excessive
loading.

In order to achieve the required fluctuating thermal gradients consistent with the
applications, thick cylinders of 316L stainless steel were induction heated up to
600°C and internally cooled using flowing water. In this way, a repeated thermal
shock could be applied to the component and a hold time introduced at elevated
temperature to impart a steady state creep loading to the component surface. Spark
eroded longitudinal starter notches have been implemented in the specimen surface,
and continuous in situ monitoring of the crack growth rate from these artificial
defects has been achieved using the direct current potential drop (DC/PD) technique,
specially adapted for the component type test piece.

The complexity of the stress and temperature fields developed, necessitates the
employment of finite element techniques to evaluate the elastic and plastic stress
fields across the component wall. For the interpretation of crack growth, these
stresses must be converted to stress intensities covering the peak transient conditions
applied to an edge crack for the appropriate geometry. This leads to the determination
of a suitable thermal fatigue crack growth law. Finally, results from the component
experiments were compared with data from mechanical fatigue experiments from the
literature.
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2. Experimental Methods

Thermal shock experiments were carried out on an annealed ICL 167 SPH stainless
steel which is similar in composition to the low carbon 316L stainless steel. The test
material has an austenitic structure, with less than 1% ferrite. Its chemical
composition is shown in Table 1 in comparison to that of 316L stainless steel, where
values are given in wt% and the balance is Fe [1].

TABLE 1. Chemical composition of ICL 167 SPH and 316L stainless steel.

Material C Mn Si S P Cr Ni Mo N Co
ICL 167 <003 16> <05 <001 <0035 17> 12 -5 23> 06— <025
SPH 2.0 18 12.5 2.7 .08
316L <003 <20 <1.0 <003 <0045 16> 10> 20> - -

18 14 3.0

The components tested were in the form of thick cylinders with an outside
diameter of 48mm, a 14mm wall thickness, and a length of 120mm (Fig. 1). The
thermal shock was generated with a 50kW capacity induction heating system, capable
of achieving a surface temperature of 600°C in 7 s. The component was cooled
internally by a water flow of 1 L/s.

Figure 1. Photograph of a post test specimen showing a longitudinal notch and the position of the PD probes.
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Uniform temperature gradients around the uncracked component test section, over
a length of 35mm, were achieved through accurate positioning of the induction coil
and alteration of its pitch. Axial constraint on the test specimen was avoided by the
use of a free expansion unit in the cooling system.

Fig. 1 shows the type of longitudinal notch employed in the present series of tests
and the position of the potential drop (PD) probes across the notch. Fig. 2
demonstrates the type of thermal loading experienced by the component, with a
thermal cycle of 80°C-600°C at the external surface corresponding to a thermal cycle
of 25°C-70°C at the internal surface and hold times of up to 1 hour at maximum
temperature.

Figure 2.  Temperature history imposed on the component - comparison of
experimental and finite element results.

The experimental thermal cycling was computer controlled via thermocouples
spot welded on the component surface. Continuous monitoring of crack length was
achieved with the DC/PD technique [2], where crack length can be determined from
the relative PD values, based on calibration curves derived from foil calibration
experiments and interrupted test data. Crack growth rates can be found by
differentiating the experimental crack length values with respect to the thermal
cycles.

3. Finite Element Analysis

Finite element techniques (ABAQUS) were used to determine the temperature history
and gradients through the wall thickness over two consecutive thermal cycles, which
was sufficient for a stabilised temperature solution. The thermal results were
necessary for the subsequent stress analysis, where the thermally induced stresses and
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strains were calculated for the uncracked component. The stress solutions for the
second thermal cycle were used for analysis purposes.

The finite element analysis used a 2-D axisymmetric model with 228 8-noded iso-
parametric elements and mesh reduction towards the region of interest across the
component thickness. The variation of material properties with temperature and the
hardening effects due to fatigue cycling observed in this material were taken into
account [1]. In the same way, a 3-D model with 1820 8-noded iso-parametric block
elements was used to find the effect of a longitudinal notch on the stress strain
response under the same thermal loading conditions. The notch was modelled by
element removal giving rise to a worst case solution for the stress concentration.

The externally imposed thermal loading was treated as a nodal boundary
condition, where external nodes were constrained to follow the experimental surface
temperature during the heating shock and the hold time condition, illustrated in
Fig. 2. This was appropriate for this material under the high induction frequency
used, where the heating effect was concentrated at the external surface. During
cooling the external boundary condition was simply removed. Internally, a heat
transfer calculation based on the water/metal interface [3] was used to estimate a
surface cooling flux and implemented as an element cooling flux. As the component
was continuously cooled internally, this boundary condition was always in operation.

4. Fatigue Analysis

In fatigue analysis, the crack growth rate (da/dN) is normally related to the crack
tip stress intensity factor (K). The stress intensity factor embodies the effects of the
stress field, the crack size and shape, and the local structural geometry. The stress
intensity factor was calculated via the weight function method using a two parameter
approximation of the flank displacements, Petroski and Achenbach [4]. The
advantage of this method is in the evaluation of stress intensity values from the stress
distribution in the uncracked body. Furthermore, the geometry dependent weight
functions can be derived from relatively simple loading conditions and then applied
to complex stress fields.

As a result of the thermal loading, equal hoop and axial stresses were developed
in the component, with negligible stress developed in the radial direction. As crack
growth from a longitudinal notch is controlled by the circumferential stress, the hoop
stress finite element solutions were used for the evaluation of the stress intensity
factor in the current analysis. The maximum stress intensity factor (Ku.y) is derived
from the application of the weight function method to the maximum transient hoop
stress occurring during the cooling shock.

K,.(a) = J?/E._Iahmp(x).h(a,x).dx i
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where h(a,x) is the weight function calculated for an infinite longitudinal crack in a
cylindrical component (Ro./Rin= 2), and x is the variable for distance along the crack
face. The calculation is based on the shape function Y(a).

¥(a) = 1122 +0411(a/W) +2332(afW)’ —1986(a/ W)’ +1972(afw)’ @

where W is the wall thickness. The procedure presented by Lamain [5] was used to
calculate the weight functions.

The use of the stress intensity factor is not theoretically justified where highly
plastic conditions prevail. The equi-biaxial stress system developed implies that the
von Mises and the hoop stress solutions are of a similar magnitude. Examination of
the hoop stress profiles generated from the large thermal cycle, Fig. 3, illustrates that
plasticity occurs at the external and internal surfaces. Therefore, the stress intensity
factor can only be considered in the intermediate elastic region, from a/W 2 0.21 to
a/W < 0.64 for a yield stress of 200MPa. 200MPa is the appropriate yield stress for
the cooling cycle, during which the tensile shock at the external surface occurs. The
yield stress at 600°C is 110MPa.

5. Results and Discussion

Thermal transients occurs when temperature fluctuations are imposed on components
or structures. Thermal shock loading essentially generates fatigue damage. With the
introduction of a dwell at maximum temperature, time dependent effects may
enhance crack growth behaviour. Crack growth rates under the interaction of creep
and fatigue are generally higher than either mechanism acting alone or sequentially,
and must be assessed in relation to the component geometry and the service loading
conditions. '

The analysis of the thermal fatigue tests required a two stage numerical procedure.
The first stage consists of determining the stress-strain fields in the uncracked
structure from a knowledge of the thermal profiles. The second stage deals with the
problem of crack propagation, determination of the stress intensity factor and its
variation across the component thickness.

The temperature gradients developed across the wall thickness during the
transient thermal loading give rise to high equi-biaxial tensile stresses at the internal
surface during heating, and at the external surface during cooling, Fig. 3, with a
corresponding compression at the opposite face as the sum of the stress across the
wall must equal zero. It is interesting to note that the surface compressive stress at the
end of the heating shock relaxes to a tensile stress during the hold period, Fig. 4,
which is due simply to the hold time temperature gradient and residual stress effects.



84 M.P. O'DONNELL et al.

600 Q

: —6—Cool shock
500 ——aA——Heat shock
400 + N (@/W)=0.21
300 . N e (a/W) =0.64

Hoop stress [MPa]

Depth from the external surface [mm]

Figure 3. The transient hoop stress distribution.
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Figure 4. The hold time hoop stress distribution.

The effect of hold time on the crack growth rate resulting from this type of
loading is demonstrated in Fig. 5. As the crack grows the effect of hold time appears
to reduce, that is, for longer hold time tests initial crack propagation rates arc higher
with convergence occurring as the crack extends, resulting in the curves becoming

more parallel.
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Figure 5. The effect of different hold times on the fracture behaviour.

Complete solutions for both the notched and un-notched maximum stress intensity
factor are shown in Fig. 6. The stress intensity values have been corrected for the
crack tip plasticity using the plane strain plastic zone size, which effectively increases
the crack length by an amount 1, where 1 = 1/2n (K/c,)? (1-2v)”. It can be seen that
the stress intensity solutions rises steeply initially, followed by a more gradual
reduction as the crack moves into the decreasing stress field. This is consistent with
the similar decrease in crack growth rate observed experimentally. With the
introduction of a defect the initial stress intensity values are greater in the region of
stress concentration, with results converging at greater depths. The notched stress
intensity values were calculated using the notched finite element stress solutions
integrated from the defect root to the crack tip in Eq. (1).

Figure 6. The calculated maximum stress intensity factor.
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The variation of R ratio (the ratio of minimum over maximum stress) across the
wall thickness is shown in Fig. 7. It can be seen that cyclic behaviour changes from
being partially reversed at the external surface, R = -0.35, to a fully reversed cycle,
R = -1, over the central region. Towards the inner wall the fatigue cycle becomes
more than fully reversed, larger compression than tension, with R ratios reaching
values of - 5 at the inside surface.

Figure 7. The variation of R ratio across the wall thickness.

To demonstrate the results for thermal fatigue crack growth from lmm
longitudinal notches the calculated stress intensity factor is plotted versus the
experimental crack growth rates for tests with different hold times, Fig. 8. The range
of the stress intensity factor is derived from Eq. (1), where the notched maximum
stress intensity values shown in Fig. 6. Crack growth results are only considered from
a/W 2 0.21 to a/W < 0.64. The experimental results are presented here with data from
mechanical fatigue tests on conventional specimens of 316 and 316L stainless steel
tested at different temperatures [6,7].

At the beginning of the experiment the crack growth rate and the range stress
intensity are large, with both decreasing as the crack extends due to the reducing
stress gradient. This is in contrast t0 conventional fatigue testing where the stress
intensity factor and crack growth rate are normally low with both increasing as the
test progresses, traversing the graph in the opposite direction to the experimental data
presented here. The results shown in Fig. 8 compare well with the iso-thermal fatigue
data, where all the experimental crack growth rates fall between the results at 20°C
and 593°C,

In the present analysis the weight functions in the stress intensity factor
calculations have been derived for a crack of infinite length. Experimental
observations show that the crack develops from the notch, with a length to depth ratio
of 15, to a semi-elliptical crack shape, with a length to depth ratio of = 2. An example
of a typical surface fracture can be seen in Fig. 1. The effect of the semi-elliptical
crack shape is to increase constraint at the crack tip, resulting in lower stress intensity
factors. Therefore, as the crack develops, decreasing stress intensity factors and lower
crack growth rates would be expected. However, Fig. 8 demonstrates that towards the
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end of the experiment, where the crack shape becomes semi-elliptical, the
experimental crack growth rates still compare well with the stress intensity values
based on an infinite crack front. There are three possible reasons for this behaviour.

Figure 8. The effect of hold time on the crack growth behaviour.

Firstly, the interaction of crack tip plasticity with section plasticity as the crack
approaches the internal wall may further decrease the elastic region over which the
stress intensity factor is valid. This results in slightly higher actual stress intensity
factors than those elastically predicted, in effect counteracting the constraint imposed
by the semi-elliptical crack shape. Secondly, lowering the test frequency can increase
crack growth rate especially at elevated temperatures. The maximum test frequency in
the current series of tests was =0.01Hz calculated without hold time. Finally, the
effect of the variation of R ratio across the specimen thickness must also be
considered. The importance of R ratio is more evident at low crack growth rates close
to the threshold stress intensity factor. Although, some work has been carried out at
higher crack propagation rates where it has been reported that crack growth rate
increases in general with decreasing R ratio, when crack growth rate is based upon
Kmax [8], (da/dN decreases with decreasing R if AK is used as the correlating
parameter). This effect was found to be most pronounced under conditions of tension-
compression loading or where the maximum stress was varied during the test, both of
which occurred in the present experimental programme.
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The effect of hold time, previously discussed with regard to Fig. 5, is also
apparent in Fig. 8. The increased crack growth rate with longer dwell time is believed
to be caused by enhanced crack initiation and early growth resulting from a creep
contribution. Due to the hold time stress condition, Fig. 4, and the decrease in
temperature with depth, the potential for creep damage is confined to the external few
millimetres of the component wall, such that the crack growth rates converge for
different hold time tests as the crack extends into a region where thermal fatigue
mechanisms act alone. Fig. 8 clearly shows the initial crack growth rates for both the
1hr and 10min hold time tests to be around three times larger than the test with no
hold time, reducing to a factor of less than two towards the end of the test. This
magnification of thermal fatigue crack growth rate can be thought of as a shift in the
Paris law behaviour, which was caused by a weakening in the material resulting from
creep damage during the hold time. Future studies are expected to yield an estimation
of the hold time contribution to the crack growth rate to be obtained from creep
calculations for the temperature and stress conditions during the hold period.

6. Conclusions

Novel crack growth experiments for component type tubular test pieces subjected to
thermal fatigue/creep loading have been successfully achieved. The complex thermal
stress systems developed were analysed using finite element techniques. The stress
intensity factor, calculated by the weight function method was used to correlate
thermal fatigue crack growth with isothermal fatigue behaviour. Fatigue/creep
interaction apparently occurs during the dwell periods at elevated temperature,
increasing the fatigue crack growth rate with longer hold times, but the influence of
creep is confined to the external surface for this type of experiment.
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1. Introduction

Most of the fatigue damage is concerned with fatigue phenomena stemming from a
short surface crack [1], which usually starts from small surface flaws [2]. Generally,
the surface cracks found in structures and machine elements are not a single crack
but multi cracks, and these cracks grow three dimensionally by the procedure of
initiation, growth, coalescence and fracture and for this reason, it is very complex to
analyse the fatigue crack growth. Studies on the three dimensional character of
surface cracks were performed by Kitagawa et al. [1], Suh et al. [3], and Murakami
[4] et al. etc.

In this study, the axial loading fatigue tests were carried out to analyse the growth
and coalescence of multi-surface cracks at room temperature. The results were
analysed by fracture mechanics.

Furthermore, on the basis of these experimental data, a simulation for the growth
and coalescence behaviour of multi-surface cracks was developed and compared with
the experimental results.

2. Experimental Method and Simulation Programming
2.1. SPECIMEN

In these tests, type 304 stainless steel specimens were used, which were cut off in the
perpendicular direction to the rolling direction. There are two types of specimen.
One is the specimen with two noches of the same size, with a length of 6mm and a
depth of 3mm. The specimen with the two similar notches is called HS2 (see
Fig.1a). The other specimen contains one notch of 3mm en length and 1.5mm in
depth and two smaller notches of 2.5mm in length and 0.7mm in depth. This latter
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specimen is called HS3A (see Fig 1b). The specimens were polished with till #1200
sand paper on the artificial notched surface, and buffed with chromic oxide.

50 8 50
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3,163, 16.3 12.3 12.3
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notch notch
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Figure 1.a. Configuration of HS2 specimens with Figure 1.b. Configuration of HS3A specimen with
two similar surface notches (the units are mm): three different surface notches (the units are mm):
(a) geometry (b) details of the notches. (a) geometry (b) details of the notches.

2.2. EXPERIMENTAL METHOD

Axial loading control fatigue tests were carried out on a hydraulic testing machine at
room temperature with stress ratio 0.1 and a load frequency of 10Hz with sine
wave. The surface crack length which initiated at the multi-surface notch was
measured by the replica method every 5~7% of the specimen's fatigue life after the
specimen was cooled down enough to attach it. The temper color method was applied
to measure the depth and observe the shape of crack face. The depth b was
determined using the surface crack length 2a.

2.3. SIMULATION COMPOSITION

There are three components in the analysis such as input, analysis and output
section. And the programming language used in this simulation was turbo-C which
has characteristics of speedy graphic and fast dealing speed. The Newman-Raju
formula [5] was adopted to calculate the stress intensity factor for the fracture
mechanical analysis in this study. And the interaction condition by Murakami &
Nemat-Nasser [4] was mainly adopted as the interaction condition of three
dimensional surface cracks. When the adjacent crack distance, 3, (see Fig. 2) attains
the reference value 8, corresponding to the crack coalescence condition, the cracks
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coalesce and become a new crack in this simulation. And the coalescence conditions
considered are according to the three following cases.

i) surface point connection(SPC) [6] 8,=0
ii) ASME Boiler and Pressure Vessel Code Sec. XI [12] 8, = min(b;, b)) x 2
iii) BSI PD 6493 [7] S,=a, +a,

Here a, and a, are half the length of the surface cracks, b; and b, are the depth of the
adjacent cracks.

b

2a

Figure 2. Coalescence condition of adjacent surface cracks.

3. Comparison of experimental and simulation results
3.1. THE FRACTOGRAPHY OF SURFACE CRACKS

Fig. 3a is an example of the fractography of the HS2 specimen. In this photo, the
fatigue crack initiated from a semi-circular surface notch and then grew into an
ellipse and coalesced. After the coalescence, the stress is concentrated in the
coalesced region and it grew rapidly as a semi-ellipse shape and fractured. Fig. 3b
shows the fractography of specimen HS3A, which clearly shows that the growth
behaviour of the major fatigue crack, initiated from a big notch, governed the
fatigue life. As single crack, the major crack grew, penetrated, and then led to
fracture of the specimen. This same phenomenon was also seen in the smooth
specimen, propagating from a surface fatigue crack.

3.2. S-N CHARACTERISTICS

Fig. 4 shows the relation between maximum tensile stress and fatigue life of
experimental data at 538°C by axial loading fatigue tests. In the case of the test data
for the same artificial notch size, the data markers O, [, A and <> represent the
experimental results at elevated temperature. In this figure, as the notch number
and the stress level increase, the fatigue life decreases constantly.

The data markers, @, B, O and @ represent the experimental results at room
temperature. In addition, in the case of the test data with different artificial notch
size and number, the data markers, A and <>, represent the test results with two and
three surface notches at 538°C. The stress levels used are 196.2MPa, 245.3MPa, and
293.2MPa. Here the specimens with two and three notches show a similar fatigue
life.
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(a) HS2

(b) HS3A
Figure 3. Fractography of specimens used in the experiment at 538°C (a) HS2 (b) HS3A.

The increase of the number of small notches had little influence on the fatigue life
where the crack might fracture before coalescence. The largest crack is found to
mainly govern the fatigue life. In contrast, the cracks which initiated from a surface
notch didn't influence fatigne life so much. These results have been reported
elsewhere [1,3].

Figure 4. Relation between maximum tensile strength, Giax, and number of cycles to failure, N, for all
specimens.
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3.3. RELATION BETWEEN HALF CRACK LENGTH AND CYCLE RATIO

Fig. 5 shows the relation between the half crack length, a, and the cycle ratio, N/N;.
In this figure, the fatigue behavior of four kinds of specimen is shown. In spite of
the difference of specimens, the data of each specimen gathered into a narrow band,
and in the region of cycle ratios above 80% the crack growth is similar.

3.4. CHARACTERISTICS OF THE db/dN - AK;, PLOT

Fig. 6 shows the relation between crack growth rate and stress intensity factor range
of HS2 and HS3 in the depth direction. The solid symbol means the center crack.
The crack grows in the perpendicular direction at first and in a certain point it
grows slowly. The transient point could be explained by the characteristics at 538°C.

Figure. 5. Relation between half crack length, a, and  Figure 6. Dependence of crack growth rate upon stress
cycle ratio, N/Ng intensity factor range with multi-surface cracks for
specimens with the same notch size.

3.5. SIMULATION RESULTS WITH THE MATERIAL CONSTANTS C AND m

The relation between crack growth rate and stress intensity factor is explained by the
Paris formula:

db/dN = C(AK)" ¢y

Here C and m are material constants.
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Fig. 7 collects the crack growth coefficient, C and crack growth exponent, m for
different specimens and temperature. Those data were assembled in a narrow band
regardless of conditions, and the simulation program used these data as input. In this
study, mainly the SPC condition was used to simulate and plot because the simulation
using the SPC condition gave good agreement when compared with the growth and
coalescence behaviour of the experimental results. Also the methods recommended
by ASME, and BSI(British Standards Institution) were applied to compare the
difference among coalescence conditions.

Figure. 7. Relation between crack growth coefficient, C and crack growth exponent, m compared with the
results of James [8].

Fig. 8 shows the crack growth and coalescence behaviours by simulations at the
same crack size, but different crack number, HS3. For this drawing, a Murakami &
Nemat-Nasser interaction condition was used for the surface crack initiated and
grown from each notch with the same size and the SPC condition for coalescence.

4. Conclusions

Fatigue tests were carried out to study the growth and coalescence behaviour of
multi-surface cracks which initiated at the semi-circular surface notch in type 304
stainless steel at elevated temperature, and a simulation program written in C
language was developed to predict the growth and coalescence behaviour of the
cracks. The important results obtained from this study were:

1. The maximum error between the predicted fatigue lives obtained by the
simulation program and those of experimental data was within 10% difference
at 538°C, which demonstrates the utility of this simulation.

2. According to the fatigue tests and the simulation results, the fatigue lives of the
multi-surface cracks mostly depend on the growth and coalescence behaviour of
the major crack rather than on the behaviour of the sub-cracks.
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Figure. 8. Simulation results applied to material constants C and m of HS2 HS3 specimen (a) HS2-1

(b) HS2-2 (c) HS3A-1 (d) HS3A-2.
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1. Introduction

Contradictory results exist in literature about the influence of various types of ther-
momechanical fatigue loading (TMF), e.g. in-phase (IP), out-of-phase (OP) and dia-
mond-type cycling on the cyclic life of high temperature alloys, and about their rela-
tionships to the cyclic life of isothermal low cycle fatigue (LCF) tests at the maximum
temperature of the corresponding TMF tests [e.g. 1 - 4]. This is obviously related to
the differences in the basic properties of materials tested as well as to the details of
test procedures and parameters employed. In order to be able to understand these
complicated and at times controversial relationships it is essential to have an insight
into the damage processes taking place in different types of alloys and under various
loading conditions.

In the present study the fatigue life and damage of IN738LC, a widely used in-
vestment cast nickel base superalloy for application as blade material in land-based
gas turbines, have been investigated under both TMF and LCF loading. To minimise
the thermal stresses the rate and therefore the range of temperature variation both in
IP and OP TMF tests were kept relatively small and the thermal strains were fully
compensated. These types of IP and OP TMF tests provide a good basis for compari-
son of results with each other and with those obtained from LCF tests earlier.

2. Material and Experimental Procedure

The chemical composition of the alloy IN738LC examined in the present study is
shown in Table 1. The cast bar stock was subjected to hot isostatic pressing at
1453 K and 100 MPa to minimise casting porosity. After solution treatment and a
two stage ageing treatment [5] the specimens contained a unimodal distribution of
roughly cuboidal vy’ precipitates with an average edge length of about 450 nm and a
volume fraction of about 43%. The volume fraction of carbides amounted to about
1%. In the present study the same type of solid specimens were used for both TMF

97

J. Bressers and L. Rémy (eds.), Fatique under Thermal and Mechanical Loading, 97-102.
© 1996 Kluwer Academic Publishers.



98 W. CHEN et al.

and LCF tests, since the hollow specimens showed frequently different test results
from those obtained from solid specimens under the same LCF test conditions [6].

TABLE 1. Chemical composition of IN738LC in wt. %.

Al B C Co Cr Mo
3.40 0.01 0.11 8.60 15.93 1.75
Nb Ta Ti W Zr Ni
0.82 1.80 3.47 2.61 0.04 balance

Both the TMF and LCF tests were conducted in a servohydraulic MTS testing
system under symmetric (R; = -1) total axial strain control [7, 8]. In TMF tests the
specimens were inductively heated to the mean temperature Ty, of 1123 K without any
load. In order to keep the mechanical strain amplitude s, and the mechanical strain
rate €, constant in both the IP and OP tests, the total strain amplitude and the total
strain rate were varied accordingly, using the thermal expansion and contraction data
measured on the same specimen by a temperature cycling before starting the test.
Both the IP and OP tests were carried out at different constant mechanical strain
amplitudes varying between 0.4 to 1.0 % and at a constant mechanical strain rate of
10° s™. The maximum cooling rate, with no thermal gradient across the specimen
diameter, is limited by the specimen geometry and thermal properties of the material.
This limit restricts the maximum rate T of temperature variation in the present tests.
The temperature range AT is determined by €., énand.T. In the present study a
relatively small temperature variation rate of 6 to 15 K/min was used, depending on
the mechanical strain amplitude. In all the
tests the minimum and maximum tempera-
tures were 1023 and 1223 K. The LCF tests
were performed using the same mechanical
test parameters at 1223 K and 1023 K.

Crack initiation sites and propagation
paths were examined by optical and scanning
electron microscopy. The damage parameters,
e.g. length and density of cracks, were meas-
ured on the longitudinal section of the failed
specimens for the test conditions mentioned
above.

3. Results and Discussion

The fracture life (Ny) of the alloy under IP, OP

as well as under LCF conditions, as a function

of inelastic strain amplitude €;, are plotted in

Fig. 1. The data points of the IP and the LCF 78/

strain amplitude gin.
tests at 1223 K are closer to each other. The

Cyclic life N¢ as a function of inelastic
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OP tests showed a distinctly shorter fatigue life specially at small €;,,. A possible rea-
son for the observed shorter life is the higher tensile stress amplitude (> 550 MPa)
under OP test condition in comparison to those (< 300 MPa) under IP TMF loading
and LCF loading at 1223 K [7}.
Microscopic examinations revealed that in both the IP and OP tests as well as the
LCF tests at 1223 K crack initiation oc-
curred essentially at the intersections of
grain boundaries with the specimen sur-
face, (Fig. 2). The severe oxidation of the
crack surface at these sites suggests that
the oxidation of grain boundaries within
the higher temperature phase of the load
cycle, i.e. tensile deformation range in an
IP test and compressive deformation
range in an OP test, weakens the grain
boundaries. They become a preferential
site of crack nuclei formation under these
test conditions. The same type of crack
initiation at grain boundaries was also (@)

®) ©

Figure 2. Micrographs showing crack initiation under a) IP TMF, b) OP TMF and
c) isothermal LCF loading.

observed under creep-fatigue loading at 1223 K [9]. In the LCF test at a lower tem-
perature of 1023 K such crack initiation sites could not be detected since the oxida-
tion of grain boundaries was negligibly small at this temperature (Fig. 3) and apart
from the main crack leading to fracture, the failed specimen contained almost no
other cracks. Based on these observations we conclude that the crack initiation is as-
sisted by the oxidation of grain boundaries at the specimen surface under both the
TMF loading and the LCF loading at 1223 K. The density of such crack nuclei at the
surface of the specimens tested under IP TMF loading was measured to be about three
times higher than that under OP test condition.



100 W. CHEN et al.

The crack propagation essentially
took place along the grain boundaries
(Fig. 4a) and the dendrite boundaries
(Fig. 4b) under all loading conditions.
The number density of cracks meas-
ured in the IP specimens is quite high
and is comparable with the value of the
LCF tests at 1223 K, indicating the
occurrence of a competitive growth of
individual cracks in both types of tests,
(Fig. 5). In the OP specimens only one
crack within the gauge length was
found, which led to failure of the
specimens. Obviously under OP TMF . . L
loading crack growth is a more pre- £4¢% z:tg;’fi‘(’)l;f}z‘”b"“ndw oxidation in LCF
dominant process compared to that

@ )

Figure 4.  Micrographs showing crack growth along a) grain boundary and b) dendrite boundary.

under IP TMF loading due to the influence of the higher tensile stress amplitude of

the OP tests (Fig. 6). The same behaviour was also observed in the LCF test at

1023 K.

Based on the above microscopic examinations the life behaviour under IP, OP and

LCF tests can be rationalised as follows:

e Both in the IP and the LCF tests the temperature and the stress are similar in the
tensile part of the cycle, but not so in the compressive part. The observed damage
is also similar in both these tests. It is therefore concluded that the tensile part of
the cycle in the IP test determines the nature and amount of damage. This ex-
plains the observed similarity of the dependence of Nt on €;, of the IP and the LCF
tests. Thus the LCF test is a reasonable approach to predict the cyclic life of IP test
under the present condition of testing.
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Crack initiation has been found to depend
on the oxidation of grain boundaries at the
specimen surface. Therefore no drastic
change in crack initiation behaviour be-
tween IP and OP tests in the present study
is expected. This is under the assumption
that the sign of the load does not influence
the process of grain boundary diffusion of
oxygen very much. Different crack growth
paths might cause a difference in fatigue
life [2]. In the present study both the IP
and OP tests have the same crack growth
paths, i.e. grain and dendrite boundaries.
The critical crack length for catastrophic
crack growth, however, is much smaller in
the case of OP tests because of the higher
tensile stress under this test condition
(Fig. 6). Additionally, the high tensile
stress in an OP test occurs at a temperature
where the crack propagation rate has been
measured to be higher than that at a
higher temperature of 1123 K [10]. This
may be due to the improvement in ductility
of IN738LC at higher temperatures. Both
factors may combine in shortening the life
of OP TMF tests in this study.

4. Conclusions

The present investigation of the TMF and
LCF behaviour of the nickel base superalloy
IN738LC has shown the following main
results:

s =04%
m

E T™F
< 0.8
Z 7
§ 044 /
” 0.0+ % <
jig OP 1223K 1023K
Figure 5.  Surface crack density under TMF
and isothermal LCF loading.
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Figure 6.  Tension and compression stress
amplitude & in TMF and LCF tests.

The most damaging loading condition is the OP TMF testing, with the shortest
fatigue life, whereas the IP TMF tests under the present conditions showed a
higher fatigue life which is comparable to that of the LCF tests at 1223 K.

Crack initiation occurred at intersection sites of grain boundaries with the speci-
men surface under IP and OP TMF loading and LCF loading at 1223 K.

Under all test conditions crack propagation took place along the grain and den-
drite boundaries. The IP TMF tests showed a similar crack growth behaviour as
the LCF tests at 1223 K. The same similarity has been found between the OP tests

and the LCF test at 1023 K.
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The shorter fatigue life under the OP TMF loading could be rationalised in terms
of a higher tensile stress amplitude and therefore higher stress intensity at the
crack tip, in combination with a reduced ductility at the temperature where the
maximum in tensile stress occurs.
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1. Introduction

Turbine blade materials are subjected to severe cyclic thermo-mechanical fatigue
(TMF) loading in a highly oxidizing environment. To protect the blades from
environmental damage they are coated. Nevertheless, during turbine operation,
coating degradation may occur [1-3] and the base metal may be exposed to the
environment. Therefore, the study of the effect of thermo-mechanical loading on
surface oxidation of superalloys can result in a better understanding of the damage
which occurs in real blades. Investigations showing the enhancement of the oxidation
process by high temperature isothermal fatigue or temperature cycling have already
been reported [4-7].

The objective of this paper is to study the surface oxidation behavior of IN738LC
under out-of-phase TMF loading between 400-900°C with and without a hold time.
IN738LC is a conventionally cast nickel-base superalloy widely used as a blade
material in power generation turbine engines. Although an extensive body of data is
available on fatigue, oxidation and creep-fatigue interactions for this alloy,
quantitative studies devoted to non-isothermal fatigue modification in the oxidation
kinetics are still needed.

2. Material and Experimental Procedures

The chemical composition of IN738LC in weight percent is 0.11C-16Cr-8.5Co-
1.75Mo-2.6W-1.75Ta-0.9Nb-3.4Al1-3.4Ti-0.05(Zr-B)-balance Ni. The TMF tests
were carried out on tubular specimens in laboratory air [8]. The out-of-phase cycle
was used with the temperature varying between 400-900°C. To study the effect of
constant strain dwell period on the oxidation-TMF interaction, some specimens were
tested with a ten minute hold time at 900°C. The period of the thermo-mechanical
cycles without hold time was 124 s, The TMF test conditions of the experiments used
for the investigation of the oxidation-TMF interaction are summarized in Table 1.
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After completion of the TMF tests the specimens were cut in longitudinal
sections. To preserve the surface oxide integrity in metallographic preparations, thin
layers of nickel were deposited on the samples. Both optical microscopy and scanning
electron microscopy (SEM) were used to examine the oxidation related
microstructural features. Quantitative metallography on the specimens was performed
using SEM in order to corelate the surface oxide thickness with the number of
thermo-mechanical cycles. Surface oxide thickness was taken as the average of 50
measurements where the oxide-scale integrity was preserved.

TABLE 1. TMF test conditions.

mechanical strain  hold time, number of N/Nf, total cycling
range, % minutes cycles, N % time, hours
0.7 10 41 100 8.2

0.6 10 205 100 41.2

0.5 0 370 50 12.7

742 100 25.5

10 200 35 40.2

570 100 114.6

0.35 0 2060 100 71.2

10 912 100 183.4

* Nf= Number of cycles to fracture.

3. Results and Discussion

Fig. 1 shows a typical electron micrograph of a TMF cycled specimen demonstrating
different microstructural features. The results of the quantitative oxidation analysis
are shown in Figs. 2 and 3.

Fig. 2 shows the oxide thickness as a function of the square root of the total
cycling time in hours (including the hold time). It can be seen that the tests with and
without hold time at 0.5% and 0.35% mechanical strain range reveal a unique
parabolic oxidation kinetics. Therefore, the introduction of the ten minute strain
hold, although increasing the surface oxide thickness, did not alter the oxidation
kinetics and its dependence on the mechanical strain.

The oxidation process of the 0.35% strain range tests and the initial stages of
oxidation of the 0.5% strain range tests may also fit a linear law [9], which means
that the kinetics of oxidation may be a combination of linear and parabolic. For this
kind of behavior, the oxidation reactions can be interface controlled (linear) during
initial stages and diffusion limited (parabolic) after extended oxidation [10].
However, considering the scatter of the experimental data in the oxide-scale
measurements and based on the results of 0.5% and 0.35% TMF tests, parabolic
kinetics appears to be a better approximation to describe the overall oxidation
kinetics.

The change in surface oxide-scale thickness with time was therefore fitted by a
simple parabolic time dependent function as follows:



TMF OXIDATION OF IN738LC 105

x=ko vt 0))

where x is the oxide-scale thickness and k, is the parabolic rate constant.

Figure 1. Electron micrograph of a TMF cycled specimen at a mechanical strain range Ay, = 0.5% (10 min.
hold time) showing: (a) the surface oxide scale, (b) oxide penetration, and (c) v -depleted zone
including a discontinuous oxide layer.
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Figure 2. Oxide thickness as a function of the square root of the total cycling time (including the hold time).
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Fig. 3 shows the variation of k, as a function of the mechanical strain range. It is
seen that &, increases by increasing the mechanical strain range, Ag,, according to a
power-law relationship:

k, =4 (Aen)" ¢))

where A4 and » are the constant coefficient and exponent, respectively.

Therefore, the governing equation for the mechanical strain enhancement is :

x=4 (Ae,)" Wt ©))
0.8 - .
o6 [ Kp = 43174 (A, ) >
| R =0.999 pd
0.4 y-d

e
0.2 o/ //

0.003 0.004 0.006 0.008
mechanical strain range

kp, m (hr)™"?

Figure 3. The parabolic rate constant, k,, as a function of the mechanical strain range (Eq. 2).

The oxidation process under out-of-phase TMF loading is a complex process. The
alloy is first subjected to a compressive stress in heating to the maximum temperature
followed by a tensile loading in cooling. During compression at high temperatures, a
complex interaction of fatigue-creep-oxidation weakens the mechanical properties of
the alloy (in particular in the sub-surface zone) which will be later subjected to a
tensile loading at lower temperatures, when the oxide is less ductile.

The simple relationship in Eq. (3) describes the synergistic effects of time and
mechanical strain on the oxidation process of IN738LC under TMF loading.
However, this equation can only be considered as a first approximation to describe
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the surface oxidation kinetics. It should be noted that it predicts no oxidation (k, = 0)
when the alloy is subjected to the same thermal cycling under no strain (Ag, = 0).
This is obviously not possible, since an oxidation rate constant, k,°, must exist, to
describe the oxidation kinetics when the specimen is cycled under no strain. This %, °
should be valid up to a minimum mechanical strain range, As,’ which corresponds
to the lower limit of validity of Eq. (2), as illustrated in Fig. 4.

log (kp) A

equation (2)

] -
Aem log (A€m)

Figure 4. Schematic representation of k;, as a function of Ay, in OP-TMF tests.

4. Summary

This study of the effect of out-of-phase TMF loading on the surface oxidation of
IN738LC superalloy has shown that:

(1) The kinetics of oxidation can be approximated by a parabolic law.

(2) Mechanical strain enhances the surface oxidation process. The parabolic rate
constant increases with the mechanical strain according to a power-law
relationship.

(3) While a ten minute hold time at constant strain during TMF cycling
contributes to the increase of the surface oxide layer thickness, it does not
change the general kinetics law which expresses the effect of the cyclic strain
range.
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1. Introduction

Raising the efficiency of gas turbine engines is a main objective of gas turbine
manufacturers. A preferred approach is to increase the operating temperature of the
engine. Therefore blading materials with higher temperature capability are required.
This led from conventionally cast (CC) equiaxed grain components to the
introduction of directionally solidified (DS) columnar grain superalloy blades, e.g. in
DS CM 247 LC, and single crystal (SC) components. Other approaches to achieve a
higher operating temperature are improvement of blade cooling and optimization of
design and life prediction methodologies.

Blading materials suffer from thermal-mechanical fatigue (TMF), creep, oxidation
and hot corrosion. Most of these degradation mechanisms are more or less well
understood and under control. With regard to TMF there is still a number of open
questions concerning mechanical behavior and the relevant deformation and failure
mechanisms. This holds also for the comparison of life data obtained under
isothermal low-cycle-fatigue (LCF) and TMF loading. Since isothermal LCF tests can
be performed much easier and cheaper than TMF tests, there is an interest to assess
TMF life on the basis of isothermal LCF data. In the literature it is often proposed to
use LCF life data obtained at the maximum temperature of the TMF cycle, e.g. [1].

In order to fully exploit the high temperature mechanical capability of the blading
materials, advanced damage models which are capable of predicting TMF lives much
more accurately than today are required. In case of anisotropic materials the
orientation dependence has to be considered.

Within several independent reviews the most promising high temperature fatigue
life prediction methods have been covered [2-5]. With regard to description of TMF
behavior, best results were obtained with the models successfully applied for
isothermal LCF situations. Three broad classes of life models can be distinguished in
general [6]:
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- phenomenological models (related to macroscopic life and cycle parameters),

- cumulative damage models (related to damage explicitely caused by creep and
plasticity),

- crack growth models (related to local inelastic strain at a void or a crack tip).

The phenomenological models have the advantage of simplicity and a rather
direct relationship to data bases. However they are not very amenable to accounting
for significant interaction effects when different damage mechanisms (e.g. cyclic
creep, fatigue) operate either simultancously or sequentially. The most important
phenomenological models are: Maximum Tensile Stress, Coffin-Manson, Ostergren,
Frequency Modified Ostergren, Smith-Watson-Topper (SWT), etc. The current paper
is confined to the phenomenological damage models.

The evaluations of phenomenological damage models reported in literature are
mainly related to CC materials, especially IN 738 LC, cf. [7-10]. The few
publications concerned with anisotropic blading materials refer to coated systems,
e.g. [4, 11, 12]. With regard to IN 738 LC, Meersmann et al. [9] claim inelastic strain
range, total strain range, maximum stress range and the related energy products to be
the most important parameters governing out-of phase (OP), in-phase (IP), clockwise
diamond (CWD) and counterclockwise diamond (CCD) TMF life (450-950°C).
Engler-Pinto et al. [10] investigated OP TMF (400-900°C) on IN 738 LC. They found
Coffin-Manson and Smith-Watson-Topper to correlate the TMF lives well. However
the statements of the two papers are generally based on 3 or 4 data points only and
are not supported by statistical evaluations.

Concerning TMF life prediction on -the basis of isothermal LCF data, Kuwabara
et al. [7] reported that fairly good results were achieved on a total strain basis for
IN 738 LC, IN 939 and Mar-M 247 for IP and OP TMF loading (300-900°C) using
LCF data obtained for the maximum temperature of the TMF cycle. The authors
found inelastic strain not to be suitable in most cases. Embley and Russell [8]
investigated IN 738 LC and GTD-111 under OP, CWD and CCD TMF loading
conditions (427-821°C). Good predictions were obtained for the OP cycle for both
materials on equal total strain basis using LCF data measured at the maximum
temperature of the TMF cycle. However the data base was rather limited. Inelastic
strain did not provide good correlations since inelastic strain values measured under
these loading conditions are usually very small. The authors claimed maximum stress
and maximum temperature to be the most important parameters controlling TMF life.

The OP TMF experiments of the present work (400-1000°C, Re=~0) simulate the
TMF loading of a volume element of a land-based gas turbine blade close to the
surface of the leading edge. The objective is to determine suitable phenomenological
damage parameters for the three relevant directions (longitudinal, transverse and
diagonal) of DS CM 247 LC on the basis of these data and the macroscopic physical
quantities controlling TMF life. Additionally, the possibility of adequately predicting
TMF life from isothermal LCF life data obtained at the maximum temperature of the
TMF cycle is discussed. Therefore, TMF and LCF life data are correlated with
microstructural results obtained by TEM investigations.
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2. Experimental Details
2.1. MATERIAL

The composition of DS CM 247 LC in weight % is Ni: bal., Cr: 8.1, Co: 9.2, Mo: 0.5,
W:9.5, Ta: 3.2, Ti: 0.7, Al: 5.6, Zr: 0.01, B: 0.01, C: 0.07, Hf: 1.4. The material was
used in the fully heat-treated condition. The microstructure consisted mostly of
cuboidal y’ particles embedded in the y matrix. The volume fraction of y* was
determined to be about 70%. The alloy was provided in form of slabs with the
longitudinal direction being parallel to [001]. The maximum angular deviation from
[001] was limited to 15°.

2.2. TESTING

Threaded cylindrical specimens with a diameter of 10 mm and a gauge length of
30 mm were machined out of slabs in longitudinal (0°), transverse (90°) and diagonal
(45°) direction. Isothermal LCF tests and TMF tests were run on closed-loop
servohydraulic testing machines which were equiped with 200 kHz induction heating
facilities. Temperature was measured with a thermocouple which had been locally
rolled to facilitate fixing around the circumference in the middle of the specimen. For
strain measurement a strain gauge system with 15 mm distance between the ceramic
tips was applied. The specimens were subjected to controlled temperature-strain-time
cycles using commercial software.

Isothermal LCF tests were performed according to ASTM E 606. Testing
temperatures were 500°C, 850°C, 950°C and 1000°C. All tests were conducted under
total strain control with a constant strain rate of 6%/min. Additional tests with a
strain rate of ~0.2%/min, 1%/min and 24%/min, respectively, were carried out to
consider the effect of strain rate on mechanical behavior and life.

The TMF tests were performed with temperature cycles between 400°C and
1000°C, a heating/cooling rate of 3.8 K/s, R= = -0 and a frequency of 3.2-107 s,
Cooling was achieved by heat flux through the grips. No forced cooling was applied
in order to achieve a low dynamic axial temperature gradient (maximum 1 K/mm in
the gauge length covered by the extensometer). All tests were carried out for various
mechanical strain ranges with temperature and mechanical strain being out-of-phase.
The number of cycles to crack initiation N;(2%) was determined at a decrease of the
tensile stress by 2%, the number of cycles to failure at a decrease by 50%.

2.3. TEM INVESTIGATIONS

Thin sections of LCF and TMF specimens were investigated by transmission electron
microscopy (TEM) with regard to deformation-induced dislocation structures.
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3. Results and Discussion

3.1. EVALUATION OF PHENOMENOLOGICAL DAMAGE PARAMETERS
WITH REGARD TO TMF LIFE

Fig. 1 presents the stress-temperature curve of the first three cycles and the stabilized
loop. Due to stress relaxation at high temperatures a positive mean stress develops.
The magnitude of the mean stress shift depends on the mechanical strain range. The
TMF lives for longitudinal, transverse and diagonal directions are plotted in a
normalized As; - N; (2%) - representation in Fig. 2. For a given total strain range,
N; (2%) is highest for the longitudinal direction followed by the transverse and the
diagonal direction. The corresponding stress ranges at N = N; (2%)/2 are shown in a

Stress (normalized)

Temperature (°C)
Figure 1. First three and stabilized stress-temperature hysteresis loops (OP TMF).

normalized Ac—N; (2%) - representation in Fig. 3. It is apparent that the data points
for longitudinal and diagonal directions fall on a common line in the logarithmic
representation. On an equal stress range basis, the lives for the transverse direction
are shorter by a factor of about 2.5 compared to longitudinal and diagonal direction.
Since plastic strain ranges were found to be very small (less than 0.05%), the stress
ranges are mainly governed by the magnitude of Young's modulus for a given total
mechanical strain range. Young’'s modulus increases from longitudinal via transverse
to the diagonal direction. From the good correlation in Fig. 3, it can be concluded
that stress range has a strong effect on life under the given TMF testing conditions.
However, especially with regard to the transverse direction there have to be more
physical parameters influencing TMF life.

In order to determine these quantities, the various phenomenological damage
parameters given below were evaluated with regard to their correlative capability
concerning the TMF lives for the three directions. For all parameters linear
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regressions were performed and correlation coefficients and standard deviations were
calculated.

Coffin-Manson N;(2%) = C,* Aejn®1 @
Total strain N; (2%) = Co' Aet€1 ¥))
Ostergren N, (2%) = Cy (A¢in - Smax)°1 3)
WT N, (2%) = Cy" (Agt - omax)©1 @
Asgip: inelastic mechanical strain range

Aseg: total mechanical strain range

Omax: maximum tensile stress

C.. Cy: constants

Total mechanical strain range (normalized)

Cycles to crack initiation (normalized)
Figure 2. TMF life data in normalized As; - N; (2%) representation for different directions.

The evaluation performed with the TMF data for the longitudinal direction revealed
unattractive results for the parameters including inelastic mechanical strain range
(Inelastic strain, Ostergren). Since inelastic strains are very small for superalloys
under the present loading conditions, these data are affected by a disproportionally
large error. Consequently these parameters were not considered for the evaluation of
transverse and diagonal TMF data.

The correlation coefficients and standard deviations evaluated for the different
directions are given in Table 1. Optimum correlation cocfficients (>0.98) and
standard deviations (<0.04) were found for the SWT parameter for both longitudinal
and diagonal direction. Correlation and standard deviation determined for the Total
strain parameter are worse but acceptable. For the transverse direction, correlation
was in general found to be worse compared to the other two directions, however, still
satisfactory. Best results were again obtained for the SWT parameter (corr. coeff:
0.90, stand. dev: 0.13). The SWT parameter was also reported by Engler-Pinto et al.
[10] to correlate OP TMF lives (400-900°C) well for CC IN 738 LC.



114 M. BAYERLEIN et al.

Stress range (normalized)

Cycles to crack initiation (normalized)
Figure 3. 'TMF life data in normalized Ao - N; (2%) representation for different directions.

TABLE 1.  Correlation coefficients and standard deviations for the various phenomenological
damage parameters (TMF data separately fitted for each direction).

TMF Cycle: corr.coeff.  stand. dev.
400 - 1000°C, OP r log Ni(2%)
longitudinal

Coffin-Manson 0.748 0.094
Total strain 0.945 0.066
Ostergren 0.786 0.087
Smith-Watson-Topper 0.981 0.039
transverse

Total strain 0.879 0.141
Smith-Watson-Topper 0.896 0.131
diagonal

Total strain 0.948 0.075
Smith-Watson-Topper 0.987 0.037

The results indicate that the life of DS CM 247 LC investigated under the applied
OP TMF loading conditions is governed by the quantities total strain range, stress
range and maximum tensile stress.

3.2. COMPARISON OF ISOTHERMAL LCF AND OP TMF LIFE DATA

For the comparison of TMF and LCF life data, the total mechanical strain range -
N (2%) representation was selected. Total mechanical strain range was proven above
to be a suitable parameter to correlate TMF lives. Due to different testing frequencies
(factor 7 to 22) TMF and LCF life data can not be directly compared. In order to
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enable a comparison on an equal frequency basis, the effect of strain rate (frequency)
on LCF life was investigated for various temperatures and a medium reference strain
range. LCF lives were found to be shorter for the tests performed with the lower TMF
testing frequency. The ratio of life reduction was determined for the reference strain
range at 850, 950 and 1000°C. In order to put LCF tests on an equal frequency basis
compared to TMF tests all LCF life data were corrected using this factor.

Total mechanical strain range (normalized)

Cycles to crack initiation (normalized)

Figure 4. TMF and LCF life data in normalized As, - N; (2%) repesentation. Different testing
frequencies for TMF and LCF data.

Total mechanical strain range (normalized)

Cycles to crack initiation (normalized)

Figure 5. TMF and LCF life data in normalized As; - N; (2%) repesentation. LCF lives corrected to
frequency of TMF tests.



116 M. BAYERLEIN et al.

Subsequently, the variation of testing frequency among the LCF tests due to
different strain ranges (all tests performed with constant strain rate) was considered.
Differences in frequency with regard to the reference strain range tests were
calculated for all LCF tests and the effect on life was assessed and considered using
LCF life data measured in dependence on frequency for the reference strain range. It
was assumed that the effect of frequency on life is approximately equal for all the
strain ranges considered in this investigation.

The effect of frequency on life becomes apparent by comparison of LCF and TMF
life data exemplarily given for the longitudinal direction in Figs. 4 and 5. For the
LCF life curves in Fig. 5, a correction of lives to the lower TMF testing frequency was
performed, which shifts the LCF curves to lower lives (factor 2.5). The comparison of
TMF and LCF data on an equal frequency basis shows that TMF lives can be
conservatively predicted by the 950°C LCF curve. This holds also for the transverse
direction. In the literature it is often proposed to use LCF life data obtained at the
maximum temperature of the TMF cycle for TMF life prediction. Here, this would be
1000°C and lead to an even more conservative life prediction.

Conservative life predictions with LCF data obtained at the maximum temperature
of an OP TMF cycle were also reported for superalloys with equiaxed grain structure
by Kuwabara ef al. [7] for IN 738 LC (300-900°C) and Embley and Russell [8] for
IN 738 LC and GTD-111 (427-871°C).

3.3. MICROSTRUCTURAL INVESTIGATIONS

Fig. 6 presents the dislocation structures in cyclic saturation that develop under LCF
loading at 500 and 1000°C and under 400-1000°C OP TMF loading. For the LCF
deformation at 500°C a high dislocation density in the matrix channels and
pronounced cutting of y* was observed. The specimens cycled at 1000°C showed a
relatively low dislocation density in the matrix. Dislocations were mainly located in
the y-y’-interface. No traces which indicate cutting of y” precipitations were found. In
the TMF loaded specimens cutting of the y* precipitations as well as a beginning
formation of a dislocation network in the y-y’-interface was observed. An initial state
of directional coarsening (rafting) of the y” precipitations parallel to the stress axis
was found in the TMF loaded specimens. The directional coarsening is a consequence
of asymmetrical loading in the OP TMF cycle which causes compressive stresses to
occur at the high temperatures. The orientation parallel to the stress axis under
compression stresses is due to the negative y-y'-misfit of DS CM 247 LC. The
specimens cycled under symmetrical LCF loading with nearly equal stresses in
tension and compression did not show any rafting.

The results of the TEM investigation show significant differences between the
microstructures formed under LCF and TMF loading. The coincidence of the TMF
life data with the high temperature LCF life data found in the present investigation is
thus obviously fortuitous, since it can not be correlated with the microstructural
findings.
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LCF, 500°C, Asin=0.01% LCF, 1000°C, Asi,=0.31%

0.5 um

TMF, 400-1000°C, OP, As_ = 0.01%

Figure 6.  Comparison of LCF and TMF dislocation structures of DS CM 247 LC at cyclic saturation.
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4.

D

2)

3)

4)

Conclusions

TMF life data under the present OP TMF loading conditions can be well
correlated with both SWT parameter and Total strain parameter for the various
directions of DS CM 247 LC. Parameters related to inelastic strain did not show
good correlations,

TMF lives for the applied OP TMF loading conditions can be predicted
conservatively by isothermal LCF life data gained at the maximum temperature
of the TMF cycle on equal testing frequency basis. This could be proven for the
longitudinal and the transverse direction.

The dislocation structure of OP TMF loaded specimens showed features which
are typical for both low and high temperature LCF deformation mechanisms.

The coincidence between the LCF life data obtained at the maximum temperature
of the TMF cycle and the OP TMF life data can not be correlated with the
microstructural findings. Thus the coincidence has to be regarded as fortuitous.
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1. Introduction

Ni-base superalloys have been used with high reliability for blades and vane
applications in gas turbines for the last decades [1-13]. Recently the application of
directionally-solidified and single crystal alloys has become common in advanced gas
turbines. On these materials, several kinds of studies, such as on the effects of
temperature [1-5], loading frequency [1,4,6], stress multiaxiality [9], environment
[3], microstructures [13], and crystallographic orientation [8] on the crack growth
during fatigue, creep and creep-fatigue, have been performed. On the other hand,
experimental evidence has also shown that small crack growth behaviour may not
conform to that measured conventionally with physically long cracks [10-19].
However, most of the foregoing studies have dealt with the propagation of physically
long cracks by using the compact tension specimen as an example, and there is little
quantitative information on the process of small crack initiation and the subsequent
propagation in Ni-base superalloys, which generally dominates the major part of the
fatigue life [10-13]. Furthermore, the crack closure phenomenon [20], which plays an
important role in fatigue crack propagation, has not been taken into account even in
the foregoing few studies at all, due to the difficulty of the measurement at high
temperatures.

In this work, the effect of temperature on the physically small fatigue crack
growth behaviour of a directionally-solidified and a single crystal Ni-base superalloy
was investigated at temperatures between 873 and 1223 K. The small crack growth
behaviour thus obtained was compared with the physically long crack propagation
behaviour. The factors which lead to the lack of similitude law in propagation rate
between small and long cracks were also discussed, based on the measurement of
crack closure levels and on the chemical analysis near the crack tip, utilizing the
electron probe microanalyzer.

119

J. Bressers and L. Rémy (eds.), Fatique under Thermal and Mechanical Loading, 119-129.
© 1996 Kluwer Academic Publishers.



120 M. OKAZAKI, H. YAMADA and S. NOHMI

2, Experimental Procedure

Two kinds of Ni-base superalloys were tested in this work: the first one was a single
crystal alloy , CMSX-2, and the seccond one was a directionally-solidified alloy,
denoted by CM247L.C-DS. The microstructures of these materials consist of a y
matrix strengthened by cubic y' precipitates. The size of the ' precipitates centers
around about 0.5 pm (approximately 60% by volume). The chemical compositions,
the condition of heat treatments and the mechanical properties of these materials are
given elsewhere [10-12]. From these materials, the solid cylindrical smooth specimen
(7 mm in diameter) and the center notched (CN) specimen (2 mm in thickness and 14
mm in width) were machined so that the axis of all specimens was within 5° from the
<001> crystallographic orientation. The plane portions in the CN specimen lay
within 5° from a {100} crystallographic plane.

Fully-reversed load-controlled fatigue tests were conducted at a frequency of 5 Hz
under a load ratio of -1 in air, by means of an electro-hydraulic fatigue testing
machine. The specimen was heated by using induction heating. The effect of
temperature on the propagation behaviour of small and long fatigue cracks was
investigated at temperatures of 873, 1023, 1123 and 1223K. The physically long
crack propagation tests were carried out using the CN specimen, according to the
ASTM standard E647-88. The naturally initiated surface small fatigue crack growth
behaviour, on the other hand, was investigated by periodically replicating the smooth
specimen surface by means of acetyl cellulose film, after cooling off the specimens to
room temperature. The small crack length investigated ranged from about 20pum to
500 pm, and the length was measured on the replica using an optical microscope.
The small crack propagation tests were carried out by choosing the values of the
applied stress amplitude, c,, so that the ratio of o, to the proof stress, o, was
approximately constant at all test temperatures: o, was from 55% to 60% of c,.. The
crack opening-closure behaviour of small and long cracks was also investigated at
high temperatures by utilizing the originally-developed electro-optical displacement
detector system, by which the crack opening displacement could be detected with a
resolution of about 0.2 pm up to 1223 K. The details of the procedure are given in
Ref. 12.

3. Results and Discussion
3.1. PHYSICALLY LONG CRACK GROWTH BEHAVIOUR

The relationship between the physically long crack propagation rate, da/dN, and the
stress intensity factor range, AK, in CMSX-2 is given as a typical result in Fig. la,
where the shaded areas depict the scatterbands of long crack growth rates in
CM247LC-DS at 873 K reported elsewhere [11]. It can be seen that the resistance to
crack propagation, as well as the fatigue threshold, increased with temperature in
CMSX-2. It is also found that the crack growth rate in CMSX-2 is comparable to that



SMALL CRACK GROWTH IN NI-BASE SUPERALLOYS 121

of CM247LC-DS at a temperature of 873 K. The experimental results of crack
closure for the physically long cracks, akin to the behaviour of small cracks described
later, indicated that the crack opening ratio, AK #/AK(AK .« being the effective stress
intensity factor range), decreased with the increase of test temperature. SEM
observation of the crack propagation path showed that the crack tip as well as the
crack wake were covered with oxidation products at the test temperature of 1123 K
(Fig. 2a). This suggests that the oxide-induced crack closure became significant,
resulting in an apparent increase of fatigue threshold in Fig. 1a. On the other hand,
the elastic modulus can also contribute to the temperature dependence in Fig. 1a,
since it is noted from a comprehensive survey of published data that fatigue crack
propagation rates vary in proportion to elastic modulus in many engineering
materials [24].

Fig. 1b depicts the relationship between the physically long crack growth rates
and the effective stress intensity factor range divided by the elastic modulus, AK.¢ /E,
where E is the elastic modulus parallel to the loading axis. The shaded band
represents the scatterband of the physically long crack growth rates obtained under
different R ratios on CM247LC-DS at 873 K [11, 12]. It is found that the crack
growth rates are represented by unique curves independent on test temperatures. This
experimental result shows that the increase of crack propagation resistance with
temperature shown in Fig. 1a mainly results from the temperature dependence of the
crack closure and of the elastic constant.

3.2. NATURALLY-INITTATED SMALL CRACK GROWTH BEHAVIOUR

The rates of the naturally-initiated small fatigue crack growth were measured using
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Figurel.  Long crack growth rates, da/dN, in CMSX-2 correlated with
a) stress intensity factor range, AK (b) AK /E.
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Figure 2. Morphology of crack tip in CM247L.C-DS at 1123 K.
(a) Long crack (AK=25 MPa Yym , AKx=3.8 MPa vm ).
(b) Small crack (AK=12.6 MPa ¥ , AKr=3.8 MPa vm ).

smooth specimens. Some of the results are compared with those of the physically long
cracks in Fig. 3, as a function of AK, where AK for the small cracks was evaluated
from the Raju-Newman equation by approximating the semi-circular geometry of the
surface crack [22]. The data points and the shaded bands in Fig. 3 show the crack
growth rates measured for many small cracks in several smooth specimens, and the
long crack growth curves at 873 K obtained in the previous section, respectively. It is
found that the growth rates of the small cracks are considerably higher than those of
long cracks, and the small cracks grow even at AK levels lower than the long crack
threshold at all test temperatures. It is also found that the rates of small crack
propagation increase with the increase of the test temperature. It is reiterated that the
physically long cracks displayed decreasing growth rates with increasing test
temperature, a behaviour completely contrary to that of the small cracks (Fig.1a).
This experimental evidence illustrates the importance of the investigation of small
fatigue crack growth rates themselves. The details of the acceleration phenomenon of
the small cracks will be discussed in the next section. As given elsewhere [10,11],
most of the small cracks initiated from microscopic pores located just near the
specimen surface.

An example of the original P-& curve (where P and & are the applied load and the
crack opening displacement at the center of the crack, respectively) monitored by the
electro-optical equipment described in Sec. 2 [12], is presented in Fig.4. The presence
of crack closure causes the non-linearity of the P-& curve during the unloading
process [20, 21]. In order to clearly identify the crack closure level, the P-& curve was
converted into a so-called subtracted P-J curve by the computer in which the reduced
displacement, defined as the difference between the actual displacement and a linear
line fit through the linear portion of the upper unloading curve, was correlated with
P [21]. The crack closure level was identified by magnifying the non-linearity of the
subtracted P-& curve. The subtracted P-& curve is also given in Fig. 4. While some
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noise signals (which must result from the fluctuation of air, an unavoidable
phenomenon in optical devices so far as used at high temperatures) are superposed
on the original P-6 curve, the subtracted P-& curve enables to identify the crack
closure level. The arrows in Fig. 4 mark the crack closing level thus determined from
the subtracted P-& curves. It is also important to note that the crack closure level thus

Figure 3. Some examples of small crack growth rates in terms of AK.

Figure 4. An examples of P-§ curve and the corresponding subtracted P-& curve
(the crack of 58 pum in half length, 1123 K, CM247LC-DS).
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determined involves an error in the effective stress intensity factor range, AK¢ , due
to the noise signal , which is estimated at about 20% . The relationship between the
crack opening ratio, AK.s/ AK and the small crack length is given in Fig. 5. Since
the stress amplitude was kept constant during the small crack propagation tests in this
work, the increase of crack length corresponds to an increase of AK. It can be
concluded from Fig. 5 that the crack opening ratio decreases when the temperature is
increased from 873 K to 1223 K. At a given test temperature, the ratio is almost
independent on the small crack length.

Based on the results obtained, the small crack growth rates given in Fig. 3 are
correlated with AK.g and with AK.q /E in Figs. 6a and 6b, respectively. It is found
from Fig. 6 that the intrinsic small fatigue crack propagation resistance, in which the
factor of crack closure is excluded, decreases with increasing temperature. Such a
temperature dependence is still found even when the temperature dependence of the
elastic modulus is taken into account (Fig. 6b). As mentioned earlier, the value of
AK.q , evaluated in this work possibly involves an error of about 20% because of the
noise on the P-& curves. However, the increase of small crack growth rate with
temperature in Fig. 6 is significantly larger than the 20% error band. It should be
noted that the above results are contrary to those of the physically long cracks shown
in Fig. 1. Long crack propagation data therefore do not provide adequate information
for the purpose of reliability considerations [10-19].

In order to qualify the temperature effect on small fatigue crack propagation, the
crack propagation paths at the respective temperatures were observed by SEM. A
typical result of CM247LC-DS at 1123 K is presented in Fig. 2b. It is found that the
crack plane is extensively covered with oxidation products. SEM observation with
high magnification reveals that there was a y' depleted zone adjacent to the oxide
layer near the fatigue cracks (Fig. 8), where the profile of the Y’ precipitates is not
clearly identified. In order to study the oxidation effect, the chemical analysis near the
crack propagation plane was carried out by utilizing an electron probe microanalyzer

Figure 5. Change of crack opening ratio, AKer /AK, with the small crack length.
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Figure 6. Temperature dependence of small crack growth rates in terms of (a) AKes, (b) AK/E.

@

®) ©

Figure 7. EPMA analysis near small crack propagation plane in CM247LC-DS at 1123 K.
(a) SEM image (b) Line analysis of Al (c) Line analysis of Ni

(EMPA), and is presented in Fig. 7. It can be seen from this figure that around the
crack propagation plane the content of Ni is depleted and that of Al becomes
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Figure 8. SEM observation near crack propagation plane in CMSX-2 at 1223 K.

enriched, respectively. This analysis confirms that the oxidation at the crack tip
not only leads to the formation of oxides but also to the depletion of ' precipitates
[3, 23]. While the y' depleted zone size was not measured quantitatively in this work,
it was observed by SEM that the size increased with the test temperature. It is
naturally postulated that the depletion of ¥' precipitates may result in a decrease of the
high temperature strength. From the foregoing experimental results it can be
reasonably concluded that the local degradation of high temperature strength
resulting from the depletion of y' precipitates due to oxidation near the crack tip, as
well as the temperature dependence of the crack closure level and of the elastic
modulus, lead to the intrinsic temperature dependence of the small crack growth rates
shown in Fig. 6.

The comparison of Fig. 2a and Fig. 2b shows that the y' depleted zone size of the
small crack is significantly larger than that of the long crack, although the reason is
not clear. Note that both type of cracks were under a comparable AK ¢ level (the level
of AK in the former is lower than in the latter). This suggests that the degree of
oxidation attack near the crack tip is different for small and long cracks, which
results in the lack of similitude in crack growth rates between them. It is assumed
that the difference of higher order terms, including the T-stress [24] in the crack tip
stress field, between small and long cracks (even if under the same AK ¢ level) would
be related to the above difference of the y' depleted zone size. It can also be pointed
out that the small crack easily nucleated from the oxidation spike on the smooth

specimen.
3.3. LACK OF SIMILITUDE LAW BETWEEN SMALL AND LONG CRACKS.

As shown in Fig. 3, the small cracks exhibit notably higher growth rates than the
long cracks in CM247LC-DS and CMSX-2, especially at higher temperature, when
the crack closure phenomenon is not taken into consideration. The following factors,
which possibly induce such a lack of similitude between small and long cracks, can
be pointed out [13-19]:

@) Difference of crack closure level between them [12,14,18,19],
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(ii) Difference of crack growth mechanism between them [12,18,19],

(iii) Difference of chemical influence between them [15,18, 19],

(iv)  Application limitation of linear elastic fracture mechanics to small cracks
[18,19],

(v)  While the fatigue crack growth rate is generally influenced by microstructure
and crystallographic orientation, the sensitiveness to these factors is different
for small and long cracks [10,12,13,16].

Although it is generally very difficult to separately evaluate the effects of the above

factors quantitatively, the dominant ones will be discussed hereafter.

The comparison between Figs. 3 and 6 shows that the difference of growth rates
between small and long cracks on the basis of AK. is clearly smaller than that on the
basis of AK under all test conditions. This indicates that the crack closure
phenomenon more or less contributes to the lack of similitude between small and long
cracks at all test temperatures.

Next, in order to exclude the factor of crack closure, let us consider the effect of
other factors by means of Fig. 6. It is interesting to note that the growth rates of small
cracks agree with those of the long cracks within the scatterband at 873 K, (sce the
square symbols). At this temperature, as reported elsewhere [11,12], both the small
and long cracks mainly propagate in the y matrix by Mode I fracture, and hence the
propagation mechanism of both crack types can be considered to be quite similar; in
other words, the contribution of factors of (ii) and (v) is negligible. Furthermore,
factor (iii) would not be significant at 873K, because the depletion of y' precipitates
resulting from oxidation attack is scarcely found. Thus, it can be concluded that at
873 K where the effect of oxidation is not noticeable, the difference of crack closure
level between the long and small cracks is mainly responsible for the lack of
similitude between both crack types, and the role of other factors is negligible.

At higher temperature, on the other hand, the accelerated growth rate of small
cracks compared with the long cracks becomes remarkable as the test temperature is
raised, even when the role of crack closure is excluded (see other symbols than the
squares in Fig. 6). This suggests that in addition to crack closure, some other factors
must be active in enhancing the growth rate of small cracks at higher temperatures.
The small crack problem at higher temperature can be reasonably understood as
follows: provided that factor (iv) is dominant, the degree of acceleration of the small
cracks compared with the long cracks would be independent on test temperature,
because the ratio of the applied stress amplitude to the 0.2% proof stress was selected
to be constant at all temperatures (Section 2). However, the experimental results show
that the higher the test temperature is, the more notable is the acceleration of the
small cracks. This suggests that the contribution of (iv) is not large. Furthermore, it is
considered that the contribution of the factors (ii) and (v) is not plausible, because the
small and long cracks propagated by Mode I type fracture (Fig. 2). As shown in the
previous section, on the other hand, a rising of the test temperature increases the
chemical effect (factor (iii)), as suggested by the depletion of y' precipitates occurring
around the crack tip. Additionally, this effect is more remarkable in small cracks than
in long cracks, even if they grow under a comparable AK.¢ level (compare Figs. 2a
with 2b). From the above discussion, it is reasonably concluded that both crack
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closure and the environmental attack lead to the lack of similitude between long and
small cracks at higher test temperature. However, further research is needed to
quantitatively evaluate the environmental factor on small crack growth rates, as well
as on the details of the crack propagation mechanism.

4. Conclusions

In this work, the effect of temperature on the propagation behaviours of physically

long and small cracks was investigated at temperatures between 873 and 1123 K in a

single crystal and a directionally-solidified Ni-base superalloy (denoted by CMSX-2

and CM247LC-DS, respectively). The factors which lead to the lack of similitude in
propagation rates between small and long cracks were also discussed, based on the
measurement of crack closure levels and the chemical analysis near the crack tip
utilizing the electron probe microanalyzer.

The main conclusions are summarized as follows:

(1) The intrinsic small crack propagation resistance, taking crack closure into
consideration, decreased with increasing temperature. SEM observation and
EPMA chemical analysis revealed that the depletion of y' precipitates around the
crack tip resulting from chemical attack was closely related to the above
temperature dependence of the intrinsic small crack growth rates. It was also
observed that the y' depletion in small cracks was more remarkable than that in
long cracks, even when both cracks were grown under a comparable AK ¢ level.

(2) In contrast to the small crack growth rates shown in (1), the physically long crack
behaved in a simple manner as follows: the growth rates at all test temperatures
could be represented approximately by an unique curve, by taking into account the
temperature dependencies of the crack closure level and of the elastic modulus.

(3) The typical characteristics, which indicate the lack of similitude between small
and long cracks, were found at all test temperatures: the propagation rates of
small cracks were significantly higher than those of long cracks. The small cracks
grew even at AK levels lower than the long crack threshold. At lower temperature
the major factor contributing to the lack of similitude in crack growth rates was
the difference of closure level between long and small cracks. At higher
temperatures, the difference of environmental attack between small and long
cracks was also responsible for the above small crack propagation problem, in
addition to the crack closure phenomenon.
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1. Introduction

Single crystal (SC) nickel-based superalloys are candidate materials for advanced gas
turbine blades. The main goal in using SC blades is to increase the inlet gas
temperature, thereby improving the turbine efficiency and also to extend the
durability of the blades by increasing there creep-fatigue-oxidation resistance. The
elimination of grain boundaries in SC alloys has improved the life of the blades in
comparison to conventionally cast components. The maximum load bearing capacity
in thermal fatigue of SC blades is expected to coincide with the <001>
crystallographic orientation, since the modulus of elasticity has its lowest value in this
direction leading to low thermal stresses [1-2].

The design of SC blades presents a great challenge since these alloys are
anisotropic in mechanical behaviour. Although SC blades are oriented along the
<001> crystallographic direction, different volume regions having different secondary
crystallographic orientations are subjected to a complex state of stress [3].

Investigations have already been devoted to the anisotropic isothermal low cycle
fatigue [3-7] or thermo-mechanical fatigue [8] behaviour of SC superalloys. To our
knowledge no systematic investigation has yet been reported in the open literature on
the anisotropic thermal fatigue behaviour of SC superalloys. Thermal fatigue (TF) is
one of the life limiting factors of vanes and blades. Thermal strains and stresses arise
in particular from temperature gradients in the blades during start-up and shut-down
operations.

This contribution deals with an assessment of the anisotropic thermal fatigue
behaviour of single crystal CMSX-4. The TF behaviour is reported for <001>, <011>
and <111> crystallographic orientations taken as the main load axis of the blade-
shaped single wedge specimens. The TF behaviour of the <001> orientations was
investigated for different maximum temperatures, Tpax, of the thermal cycle. The
other crystallographic orientations were studied at T, = 1100°C,

131

J. Bressers and L. Rémy (eds.), Fatique under Thermal and Mechanical Loading, 131-139.
© 1996 Kluwer Academic Publishers.



132 M. BLUMM, F. MEYER-OLBERSLEBEN and F. REZAI-ARIA

2. Material an Experimental Procedures
2.1. MATERIAL

CMSX-4 is a rhenium-containing nickel-based superalloy with the density of
8.7 kg/dm®. Its chemical composition is given in Table 1. Two batches of the alloy
were used. The first batch (I) was cast at Thyssen Feinguss, Germany, in a high
gradient furnace and delivered by MTU Munich GmbH, Germany. The second batch
(II) was cast at Howmet Exeter Casting, England, using the seed technology and
delivered by EGT Limited, GEC Alsthom, England. A comparable interdendritic
distance was found in both batches. The batches were received in fully heat treated
conditions with regular cubic y'-precipitates of 380 to 400 nm edge length. The alloy
was investigated in the non-hipped and uncoated condition.

TABLE 1. Chemical composition of CMSX-4 in weight %.

Co Ta Cr W Al Ti Mo Re Hf C Ni
95 6.5 6.4 63 56 10 0.6 3.0 0.1 0.01 bal.

2.2. THERMAL FATIGUE SPECIMENS

Thermal fatigue tests were carried out on blade-shaped single wedge specimens,
Fig. la. The specimen geometry was slightly different in the x-dimension, namely
type A (batch I) and type A’ (batch II). The specimens were cut by electroerosion,
then ground and finally manually polished parallel to the edge to 1 pum surface finish.

The longitudinal y-axes of the TF specimens were parallel to the disired
crystallographic orientations as shown in Fig. 1b. The crystallographic orientation of
each specimen was determined by the back reflection Laue technique.

Figure 1a. Thermal fatigue specimens (dimension in mm).
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<100> <011> <211> <211>
<001> 011> <011> <111>
<010> <100> <111> <011>
type A + A’ type A’ type A type A + A’
<001> <011> <011> <111>

Figure 1b. Orientations of the TF specimens.

2.3. THERMAL FATIGUE TEST PROCEDURE

The TF tests were performed under similar temperature-time cycles of 60 s heating
and 20 s cooling periods (Fig. 2). A thermal fatigue test rig using a 6.0 kW Hiittinger
solid state induction generator with 3000 kHz frequency for heating and air blast for
cooling the wedge tip of the specimens was used [9], (Fig. 3). A Ni/NiCr
thermocouple spot-welding at 0.5 mm from the edge monitored the temperature
during the test. The specimens were externally unconstrained during thermal cycling.
The temperature-mechanical strain hysteresis loop was measured along the edge
length over 50 mm by an extensometer [9].

The TF behaviour of the <001> orientation was investigated at different
maximum temperatures between 1000°C and 1150°C. The <111< and <011>
orientations were examined at Ty = 1100°C. The minimum cycle temperature was
maintained at 200°C for all experiments. The tests were regularly interrupted to
investigate crack initiation and propagation by means of scanning -electron
microscopy (SEM) and optical microscopy.

Temperature

Tmin
(200°C) 60s 20s |
) o-i<a—p1 Time

Figure 2. Thermal fatigue cycle.
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Figure 3. View of the thermal fatigue rig with: (A) specimen, (B) specimen support, (C) induction coil,
(D) HF-genarator, (E) air nozzle, (F) thermocouple and (G, H) extensometer device.

3. Results and Discussion

No slip bands were observed either at the wedge tip or on the wedge surfaces of the
<001> TF specimens. On the other hand, multiple slip bands were visible in <011>
and <111> oriented specimens. Slip bands appeared at the wedge tip and on the two
wedge surfaces at the edge region. They propagated towards the bulk (over about 1.5
to 2 mm) with an increasing number of TF cycles. Fewer slip bands appeared in the
specimen type A'. Fine slip bands were visibele between the primary large spaced
bands. Microscopic observations and laser profilometry measurements along the tip
and on the wedge surfaces [10] have revealed that the density of the slip bands
decreases form the central zone to the corners of the specimens.

Laser profilometry measurements of the wedge surfaces along the y-axis revealed
that the central zone of the <011> and <111> specimens displaced and curved along
the z-axis. Fig. 4 shows an example of such displacement for three TF-specimens
with different crystallographic orientations. The curvature near the wedge tip was
maximum, indicating the localisation of plastic shear deformation in the central zone
of the <011> and <111> specimens. In <001> specimen only a slight slope can be
noticed in the profile curve, which can be explained with an irregular manual polish
of this specimen before the TF-test. The scatter is due to oxidation.



THERMAL FATIGUE BEHAVIOUR OF CMSX~4 135

Figure 4. Profilometry measurements near the wedge tip: <111> specimen after 70, <011>
specimen after 230 and <001> specimen after 1220 thermal cycles.

Strain measurements show that the mechanical strain-temperature hysteresis loops
are smaller in <011> and <111> in comparison to the <001> oriented specimen

(Fig. 5). The mechanical strain &g, is thereby defined as the difference between the
total strain measured over 50 mm and the free thermal dilation.

Figure 5. Mechanical strain-temperature loops for specimen type A, all orientations.

3.1. CRACK INITIATION AND PROPAGATION

CMSX+4 has a high oxidation resistance. The wedge tip of the specimens remained
essentially unaffected during TF cycling. In the <001> specimens cracks initiated at
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oxidised cast micropores at the wedge tip, Fig. 6a. In <011> and <111> oriented
specimens cracks initiated on slip bands, frequently on the wedge surfaces, Figs. 6b.
and 6¢c. However, in general pores were also located on the crack inmitiation sites.
Some cracks which initiated from the wedge surfaces linked with the small cracks
initiated from the wedge tip to form a unique through-thickness crack. Moreover,
while in <001> specimens only a limited number of cracks were detected, multiple
crack initiation was observed in the two other crystallographic orientations.

a) b)

)

Figure 6. Main cracks in the different oriented
specimens of type A
a) <001>, 1700 thermal cycles
b) <011>, 440 thermal cycles
c¢) <111>, 150 thermal cycles.

In <001>specimens cracks propagated perpendicular to the y-axis. Cracks which
were longer than about 2 to 3 mm deviated with a certain angle in respect to the
y-axis on crystallographic planes. In <011> and <111> specimens cracks propagated
first along the slip bands changing their propagation direction by zigzagging and by
passing from one slip band to another at the intersection of two slip bands. They
followed then a direction perpendicular to the y-axis. The crack tip was subjected to a
complex mixed-mode loading. In addition, fatigue striations were observed on the
fracture surfaces.
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3.2. CRACK PROPAGATION CURVES AND THERMAL FATIGUE LIFE

Fig. 7 shows the crack propagation behaviour of all three crystallographic
orientations as a function of the number of thermal cycles. A higher crack growth rate
was observed for <011> and <111> specimens in comparison to the <001>
specimens. Intuitively, for the same mechanical strain a higher stress intensity factor
is expected for <011> and <111> specimens because of the higher modulus of
elasticity in these crystallographic orientations in comparison to the <001>
orientation. SEM observations at room temperature showed in addition that due to
the activation of multiple slip bands cracks remained open, thereby increasing the
crack velocity.
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Figure 7. Effect of crystallographic orientation on the thermal fatigue crack propagation,

Tox = 1100°C.

The definition of a crack initiation life is very difficult for <011 and <111>
specimens. Therefore, only a TF-life corresponding to an 1 mm crack depth, Ny, is
reported here. Fig. 8 depicts the RF-life as a function of T, and mechanical strain
range for all crystallographic orientations and both RF specimen types. These curves
show the drastic effect of the crystallographic orientations on the TF-life of CMSX-4.
The complex crack initiation mechanisms in <011> and <111> oriented specimens
decreased drastically the number of cycles to crack initiation in comparison to the
<001> specimens.

To rationalise these experimental results an elastic stress range was defined as
Ac = EAeye.. The modulus of elastic E of each orientation was calculated from the
elastic constants at 615°C [11] which corresponds to the temperature of maximum
tensile stress during the cooling part of the thermal cycle (Fig. 5). The variation of
the TF-life as a function of this stress range is reported in Fig. 9. This figure shows
that under the test conditions reported here the lower TF-life in <011> and <111>
specimens can be explained by a higher thermal stress generated in these orientations



138

M. BLUMM, F. MEYER-OLBERSLEBEN and F. REZAi-ARIA

as has previously been reported in investigations devoted to the anisotropic isothermal
low cycle fatigne and thermo-mechanical fatigue behaviour of SC superalloys

[3, 8, 12].
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4. Summary

The anisotropic thermal fatigue behaviour of CSMX-4, a rhenium-containing single
crystal nickel-based superalloy, was investigated for <001>, <011> and <111>
crystallographic orientations. Blade-shaped single wedge specimens were used. It was
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shown that higher thermal stresses in <011> and <111> orientation decreased
drastically the TF-life. Multiple slip bands appeared on <011> and <111> specimens.
Higher thermal fatigue crack growth rates were observed for <011> and <111>
specimens. In <001> specimens cracks initiated on the cast micropores. In <011> and
<111> specimens cracks initiated mainly on the slip bands. Micropores were also
present on these crack initiation sites. A multiaxial loading took place in <011> and
<111>oriented specimens. The experimental results were explained by a stress-based
criterion.
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1. Introduction

The greatest advance in metal temperature and stress capability for turbine blades in
the last thirty years has been the result of the development of directionnally solidified
single crystal superalloys. Two groups of alloys, called first and second generation,
have been developed. The second generation alloys were essentially developed to
improve the creep resistance and the long time phase stability in order to allow
increased operating temperatures. Creep resistance is not the only property to be
considered for life prediction. In complex shaped highly cooled turbine blades,
stresses of thermomechanical origin may become at least as important as the
centrifugal stress causing the creep of the material during the stabilized regime of the
engine cycle. Those thermomechanical stresses are generated in particular during
aircraft take off and landing operations. A limited amount of work has been done to
compare the performance of the two generations of single crystal alloys regarding
thermomechanical fatigue resistance.

The aim of the present study was to compare the mechanical properties of four
single crystal superalloys belonging to the first (AM1, AM3) and second generation
(MC2, CMSX4). In order to get a complete comparison, creep rupture, low cycle
fatigue and thermal mechanical fatigue (TMF) tests were carried out.

2. Materials and Heat Treatments

AM1 is a French patented [1] first generation single crystal alloy introduced by
SNECMA for turbine blading in the military M88 engine. AM3 is also a first
generation single crystal [2] which offers very attractive properties due to its low
density (8.25x10° kg/m®). MC2 is a second generation single crystal, developed by
ONERA [3], which has the particularity to be rhenium free. CMSX4, developed by
CANNON MUSKEGON corporation [4], is a rhenium containing alloy (3% wt) as
the majority of second generation single crystals. The chemical compositions of the
four single crystals used in this investigation are shown in Table 1.
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TABLE 1. Nominal compositions (wt %) of the single crystal superalloys.

Ni Co Cr W Al Ta Mo Ti Re
MC2 base 5,08 7,89 7,99 5,05 5,96 2,11 1,49 -
CMSX4 base 9,70 6,47 6,50 5,63 6,50 0,56 1,01 2,9
AM3 base 5,61 8,04 4,91 5,86 3,43 2,20 2,00 -
AM1 base 6,5 7.8 5,7 5,2 7.9 2 1,1 -

The single crystal bars with their axis oriented in the [001] direction were given the
following heat treatments :

TABLE 2. Heat treatment conditions.

ALLOY AM1 AM3 MC2 CMSX4
solution treatment 1300°C/3h | 1305°C/3h | 1315°C/3h | multi-step from 1277°C
to 1321°C (16h)
precipitation treatment 1100°C/5Sh | 1050°C/16h | 1100°C/5h 1080°C/4h
aging treatment 87°C/16h 850°C/24h | 850°C/24h 870°C/16h

These heat treatments produce a homogeneous distribution of cuboidal y' precipitates
with a mean size of 0.5 pm for AM1, 0.4 pm for AM3 and MC2, and of 0.3 pm for
CMSX4.

3. Results and Discussion
3.1. CREEP PROPERTIES

An extensive characterization of the creep-rupture strength of the four alloys was
conducted between 760°C and 1150°C employing specimens machined from
cylindrical bars of 10 mm in diameter. The creep capability of the alloys is compared
in Fig. 1. It appears from this comparison that the two second generation single
crystals, CMSX4 and MC2, exhibit the highest resistance especially as soon as the
testing temperature is higher than 1000°C. CMSX4 is better than MC2 at
temperatures lower than 1000°C but the difference between these alloys is small at
higher temperatures, MC2 being better than CMSX4 in the range 1050°C to 1100°C
and CMSX4 being better than MC2 at 1150°C. The better behaviour of CMSX4 can
be attributed to the beneficial effect of rhenium which is known to reduce rates of
diffusion and thus retards coarsening of the ' strengthening phase [5]. The particular
behaviour of MC2, which is rhenium free, can be attributed to y and y' strengthening
by a particularly high level respectively of molybdenum and titanium as compared to
the other alloys [3]. The temperature advantage of CMSX4 over AM1 varies from
25°C around 850°C to 50°C around 1150°C.
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Figure 1. Creep-rupture capability comparison.
3.2. LOW CYCLE FATIGUE PROPERTIES

Strain controlled low cycle fatigue (LCF) tests were performed at 800°C on uncoated
specimens using a wave frequency of 0.25 Hz. This temperature was chosen because
it nearly corresponds to the maximum tension peak of the thermal-mechanical cycle
simulating the operating conditions at the leading edge of a turbine blade. Solid
cylindrical specimens of 4.37 mm in diameter and 13 mm in gauge length were used
for LCF. The LCF lives are presented in Fig. 2 as a function of stress range at half
life. The best alloy appears to be AM1. MC2 and CMSX4 offer a very similar fatigue
behaviour, worse than AM1 but better than AM3. A fractographic examination of the
rupture surface of each specimen was conducted. For each alloy, cracks initiate in the
same way from subsurface micropores. In order to try to explain the differences
between the alloys it was decided to compare the mean stress values of the stabilized
mid-life hysteresis loops. The mean stress values were found to be higher for CMSX4
and MC2 (320 MPa) as compared to those of AM1 and AM3 (250 MPa) indicating
that a higher mean stress relaxation occurs in AM1 and AM3. This can explain the
better behaviour of AM1, as compared to CMSX4 and MC2, assuming that the life is
mostly spent in the crack propagation phase [6] and thus a higher mean stress should
lead to a reduction of the life.
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Figure 2. LCF lives comparison at 800°C.
3.3. THERMAL-MECHANICAL FATIGUE PROPERTIES

3.3.1 Uncoated materials

Hollow cylindrical fatigue specimens (9 mm internal diameter) were machined from
bars of 20 mm in diameter. All the materials were investigated in the bare condition.
The tests were performed within the Centre d'Essais Aéronautiques de Toulouse, and
the experimental procedure used was close to that of SNECMA which has been
shown elsewhere [7]. The TMF cycle used for this study is presented in Fig. 3.
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Figure 3. "4 slopes" TMF cycle definition.
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It consists of a triangular temperature cycle between 650°C and 1100°C associated
with an alternate four slopes strain wave (R: = - 1). The frequency of this cycle is
5.6x10 Hz (180 s per cycle). This cycle was defined to simulate the temperature and
strain histories at the leading edge of a turbine blade. The four uncoated materials
have been submitted to the same cycle under the same strain range (& 0.5%), up to
macroscopic crack initiation that is determined by a 20% maximum tensile load
decrease after stabilization. The results of two tests on each alloy are shown in
Fig. 4, illustrating a better fatigue resistance of AM1,AM3 and MC2 as compared to
CMSX4 which exhibits on average a reduction of life by a factor of 2.

Life (cycles)

Figure 4. TMF lives comparison.

Two kinds of investigation were made in order to try to explain the particular
behaviour of CMSX4. At first an examination of the stress-strain hysteresis loops at
mid life was made for the four alloys. No major difference was observed between the
alloys concerning stress and plastic strain amplitudes. Secondly, fractographic
examinations of failed specimens were performed. These investigations reveal that for
each alloy crack initiation sites were located at the oxide scale on the surface of the
specimens. This is in agreement with the results obtained by others [6] on Ni-base
single crystals tested in TMF at the same strain range. These observations support the
view that long lives under TMF or thermal fatigue are mainly controlled by fatigue
oxidation interactions and that the TMF resistance cannot be compared with LCF
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lives obtained at a temperature close to the maximum peak stress of the TMF cycles
because the damage mechanisms are not the same. It was indeed shown in section
3.1. that at this temperature (close to 800°C) failure occured by crack initiation from
subsurface micropores. As pointed out by Fleury and Remy [6] LCF isothermal tests
at high temperature, close to the maximum temperature of the TMF cycle, should be
more representative of damage mechanisms operating in TMF tests. Consequently,
the TMF resistance of bare materials should be more dependent on the oxidation
behaviour of the material rather than on its creep resistance.

3.3.2 Coated materials

Aluminide coating has been shown to improve TMF life on superalloys [8] especially
at low strain levels corresponding to longer lives due to their beneficial effect against
oxidation. The same kind of TMF tests as mentioned earlier have been performed in
the same loading condition on AMI1 chromium-aluminium coated specimens
(AM1 + CA). The results are compared to the previous ones obtained on bare
specimens on Fig. 4. A mean life improvement by a factor of 2 is observed as
compared to bare AM1. On these specimens crack initiation sites were observed at
the interface between the Cr-Al coating and the single crystal material. An
illustration of this phenomenon is shown in Fig. 5.

Figure 5. lllustration of fatigue crack initiation on coated AM1 under TMF ("4 slopes" cycle).
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First, the coating cracks, then an oxide develops at the interface between the
coating and the substrate and finally a crack propagates into the substrate until
rupture. The coating will prevent oxidation of the substrate provided it can withstand
the mechanical loading without cracking. It is therefore very important to know the
ductile-brittle transition temperature of the coating and to make sure that the TMF
cycle of actual blades does not enter the brittle range to prevent the coating from
cracking at the very first cycle and thus protect the substrate from localised
oxidation.To measure the effect of such a situation another TMF cycle was applied.
This new TMF cycle (cycle "W") is shown in Fig. 6, where it can be seen that it
contains a peak stress at the lowest temperature (600°C) which is within the brittle
domain of the coating.
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Figure 6. "W" TMF cycle definition.

Several tests were performed on AM1 chromium-aluominium coated specimens.
The results are compared in Fig. 7 to those obtained on coated AM1 under compara-
ble strain conditions but with the four slopes TMF cycle previously used. It appears
that a life reduction factor of 3, with respect to the coated material using the
"4 slopes" TMF cycle, is obtained when the "W" cycle is applied. The metallurgical
examination of the specimens (Fig. 8) shows that a great number of straight cracks
have crossed the coating and are growing into the substrate perpendicularly to the
applied stress. This is attributed to the brittleness of the coating at the lowest cycle
temperature which leads to its rupture in the very first cycles. The single crystal is
thus no longer protected against oxidation and the fatigue life is then considerably
reduced. Moreover, multiple cracking of the coating leads to the development of a
circumferential crack at the surface of the specimen which undoubtedly contributes to
a further reduction of life due to a geometrical effect. This clearly shows that in some
operating conditions the coating cannot prevent the single crystal from oxidation and
demonstrates tha necessity of developing single crystals of good intrinsic resistance to
the fatigue oxidation damage that operates in TMF.
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Figure 8. Tllustration of fatigue crack initiation on coated AM1 under TMF ("W" cycle).
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4. Conclusion

Creep, low cycle fatigue and TMF tests have been performed on four turbine blade
single crystal superalloys. The main objective of the study was to compare the
mechanical properties of first and second generation single crystals. The superior
creep resistance at high temperature of the second generation single crystals (MC2
and CMSX4) over the first generation (AM1 and AM3) was confirmed. The low
cycle fatigue resistance at 800°C in strain controlled conditions was found to be very
dependent upon the stress-strain behaviour of the alloy, the best results being
obtained for the material which displays the lowest mean stress. At this temperature
fatigue life was not sensitive to environment and cracks initiate at subsurface
micropores. Under TMF cycling, which is more representative of service operating
conditions of turbine blades, the damage is predominantly associated with the
oxidation-fatigue interaction. In bare condition, the second generation single crystals
are not found to show better results than the first generation, CMSX4 presenting the
lowest results. The TMF fatigue resistance of aluminide coated AM1 was found to be
better than that of bare AM1 when the specimens were not stressed into the brittle
domain of the coating, but was substantially reduced in the opposite situation.

It is clear that creep, fatigue and oxidation damage are operating in turbine blades
during service and that complex interactions exist between those mechanisms. This
indicates that the development of single crystal superalloys cannot only be based on
the achievement of a high creep resistance, and that it is also necessary to evaluate
the TMF resistance of materials in the bare and coated conditions. The development
of prediction models that would explicitly treat interactions between those damage
mechanisms would be of great help for the optimisation of future materials.
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1. Imtroduction

Thermal gradients arising during transient regimes of start-up and shut-down opera-
tions produce a complex thermal and mechanical fatigue loading which limits the life
of turbine blades. The thermo-mechanical fatigne (TMF) test consists in applying
independent temperature-time and mechanical strain-time cycles to an LCF specimen
in order to simulate the thermo-mechanical loading experienced by turbine blades [1].

Due to different service conditions and design philosophies, several strain-
temperature cycles have been proposed for TMF tests [1-3]. It has been shown that
the TMF behaviour and resistance of superalloys depend upon the cycle history used.
In the present investigation a strain-temperature cycle is proposed for TMF
investigations, which was deduced from strain measurements on a blade-shaped
specimen during thermal fatigue (TF) tests [4]. It is named thermal-fatigue-based
(TFB) cycle. By the use of this cycle, the life and the behaviour under TF and TMF
loading can be compared under similar strain-temperature histories.

This contribution deals with an investigation on the thermo-mechanical fatigue
behaviour in the [001] orientation of the single crystal nickel-based superalloy
SRR99. TMF tests were performed under out-of-phase (OP) and TFB cycles. The
results are compared to the ones obtained under TF experiments on blade-shaped
single wedge specimens [4, 5].

2. Material and Experimental Procedures

The nominal composition of SRR99 is given in Table 1. The alloy was received as
cast solid bars (@20 mm*150 mm) in the fully heat treated condition with cubic
v'-precipitates of about 360 nm edge length.

TABLE 1. Nominal composition of SRR99 in weight%.

Ni Co Al Ti Ta w Cr Mo C
65.4 5.0 5.6 22 2.9 9.5 8.5 0.03 0.020

The TMF tests were performed under total strain control on hollow cylindrical
specimens (1 mm wall thickness). The specimens were induction heated and the
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temperature was measured by an infrared two-colour pyrometer. A linear heating and
cooling rate of 10 K/s was used. A complete description of the test facility and
procedures is given in [6]. The temperature ranges were 600-900°C and 600-1100°C
for the OP cycle and 600-1100°C for the TFB cycle. The tests performed at
Tmax = 1100°C were regularly interrupted to take replicas of the surface which were
used to investigate crack initiation and propagation by means of scanning electron
microscopy (SEM).

The TMF results are compared to the TF life previously obtained on self
constrained blade shaped specimens cycled between 200-1100°C [4, 5]. The TF tests
were performed under temperature-time cycles of 60 s heating and 20 s cooling
periods. The tests were regularly interrupted to allow microscopic observations by
SEM and optical microscopy directly on the specimen. Fig. 1 shows the thermal
cycles used for the TF and TMF experiments, while the mechanical strain-
temperature cycles under TMF (600-1100°C and Ae,, = 0.7%) are compared to TF
(200-1100°C and As,, = 0.69%) in Fig. 2. It can be seen that the mechanical strain
ratio, R, = €nin/Smax, Was approximately -1 for all tests.

One important difference between TMF and TF tests is the applied strain rate. In
fact, the strain rate at the very beginning of heating and cooling under TF
(2.4 - 10% s and 102 s’ respectively) is much higher than under the TMF
experiment (-2.5 - 10“ s and 1.5 - 10 s°1). Therefore, if the mechanical behaviour
of the alloy is sensitive to the strain rate, the TF and TMF results must be compared
with care.
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Figure 1. Temperature-time cycles used for TF and TMF tests.

3. Results and Discussion

For both OP and TFB cycles, the specimen is under compression at the highest
temperature part of the cycle. Therefore, stress relaxation occurs in compression
during the first cycles, a higher relaxation being observed under the TFB cycle. This
stress relaxation results in the development of a positive mean stress. The stabilised
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stress-mechanical strain and stress-temperature hysteresis loops for the OP and TFB
cycles (Ae,=0.7%) are reported in Fig. 3.
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Figure 2. Mechanical strain-temperature cycles used for TF and TMF tests.

750 r—TT T 11
500} __ 500f

g &

s | g |

=250 w 250

2 | 21

E - j: -

b7 [ “ [
0 0

1.1y A ENUUN DU NP R/} S S RPN B R S
-0.4 -0.2 0 0.2 04 600 700 800 900 1000 1100

mechanical strain [%] temperature [°C]
Figure 3. Stabilised hysteresis loops for OP and TFB cycles: a) stress—-mechanical strain loop, b) temperature—

stress loop.

Similarly to thermal fatigue tests [5], oxide-scale spalling was observed during
TMF tests for lower mechanical strain ranges. Under higher strain multiple crack
initiation was observed; in this case the main crack is formed by the coalescence of
small cracks. More cracks were nucleated under OP cycle. Cracks always initiated on
oxidised residual cast pores located in interdendritic zones, Figs. 4a-c.

Two fatigue lives are defined in the present investigation: crack initiation life (Ny),
corresponding to the number of cycles to form a 0.1 mm crack depth, and total
fatigue life (Np), defined as the number of cycles where a decrease of 5% in the
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maximum stress is observed. This 5% reduction in stress corresponds approximately
to the formation of a single 1 mm crack depth (= TMF specimen wall thickness).

a)
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L00pm

Figure 4. SEM micrographs of surface crack initiation at micropores: a) OP-TMF, 1500 cycles (replica),
b) TFB-TMF, 4000 cycles (replica), ¢) TF (200-1100°C), 1040 cycles.

The TMF and TF lives are reported in Figs. 5a-f. It can be seen that the OP cycle
results into a shorter life as compared to the TFB cycle (about a factor two). A
decrease of the maximum cycle temperature from 1100°C to 900°C extends
significantly the total fatigue life, as is shown for the OP cycle (the crack initiation
life was not determined for the tests performed at Ty, = 900°C).

Under the test conditions applied, TF tests result in a lower life than the TMF
tests conducted under TFB cycles (similar strain-temperature history). On the other
hand, comparable lives are obtained in TF tests and OP-TMF tests conducted
between 600-1100°C.

During creep, high temperature low-cycle fatigue, thermo-mechanical fatigue and
thermal fatigue loading, the y-y' microstructure of superalloys changes according to
the applied strain-temperature-time history [7-9]. Microstructure investigations near
the surface (=50 pm depth) have revealed that, for the same strain range (0.7%),
three different y-y' rafted structures are developed under the two TMF cycles and the
TF loading (Fig. 6).

For the TFB specimen (5400 cycles) the y' rafted structure is well developed
parallel to the stress axis (Fig. 6b), because the alloy is under significant compression
between 850-1100°C (Fig. 3b). This type of rafted structure is typically obtained
under compressive creep tests. Under the OP test (1600 cycles) the rafted structure is
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less developed (Fig. 6a), as the time spent in compression at high temperatures is
shorter. Under TF (2000 cycles, Fig. 6¢) the original cubic y'-structure is significantly
coarsened, but less rafted than after TFB cycling. This leads to the presumption that
the alloy is subjected to lower compressive stresses near the surface at high
temperature for the thermal fatigue test.

The fatigue life curves and the observations of the microstructure clearly show
that different damage accumulation mechanisms can occur under non-isothermal
fatigue loading depending upon the strain-temperature-time history applied. For the
test condition reported here, it seems that the rafted y-y' structure developed parallel
to the stress axis improves the TMF resistance of the alloy. Therefore, although
thermal fatigue and OP-TMF experiments result into comparable fatigue lives, the
damaging mechanisms near the surface are probably different as they present distinct
v-y' structures.
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Figure 5. Crack initiation life and total life as a function of: (a), (b) mechanical strain range Asn, and (c), (d)
stress range. The stress ranges presented for the thermal fatigue (TF) tests were obtained from elastic
calculations.



C.C. ENGLER-PINTO JR. et al.

156

1000

[edIA] sseqjs winuwxews

10000

3000
total life, Nf

3000
crack initiation life, Ni

1000

Figure 5 (cont.). Crack initiation life and total life as a function of: (¢),(f) maximum stress.

TMF: TFB-cycle | TF
5400 cycles 2000 cycles

TMEF: OP-cycle
1600 cycles

I

I

|
c
O]
I

I

I

I

I

|
c
®
I

I

I

5]
=]
<
=
o
~
=
g
- — =~ D>
5]
=]
<
=
="
~
-
=
S
N’
—_— - - O >
o
=]
<
=
o
\l_/
-
=
(=)
S

(100)-plane (100)-plane

(100)-plane

¥-Y' microstructure after cycling with 1100°C maximum cycle temperature and 0.7% mechanical

strain range: a) OP-TMF test, b) TFB-TMF test, ¢) TF test.

Figure 6.



THERMO-MECHANICAL FATIGUE OF SRR99 157

4. Conclusion

The thermo-mechanical fatigue behaviour of SRR99 was investigated under out-of-
phase and thermal-fatigue-based cycles. Stress relaxation leading to a positive mean
stress occurred under both TMF cycles. For the test conditions investigated, SRR99
presents a shorter TMF life under the OP cycle than under the TFB cycle. Moreover,
the life under thermal fatigue is shorter than under the TFB-TMF cycle, which
experiences a similar mechanical strain-temperature history. An identical mechanism
of crack initiation at the interdendritic oxidised pores is observed for all tests, but the
evolution of the microstructure is not the same due to the different strain-tempe-
rature-time histories. The development of a rafted y-y' structure parallel to the stress
axis seems to have a beneficial effect on the TMF life.
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1. Introduction

Thermomechanical fatigue experiments were conducted under strain-control with two
different strain-temperature loops, simulating the loading situation at critical
locations of aero-engine turbine blades. These cycles (-135°lag cycles with R-ratios
equal to zero and to -0, Tyy= 300°C, Tyna=1050°C; and an in-phase cycle with R.=0
and Tp;= 300°C, T.a=850°C) were applied to two different single crystal nickel base
alloys (SRR99 and CMSX6). Crack initiation and propagation were monitored in-situ
by means of a computer vision system throughout the test at predefined numbers of
cycles. It was shown that the specimen life under the influence of the -135°lag cycle
is mainly controlled by crack propagation. Scanning electron microscopic
investigations of the side and fracture surface of the specimens reveal multiple crack
initiation at sites of preferential oxidation. The fracture surface indicates that crack
propagation is mainly in a penny-shaped configuration. The in-phase cycle causes
crack initiation from internal porosity; therefore an analysis based on surface observa-
tions is not possible. A detailed description of the TMF testing is given in [16]. To
analyze the crack propagation under TMF loading a number of isothermal crack
growth tests were conducted to study the influence of time, temperature and R-ratio
on the crack growth rate.

2. Materials and Experimental Procedure

The materials used in this study were the two nickel base superalloys SRR99 and
CMSX6. The material was cast in cylindrical form and grown to single crystals with
the longitudinal direction within an angular deviation of smaller than 10° of the
crystallographic direction [001]. From these cylindrical bars corner crack (CC) speci-
mens (with square cross section of 8x8 mm? and threaded ends) were machined, after
X-ray diffraction analysis via the Laue technique, to align the side faces of the speci-
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men with crystallographic planes of type {100}. To localise crack initiation a small
artificial spot welding defect was produced at the corner, with a depth of 50 - 100 pm.
The DC potential drop technique was applied to monitor crack propagation. To
obtain a sufficiently high resolution, 50 um thick platinum leads were spot welded
near the edges of the notch. Crack depth was calculated from the potential values
measured based on [1] calibrated with a beach mark technique [2] with the assump-
tion that the crack could be handled as semicircular and the notch is only an ex-
tension of the crack length. The stress intensity factors were calculated with regard to
[3] based on crack extension in the depth direction and the assumption of a quarter-
circular crack, because the study concentrated on crack propagation in the [001]-
direction. The crack growth rate is calculated between individual measurements if the
crack extension exceeds 10 pm and by the difference in crack length divided by the
difference in cycle numbers. The corresponding stress intensity factor range is based
on the mean in crack length and stress range. For these tests, which were expected to
start with low crack propagation rates, blockwise testing was applied. The waveform
is defined as a trapezoidal signal abbreviated by the time (in seconds) for up-loading,
dwell at maximum load, down-loading and dwell at minimum load; e. g. 1/1/1/1
means 1 s for up-loading, 1 s at maximum load and so on.

3. Results

Figure 1. Influence of temperature on crack propagation rate of SRR99 with standard waveform (1/1/1/1).
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The influence of temperature was tested with the standard waveform (1/1/1/1). The
crack propagation rate of SRR99 is shown in Fig. 1 as a function of the stress
intensity factor range. There is an clear acceleration with increasing temperature
above 600°C. A comparable result was obtained with CMSX6 (Fig. 2). But some
differences are obvious. Whereas the results of CMSX6 indicate no influence of a
crack growth threshold for temperatures below 1050°C, that influence is obvious in
most of the results for SRR99. Even at 600°C a clear deviation from the linear
correlation in the Paris regime is observed. It was made certain that there is no
retarding effect of the crack initiation procedure. Crack initiation was done with a
sinusoidal signal of 5 Hz. At the end of this procedure the crack propagates in both
materials with comparable rate. Changing to the standard signal for the crack
propagation rate test at 600°C and 900°C, leads to a considerable deceleration in
SRR99, partly necessitating an increase in the stress range, but not in CMSX6. This
indicates that at higher temperatures the crack growth threshold is higher for lower
frequencies. A comparison of the crack propagation rates of CMSX6 and SRR99
yields one scatterband for all K-values higher than 12 MPavm at 500°C and 600°C.
For lower stress intensity factor ranges the crack propagation rate of SRR99 at 600°C
deviates considerably from the Paris line indicating the approach of a threshold. The
same observation holds for 900°C if K is less than 15 MPavm. At higher stress
intensity factor ranges the crack propagation rate of both materials is comparable.
The tests at higher temperatures show that the threshold now again is lower than at
900°C and the crack propagation rate is higher, but as the temperature deviates by
50°C, a comparison of the materials is impossible.

Figure 2. Influence of temperature on crack propagation rate of CMSX6 with standard waveform (1/1/1/1).

The influence of the different loading rate applied during the TMF test (which is
30 s for heating from Ty to Trax and 60 s for cooling) compared to the crack growth
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test signal 1/1/1/1 was investigated by testing with a signal of 30/0.5/60/0 at 900°C.
This temperature was chosen, because a comparison of the above mentioned results
with the crack propagation rates in TMF tests indicates comparable rates for a
temperature near to 900°C. The results for both materials are given in Figs. 3 and 4

Figure 3. Influence of loading rate on cack propagation rate of SRR99 at a temperature of 900°C.

respectively. Compared to the standard signal the crack growth rate is higher by a
factor of about 2.5 for both materials. The influence of the different R-ratio in the
TMF test ( TMF cycling with a strain-ratio R.=0 and - leads after some percentage
of the lifetime to a comparable stress-ratio of approximately R,=-0.5) and R;=0 in the
crack growth test was investigated only for CMSX6. Fig. 5 shows a comparison of the
crack propagation rate with R,=0 to a test with R,=-0.5. For the R; =-0.5 test the
stress intensity factor range was evaluated in two different ways, one accounting for
the whole stress range, the other only for the tensile part of it. The R, =0 result lies
between the two, but nearer to the result based on the whole range. All cracks propa-
gated on planes approximately perpendicular to the stress axis. The fracture surface
of tests performed at 500°C and 600°C is smooth, with some small irregular features
and a regular pattern of lines perpendicular to the crack growth direction. This pat-
tern is usually described as striations, but a comparison of the spacing at a crack
depth of 0.5 mm (AK = 12 MPaVm, da/dN = 0.02 pm/cycle) and at a depth of 2 mm
(AK = 30 MPaVm, da/dN = 0.3 pm/cycle) shows almost the same spacing of 0.5 pm
(Fig. 6). Striations are usually thought to reflect the plasticity controlled opening
(blunting) and closing of the crack tip during one cycle, which would contradict the
crack growth measurement. This indicates that the pattern in Figs. 6a, b is caused by
some other plasticity related effect, e.g. correlated to the periodicity of the
microstructure. At higher temperatures the fracture surface is covered with an oxide
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scale, which determines the appearance; differences in loading rates are not
discernible.

Figure 4. Influence of loading rate on crack propagation rate of CMSX6 at a temperature of 900°C.

4. Discussion

Crack propagation in nickel-base superalloys shows only little influence of tempera-
ture and frequency at intermediate temperatures [4-6]. Part of that influence can
usually be accounted for by the well-known temperature dependence of the elastic
constants (Young's modulus) and the (cyclic) yield strength, both controlling the
crack tip plasticity and therefore the crack advance per cycle. As temperatures
increase above 600°C and for frequencies below 1 Hz, additional temperature
dependent processes accelerate the crack propagation rate and the crack path
changes from transgranular to partly or totally intergranular. There is some
disagreement in the literature [5-7] but most authors attribute that acceleration to an
influence of the oxidation, based on several observations, e.g.
- the crack propagation rate in vacuum [8] is not accelerated at temperatures where
acceleration under the influence of air/oxygen is observed
- the crack propagation rate in the interior of specimen [4] is not accelerated at
temperatures where on acceleration is observed for cracks at the specimen surface
- the crack propagation rate is often orders of magnitude higher than under static
load.
In single crystals the crack propagation rate is additionally influenced by the mode
(stage I/IT) and the crystallographic orientation of the crack plane and crack growth
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direction [10-13]. To avoid the effect of such variables, this study concentrated on a
fixed crystallographic orientation of the specimens. In order to differentiate the
different mechanisms it is possible to show the crack propagation rate for a fixed

Figure 5. Influence of R-ratio on crack propagation rate of CMSXG6 at a temperature of 900°C.

Figure 6. Fracture surface at a crack depth of 0.5mm (left) and 2.0mm (right)
showing comparable striation spacing.

crack driving force, e.g. the crack opening displacement as a function of the inverse
temperature (Fig. 7) [4]. Data from previous studies on the same alloy were used.
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The crack propagation rate is controlled by an almost temperature-independent part
(fatigue) and a thermally activated acceleration (cc: corrosion or creep), which is
probably an oxidation phenomenon as previously discussed. That can be described by
a linear superposition [4]:

L= 2 ) + 2 o) M

The thermally activated part may be written as:

& (cc) = Co expl—o I S K" ®

It is obvious that the influence of a different loading rate or period t can be trans-
ferred to another temperature. The above-mentioned description characterizes the
behaviour in the Paris regime. Concerning the experimental data, the crack propaga-
tion rate of both alloys is independent of thermally activated processes at tempera-
tures below 800°C, which leads to comparable rates and frequency independent
behaviour for 500°C and 600°C over most of the stress intensity factor range investi-
gated. At 900°C the behaviour changes drastically. Whereas at the upper end of the
AK range the crack gowth rates of both materials approach one another, they differ by
an order of magnitude at AK=10 MPaVm. That difference is, however, mainly caused
by a difference in threshold. There is some evidence in the literature [14,15], in
agreement with the reported results, that in nickel-base alloys the threshold for crack
propagation increases with temperature, sometimes resulting in a cross-over of the
crack growth curves for different temperatures. A possible explanation for that behav-
iour is that the same process which accelerates the crack propagation rate at high
stress intensity factor ranges caused the higher threshold [10]. The oxide build-up
leads to a closure effect. For SRR99 that behaviour is also found in [10]. Comparing
the data of this study to [10, 13] shows that the threshold values are less than those
reported in [10, 13]. That agrees with the in-house experience that the threshold for
CC specimens is lower than those of the usually applied Compact Tension geometry
(CT). At higher temperatures two opposing effects now shift the threshold back to
lower values. The faster crack growth rate due to faster oxidation rates at higher
temperature is countered by the dramatically declining yield strength.

To compare the isothermal crack propagation rate to the rates under TMF
loading, one has to account for the different loading rate and the different R-ratio.
That is done by shifting the SRR99 curve for 900°C and slow loading rate by a factor
of 2 which allows for the change in R-ratio. The result is given in Fig. 8, which
shows data points of the crack growth rate for several cracks on the side surface of a
TMF specimen. Interference can partly decelerate their growth rates. But the main
crack, causing failure, is not influenced. Therefore an upper bound, as shown in the
diagram, is thought to best represent the results. Comparison to the isothermal data
shows that the crack growth rates approach one another at AK=10 MPa*fh—l, but the
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slope of the isothermal data is steeper. The observation that the crack growth rate
under TMF loading is comparable to that under isothermal LCF at 900°C (which is
accelerated by oxidation, Fig. 7) indicates a thermal activation, but less than for an
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Figure 7. Crack growth rate of a constant crack opening displacement as function of the inverse temperature.

isothermal crack propagation rate at maximum temperature. That is consistent with
the interpretation that the acceleration in TMF is based on the build-up of oxide at
the crack tip, which should be influenced by the fact that in TMF cycling the crack
tip spends only a small part of the test cycle at high temperature. On the other hand
the different slopes of the curve and the fact that there are cracks propagating at a
stress intensity factor range much smaller than the value estimated from the iso-
thermal tests indicate that the TMF behaviour can hardly be represented by LCF data
at some equivalent temperature. A more detailed investigation of the relationship
between stress and temperature shows that at high temperatures the stresses are low,
causing crack closure. Therefore neither plastic deformation nor oxidation occurs at
the crack tip. As a result of that, the crack growth rate is not accelerated by oxidation.
Also an increase of the threshold, as one would expect for isothermal crack growth,
caused by an oxide induced closure, is suppressed. At low temperatures, stresses
reach their maximum but plasticity is small and oxidation has only a small chance to
embrittle the crack tip of the now-open crack. This is a plausible explanation of the
surprisingly low crack growth rate under TMF loading.

S. Summary and Conclusion

The number of cycles till fracture under TMF loading is mainly controlled by crack
propagation [16]. To study the contribution of different parameters to the isothermal
crack propagation rate during LCF, the influence of temperature, loading rate and
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R-ratio were investigated for the two single crystal nickelbase alloys SRR99 and
CMSXe6. It was found that the crack propagation for a trapezoidal signal of 0.25 Hz is
mainly controlled by fatigue below temperatures of 800°C, but the threshold value in
SRR99 is increased with respect to CMSX6 as the result of oxide induced closure. At
900°C the crack propagation rate is accelerated with respect to the lower
temperatures for both alloys at high stress intensity factor ranges, but the different
behaviour of the threshold causes an order of magnitude difference at a stress
intensity factor range of about 10 MPaVm. A comparison with the crack propagation
rate under TMF loading indicates rates comparable with those for isothermal crack
growth at 900°C. A different slope in the Paris regime and a difference in the thresh-
old value shows that a clear understanding necessitates additional investigations
focusing on:

- a study of the influence of the specimen form,

- a comparison of the crack growth rate under isothermal and TMF loading tested

with the same specimen and crack length measurement method.
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Figure 8. Comparison of crack growth rate for TMF loading with isothermal crack growth rate at 900°C.
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INFLUENCE OF CYCLE SHAPE AND SPECIMEN GEOMETRY ON TMF
OF AN ODS NICKEL-BASE SUPERALLOY
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1. Introduction

The gas turbine components of jet engines and power plants are usually subjected to
cyclic stresses and strains during thermal transients induced by start up and shut
down. The resulting thermal/mechanical fatigue cycling determines times to failure
and fracture mode of the components that are not always well reproduced by
laboratory isothermal low cycle fatigue tests. In order to improve the information on
high temperature mechanical properties of the alloys used for turbine components like
vanes and blades, the thermal mechanical fatigue technique was introduced several
years ago [1, 2]. The most important advantage of this technique is the capability to
test the material with temperature and strain conditions as close as possible to those
of the components in service, in particular for those new, high technology alloys that
may exhibit peculiar response to in service loading, due to heterogeneity,
anisotropy, etc. [3].

Since TMF testing is a time consuming technique, the main goal of the
researchers is to investigate whether low cycle fatigue, sensibly shorter and less
expensive, is able to predict the fatigue life also during TMF conditions. The results
obtained till now are contradictory as in some cases isothermal LCF and TMF lives
are similar [4, 5], while in other cases they are strongly different [6, 7].

This paper describes the results of a study where the thermal mechanical fatigue
(TMF) behaviour of ODS MA 6000 superalloy was investigated in the temperature
range of 550°C - 1050°C. Different thermal mechanical histories, diamond type
(simulating in service conditions), in phase and out of phase were applied to solid and
hollow specimens in order to analyse the influence of cycle shape and specimen
geometry on TMF life.

2. Material and Experimental Procedures

Inconel MA 6000 alloy is a powder metallurgy nickel-base superalloy produced by the
mechanical alloying process and containing a finely distributed dispersoid of yttrium
oxide (Y,0s). The presence of these fine particles allows to extend the operating
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temperature to about 1100°C [8]. The nominal composition of the alloy is given in
Table 1.

The material has been supplied in the form of hot rolled bars after the following
heat treatment: 1230°C for ¥; hr air cooled + 950°C for 2 hrs air cooled + 850°C for
24 hrs air cooled. The final microstructure presents large elongated grains in the hot
rolling direction.

The TMF tests were performed by a servohydraulic closed loop machine on
cylindrical specimens with 7 mm diameter and 12 mm gauge length. Some tests were
performed on hollow specimens with 7 mm external diameter and 1.5 mm thickness.
Hollow was made by spark erosion and no polishing was performed in the internal
surface.

The samples were heated by an induction coil and the temperature was controlled
by a thermocouple spot-welded onto the specimen.

TABLE 1. Chemical composition of MA 6000 alloy in wt%.

C Ta W Fe Zr N Cr Ti
0.059 1.97 4.12 0.94 0.13 0.16 14.94 2.23
Al B(an’l) Mo Ni S (0] YzOs
4.26 110 2.04 bal 0.005 0.58 1.09
1
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Figure 1. Shape of the TMF cycles.
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The TMF cycles adopted are shown in Fig. 1. Arrows indicate the cycling
direction and starting point. In the diamond cycle (D cycle) the time is indicated for
each segment respectively.

The tests were carried out in the temperature range of 550°C - 1050°C fully
reversed in total strain range control. The D cycle models the temperature variations
of uncooled vanes during in-service start-up and shut-down [9]; the cycle time of
210 s is the minimum value obtainable without cooling on the specimen. The
influence of cycle shape on the TMF results was analysed by performing in phase (IP)
and out of phase (OP) cycles with the same temperature range of the diamond cycle
(550°C - 1050°C) and cycle time of 210 s. The influence of the specimen geometry
was investigated by performing tests on hollow samples using the D cycle, due to the
scarce material availability and to the long endurance of TMF experiments. The
fatigue damage was analysed by scanning electron microscopy (SEM) observations of
fracture surfaces.

3. Experimental Results and Discussions Testing
3.1. TMF RESULTS

The hysteresis loops generated by D, IP and OP cycles are sensibly different, as
shown in Figs. 2 - 5, where the stress response as a function of the mechanical strain
is plotted. The hysteresis loops of solid and hollow specimens when applying a D
cycle are similar in shape, but the stress response is slightly higher and hysteresis
loop area is smaller for hollow specimens.

1500

TMF D, solid

1000

500 <

Stress, MPa
(=]

-500

1000
Cycle 80

-1500 T I
-1 -0.5 o} 0.5 1

Mechanical Strain, %
Figure 2. Hysteresis loop generated in a D cycle.
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Figure 4. Hysteresis loop generated by an OP cycle.

Figure 5. Hysteresis loop generated by a D cycle on a hollow specimen.
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Fig. 6 presents the TMF results plotted as mechanical strain range versus number
of cycles to failure. Failure was assumed when a 20% stress response was reached. In
some test the complete failure occurred before stress drop. The longest fatigue life is
obtained on solid specimens tested applying by a D cycle. When IP and OP cycles are
used or hollow specimens are tested, a remarkable fatigue life reduction and a wider
increased scatterband are observed. However, taking into account the complexity of
the TMF testing procedure and the results obtained in a round robin testing
performed by European laboratories [10], a maximum scatterband of a factor of 2 to 4
for each type of experiment can be considered satisfactory.

2
MA 6000 TMF A
1.75 T =550°C - 1050°C D, hollow
|
D, solid
1.5 '
:0. = X
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l?: 1.25"‘ - r_.]
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N, Cycles to Failure

Figure 6. Comparison of TMF results in different testing conditions.

3.2. FRACTURE SURFACE EXAMINATION

Examination of the fracture surface after isothermal fatigue damage revealed crack
(or cracks) initiation at the external surface of the specimen and propagation in stage
IT mode with or without the presence of fatigue striations according to the material
ductility or brittleness [10].

This behaviour is also observed in TMF testing, even if the time per cycle is
considerably longer. After a relatively short or long time to crack initiation,
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correlated to the cycle shape and to the imposed strain range, cracks generally start
on the external surface and propagate transgranularly in stage II mode.

Fig. 7 shows an example of crack initiation on a specimen tested with a D cycle at
a mechanical strain range of 1%. Initiation is located at the surface and cracks
propagate inward with the presence of fatigue striations. In this specimen multiple
crack initiation has been observed. One of the cracks initiated in the specimen bulk at
a casting pore (Fig. 8). However multiple crack initiation is found more frequently at
lower mechanical strain ranges.

Figure 7. Aspect of the fracture surface: D cycle, As = 1%, N= 140.

Figure 8. The same specimen of Fig. 7 showing a crack initiation in correspondence of pores.
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The appearance of the fracture surface morphology is similar for IP and OP tests.
Surface crack initiation and transgranular propagation are observed on the specimens
tested in these experimental conditions. The specimens tested with the IP cycle show
no fatigue striations (Fig. 9) and a large distribution of secondary cracks (Fig. 10). In
the fracture surfaces produced by OP cycling several zones with fatigue striations and
no secondary cracks have been observed (Fig. 11).

In hollow specimens tested with a D cycle, cracks frequently initiate at the
internal surface (Fig. 12) and fatigue striations are also apparent. In the same tests
external surface crack initiation has also been observed.

Figure 9. Fracture surface showing crack initiation: IP cycle, As = 0.9%, N= 182.

Figure 10. The same specimen of Fig. 9 showing large secondary cracks.
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Figure 11. Aspect of the fracture surface: OP cycle, As = 0.9%, N= 157.

Figure 12. Fracture surface of a hollow specimen: D cycle , As = 0.9%, N=200.
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3.3. DISCUSSION

The experimental results obtained on MA 6000 alloy have shown a strong influence
of the cycle shape on the fatigue life. The short lives observed during IP and OP
cycling can be ascribed to their greater damaging effect. In fact, the maximum
temperature is coincident with the maximum tensile strain and the maximum
compressive strain respectively.

The characteristics of the cycle shape are reflected by the plot of stress amplitude
versus imposed mechanical strain, evaluated at half life (Fig. 13). The stress response
for IP and OP cycles is lower than that of a D cycle, confirming a lower stress
carrying capability of the material due to the extreme temperature in correspondence
to the maximum and minimum strain imposed. For the hollow specimen tested with a
D cycle, the stress response is comparable to that of the solid specimen, and the same
fatigue life would be expected. The sensible life reduction observed may be ascribed
either to the increased - surface area (external and internal) at which cracks can
incubate, or to a different stress distribution possibly due to a different temperature
profile. These conditions can markedly reduce the time to crack nucleation.

2500
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Figure 13. Stress amplitude versus strain range evaluated at half life.
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Conclusions

The analysis of the TMF testing performed on MA 6000 alloy in the temperature
range of 550°C - 1050°C with different cycles and specimen geometries leads to the
following conclusions:

The IP and OP cycling on solid specimens results in a reduction of fatigue life and
in an increase of the scatterband with respect to the D cycle.

The fatigue life of hollow specimens is sensibly lower than that of solid specimens
tested with the same D cycle, probably due to a reduced time of crack incubation
and to different temperature distribution.

Cracks generally initiate at the external surface and propagate in the
transgranular mode with the presence of fatigue striations; in the specimens
tested with IP cycling secondary cracks and the absence of striations are
observed; in hollow specimens cracks frequently start at the internal surface.
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1. Introduction

In the literature one can generally find the description of the investigations of
strength and fracture behaviour of materials subjected to one type of loading, e.g.
short- or long-term static loading, low-cycle loading, high-cycle loading, etc.

Yet in real structures, for instance in aircraft gas turbine engines, the elements are
subject to a combined action of static, lowcycle and high-cycle loads under
conditions of variable high temperatures. The laws of deformation and ultimate
failure criteria of materials under these conditions have not been adequately studied.

At the Institute for Problems of Strength extensive investigations were performed
into high-cycle fatigue in bending of nickel and titanium alloys, used in gas turbine
industry, under conditions of fast heating up inducing high thermal stresses and
simultancously applied additional static tensile stresses [1-6]. The paper presents the
results of these investigations.

2. Materials

The investigations were performed on high-temperature nickel and titanium alloys.
Deformable nickel alloys EI598, EI698, EP693, EP962 are used to manufacture gas
turbine blades which operate at 1073 to 1123 K. Cast nickel alloy ZhS6KP is used for
service temperatures up to 1450 K.

High-temperature titanium alloys VIT6 and VT9 are used to manufacture
compressor discs and blades operating at temperatures up to 773 K. Chemical
composition and mechanical properties of the materials studied are listed in Table 1.
In this table T is the test temperature, oo, is 0.2% offset yield stress, o, is the
ultimate strength, J is the relative elongation, v is the relative reduction in the cross-
section area, ¢, is the fatigue limit under rotating bending [4].
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TABLE 1. Mechanical properties of the alloys studied (average values).

Material T o2 Cu o.1 S ]
K MPa MPa MPa % %
Nickel alloys
EI598 (17.5% Cr, 1.35% Al, 293 685 1000 340 185 205
2.25%Ti, 5.0 % Mo, 0.9 % Nb) 1073 540 740 330 8.0 13.0
EI698 (14.5% Cr, 1.5% Al, 293 750 1150 340 27.5 275
2.5% Ti, 3.0% W, 1.55 % Nb) 923 630 1050 420 130 275
EP693 293 610 1020 440 460 38.0
1073 610 650 270 155 19.0
EP 962 293 950 1350 493 — —
* 1073 860 1010 455 33 6.9
ZhS6KP (10% Cr, 2.6% Ti, 293 825 1325 520 15.0 185
4.3% Al, 3.0% W, 5.0% Mo) 1173 475 775 360 110 17.5
Titanium alloys
VT6 (6.0% W, 4.0% V) 293 970 1000 510 10.0 300
773 450 580 252 — —
VT9 (6.4% Al 2.4% Mo, 293 1030 1200 620 11.0 30.0
0.25 Fe) 773 660 850 540 140 60.0

* Test temperature is 673 K

2. Experimental Procedure and Processing of Results
2.1. EXPERIMENTAL EQUIPMENT

The scheme of the test set-up which enables high-cycle fatigue investigation under
isothermal and nonisothermal conditions is shown in Fig. 1. Here the specimen (1) is
gripped in the collets of the spindles which are set in rotation by the electric motor
(3). The rotating specimen is subjected to bending by weights (2) at a frequency of
about 50 Hz. The hydraulic system (4) allows static and low-cycle tensile loads up to
10 kN. Hour-glass specimens from nickel and titanium alloys were used with the
diameter of the working section of 5 and 6 mm, respectively.

The specimen was cyclically heated with a high-frequency (440 kHz) generator (5)
and an induction heater (6). In order to increase the temperature difference within a
cycle in some tests the specimen was cooled with cooler (7). Prior to the realization of
a specified thermal cycle for each material and loading regime the calibration of the
specimen temperature was done with the use of thermocouples welded to the
specimen and of a current collector which enables picking up signals from the
rotating specimen during testing.

The data obtained were used for the computation of thermal stresses and for
choosing the time of specimen heating and cooling in a cycle, which was controlled
automatically during the test.

The temperature during the test was controlled with an optical pyrometer and a
recording device. The pyrometer enables the threshold temperature to be specified,
the excess of which makes the specimen heating system to be automatically de-
energized, thus inhibiting the possibility of specimen overheating.



FATIGUE UNDER THERMAL CYCLING CONDITIONS 181
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Figure 1. Schematic of the test set-up.

In isothermal tests a radiant heating furnace was used with a heater made of a
high-temperature alloy, in combination with a system for automated maintaining of
the specified temperature and its control.

Substantial attention was also paid to the calibration of the loading systems. Here
the main issue is to establish the relation between the magnitude of the weight (2) in
Fig. 1 and the bending moment in the specimen cross-section in the presence of an
axial tensile force. With an increase of the tensile force, the bending moment
decreases, with the magnitude of the weight being the same. The value of the
additional torque, which was induced by the friction forces in the bearings, was also
determined in the specimen cross-section. This is particularly important in the
presence of an axial load.

2.2. THERMAL STRESS STATE OF SPECIMENS

The thermal stress state of the specimens was studied using the finite element
method. First the non-stationary thermal conductivity problem was solved, where
specific features of induction heating were taken into account, as well as the
dependence of the material thermal-physical properties on the temperature. The
computations were based upon the temperature values measured by thermocouples
attached along the specimen perimeter. Next the quasistatic thermoelasticity problem
was solved for specific moments in time considering the acting loads and nonuniform
temperature field. This calculation procedure is described in [2, 4].

Fig. 2a gives a schematic representation of the axial o, , tangential o and radial
o, thermal stress distribution along the specimen radius for a heating half-cycle.
Fig. 2b shows the variation of axial thermal stresses on the specimen surface (c,;)
and in its centre (c,,) depending on time t. With the thermal cycling regimes used,
thermal tensile stresses occurring on the specimen surface in the cooling half-cycle
were insignificant.
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Figure 2. Scheme of thermal stress variation in a specimen (a, b) and distribution of stress components along
the specimen diameter for different stages of temperature cycle and different values of an axial load
(c, d) for the EI598 alloy.

Fig. 2c presents typical distributions of thermal stresses o, bending stress
amplitudes o, and total stresses oy along the specimen cross-section at superimposed
tensile stress o=0 for a heating half-cycle (I) and for a cooling half-cycle (II). Fig. 2d
shows similar data for 6>0. From these figures it follows that under
thermomechanical loading a very complex pattern of stress distribution along the
specimen cross-section is generated which changes appreciably with time.

The analysis performed revealed that the maximum range of total stresses within a
temperature cycle is observed on the specimen surface where, according to the
analysis of the fracture surfaces, fatigue cracks are generally nucleated. For this
reason, the results of the investigation of high-cycle fatigue were analyzed using the
characteristics of the stress state in the surface layer of the specimen working section.
The maximum o, value within a cycle was taken as the thermal stress characteristic,
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which is designated o7 from here on. The analysis made in [2] revealed that for the
stress state, which occurs on the specimen surface during its fast heating, the
equivalent stresses calculated by the theories of maximum normal stresses, maximum
shear stresses and the shape change energy are close to the o, value. The cycle
temperature (T, Tmex), the heating time (t,), the time of the temperature cycle (t.)
and the absolute maximum values of thermal stresses on the surface [or]pax are listed
in Table 2, where oy and (oR)c are the experimental values of the fatigue limit for 107
cycles and the values calculated by means of the linear damage summation rule,

respectively.

TABLE 2. Results of the investigation of high-cycle fatigue for alloys under thermal cycling.

Material Regime of thermal cycling G Ok (Or)c  Or/(OR):
T th 1t [o7)max MPa MPa MPa
K s s MPa
Nickel alloys

EI598 473—1073 2 60 206 0 170 330 0.52
473—1073 3 60 138 0 180 — —

473—1073 395 1250 0 0 325 340 0.96

673 _ 60 0 40—250 240 —_ —

973 — 60 0 40—250 230 — —

1073 — 60 0 40—250 200 — —

EI698 173—923 2 250 398 0 360 — —
173—923 2 250 398 300 100 — —

513—923 1.0 20 375 0 312 343 0.97

513—923 1.0 20 375 300 145 190 0.76

513—923 24 40 240 0 350 355 0.98

513—923 2.4 40 240 300 185 200 0.93

EP693 473—1073 3 60 138 0 180 330 0.55
EP962 513—1073 1.2 60 340 0 312 343 0.97
513—1073 1.2 60 340 300 232 315 0.74

513—1073 3.0 60 170 0 383 445 0.86

513—1073 3.0 60 170 300 260 320 0.81
ZhS6KP 473—1173 30 60 235 0 250 440 0.57

Titanium alloys

vT9 473—773 1 70 219 200 230 415 0.55
473—773 3 70 72.5 200 340 400 0.85

473—773 105 595 0 0 520 550 0.95

293 — 120 0 0—200 380 — —

573 — 120 0 0200 420 — —

673 — 120 0 0—200 360 — —

773 — 120 0 0200 240 — —
VTé 473773 1.0 50 120 0 357 395 0.90
473—1773 1.0 50 120 100 294 355 0.83

473—773 2.0 70 75 0 390 407 0.95

473—1773 2.0 70 75 100 346 370 0.94
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2.3. PROCEDURE OF LIFE CALCULATION USING THE LINEAR DAMAGE
SUMMATION HYPOTHESIS

For convenience of calculation, the curves of the temperature and thermal stress
variation can be substituted by stepped lines. For this case the linear damage
summation hypothesis can be written in the following form:

S
Y=l O
T 1
where t; is the accumulated operating time at T;, 6, and G; (G = o + O1y); 5 is the
time to fracture under isothermal loading at T;, o, and oy, s is the total number of
steps over which the damages are summed. Eq. 1 can be transformed into the
following form:

2 @

where t; is the time to fracture under conditions of thermal cycling, t; is the time of
the temperature cycle, t; is the accumulated operating time at T; within one
temperature cycle, and # is the number of steps within one temperature cycle.

The number of mechanical loading cycles to fracture will be:

Ny=t,-f, €))

where fis the frequency of high-cycle loading.

The ultimate surfaces in the coordinates “o,—o,—t“ for the specified values of
T;, which are needed for calculations by Eq. 2, were constructed from the diagrams in
the coordinates “c,—o,~ corresponding to two specified lifetimes.

The o, Vs o, diagrams were described by the following equation:

o, = a+pfo, +yo, @

where coefficients a,  and y were determined by three experimental points; 6, = ¢,
at o, =0; 6, = O, at Oy, = Oy, G, = 0 at o, = 6). Here o) is the fatigue limit at a fully
reversed loading cycle; o is the long-term strength for a corresponding time to
fracture; 6, , Om; are the intermediate values of o, and ¢, To construct the ultimate
surfaces, the author used both the results of his own and data from the literature.

The ultimate surfaces for tensile and compressive mean stresses were assumed to
be identical. Using Eqs. 2 and 3 the lifetimes for several ¢, values were calculated, by
which the magnitude of the fatigue limit for 10’ cycles was extrapolated.
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A detailed description of the procedure for the construction of ultimate surfaces
and of the calculations involving the linecar damage summation hypothesis is given
elsewhere [4, 7].

3. Experimental Results and Discussion

The results of the investigation into the fatigue limits are listed in Table 2, where
[O7]mex are the maximum absolute values of thermal stresses within a cycle; og , (Or).
are the experimental values of the fatigue limit for 10’ cycles and those calculated by
the linear damage summation hypothesis, respectively.

As it follows from the data listed in Tables 1 and 2, at stresses equal to the fatigue
limit for 107 cycles the total stresses did not exceed the yield stress, which confirms
the possibility of using the formulas of elasticity theory. The results presented in
Table 2 allow to suggest the following. Thermal cycling according to the specified
regimes leads to a reduction of the fatigue limits of the alloys studied as compared to
the results obtained with the linear damage summation hypothesis. This reduction
varies over a wide range for different materials and loading regimes.

The author analyzed the dependence of the results obtained on such factors as
specific features of the induction heating, the magnitude of residual stresses in the
surface layer and the kinetics of their variation during thermal cycling, changes in the
structure of the surface layer during thermal cycling, temperature variation and load
bifrequency which takes place in this case.

The influence of specific features of the induction heating was studied in [6],
where it was shown that no noticeable difference is observed between the fatigue
curves of high-temperature alloys under isothermal conditions obtained by induction
and radiant methods of heating. Analogous results were obtained in [7].

Residual stresses in the surface layer were studied by layer-by-layer etching of the
specimen surface layers and by measuring the specimen deflection during etching
with a subsequent computation of residual stresses by the known formulas [5]. This
method was used to study residual stresses in the specimens after their fabrication
and the kinetics of their changes in the process of thermal cycling.

Fig. 3 shows the variation of axial residual stresses in the surface layer of the
EI698 alloy specimens in the process of loading under thermal cycling conditions
(Fig. 3a) and during isothermal loading (Fig. 3b). Thermal cycling was carried out
according to the following regime: 4733923 K with the heating time t,=1.2s and
t=111s. In Fig. 3a, curve 1 is the initial distribution of residual stresses, curve 2 is
after 3 thermal cycles, curve 3 is after 10 cycles, and curve 4 after 100 cycles.
Loading under isothermal conditions was performed at the same mechanical load at
test temperatures of 473 K (curve 2), 623 K (curve 3) and 923 K (curve 4) with the
test time corresponding to the number of cycles of mechanical loading during 100
thermal cycles. Curve 1 in Fig. 3b corresponds to initial residual stresses [3, 5].

As it follows from Fig. 3, thermal cycling introduces no essential changes in the
residual stress pattern. Much the same results were obtained for the EP692 and VT6
alloys.
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Figure 3. Variation of residual stresses in the surface layer of the EI698 alloy specimens in thermo-cyclic (a)
and isothermal (b) tests.

The condition of the specimen surface layers after different testing regimes was
studied by microhardness measurements and microstructure analysis using an optical
microscope. It was found that with an increase in the isothermal test temperature the
microhardness of nickel alloys EP962 and EP698 decreased, whereas that of titanium
alloy VT6 increased. There is a fixed relation (Fig. 4) between the stabilized level of
the axial residual stresses and the magnitude of microhardness in the specimen
surface layer during mechanical loading under isothermal conditions for the VT6
(Fig. 4a), EI698 (Fig. 4b), and EP962 (Fig. 4c) alloys studied. The points which
characterize the relationship between residual stresses and microhardness under
thermal cycling conditions lie on the same curves in Fig. 4, which suggests that
thermal cycling induces no specific features [5]. The analysis of the alloy
microstructures revealed that thermal cycling causes no specific changes in the
structure as compared to isothermal testing. A more detailed analysis of changes in
the microstructure of the alloys studied is presented elsewhere [3, 5].

In the case when thermal cycling induces no thermal stresses, which corresponds
to the regimes with long heating times for alloys EI598 and VT9 in Table 2, a fair
agreement between the calculated and experimental results is observed.

The loading regime can be classified as a bifrequency one, whereby the low-
frequency stresses correspond to thermal stresses or to the sum of thermal and axial
tensile stresses (ot +oy), and high-frequency stresses correspond to bending stresses.
The ratio of frequencies is about 1:1200 to 1:3500 and that of stress amplitudes
corresponding to the fatigue limit is 1:2 to 1:5. As is shown by the data from the
literature [8, 9] for such stress frequency and amplitude ratios a decline in life is
observed under conditions of bifrequency loading.



FATIGUE UNDER THERMAL CYCLING CONDITIONS 187

Hy-10~% MPa

| | |
T= 773M T=473K \.Z73K
34 42 42
el 73923k Y
/04/73‘:773K T=UTRN F 3k 073K

LY

32 4 44
623K { \
.’473‘;, 923K 47|321073K\\o

250 200 {0 M0 250 235 220 175 150 450 350 250 @;,MPa
o c

Figure 4. Relationship between residual stresses and microhardness.

The influence of bifrequency mode of loading upon high-cycle fatigue of the
EI598 and VT9 alloys was studied on a test set-up analogous to that considered above
(Fig. 1) under isothermal conditions, wherein bending stresses remained constant and
the axial component was changing according to a trapezoidal law close to that which
governs the changes of stresses in the surface layer in the presence of thermal stresses
and the axial load. The results of these investigations are listed in Table 2. They
suggest that bifrequency has an appreciable effect on the fatigue limit of the alloys
studied.

4, Conclusions

A method and the equipment have been developed for the investigation of high-
cycle fatigue of high-temperature alloys under conditions of fast heating. High-cycle
fatigue of high-temperature nickel and titanium alloys has been studied under
conditions of high heating rates which induce considerable thermal stresses on the
specimen surfaces. This testing regime is shown to cause a reduction of the fatigue
limits of the alloys studied as compared to those calculated by the linear damage
summation hypothesis. The degree of the reduction is different for different alloys.
The experimental data have been used to analyze the influence of the following
factors upon the results obtained: induction heating, cyclic temperature variation
which induces no thermal stresses, the kinetics of the variation of residual stresses,
microhardness and the surface layer material structure, load bifrequency. A
conclusion has been made that the reduction of the fatigue limits in high-cycle fatigue
under complex thermo-mechanical loading compared to those obtained by the linear
damage summation hypothesis is attributed primarily to the load bifrequency.
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1. Introduction

Titanium aluminide intermetallics, in particular gamma (y)-based alloys, continue to
be of considerable interest for a number of medium to high temperature turbine
engine applications in the acrospace and energy production industries [1-3]. This is
based on a combination of properties including light weight, good oxidation
resistance with respect to conventional titanium alloys, and good high temperature
mechanical properties. These materials are also becoming critical to the development
of future hydrogen driven energy systems including hypersonic transport [4].

Extensive research and development work has been conducted towards improving
the low temperature ductility of these materials, and towards optimizing critical high
temperature (isothermal) properties, in particular, creep and oxidation behavior. The
behavior of these materials under operational loads and in aggressive environments
is, however, of equal importance for component design and lifing. For hydrogen
based systems, an understanding of the behavior of titanium aluminides under the
combined influence of thermal cyclic loading and hydrogen environments is
especially critical.

It is well known that titanium alloys are sensitive to hydrogen, where the primary
embrittlement mechanism involves the formation of brittle hydrides, e.g. [5]. Hydride
formation leading to a loss in ductility has also been observed in o,,-Ti3Al intermetal-
lics [3]. Hydrogen embrittlement of other intermetallics has been reported as well [6].

The effect of hydrogen on the behavior of y-TiAl is somewhat unclear. A number
of studies on single (y) and dual phase alloys (y + o) report the formation of hydrides
and a reduction in ductility, whereas other researchers have found little hydrogen
uptake and no effect of hydrogen on mechanical behavior in conventional tensile
testing and hydrogen testing {2-3,7-12]. However, under thermal cyclic loading, it
has been clearly shown that hydrogen causes a drastic loss in thermal fatigue life and
a major change in fracture behavior of a y-TiAl alloy (Ti-48A1-2Cr in at.%) [13-16].
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This indicates that the combination of cyclic (thermal), rather than static, loading and
hydrogen can be detrimental to the life of TiAl components. This paper summarizes
the results of this work to date and indicates important areas required for further
study for Ti-intermetallics before they can be used in future high temperature
hydrogen energy systems.

2. Experimental Procedure

Thermal cyclic testing was conducted on a two-phase y-TiAl alloy with the nominal
composition of Ti-48Al1-2Cr (at.%). The material was supplied in the form of a hot-
isostatically-pressed (HIPed) ingot with a two-zone casting microstructure, namely, a
thin layer of chill zone and a well-developed columnar zone (Fig. 1a). A section
through the columnar zone shows a deformed duplex microstructure consisting of
regions of (o, + y) lamellae and equiaxed y-grains (Fig. 1b). The grain size range was
50-300 pm.

Knife-edged specimens designed for thermal fatigue testing were electro-
discharge machined from the ingot in and perpendicular to the columnar zone and
then polished to remove surface defects. The specimen geometry and orientation in
the ingot with respect to the microstructure is shown in Fig. 2. The specimen gage
length thus had the microstructure shown in Fig. 1. This geometry provided a high
surface area-to-volume ratio to maximize the environmental exposure area for
reaction, allowed for rapid forced convective cooling, and ensured a uniform
temperature distribution throughout the sample thickness.

Testing was conducted in a system developed to perform environmentally assisted
thermal fatigue with a preloaded fixed-grip condition on the test specimens. The test
system, shown schematically in Fig. 3, used direct electrical resistance heating to
rapidly heat the specimen and a chilled gas jet for rapid cooling. Testing was
conducted in high purity hydrogen (99.99%), air, or high purity helium (99.995%) as
an inert reference. Thermal cycling was performed between room temperature and
either 750° or 900°C. The specimens were tested with a prestress of 241 MPa (50%
of room-temperature yield strength). The prestress was chosen to avoid compressive
loading and buckling of the specimens at the peak temperature, Out-of-phase cyclic
stresses were obtained, i.e. the maximum stress (241 MPa) occurred at the lowest
temperature, and vice-versa (e.g. 34 MPa at 900°C). Specimens were tested to failure
or to an arbitrarily determined maximum number of cycles. Further details of the test
system and procedures are reported elsewhere [17 ].

Post-test examination of the specimens was conducted to determine the effect of
environment on cracking behavior. Scanning electron microscopy (SEM) and
metallo-graphy were performed in order to characterize fracture surface morphology
of failed specimens, to determine the relationship between microstructure and
cracking in failed and unfailed specimens, and to correlate this information with the
cycles to failure data. An initial mechanistic model for the observed behaviour was
developed.
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Figure 1. Typical microstructure of Ti-48Al-2Cr ingot.
a) Casting microstructure (A-columnar zone, B-center of ingot)
b) Cross section through columnar zone [13,16] (also microstructure of the
flat side of the specimen gage length).

12.7
o)
Knife Edge
¢ [

572 254 p A 127

1 6.3

30° 1
SECTION A-A P :
Dimensions in millimeters specimens viewed edge-on

Figure 2. Specimen geometry and orientation within the ingot (schematic of Fig. 1a).
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3. Results

The results of the thermal fatigue testing are summarized in Table 1 in terms of
cycles to failure as a function of test atmosphere and temperature. It can be seen that
hydrogen causes a drastic reduction in thermal fatigue life at 900°C with respect to
air and helium. Thermal fatigue lives are also reduced in air with respect to helium,
but there is considerable scatter in the data, where three of the six specimens reached
more than 4000 cycles, two of those tests being terminated without failure.

Under thermal cycling at 750°C, hydrogen also appears to reduce thermal fatigue
life, but there is considerable scatter here as well. None of the specimens tested in air
or helium failed after up to over 6000 cycles at 750°C.

Typical micrographs from specimens tested in the three environments are shown
in Figs. 4-6. For the specimens tested in hydrogen at 900°C and for the two short-
lived specimens tested at 750°C, thermal fatigue cracking occurred in a brittle
manner. Zigzag-shaped surface cracks with considerable branching were observed
over the entire gage length, Fig. 4a. Cracking appears to have followed
microstructural features of the material and three distinct paths were identified [13].
These include delamination along o./y interfaces in the lamellar structure with some

translamellar cracking; cleavage cracking through y grains along what appear to be
crystallographic planes; and cracking along grain boundaries, either between
v grains, between adjacent lamellar colonies, or between y grains and lamellar
colonies. The fracture surface morphology showed this microstructural influence on
cracking, as well as the near absence of plastic deformation. No distinct crack
initiation, propagation and rapid fracture zones were observed. This implies that
fracture by thermal cycling in hydrogen at 900°C was a multiple crack initiation and
growth process, rather than the result of the growth of a single crack.

For the three specimens tested in hydrogen at 750°C with lives over 1000 cycles,
only crack traces and limited surface attack could be found. /n-situ observations of
crack growth using a travelling optical microscope attached to the test chamber
showed that multiple zigzag-shaped surface cracks always formed and developed
during the first 30 cycles of testing. However, unless the specimen fractured, crack
growth nearly stopped by about the 40th or 50th cycle, and a thin surface oxide could
be observed visually.

The fracture surface of the one specimen which did fracture (in 1828 cycles),
Fig. 4b, revealed a different morphology than the short-lived specimens. Three
regions are apparent. The crack initiated at the transition from the knife-edge to the
main section of the specimen, then propagated in a semi-circle to form a relatively
flat propagation zone, followed by final overload failure. The fracture surface was
found to be slightly oxidized. The differences in fracture surface morphology between
the short and long-lived specimens indicate that different fracture mechanisms may
have been operating.



EFFECT OF ENVIRONMENT ON THERMAL FATIGUE 193

TABLE 1. Results of Thermal Cyclic Testing in Hydrogen, Air, and Helium.

Temperature Number of Cycles to Failure

Range Hydrogen Air Helium
20-900°C 3 2106 > 4000
10 2647 > 4145
11 2782 > 4164
24 4786 > 4626
30 > 4100 > 6647

> 6330
20-750°C 36 > 4000 > 4108
46 > 5626 > 4230

1828 > 6033

>1430 > 6262

>3000

Figure 3. Schematic diagram of environmental chamber for thermal cyclic testing [13].
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The three specimens which fractured in air at 900°C also showed a brittle nature.
Unlike failures in hydrogen, fracture produced in air resulted from the growth of a single,
main crack. Few secondary cracks were observed. The fracture also showed a three-zone
feature as seen in Fig. 5a. The crack was seen to initiate at a severely oxidized region in
one corner of the specimen near the knife edge, then propagated to form a relatively flat,
semicircular propagation zone. A thick layer of yellowish TiO.-type oxide, showing local
buckling and flaking, was found on the specimen surfaces and on the fracture surfaces.

The once-straight knife-edges of the specimens were always found to be eroded into a
slightly concave shape. This corrosion (oxidation)-crosion phenomenon was not seen in
the other environments. The crack paths appeared to be transgranular in nature and insen-
sitive to the microstructure, Fig. 5b, although some indications of cleavage-type fracture
were found. Because of the heavy oxidation, little further information could, however, be
obtained about the actual fracture surface morphology or crack path.

In helium, no specimens failed and only limited surface cracking was found, e.g.
Fig. 6. These cracks propagated from grain to grain perpendicular to the loading axis
without appreciable change in direction. The cracking in helium thus appears to be
purely mechanical in nature and unrelated to the microstructure.

(@ ()

Figure 4.  Typical crack and fracture morphologies of specimens tested in hydrogen.
a) Surface cracking along microstructural features (900°C)
b) Fracture surface of specimens which failed at 1828 cycles (750°C)
A-crack initiation, B-crack propagation, C-final overload fracture.
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Figure 5.  Typical fracture morphology of specimens tested in air (900°C) [14].
a) Mating fracture surfaces of specimen which failed at 2782 cycles
b) Typical fracture surface morphology near crack initiation site
A- initiation site (box in a, arrows in b), B- crack propagation,
C- final overload fracture.

Figure 6. Typical surface crack observed for specimens tested in helium (900°C) [13].
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4. Discussion

The results of this work show that hydrogen and air each have a significant effect on
the thermal fatigue behavior of the y-TiAl alloy investigated. At 900°C hydrogen
clearly leads to embrittlement of the material. Fracture is strongly microstructure
dependent and cracking follows scveral types of interfaces. This indicates that
hydrogen may segregate preferentially to these interfaces which are already weaker
than the bulk. By further decreasing bond strength at these interfaces, crack initiation
is facilitated there. It should be noted, however, that although initial studies on
hydrogen diffusion and solubility in y-TiAl have not found conclusive evidence for
the formation of brittle hydrides, this mechanism for embrittlement cannot be ruled
out. In particular, it should be recalled that o,-TizAl does indeed form hydrides, and
this could contribute to embrittlement in dual (y+a) phase TiAl alloys such as that
tested in this work.

In air at 900°C the formation of a brittle surface oxide appears to lead to crack
initiation and failure of the material. At this temperature, the oxide is a non-
protective mixture of TiO, and Al,Os, e.g. [18], which under extreme thermal cyclic
loading as well as in the flow of the cooling gas jet easily cracks and spalls. Oxidation
is known to embrittle titanium alloys at high temperatures (above 500-600°C) and
this would be the case for this material at correspondingly higher temperatures.
Under thermal cyclic loading, oxide cracking can serve as fatigne crack initiation
sites. As oxide cracking is a statistical process, it is not surprising that there is a large
scatter in the cycles to failure data. At lower temperatures, e.g. 750°C, a stable,
protective AlL,O; layer is formed. Crack initiation is thus more difficult and the
specimens did not fail within the testing time limit. The mechanism for the effect of
air on thermal cyclic cracking and life thus appears to depend on oxidation chemistry
and kinetics, and thermal fatigue life is controlled by crack initiation.

In hydrogen at 750°C there is also considerable scatter in the data. It was found
that the one specimen which failed in over 1000 cycles showed signs of oxidation, as
did the two which did not fail. The two specimens which failed in less than 50 cycles
did not show evidence for oxidation. It is known that dense, stable oxides can act as
permeation barriers for hydrogen, e.g. for nickel base superalloys, e.g. [19]. It thus
appears that the formation of a thin, stable Al,O; layer may have retarded or
prevented hydrogen uptake in some of the specimens, that is those with longer lives.
It may be that contamination within the environmental chamber, e.g. residual water
vapor or oxygen, was sufficient to suppress hydrogen effects leading to the conflicting
results. This is also suspected to be the cause of the previously mentioned
discrepancies in the literature concerning hydrogen diffusion and hydride formation
in y-TiAl alloys.
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5. Conclusions

The effect of environment on the thermal fatigue behavior of a y-based Ti-48Al1-2Cr
alloy was investigated by cycling between room temperature and 750° or 900°C. The
results showed that hydrogen can severely attack the y-alloy with lives as short as
three cycles, while no failures were observed in helium for test durations of over 4000
cycles. The severity of hydrogen attack strongly depends on the upper limit of the
temperature cycled and the cleanliness of the hydrogen. Specifically, the large scatter
of life times at 750°C appears to have resulted from the competition between surface
oxidation and hydrogen attack. High temperature oxidation in air can also reduce
thermal cyclic lives depending on the oxidation chemistry and kinetics. At 900°C, the
formation of unprotective mixed oxides can lead to early crack initiation, while at
750°C a protective oxide leads to thermal cyclic behavior similar to that in inert
helium. The results suggest that further work is necessary in the area of thermal
cyclic testing of y-based titanium aluminides under simulated operating conditions
before these materials can be applied in advanced high temperature and hydrogen-
fuel energy systems.
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CHARACTERIZATION OF CREEP FATIGUE CRACKING IN TYPE 304
STAINLESS STEEL

R. OHTANI, T. KITAMURA, N. TADA and W. ZHOU
Department of Engineering Physics and Mechanics,
Kyoto University, Kyoto 606-01, Japan

1. Introduction

The behaviour of initiation and growth of small cracks in high-temperature push-pull
low-cycle fatigue (LCF) was investigated on a Type 304 stainless steel. The
characterization of cracking was done both on the basis of the precise observation on
the surface of as well as inside the specimens which were subjected to a wide range of
isothermal loading conditions, and on the basis of the numerical simulation for
initiation and growth of small cracks. Similar fundamental properties must be found
in thermal fatigue and in other kinds of polycrystalline steels and alloys.

2. Behaviour of Small Cracks [1,2]

2.1. CLASSIFICATION OF TYPE OF CRACKING IN HIGH TEMPERATURE
FATIGUE

The observation of smooth bar specimens tested under several strain waveforms,
strain rates and temperatures leads to the conclusion that at least three types of
cracking can be recognized in the LCF regime: Type Fs is the pure fatigue type which
shows the initiation by persistent slip band cracking and the growth by transgranular
cracking. Type Cs is the creep-fatigue interaction type with grain boundary wedge
type cracks at the surface of specimens. Type Ci is the monotonic creep type
characterized by creep cavities and their coalescing cracks nucleating throughout
inside the material. Fig. 1 shows photographs of these three types on the specimen
surface (A), near the surface on the longitudinal section (B) and at the center (C).

2.2. LOADING CONDITIONS

As shown in Fig. 1, Type Fs is revealed when specimens are subjected to cyclic
loading at a fairly low temperature or a very high strain rate cycle (fast-fast) at high
temperatures. Type Cs is found under strain waveforms with slow strain rates in
tension (slow-slow or slow-fast). Type Ci is generated while specimens are exposed at
higher temperatures and/or lower tensile strain rates (very slow-fast). Fig. 2 shows
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the creep fatigue fracture mode map which indicates the domain of the three types of
cracking in three coordinates of tensile strain rate, compressive strain rate and
temperature.

Figure 1. High temperature fatigue cracks classified into three types.

Tensile strainrate bien, IS

Figure 2. Creep fatigue fracture mode map.
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2.3. DIFFERENCE BETWEEN SURFACE CRACKING AND INNER CRACKING
IN CREEP FATIGUE

Type Fs fracture surface is typical of a fatigue striation pattern while Type Cs and
Type Ci exhibit intergranular fracture. The morphologic difference between Type Cs
and Type Ci in creep fatigue fracture is also evident; Type Cs shows smooth facets of
grain boundaries generated by wedge type cracking and Type Ci shows dimple facets
generated by creep cavitation. Therefore, it can be inferred from the loading
conditions and the cracking morphology that grain boundary sliding being easier to
occur at the free surface results in the surface cracking of Type Cs, and that grain
boundary diffusion (Coble creep) which contributes to the cavity nucleation and
growth, controls the inner cracking of Type Ci.

Distributions of cracking angles perpendicular to the stress axis in Domains A, B
and C in Fig. 1 are shown in Fig. 3, where the angles on the surface (A) center
around 0° while the inward angles at the surface (B) concentrate from 30° to 35° for
both Types Cs and Ci. On the other hand, the inner cracks on the longitudinal section
(C) for Type Ci also have angles around 0°.

The behavior of crack initiation and growth in Types Cs and Ci was examined by
means of the data on the number of cracks and the mean crack length measured for
the failed specimens after creep fatigue tests. First, the number of cracks per unit area
(areal density) on the specimen surface (Domain A), n; , and that on the longitudinal
section (Domain C), n,, are measured. Next, measured are the average crack lengths

Surface cracking type (Test 10)

Figure 3. Distribution of cracking angles in the domains A (on surface), B (near surface on longitudinal
section) and C (at center on longitudinal section).
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Figure4.  Effects of loading conditions on average increasing rate of crack density (upper) and that of crack
length (lower).

on Domain A, ¢,,, and on Domain C, a,,. The number of inner cracks per unit volume
(volumetric density), n,, and the average radius of the inner cracks, r,,, are estimated
by the following equations [3];
T 4
nv=np vt rm am1t ¢))
on the assumption that a number of penny shaped cracks of the same size are
distributed in the specimens. By dividing these values by the number of cycles to
failure, Ny, the following characteristic values can be obtained.
n,/Ny.  average increasing rate of surface crack density
n/Ny:  average increasing rate of inner crack density
c/Ny:  average increasing rate of surface crack length
rw/Ny:  average increasing rate of inner crack length
The values of n,; /Ny and n, /Ny represent the easiness of initiation of distributed
grain boundary cracks of Types Cs and Ci, respectively, and are termed "average
crack initiation rates". The values of ¢,, /Ny and r,,/N; represent the easiness of their
growth, and are termed "average crack growth rates”. These four characteristic values
are shown in Fig. 4 as a function of the strain rate in tension, the strain rate in
compression, the total strain range and the temperature. It is found that the
temperature dependence of the above four values of Type Ci is stronger than that of
Type Cs, which indicates an increasing preference for Type Ci cracking as the higher
the temperature is. The dependence on the other factors also tends to be stronger in
the case of Type Ci than in the case of Type Cs. The failure life of specimens
damaged by Type Ci cracks is practically shorter than that of specimens with Type Cs
cracks and it is the shortest of the high temperature LCF lives in the Ae- Nydiagram.
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3. Numerical Simulation of Random Cracking in Creep Fatigue [4-6]
3.1. MODELLING

Assumption 1: Crack initiation occurs discretely at each grain boundary (GB). Each
GB has its own magnitude of fracture resistance, R. When the GB is subjected to the
driving force for crack initiation, F, the fracture of the ith GB takes place according
to the following rule. '

Fit)i=R: ()i =R/ F; 2

where ¢, is the crack initiation time. In general, the magnitude of R; corresponds to
the GB energy of the material, while the magnitude of F; is given as a function of the
fatigue loading conditions and the deformation characteristics.

Assumption 2; Crack growth also occurs discretely in a similar manner as crack
initiation except that the driving force for crack growth, X-a (a is the crack length), is
required in addition to F. After the crack has initiated at the ith GB according to
Eq. (2), the adjacent (i+1)th GB is subjected to the driving force, Fiyy + Ki /; (where
a=l;: half the length of the ith GB), and the time to crack growth from the ith to the
(i+1)th GB is given as

R/ Fie)—-(Ri/ Fi)
1+(IG+1'11/E+1)

(t)in - ()i= 3)

and the smoothing crack growth rate is represented by

da liv1
a) =t 4
(dt)m @ -, @

where /4, is the length (or the diameter) of the (i+1)th GB.

In Egs. (2) and (3), the ratio R/F pairs the variables R and F. The reciprocal, F/R,
represents the fracture driving force per unit time or the rate of increase in the
damage in each GB. The above model, therefore, follows a damage mechanics
concept for each GB. The ratio X/F, which is the characteristic value for estimating
the difficulty of crack growth, also pairs the variables, X and F, when K/F is small,
many cracks initiate readily before some of them grow, and when it is large, the early
cracking is easily succeeded by its growth. Once a crack propagates over distances
such that the driving force for crack growth converges to X/, it corresponds to the
stress intensity factor controlling the crack growth rate (for example, creep
J-integral, J*). Therefore, the above model also follows a fracture mechanics concept
for relatively large cracks [7].

3.2. METHOD OF NUMERICAL SIMULATION

The values of R, F and X in Egs. (2) and (3) are thought to be stochastic variables
acquiring different magnitude in each GB. It is, however, difficult to estimate these
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values, especially R and F, from any simple experiment. Then, it is assumed that F
and K are both deterministic while R is a statistic quantity.

In the present simulation, uniform random numbers from ‘0 to 1 are attributed to
R. The reason is that the aforementioned "crack initiation rate", n,/N (n, is the areal
density of surface cracks and N is the number of cycles) is actually observed to be
constant in most interrupted tests and so the crack initiation time, ¢, in Eq. (2) is
found to distribute uniformly from the early stage to the latter half of the fatigue tests.
On the other hand, the magnitude of 7" and X is determined by fitting calculated crack
initiation curves (neN or n,-N) and crack growth curves (c,-N or a,-N) with
measured ones, respectively.

Fig. 5 shows how to proceed with the numerical calculation of surface cracking of
Type Cs. The GB structure in Fig. 5 is constructed numerically in the computer on
the basis of an isotropic grain growth model [8]. In the model, nuclei distributed at
random locations are assumed to grow at a constant velocity in all directions, and
each GB is formed where two adjacent grains meet. Adopting proper number of
nuclei and grain growth velocity, the identical GB structure with that of the Type 304
stainless steel tested can be obtained.

) Driving force
Fracture resistence F

i for crack initiation

~R-F=0

R
Crack initiation

IQ1L

=—R-(F+Ka)=0
Crack growth

for crack growth

Figure5.  Method to assign fracture resistance, R, driving forces for crack initiation, F, and for crack growth,
K, to every grain boundary for simulating surface cracks.

Fig. 6 shows the 2D model for inner cracking simulation, where GB facets in the
material are represented by the projection on a plane perpendicular to the stress axis
and their stratification.
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Figure 6.  2D-model for inner cracking simulation where grain boundaries are represented by facets
projected on a plane perpendicular to the stress axis (left) and their stratification (right).

3.3. RESULTS

Fig. 7 shows the comparison of the numerical simulation with the experimental
observation of (a) the areal crack density, z,, on the surface A for Type Cs surface
cracking, (b) the areal crack density, 7, , on the longitudinal section C for Type Ci
inner cracking and (c) the volumetric crack density, #,, inside the material D for Type
Ci. The n; -curve of Type Cs declines from the middle stage of fatigue life mainly due
to crack coalescence. The simulation curve based on the 3D model agrees well with
the experimental data. Good correspondence is also found for the n, -curve of Type Ci
when F=7x10" and X=3x10" are used for the calculation, although it is not at the
latter half of the fatigue life for K= 0. Using these values of F and X, the inner crack
density, n,, can be estimated. The result is shown in Fig. (c). It has been clarified by a
geometrical analysis and also from Eq. (1) that the areal crack density, n,, is
dependent both on the volumetric crack density, »,, and on the mean crack radius,
m. Ny, increases with r,, even when 7, is constant. Therefore, the dependence of 7,
on the value of X is usually different from that of »,.

Fig. 8 indicates the change in (a) the mean crack length, a,,, on the longitudinal
section C and (b) the mean crack radius, r,,, inside the material D for Type Ci inner
cracking. The values of a,, and r,, are constant until the late stage of the fatigue life.
However, they increase drastically at the end. This also suggests that crack
coalescence takes place frequently near the end of the fatigue life.

Fig. 9 is an example of the visual expression of a part of simulated inner cracks. It
is clear that facet-by-facet cracking dominates the spatial and temporal distributions
of crack initiation and growth.



206 R. OHTANI, T. KITAMURA, N. TADA and W. ZHOU

80 - - -
~ ® Experiment : (Cl)
"= F|— Simutation :
= (F=8x107%, #=9x10°%)
»
i~d
>
2
‘U,
ol
o
o
X
< L
©
- : . |
e 920 f-ee- A . ........... et PP,
© | SUS304 1073K, Ae,=0.T7%
o | /e ) ,
< eten=10“3%/s. Eon=%/s
0 ® o b T
0 0.25 0.5 0.75 1
80 T T T T
i 2400
® Experiment be . SUS304 1073K, 45,-0.7% ()
o —-—F27x10'%, K=0 ) ) £ ,
E _FzmodlK=3X|O,ZJS|mulanon E  n000 HL fon=!0%05, o= 1%/s
- =
- US304 1073K, 8¢,=0.7% 2 ® Experiment .
< . - Simutation z
> Eran= 107495, € o= 1 %15 A= 1800 1 o710 Keo . .-
2 S —— F=7x10+4, K=3x102 e
S 40 T 1200 3 B
hel 5} -
S g L]
] o 800
= 20 =
S g 400
<C =}
7 S
> i >
o L—e . i 0
0 025 05 0.75 1 0 0.25 05 0.75 1
Life fraction A/N, Life fraction A/N,

Figure 7. Comparison of simulation and observation on the crack density. (a) Areal crack density on the
surface A for Type Cs surface cracking, (b) areal crack density on the longitudinal section C for
Type Ci inner cracking and (c) volumetric crack density inside D for Type Ci.

E 004 e s £ 004 o
€ ® Experiment (Q) € Simulation (b)
: ~-— F=7x10",K=0 Simulati - —-= F=7x10" K=0
T 0.03 [|——F=7x10", K:axm-?J imutation E0.08 H— Fo7x10, K=3x10"
L
% 3 L
& 002y o B o002 Y
3 ° 3
% 0.01 SUS304 1073K, A6,=0.7% || s 001 SUS304 1073K, 4¢,=0.7%
. ; . © . ' .
g 0 ) ‘ o z.“m=10 “%/s, ecm-ﬂx/c/s g 0 € on=10"%/s, ewm=1%/s‘7
g 0 0.25 0.5 0.75 1 0 0.25 0.5 0.75 1
Life fraction A/N, Life fraction NN,

Figure 8.  Comparison of simulation and observation on the crack length for Type Ci inner cracking. (a) On
the longitudinal section C and (b) inside the material D.



CHARACTERIZATION OF CREEP FATIGUE CRACKING 207

Figure 9.  Visualization of simulated inner cracks showing facet-by-facet initiation and growth.

4. Concluding Remarks

In the experimental results in this paper, emphasis is put on the effect of cyclic
loading at high temperatures. Three types of crackings, pure fatigue type
(transgranular surface cracking, Fs), creep-fatigue interaction type (intergranular
surface cracking, Cs) and monotonic creep type (intergranular inner cracking, Ci),
are found to exist in the high-temperature LCF regime, and their appearance is
dependent on tensile strain rate, compressive strain rate, their combination (strain
waveform) and temperature. Among them, inner cracking type fracture tends to be
most dangerous because the rate of its initiation is larger than that of other types of
cracking and the rapid growth is brought about by the frequent crack coalescence.
Attention should be paid to this type of cracking encountered under creep dominated
thermal fatigue conditions in long term service.

The numerical analysis carried out in this study is an inverse problem analysis.
The inverse analysis, by means of which input values for numerical calculation (the
fracture resistance, R, the driving force for crack initiation, F, and for crack growth,
K) can be evaluated by fitting the calculated results with the actual cracks revealed on
the surface, is found to be very effective in particular for the inner cracking type
which is difficult to measure experimentally. The simulation is, therefore, of great
advantage to the estimation of randomly distributed cracking in components of high
temperature service for the purpose of their life diagnosis [9].
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CREEP-FATIGUE BEHAVIOUR UNDER SERVICE-TYPE STRAIN CYCLING

J. GRANACHER and A. SCHOLZ
Institut filr Werkstoffkunde, TH Darmstadt
Grafenstrafle 2, D-64283 Darmstadt, Germany

1. Introduction

High temperature components are normally operating under variable loading con-
ditions [1,2,3]. Load changes lead to temperature transients and thus at the heated
surface of the components strain cycling can be critical. Additionally to fatigue, creep
occurs due to relaxation in hold phases. To simulate this type of loading a service-
type strain cycle has been developed earlier [1,4] (Fig. 1). It contains a compressive
strain hold phase 1 simulating start-up condition, a zero strain hold phase 2
characterizing constant load and a tensile strain hold phase 3 referring to shut-down.
Anisothermal strain cycling is of special interest because it is nearer to practice than
isothermal testing. With regard to the design life of power plants up to 200 000 h
long-term testing is important. As demonstrated earlier [2,3,5] creep-fatigue life
under such conditions can be analysed with the aid of the generalized damage
accumulation rule if internal stress and a damage interaction concept are considered.
An extension of this concept to longer test durations and from single-stage to three-
stage strain cycling is of interest.

2. Single-Stage Service-Type Strain Cycling

On two typical heat resistant steels single-stage service-type strain cycling was
carried out with constant total strain range Ae. Cylindric test pieces of 10 mm
diameter and 35 mm gauge length were tested. The number of cycles to failure Ny
was defined by a 1.5 %-drop of the stress range from its linear course, corresponding
to a crack depth of 0.5 to 1 mm. The strain rate at the ramps between the hold times
was € .~ 6 % / min. In isothermal package-type (pa) tests a longest time to failure
t= Nt t;= 45 000 h was reached on a bainitic 1Cr-1Mo-0.7Ni-0.3V-steel at 525°C
(Fig. 2a) and t¢= 32 000 h was reached on a martensitic 12Cr-1Mo-V-steel at 550°C
(Fig. 2b). Anisothermal (an) tests with compensated thermal strain [4] were carried
out up to 8 000 h (Fig. 2a). They give only insignificantly higher numbers of cycles
to failure than comparable isothermal (iso) tests [6,7] (Fig. 3a). The package-type
tests can economically replace isothermal tests in the long-term region [4,7]
(Fig. 3b). They comprise short strain cycling packages periodically inserted into
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Figure 1.  Different strain cycles: standard cycle without (a) and with (b) hold times as well as

service-type cycle (c) of a heated surface [1,4].

creep packages (Fig. 4). In the long-term region of these tests the total strain
ranges are below 0.4% and the cyclic softening of the two steels is almost completely
disappearing [5,7].

The cyclic deformation can be explained on the basis of an effective stress concept
(Fig. 1¢) governing plasticity and creep. The effective stress c.g [5] is the difference
between a measured external stress and an internal stress o;. A special value there of
is the mean stress oy, It is situated in the centre of a fictitious hysteresis loop without
hold times which envelopes the measured hysteresis loop.
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For the analysis of the creep-fatigue life (Fig. 5) of the service-type strain cycling
tests a special method was developed [5,7]. It is based on the generalized damage
accumulation rule

IN/Ng +Ztht, =L )

which combines the Miner rule for fatigue damage and the life fraction rule for creep
damage. With respect to the accumulation of fatigue damage, the number of cycles to
failure N¢, was taken for standard strain cycling with short hold times (Fig. 1b). The
shifting of Ng, due to the creep-fatigue interaction was considered in function of prior
service-type strain cycling. Further, the influence of mean stress o, on N, was taken
into consideration by applying the Smith, Watson and Topper parameter [5,8]. For
the evaluation of the creep life, the rupture time t,, was taken for the effective stress
o and cyclic softening was considered as well as shifting of t,, due to prior service-
type strain cycling. The result of the analysis of the single-stage service-type strain
cycling tests shows a relative small scatter band with a mean relative creep-fatigue
life of L ~ 1. Microstructural analyses confirmed (Fig. 6) that long-term strain
cycling leads to similar defects as long-term creep. Thus the application of Eq. 1 in
the long-term region is justified.
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Figure 6.  Pores and microcracks near the main crack tip after isothermal single-stage long-term service-type
testing of 1Cr-1Mo-0.7Ni-0.3V-steel at 9 =525°C, Ae=0.54 %, ty=31300h (a)and 12Cr-
1Mo-V-steel at 3 = 550°C, As=0.35 %, t;=26 100 h (b).

3. Three-Stage Service-Type Strain Cycling

A loading collective with each three different values of temperature range and total
strain range was arranged to simulate a typical combination of cold starts, warm
starts and hot starts of power plants with the frequencies indicated in Fig. 7. First
anisothermal, isothermal and package-type 3 000 h-tests lead to similar results
(Fig. 3) as observed for single-stage testing. As a consequence package-type tests
were started which have achieved up to 9 000 h test duration. A first creep-fatigue
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Figure 7. Three-stage service-type strain cycling.
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life analysis (Fig. 5) shows similar life values as for single-stage strain cycling. The
application of the rainflow cycle counting or the range mean cycle counting gives
only small differences in the creep-fatigue life.

4, Conclusions

The strain cycling at the heated surface of components can be simulated by service-
type creep-fatigue tests. Anisothermal tests on a bainitic and a martensitic steel lead
only to insignificantly higher numbers of cycles to failure as comparable isothermal
tests. In the long-term region isothermal tests can be replaced by more economical
package-type tests. A creep-fatigue life analysis demonstrates the applicability of the
generalized damage accumulation rule, if internal stress, stress relaxation, cyclic
softening as well as pre-loading influences due to fatigue and creep are considered.
Besides single-stage cycling three-stage cycling was investigated. The latter can also
be tested with isothermal package-type tests and the first results there of are
comparable to those of single-stage strain cycling.
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SENSITIVITY OF FATIGUE CRACK GROWTH IN A REACTOR STEEL TO
THERMOMECHANICAL AGEING IN HYDROGEN ENVIRONMENT

HM. NYKYFORCHYN, O.Z. STUDENT and B.P. LONIUK
Department of Corrosion and Metal Protection

Karpenko Physico-Mechanical Institute of the NAS of Ukraine
5 Naukova Str., 290601 Lviv, Ukraine

1. Introduction

The simultaneous effect of sustained mechancal load, elevated temperatures (450°C)
and hydrogen environment on the oil hydrocracking reactor shells may cause the
degradation of the steel microstucture. On the one hand, hydrogen accelerates the
diffusion processes in the material [1]. On the other hand, it may cause a specific
hydrogen-induced corrosion effect [2] (hydrogen-carbon interaction) resulting in
decarburization and formation of high pressure methane. These factors induce the
microstructural changes, the process of damage accumulation and concurrent
decrease of the original metal properties. In such cases, the extent of steel degradation
is controlling in terms of the prediction of the component life. However, conventional
tensile properties usually are not sensitive enough to this type of materials
degradation [3,4]. In contrast, fracture mechanics parameters (describing the local
fracture characteristics) are expected to be strongly sensitive to the microstructural
changes and damage induced by hydrogen attack.

The subject of this paper is to study the sensitivity of fatigue crack growth
parameters to the degradation of oil hydrocracking reactor shell steel caused by
hydrogen-induced ageing.

2. Experimental Procedure

The experiments were carried out on specimens that were cut from a plate of a
Cr-Mo-V steel. The wt.% composition is as follows: 0.15% C; 2.80% Cr; 0.40% Ni;
0.70% Mo; 0.27% V; 0.50% Mn; 0.305 Si; 0.015% S; 0.012% P. The tensile
properties of this steel are shown in Table 1.

According to the thermomechanical ageing technique, 10x25 mm and 5x25 mm
planar specimens were subjected to the tensile load in a hydrogen test chamber with a
pressure of 0.5 MPa and a temperature of 450°C, similar to that in a reactor shell.
The temperature was achieved by heating the whole external surface of the chamber.
In order to estimate the hydrogen effect a similar ageing procedure was carried out in
air. The maximum load level (240 MPa) during the ageing sumulation test is
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approximately equal to the operating stress. At this stress level creep deformation
does not occur. The ageing time intervals were 780 hours and 2200 hours.

TABLE 1. The tensile properties of the Cr-Mo-V steel at various temperatures.

Temperature, °C Gy, MPa Gurs,MPa Elongation, %  Reduction area, %
20 470 610 25 79
450 390 470 18 76

According to the procedure described in [5], single-edge notches of 2 mm wide,
5 mm deep and of radius 0.1 mm were made on the aged specimens. After that a
fatigue crack at the notch bottom was initiated by cantilever bending. The stress
intensity factor range AK was gradually decreased to the threshold level AKy,. The
crack size was ~3 mm, eliminating the notch effect on the stress field at the crack
tip. Such preparation of aged specimens for fatigue testing lasted 7-10 days. Then the
specimens were tested in fatigue crack growth by cantilever bending at room
temperature, frequency /= 10 Hz, and load ratio R = 0; and at 450°C, f = 0.05 Hz,
and R = 0.1 (the specimen temperature levels were achieved by means of electric
heating). The crack size increment (= 0.2 mm) was periodically measured on both
lateral sides of the specimens with a microscope with a accuracy of + 0.01 mm. The
test time was within 14-17 days. Based on these experiments, the fatigue crack
growth rate da/dN - AK graphs were plotted. The calculation of the stress intensity
factor value for such specimen geometry and such loading type was made using the
relationships [6].

The fatigue crack closure was evaluated only at room temperature using the
compliance technique [7]: a strain-gauge transducer was fixed at the crack tip and its
signal was periodically measured during crack propagation. The effective stress
intensity factor range AK.xwas evaluated, and da/dN - AK ¢ graphs were plotted.

3. Experimental Results

The investigated steel has a needle-type ferrite-pearlitic structure (Fig. 1a) in the
virgin state. At half the value of the maximum stress (120 MPa), this structure did
almost not change after the high-temperature ageing in hydrogen environment
irrespective of the ageing period. However, under the conditions of load 240 MPa and
ageing time 2200 hours, the needle-type structure disappeared and a more
homogeneous conglomerate of ferrite and carbides formed (Fig. 1b).

Fig. 2 illustrates the result of fatigue crack growth experiments carried out at
room temperature on the specimens that have been aged in H, at 120 MPa; the graphs
show that the ageing retards the fatigue crack propagation, in particular in its near-
threshold region, and this influence increases with increasing duration of the
hydrogen treatment. Taking crack closure into account does not change the relative
positions of the da/dN - AK.¢ graphs.
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Figure 1. Microstructure of the steel in () the virgin state; (b) aged in H, at 6=240 MPa

during 2200 hours.
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Figure 2. Fatigue crack growth rate graphs for the virgin steel and the hydrogen-aged

one at =120 MPa.



218

HM. NYKYFORCHYN, O.Z. STUDENT and B.P. LONIUK

1074

-
[=]
Ib

da/dN, micycle

Specimen cross-
section: 5 x 26mm
R=0, £10Hz
T=20°C

da/dN-AK da/dN-AK,q
Lo virgin (e} [ ]
E5|’ 22000 O "

3 4 5678910 20 30
AK, AK_, MPa m*?

Figure 3.

Fatigue crack growth rate graphs for the virgin material and the
hydrogen-aged one at ¢ =240 MPa.

10°%,

da/dN, micycle

Specimen cross-
section: § x 26mm
R=0.1, ~0.05Hz

T=450°C

Testinair TestinH,
Virgin (o] a

Agedinair @

Aged inH, A

60 70 80 80100

30 40 50
AK, MPa m'?2

Figure 4.

Fatigue crack growth rate graphs for the virgin material and
after ageing in air and in hydrogen at 6 = 240 MPa.



CRACK GROWTH IN A STEEL AGED IN HYDROGEN 219

In the case of ageing in H, at the load 240 MPa, the opposite effect was found
(Fig. 3): the resistance of aged steel to the fatigue crack growth is lower than in the
virgin material. The same effect is observed in the da/dN - AK ¢ graphs.

The experiments carried out at 450°C concern only high crack growth velocities
(Fig. 4). The steel ageing in air at a stress of 240 MPa has no significant effect on the
crack growth in air. At the same time, the tests of the virgin steel in hydrogen
environment show an increase of the fatigue crack growth rate in comparison with
that in air. The thermomechanical ageing in hydrogen at a load of 240 MPa resulted
in a more significant reduction of the fatigue crack growth resistance relative to the
virgin material.

4. Discussion

The thermomechanical ageing in hydrogen at load levels typical for service
conditions substantially changes the steel microstructure, though the ageing period
(2200 hours) is comparatively small. The fatigue crack growth velocities both at room
and operating temperatures change, too. Taking into account the negligible influence
of such short-term ageing of the material in air on its fatigue behaviour (Fig. 4), we
can argue that the observed ageing effects are caused by hydrogen.

The analysis of a wide range of crack growth rates at room temperature shows that
the fatigue threshold AKXy, is the most sensitive to ageing. The variations of fatigue
crack growth rate and AKy, result from:

emicrostructural changes and damage;

ematerial hydrogenation;

echange of fatigue crack closure.

The da/dN-AK ¢ dependencies and the effective threshold AKy, .« reflect the effect
of the first two factors. Moreover, for vessels under pressure, the estimation of fatigue
crack growth is more important at high load asymmetry when there is no crack
closure, and thus it does not affect substantially the faigue crack growth. As it can be
seen from the near-threshold areas of the da/dN graphs for the aged material at low
stress (Fig. 2), these ageing conditions cause the increase of AKy, 4. The reason is
that physically the fatigue threshold is determined by cyclic microyielding resistance,
while hydrogen increases the microshear resistance at room temperature [8]. In this
case, the strengthening influence of hydrogen dominates over the possible strength
reduction caused by microstructural changes and material damage. However, the
more severe ageing conditions (at higher stress level, Fig. 3) already cause the
opposite effect of high-temperature hydrogen treatment on the near-threshold crack
growth: AKy, ¢ value is lower than that in the virgin steel. Thus the material
degradation resulting from the ageing under these conditions is so intensive that it
eliminates the strengthening action of hydrogen on the near-threshold crack growth.

The disparity between the da/dN - AK relationship for the specimens with
thickness 5 mm and 10 mm (compare Figs. 2 and 3) in the virgin steel is, perhaps,
caused by the crack closure phenomenon that is responsible for the effect of specimen
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thickness even under plane strain conditions [9] if the crack closure results from the
oxidation processes.

Another hydrogen effect mechanism at high temperatures consists in promoting
the plastic deformation and accelerating the fatigue crack growth rate [8] (Fig. 4).
The crack closure in the AK upper range is negligible. The material ageing under
conditions similar to the operating conditions causes the additional crack growth
velocity increase. It should by mentioned that application of the linear fracture
mechanics approaches to the specimens of chosen size at elevated temperature and
high AKX level is not quite correct due to the presence of a big plastic zone at the crack
tip. Nevertheless, a qualitative estimation of the hydrogen and ageing effect on the
fatigue crack growth resistance can be made.

5. Conclusions

Among the fatigue crack growth parameters evaluated at room temperature, the
fatigue threshold is the most sensitive to the thermomechanical hydrogen-induced
ageing. In this case, two opposite factors affect the change of AKy,: hydrogen-induced
strengthening and microstructural degradation.

Under the conditions similar to that in oil hydrocracking plant, hydrogen
accelerates the degradation of Cr-Mo-V steel structure and decreases the fatigue crack
growth resistance.
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1. Introduction

In service conditions materials of rollers for hot rolling are subjected to a complex
influence of mechanical (primarily contact) stresses and stresses which arise from the
inhomogeneous and local heating. The latter have very complex thermal origins and
they are repeated cyclically with every turn during operation of the rollers in the
phase of contact of the roller surface with the hot rolled products [1]. To prevent
overheating of the rollers and also in the case of thermomechanical treatment of the
products, water cooling of the rollers is used. Such working medium lowers the
temperature of the material but stimulates its corrosion.

Such phenomena of thermomechanical nature stimulate the early stages of surface
deterioration which causes crack initiation followed by propagation under the
influence of mechanical, thermal and corrosive factors. This paper presents an
attempt to evaluate the process of crack propagation using the approaches and
methods of fracture mechanics [2].

2. Materials and Methods of Investigation

Three rolling materials were investigated (Table 1): grey nodular cast iron
SSh 1Cr-1Ni, precutectic  steel 0.5C-ICr-INi and overeutectic  steel
1.4C-1Cr-1Mn-2Si-1Ni-1Mo.

TABLE 1. Chemical content of investigated materials.

Grade of materials Elements content, %
C Cr Mn Si Ni Mo S P
SSh 1Cr-1Ni 390 086 0.80 1.50 1.10 - 0.160 0.300
0.5C-1Cr-1Ni 0.51 1.02 0.43 0.25 1.13 - 0.011 0.012

14C-1C-1Mn2Si-INi-IMo 143 067 041 137 076 034  0.035 0.018
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Prismatic precracked specimens as shown in Fig. 1a were tested on the specially
designed testing machine, the principle scheme of which is shown in Fig. 2.
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Figure 1. Specimen configuration (@) and thermomechanical loading regime of specimens (b).

Two thick plates 1 and columns 2 form the rigid frame which resists to
mechanical loading. Such loading arises during heating of the specimen 3 which is
fitted in wedge grips 4. The upper grip is fitted in series with a rigid cylindrical high
sensitivity tensodynamometer 5. To avoid misalignment of the dynamometer and
specimen the guides 6 are provided. The device 7 automatically registers the level of
mechanical loading. By displacement of the nut 8 a static mechanical tensile stress in
the specimen is created. So during periodical heating and cooling a cyclic change of
the stresses is created, and the loading history has the form as in Fig. 1b. The
specimen is heated by an electric current of 1300 A, the temperature being controlled
by the chromel-alumel (XA) thermocouple which is connected with the control unit.
The unit automatically performs the assigned heating regimes of the specimen, which
is cooled by water using sprayer 9. The general view of the device is shown in Fig. 3.

The cyclic heating and cooling of the specimen was achieved in the temperature
range 20...600°C with a frequency about 0.01 Hz and a stress ratio R=0 (pulsating
cycle). Observations of crack growth were made with an optical device for distance
crack length measurement KM-8. The amplitude of the stress intensity factor was
determined using the Equation

AK = %[1.99 ~041(a/W)+187(a/ W) —38.48(a/W)’ +5385(a/ W)‘]JE

where a - crack length, B - thickness of the specimen, W - specimen width, and
A P - loading amplitude.
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Figure 2. Schematic of testing device.

The testing results were presented analytically as the dependence
V=da/dN=C(A K)", and the coefficients C and n were evaluated statistically by the
least squares method.

For comparison the fatigue crack growth was studied also at ambient temperature
under pure mechanical loading.

3. Results

The fatigue crack growth behaviour was investigated in the crack growth range of
107 to 10 m/cycle which corresponds to the Paris region of the crack growth curve,
and also to the region of the accelerated crack growth. These results are shown in
Fig. 4.

Control testing of the investigated materials was made at room temperature in air.
This showed that 0.5C-1Cr-INi structural steel has a higher fatigue crack growth
resistance than typical rolling materials such as SS# 1Cr-1Ni nodular cast iron and
1.4C-1Cr-1Mn-2Si-1Ni-1Mo overeutectic steel.

Compared to nodular cast iron the high carbon overeutectic steel is also
characterized by higher contact strength as shown by the designers of this kind of
new rolling material [3].

Testing of the selected materials in thermocycling conditions using electric
contact heating and water cooling leads to a drastic drop of the crack growth
resistance of the rolling alloys, manifested by a sharp shift of the crack growth curves
to the left (Fig. 4).

In the case of testing in air, the traditional rolling material (SSh /Cr-INi nodular
cast iron) showed the lowest level of crack growth resistance. High-strength
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Figure 3. General view of the testing device.

0.5C-1Cr-1Ni steel showed substantially higher fracture resistance. But without any
doubt the highest resistance to crack growth in conditions of thermomechanical
cycling and corrosive medium influence is shown by overeutectic rolling
1.4C-1Cr-1Mn-2Si-1Ni-1Mo steel.

4. Discussion

A drop of the resistance to fatigue crack growth under the influence of
thermomechanical cycling and corrosive medium may be regarded first of all as a
consequence of a fracture toughness decrease at elevated temperature. It was shown
[4] that the fracture toughness of usual carbon mildly alloyed steel drops by
40 percent when the testing temperature increases from 20 to 600°C. Because of the
time-varying temperature within every cycle the mechanical loading and induced
stresses have a specific inhomogeneous character. Consequently the maximum crack
growth rate does not correspond to the maximum level of tensile stress but to the time
intervals when relatively high tensile stress combines with relatively high
temperature in the vicinity of the crack tip (Fig. 1). Similar effects of influence of the
temperature and mechanical stresses were observed during out of phase TMF of
various heat resistant steels [5]. For 0.5C-1Cr-1Ni steel at ambient temperature the
corrosive medium accelerates crack growth in the Paris region [6]. There are also
reasons to consider that this influence is much greater in a case of increased
temperature, because of the creation of the conditions for dissociation of water and
chemisorption of hydrogen in the vicinity of the crack tip [7]. Proceeding from such
considerations, the factor of hydrogen metals degradation in conditions of thermo-
mechanical cycling is probably one of the most important in the process of crack
growth acceleration.
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Figure 4. Fatigue-crack propagation rates in preeutectic 0.5C-1Cr-INi steel (1), SSh 1Cr-1Ni nodular cast iron
(2) and 1.4C-I1Cr-1Mn-2Si-INi-IMo overeutectic steel (3) under thermomechanical loading as a
function of the nominal stress-intensity range, AKX, at R=0. Crack growth-rate data for these
materials at R=0 and ambient temperature are also shown for comparison (right part of the figure).

The thermocycling under mechanical stresses contributes to the structural changes
in the steels and in the cast iron which should be also taken into account. The
investigations of the microstructure of materials near the crack tip showed that such
changes actually occurred. They are connected with the decomposition of cementite
in steels and coagulation of graphite in cast iron. The smallest changes were observed
in high carbon 1.4C-1Cr-1Mn-2Si-1Ni-1Mo steel which can be explained by the high
temperature stability of carbides of chromium and molybdenum. It can be assumed
that the target oriented alloying of overeutectic steels, which ensures an increase of
dispersive special carbides, is an important factor in imparting higher stability to
rolling alloys under the common influence of thermocycling and corrosive
environment.

We carried out fractographic investigations to explain the tendency to fatigue
crack growth retardation in the area of high stresses (formation of the unusual bends
in the curves 1,2 - Fig. 4). Such a tendency is caused by thermoplastic blunting of the
crack tip, which is related to the change of the micromechanism of crack growth with
the formation on the fracture surface of typical ductile dimple relief [8]. In the case of
tests at ambient temperature such plastic blunting and increasing of crack
displacement are not observed.

The presented results elucidate tendencies of the combined influence of factors of
temperature, mechanical stresses and corrosive environment on the mechanical
stability of rolling alloys, and create the basis for searching new thermomechanically
stable alloys.
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THERMO-MECHANICAL FATIGUE OF A COMPOSITE STEEL
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1. Introduction

In black liquor recovery boilers (BLRB) used in the paper industry, the materials have
to withstand a combination of high temperatures and very corrosive environments.
The material studied in this paper is used in pipes for applications in a part of the
BLRB functioning as a large heat exchanger, where chemicals are recovered from the
pulping process and at the same time organic waste is converted to energy. In the
boiler black liquor, containing Na,SO, with a pH of 12 to 14, is cleaned from the
waste originating from the process of converting wood to fibre for paper production.
The cleaning process includes reducing the Na,SO4 to Na,S and burning off the
waste, resulting in a high temperature at the pipes in which water is circulated to
recover the heat. As a result the pipes are subjected to a high temperature and an
aggressive alkaline environment due to the black liquor.

Traditional carbon steels only last for a couple of years in such an application due
to corrosion. On the other hand, austenitic stainless steels having a much better
corrosion resistance are sensitive to stress corrosion cracking. By using a combination
of the two steel types in a composite material, one combines the advantages of the two
materials while the disadvantages are reduced considerably. This has been utilised in
pipes with a load bearing carbon steel on the inside and a stainless steel on the
outside for protection against corrosion. This type of composite material has been
used successfully in BLRB since the 1970°s [1].

In a recovery boiler the material is subjected to varying temperatures resulting in
thermal stresses and strains. However, little is known about the fatigue properties of a
composite such as the one described here, especially during non-isothermal
conditions. As a means to study this, thermo-mechanical fatigue (TMF) testing was
performed on a material used in BLRB at the prevailing temperature range.
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2. Experimental
2.1. MATERIAL

The material in this study was supplied by AB Sandvik Steel as a hot extruded
composite steel bar with a plain carbon steel core of SS 14 35 (DIN St 45.8) and an
outer layer of Alloy 825, an austenitic corrosion resistant Ni-Fe-Cr alloy. The
chemical compositions of the two materials are given in Table 1 below. The diameter
of the inner ferritic component was 12.8 mm and the outer diameter of the bar was
19 mm. Testing was performed not only on the composite material but also on the
carbon steel and on semi-coated material where the gauge length was only partially
coated with Alloy 825. After specimen manufacture the austenite layer in the all-
coated composite material was 0.3 mm thick and in the semi-coated the austenite
thickness varied from 0.1 mm to zero. All the test specimens were hollow with a
straight gauge length. All-ferritic and semi-coated specimens had an outer diameter
of 13.0 mm while the composite specimens were 13.5 mm in diameter. All specimens
had an 6.0 mm inner diameter. The inner surface was not coated.

TABLE 1. Chemical composition (nominal) of the carbon steel and
Alloy 825 in weight% according to AB Sandvik Steel (* maximum content).

C Si Mn Ct Ni Mo Al P S Cu Ti
DINSt45.8 || 0.19 0.25-0.35 0.6-0.8 0.003* 0.020*  0.020*
Alloy 825 0.030* 0.5% 08 215 400 3.0 1.7 08

2.2. TESTING PROCEDURE AND EVALUATION

Testing was performed in a servohydraulic test machine equipped with a high
frequency generator and an induction coil for heating of the specimen. The
temperature was monitored by type S thermocouples welded to the gauge length. All
tests were performed in total (mechanical+thermal) strain control by the means of a
side entry extensometer with a gauge length of 12.5 mm. Collection and evaluation of
test data were carried out by a computerised data acquisition system developed at the
Swedish Institute for Metals Research [2]. It performs a real-time recording and
processing of test data, making the information available instantly.

The different material combinations were tested in TMF between 300 and 600°C
with a strain rate of 1.0-10™ 1/s. During testing the strain and temperature were
cycled in-phase (IP) with each other. Out-of-phase (OP) testing with a 180° shift
between strain and temperature was tried but no reliable results were obtained due to
a specimen shape instability resulting in a "barrelling" or "double-necking" effect and
failure outside the gauge length.

Crack initiation was determined as the first deviation from the extrapolated
maximum stress behaviour, A in Fig. 1, giving the number of cycles to crack
initiation, N;. As a measurement of the fatigue life the number of cycles to a 10%
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drop from the stable linear behaviour in tensile peak stress, Noo, was used, B in
Fig. 1. The number of cycles to failure, Ny, which results in a total separation of the
specimen, the traditional measurement of the fatigue life, was not considered suitable
since it depends on the spacial distribution of initiated cracks which can lead to a
large scatter in N¢ values.

350 ¢
300
250
200

150 DIN St 45.8
100 Specimen F3

50

R e — —— e )
0 50 100

Number of cycles

Tesnsile peak stress [MPa]

Figure 1. Example of evaluation of N;, Ngo and N for specimen F3
from the tensile peak stress versus number of cycles plot.

Testing conditions were evaluated from the hysteresis loop closest to half the number
of cycles to crack initiation, 0.5:N;. For the calculations of elastic strain during testing
the following expression was used, based on standardised values in [3]:

E=212-8.1102-T-2.810° -T2 Q)

where E is Young’'s modulus in GPa and T the temperature in °C.

Three specimens, one of each type tested at approximately the same strain range,
were examined metallographically by light optical microscopy (LOM) and in a
scanning electron microscope (SEM). Investigated specimens were sectioned
longitudinally, polished to 1 pm and etched at room temperature in a solution
consisting of 20 g picric acid (CsH; N3 O; ) in 100 ml HCL

3. Results

3.1. METALLOGRAPHY AFTER TESTING

None of the examinations in either LOM or SEM revealed any visible cracking in the
interface between the ferritic steel and the Ni-Fe-Cr alloy. A photograph of the
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interface is shown in Fig. 2. In the all-coated specimen no fatigue cracks initiated in
the outer austenitic layer and failure was caused by intergranular cracks growing
through the ferrite from the inner bore. Some cracks that were observed in the ferrite
part in all specimen types were perpendicular to the stress axis and had no connection
with the surface. One example of such a crack can be seen in Fig. 3. Due to the fact
that the cracks did not exhibit any oxidation it was assumed that the cracks initiated
internally. This is a type of crack often observed after creep testing of ferritic steels
[4, 5]. In the semi-coated specimen some cracks in the coating continued into the
ferritic steel where the crack surfaces oxidised, as shown in Fig. 4. In the all-ferritic
specimen there were numerous cracks on both the outer surface as well as at the inner
bore which all exhibited oxidation. There were approximately 30% more cracks at the
inner bore than the outer surface. The ferrite surfaces were oxidised and had become
roughened, but the austenite surfaces remained smooth.

Figure 2.  Interface between Alloy 825 (upper) and DIN St 45.8 (Iower) in composite
specimen AF2 tested in TMF-IP with As=1.47% between 300 and 600°C.
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Figure 3.  Internal crack in the ferritic DIN St 45.8 steel, specimen F3,
after TMF-IP testing between 300 and 600°C with As~=1.49%.

Figure 4.  Intergranular crack in the austenitic layer propagating into the ferritic core in semi-coated
specimen C2 tested in TMF-IP with As=1.44% between 300 and 600°C.
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In the composite specimen the composition of the substrate and coating materials
was investigated after the test which lasted for 115 hours. It was found that there was
a small increase in the chromium content of the ferritic steel close to and at the
interface compared to the bulk material. However, the nickel content was not
increased in the ferrite close to the interface.

3.2. FATIGUE TESTING

The results from the fatigue testing are shown in Table 2 for all TMF-IP tests. As can
be seen in Fig. 5 the fatigue life for composite material was longer than for uncoated
and semi-coated material when considering total strain range, A, versus Ngo. It can
also be seen that the lifetimes for the ferritic and semi-coated materials were very
similar.

TABLE 2. Results from TMF-IP testing.

Material Test Asg Ae Ae Ao N; Ngo N

t P [

type or. [%] [%] [%] [MPa]

Ferritic F1 0.98 0.68 0.30 565 240 265 376
F2 0.72 0.43 0.29 541 525 536 593
F3 1.49 1.12 0.36 675 123 129 151

Semi-coated | Cl1 0.99 0.67 0.32 589 210 217 900
C2 1.44 1.09 0.35 647 130 133 153

Composite || AF1 0.97 0.67 0.30 554 412#
AF2 1.47 1.13 0.34 620 211 226 354
AF3 0.70  0.41 0.29 538 826 829 908

#) Test interrupted before crack initiation.

The lines in Fig. 5 correspond to the summation of the Coffin-Manson, Eq. 2, and
Basquin, Eq. 3, relationships:

Coffin-Manson Aeg = A-Ng ¥))
Basquin Ae,=B-N& 3)
where Agp and Ae, are the plastic and elastic strain ranges, respectively, and A, o, B

and P are material constants. The corresponding values for the constants are shown
in Table 3.
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Figure 5. Total mechanical strain range versus number of cycles to 10%
stress reduction for tested materials. The lines correspond to a summation of
the Coffin-Manson and Basquin equations, Eqs. 2 and 3 respectively.

One TMF-OP test was performed on an all-ferritic specimen which resulted in an
increase in the specimen outer diameter (barrelling) along the gauge length and a
decrease in the diameter (necking) directly outside the gauge length. Failure occurred
at one of the necked regions. The maximum diameter of the barrelled region was
13.8 mm and the minimum necked diameter 11.5 mm compared to the original
13 mm diameter.

TABLE 3. Values of constants in Egs. 2 and 3.

Material type A o B 8
Ferritic 29.1 -0.67 0.75 -0.15
Composite 80.0 -0.79 0.58 -0.10

4. Discussion

4.1. COMPOSITE FATIGUE LIFE

An outer layer of the corrosion resistant Alloy 825 increased the fatigue life of the
specimens with at least 50% under the test conditions, see Fig. 5. In the composite
steel, failure occurred by cracks which had initiated at the inner bore in the ferritic. In
the all-ferritic specimens cracks propagated from both the inner and outer surfaces.
Crack initiation and propagation was intergranular and it is likely that oxidation
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played an important role in the nucleation of cracks. Fatigue cracks seemed to initiate
easier in thin austenite layers than in a thicker one. In the composite specimens, with
a coating thickness of 0.3 mm, no cracks were seen on the surface while in the semi-
coated material, where the coating thickness was 0.1 mm or less, cracks were
observed on the surface when tested at the same strain range. One possible reason for
this can be observed in Fig. 2 as the grain size in the Ni-Fe-Cr alloy becomes
considerably smaller close to the interface, approximately 10 um, than at the outer
surface where the grain size was approximately 75 pm. The specimens were
manufactured by progressively removing the outer austenite layer so that in the thin
coating with only small grains remaining, the number of grain boundaries in the
surface was considerably higher than in a thick coating. The crack shown in Fig. 4
initiated at a grain boundary at the surface and propagated in an intergranular
manner. Therefore, the semi-coated specimens showed no improvement in life over
the all-ferritic specimens. In an investigation of Alloy 800H [6], which is similar to
Alloy 825 but with a lower nickel content, the fracture mode was intergranular crack
initiation and propagation during TMF-IP testing between 200 and 800°C.

In the ferritic base material unoxidised internal cracks perpendicular to the stress
axis were observed that could be associated with creep damage. It is reasonable to
assume that those internal cracks participate in the final fracture process.

4.2. COMPARISON WITH OTHER RESULTS

It has been reported for other materials that the fatigue life during TMF-OP often
differs from that during IP [7-10]. In some ferritic steels and nickel-base superalloys
studied, the IP life was found to be longer than the OP life [7, 8] whereas in an
austenitic steel and an ODS alloy, the reverse was found [9, 10]. Since no OP tests
could be performed on the material in this study, due to shape instabilities, a
comparison with an another ferritic steel of 1Cr0.5Mo type from Ref. 7 has been
made. As can be seen in Fig. 6 the IP tests had a marginally longer fatigue life than
the OP tests between 200 and 525°C, although the difference was not very large.
Sometimes TMF conditions are simulated by isothermal low cycle fatigue (L.CF) tests
at the highest TMF temperature. For the material in Ref. 7 the difference in fatigue
life was large, about half an order of magnitude but there was a 100-fold difference in
strain rate. When the differences in strain rate were taken into account the differences
in cyclic life diminished and use of the Ostergren damage approach, which includes a
frequency factor, reduced the OP, IP and LCF data to a single curve with a scatter of
1.5 in lifetime. All the fatigue tests reported in Ref. 7 had failed by transgranular
initiation and propagation and no internal intergranular cracking was seen,
indicating little or no creep damage. In cases where IP testing produces intergranular
cracking it often occurs that IP lives are considerably shorter than OP lives, [9, 10].
The effect of barrelling was reported before on soft or ductile materials and it is
thought to be due to a non-uniform specimen geometry [11] or, which is more likely
in this case, an uneven distribution in temperature [11, 12].
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Figure 6. Comparison between TMF-IP results between 300-600°C for DIN St
45.8 with and without an outer layer of Alloy 825 from this study and results for a
1Cr0.5Mo steel [7]. The strain rate for the TMF tests was 1-10-4 1/s and for the LCF
tests 1-102 1/s.

5. Conclusions

In this study a composite steel with an inner core of the ferritic steel DIN St 45.8 and
an outer layer of the austenitic Alloy 825 has been studied during TMF-IP testing
between 300 and 600°C. TMF-OP could not be performed because of severe
barrelling effects. For comparison specimens of uncoated and semi-coated ferritic
steel were tested under similar conditions. It was found that an austenitic coating
increased the fatigue life by at least 50%. This was due to the reduction of surface
oxidation effects. Further it was also found that the fatigue resistance of the coating
decreased as the grain size decreased due to intergranular crack initiation and
propagation. In the ferritic steel core internal cracks emerged that were related to
creep damage. The adhesion at the austenite/ferrite interface was very good, with no
evidence of cracking secn.
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TMF LIFE AND DAMAGE MECHANISM MAPS FOR TITANIUM MATRIX
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1. Introduction

Thermomechanical fatigue (TMF) life prediction is quite complex, because life
depends on the active damage progression mechanism. The active mechanism is
dependent on many factors including the type of cycle, temperature, stress, strain,
environment, and cyclic frequency. Consequently, the active damage mechanism is
not always easily identifiable for a given stress (or strain)-temperature-time history.

One way to visualize the effect of stress and temperature on the life and damage
mechanisms is through the use of maps that allow visualization of two independent
variables at once. Maps have been found to be useful for illustrating the effects of
stress and temperature on the deformation mechanisms in many monolithic materials
[1] as well as the effects of stress and notch length on the bridging and crack growth
mechanisms in titanium matrix composites [2].

This paper describes the procedure for constructing TMF life and damage
mechanism maps for a titanium matrix composite. This 4-ply composite is composed
of unidirectional silicon carbide fibers (SCS-6) in a beta-titanium matrix (Timetal
218). The behavior of this material under stress-controlled TMF is described in Refs.
3, 4].

2. Construction of the Maps

The procedure for constructing the maps involves identifying all the possible damage
progression mechanisms through experiments and analyses. The complexity of the
damage progression modeling is reduced by focusing on the mechanisms that govern
the steady-state damage rate. The variables that influence the damage rate are
identified for each possible steady-state mechanism. Either an empirical or semi-
empirical expression that represents the average damage rate as a function of the
relevant variables is adopted for each mechanism. The damage mechanisms are
generally dependent on the fiber and/or matrix response in composites. Therefore,
micromechanics analyses are needed to determine the response of the constituents.
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Once damage expressions have been adopted and the constants have been
determined from key experiments, the life and damage mechanism maps can be
constructed. The variables for the axes are the maximum stress, S..,, and maximum
temperature, T, of the cycle. Secondary variables such as the temperature range,
stress ratio, and frequency remain constant, but these effects can be examined by
constructing a series of maps. For each possible stress-temperature combination, a life
analysis is conducted to obtain the cycles to failure and the dominant damage
mechanism. The life analysis involves determining the constituent response and then
computing the damage rate for all possible damage mechanisms. The life is given by
the damage expression that gives the highest damage rate. This information is used to
generate lines of constant life on the maps and to partition the map into regions
showing the dominant damage mechanisms.

2.1. DAMAGE MECHANISMS

Damage mechanisms are identified through a number of experimental techniques and
measurements. For SCS-6/Timetal 218, these include strain accumulation [3, 4],
modulus degradation [3, 4], acoustic emission [5], residual strength [4, 6],
fractography and microscopy [3, 6], numerical analyses [7, 8], and simple life
analyses [3, 9]. Three primary damage mechanisms were identified in a SCS-
6/titanium aluminide composite system [10]. Similar mechanisms were identified in
the SCS-6/Timetal 21S system [11]. The mechanisms are (1) time-independent
fatigue of the matrix, (2) surface-initiated fatigue-environment damage, and (3) fiber-
dominated damage.

2.1.1. Fatigue of the Matrix

This mechanism is the time-independent fatigue of the matrix. The matrix response is
controlled by both the applied mechanical load and the mechanical strain induced by
the mismatch in the coefficient of thermal expansion (CTE) between the fiber and
matrix. The fatigue mechanism is analogous to low cycle fatigue of the monolithic
matrix material.

2.1.2. Surface-Initiated Fatigue-Environment Damage

This mechanism describes the synergistic influences of the environmental attack and
matrix fatigue. The matrix undergoes strain cycling similar to the fatigue of the
matrix mechanism. The surface that is exposed to the environment becomes
embrittled. The maximum strain that the embrittled surface layer is capable of
supporting becomes smaller with time of exposure. Once this embrittled surface layer
cracks, crack growth continues with cycling since the crack tip can easily become
embrittled through the exposure of the crack tip to the environment. Compared to the
previous matrix fatigue mechanism, multiple initiation sites are generally found and
consequently many more matrix cracks perpendicular to the loading axis are observed
when the material undergoes this mechanism.
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2.1.3. Fiber-Dominated Damage

This mechanism describes a progression of fiber fractures. During the very early
cycling (<0.1 Ny, matrix stress ratchets down, with fiber stress increasing due to the
viscoplastic behavior of the matrix [7]. Fiber failures occur periodically on subsequent
cycles, promoted by the increasing fiber stress, as well as by the reduction in fiber
strength. The mechanism causing fiber strength degradation is not completely clear,
but may be either frictional rubbing at the fiber/matrix reaction layer or carbon-rich
coating [12] or an environmental attack to the components of the reaction and carbon
layers [13] or possibly a combination of these mechanisms [14]. As a function of
percent life, the fiber fracture events occur at a near constant rate [5]. Failure occurs
after a sufficient number of fiber breaks have occurred and the matrix can not
withstand the additional load.

2.2. MICROMECHANICS

The constituent behavior is determined through a rule-of-mixtures model that
incorporates thermoelastic and viscoplastic material models [8]. For this system, the
fiber is thermoelastic and the matrix is viscoplastic and modeled using the Bodner-
Partom unified constitutive theory [15, 16]. First, the processing cool-down is
simulated to obtain the initial residual stress state. Then the analysis is run for 10
fatigue cycles to capture the effect of ratchetting on the redistribution of the fiber and
matrix stress. The response at cycle 10 is used as the approximate stabilized behavior
of the composite.

2.3. PREDICTION MODEL

Of the possible damage mechanisms, the one that results in the highest rate of
damage accumulation controls life and is termed the dominant damage mechanism.
Since the mechanism is generally not known a priori, the average damage per cycle,
D, for each possible mechanism is computed, and the one producing the most damage

controls life:
D = max(D"" ,pM*™ . DF ) )

where DM s the damage per cycle for the fatigue of the matrix mechanism, D™ is
the damage per cycle for the surface-initiated fatigue-environment mechanism, and
D is the damage per cycle for the fiber-dominated mechanism. In the case of
damage growing linearly with the number of cycles, N, the number of cycles to
failure, N, is given by

Ny=1/D )

Basing TMF prediction modeling on different possible damage mechanisms was
found to be critical for general TMF life prediction [9]. Synergism between any two
of these mechanisms is not included in Eq. (1). However, synergism between fatigue,
creep, environment, phasing, and time is incorporated in the damage expressions for
each mechanism.
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Semi-empirical or purely empirical relationships are adopted to describe the
damage rate of each identified mechanism. Generally, damage is a nonlinear
function of N. However, determining the nonlinear relationship for each mechanism
is challenging. Therefore, the average steady-state damage rate is chosen to be
independent of the amount of damage. This simplification allows the focus of the
modeling to be placed on the factors that control the damage progression during the
majority of the life. Events occurring during the initial and final cycles are indirectly
incorporated in the empirical constants.

2.3.1. Fatigue of the Matrix
The fatigue of the matrix mechanism is dependent on the mechanical strain range

of the matrix, Asf;"), and mean stress in the matrix, cg]'l’. It is assumed that

temperature does not significantly affect this mechanism. Since D™ is controlled by
crack initiation during most of the life, one possible relationship is the generalized
Coffin-Manson relationship with mean stress correction [17],

Acw  Gp—c@ () b (2 \¢
2 2 \pww) T\ D ®)

The empirical constants, o¢,b,ef, and c, are determined from low cycle fatigue tests
on the matrix material conducted at room temperature, and £™ is the modulus of the
matrix at room temperature. The constants for SCS-6/Timetal 218 are given in Ref.
[11].

2.3.2. Surface-Initiated Fatigue-Environment Damage
This term is dependent on the matrix mechanical strain range, As{;") , describing the

fatigue process, as well as on time, temperature, and the kinetics of oxidation
describing the severity of the environmental attack. The time-dependent processes are
described through the cycle time, #, and an effective oxidation constant, D
Synergistic effects due to the stress-temperature phasing are incorporated through
@™ which is a function dependent on the ratio of the thermal and mechanical strain
rates. A mechanistic-based expression was given in Ref. [10]. For SCS-6/Timetal
218, the expression becomes

DM = g¥e (g, @) (oM D, ) (1 @

where is a scaling parameter. The exponents and coefficients are determined
from key out-of-phase (OP) TMF and isothermal fatigue tests [9].

0.259
)

AMenv

2.3.3. Fiber-Dominated Damage

The fiber-dominated damage mechanism is primarily dependent on the fiber stress,
o®. The fiber stress is influenced by the time-dependent redistribution of stress
between matrix and fiber under the cyclic mechanical and thermal loading. In
addition, degradation of the fiber strength occurs with time at temperature. This may
involve diffusion of oxygen through the matrix or matrix cracks to the fibers or by the
piping of oxygen through exposed fiber ends. In the case of the SCS-6 fiber, oxidation
of the carbon-rich coatings occurs. An Arrhenius factor, exp[-Q" / RT), treats this
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effect. The phasing of stress and temperature can also influence the rate of damage
accumulation through ®F. The expression that was adopted to describe this

mechanism is [10]
r r oF 166
Df=4 j o” exp[ RT]( ) dt 5)

where A" is a constant and o7 is the average fiber strength. The constants and
exponent are primarily determined from key in-phase (IP) TMF tests [9].

3. Results
3.1. OUT-OF-PHASE TMF

OP TMF maps are shown in Fig. 1. Each map shows the effects of S, and T, of
the cycle on the life and dominant damage mechanism. The effect of temperature
range (AT) is examined through a series of maps. Figs. 1(a)-1(c) are maps for
AT = 500°C, 250°C, and 50°C, respectively. The stress ratio (R) is 0.1, the frequency
(f) is 0.00556 Hz (3 min. cycle period), and the atmosphere is air. The labels on the
life contours (n) represent Ny = 10" cycles. The shaded region near the top of the
maps is unattainable, since fracture would have occurred during the first loading.
The line delineating this region is the approximate ultimate tensile strength (UTS) of
the material. It is dependent on the temperature at S, of the cycle.

The maps are most accurate in the region where T, is between 550°C and 815°C
and S, is greater than 400 MPa. In this region the experimental data is generally
within a factor of 3 of the predicted life for OP TMF and within about a factor of 10
for IP TMF [9]. Outside this region the damage expressions are essentially
extrapolated. The room temperature response was based on the fatigue behavior of
monolithic Timetal 21S. The actual room temperature composite life may be lower
because local stress risers in the composite are not established at this time.

Failure is generally defined as the cycle when the specimen separates into two
pieces. When the maximum applied stress is very low, separation may not occur.
However, the average damage rate may be high enough to attain a critical level of
damage. Recall that the damage rate is based on the mechanism that occurs during
majority of the life. The rate controlling process for the AMenv mechanism is the
growth of matrix cracks. At high applied stress, fiber degradation and individual
fiber failures occur as a last step before complete specimen separation. When the
maximum applied stress is low, the final transient resulting in the individual fiber
failures may not occur, yet the distribution of matrix cracks is indicative of failure.

The maps help classify the complex TMF behavior, especially observed in
advanced composites. Much information can be obtained from these maps. For
example, the change in slope in the life contours near 400°C in Fig. 1(a) is indicative
of a change in the damage mechanism. The mechanism changes from fatigue of the
matrix (labeled Mfat in the figure) to surface-initiated fatigue-environment damage
(labeled Menv) as T, increases. It is clearly apparent from the map that this change
in mechanism is controlled more by T, than S,
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(a) AT = 500°C.

(b) AT =250°C.

(c) AT = 50°C.

Figure 1. Life and damage mechanism
maps for out-of-phase TMF
with R = 0.1 and £=0.0056 Hz
in air atmosphere.
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As AT increases, the shift from the Mfat to Menv mechanism occurs at a higher
Tmex- This is explained by the reduction of the cycle time that experiences significant
environmental degradation.

Also as AT increases, N; for a given S, and T, can either decrease, stay about
the same, or even increase. At very low S_,,, N; decreascs with AT increasing. The
mechanical stress/strain in the matrix is controlled by mismatch in the CTE between
the fiber and matrix during the thermal cycling. The strain from thermal cycling,
AT, is more dominant than the mechanical strain imposed from AS. At high S_,, and
intermediate temperatures, the reverse trend is observed: N;increases with increasing
AT. Under OP TMF, S, occurs at T,;,, which is decreasing with increasing AT.
The likelihood of failure is reduced, because the strength of the matrix increases with
decreasing temperature. In addition, the fraction of the cycle undergoing significant
environmental degradation is reduced.

3.2. IN-PHASE TMF

IP TMF maps for AT = 500°C, 250°C, and 50°C are shown in Figs. 2(a)-2(c),
respectively. Compared to the OP TMF maps, the IP TMF maps contain a larger
region where life is greater than 107 cycles. However, the UTS curve is lower on the
IP TMF maps, because S, under IP TMF occurs at the higher temperature of the
cycle when the strength of the matrix is lower. Although the differences in the IP and
OP TMF maps are significant, the maps must coincide for pure thermal cycling
(Suax = 0).

All three dominant damage mechanisms appear on the IP TMF maps. The fiber-
dominated mechanism (labeled Fiber) occurs when S, is relatively high. Most IP
TMF tests that have been conducted in the laboratory fall in this region. The life lines
are close together indicating that the life is especially sensitive to S_,,, and therefore
have fairly flat stress-life curves. Life is less sensitive to S... when the Mfat
mechanism operates at lower T,,,. On the higher AT maps (Figs. 2(a) and 2(b)), the
boundary between the Fiber and Mjfat mechanisms is a diagonal and therefore
dependent on both S_, and T,,,.

Also on the higher AT maps, the Menv mechanism operates at high T, ., and low
S Within this region, N; decreases with decreasing S,,.. This seemly contradictory
region is easily explained. Recall that the matrix strain is controlled by thermal
cycling, AT, at low S_,. Since the matrix has a higher CTE than the fibers, the
residual stress in the matrix after the processing cool-down is positive. Consequently,
during the heating portion of the cycle, the matrix strain decreases. Therefore, the
matrix experiences an OP cycle, and the Menv mechanism has a propensity to
operate. As AT becomes smaller, the matrix OP cycle is lessened, and the size of the
Menv region in the lower right corner of the map is reduced.

At very high T, the life is longest when S, ~ 350 MPa for AT = 500° C and
Spax & 250 MPa for AT = 250°C. The matrix strain induced by the applied
mechanical cycling is in-phase with temperature and the matrix strain induced by
thermal cycling is out-of-phase with temperature. At this location on the map, these
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(a) AT = 500°C.

(b) AT = 250°C.

(c) AT = 50°C.

Figure 2. Life and damage mechanism
maps for in-phase TMF with
R=0.1 and f=0.0056 Hz
in air atmosphere.
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two matrix strains cancel resulting in no net cyclic strain and therefore no driving
force for matrix fatigue. Since the fiber stress is also small, the life is long.

At AT = 50°C, the Menv mechanism is more prevalent at higher S ... The matrix
experiences an IP cycle in this region, but the strength of this thermal cycle is small
because of the small AT. As will be apparent in the next section, as AT becomes
small, the behavior begins to look like isothermal fatigue.

3.3. ISOTHERMAL FATIGUE

A map for isothermal fatigue conducted at the same frequency as the TMF tests is
shown in Fig. 3(a). Isothermal fatigue is essentially a special case of TMF. It is the
case when AT = 0. This map is similar to the IP TMF map with the smallest AT
(Fig. 2(c)). Note that the temperature scale has changed. Isothermal fatigue appears
to be less influenced by the Fiber mechanism but slightly more influenced by the
Menv mechanism compared to IP TMF at AT = 50°C.

The map for isothermal fatigue under a frequency 100 times lower is shown in
Fig. 3(b). The two time-dependent mechanisms reduce predicted lives at higher T_,,.
The degradation due to the Fiber mechanism shows a greater effect on frequency,
which is consistent with experiments [9]. The UTS curve is expected to decrease as
frequency decreases; however, the curve was not adjusted for frequency, because the
loading rate effect on UTS was not available.

4. Summary and Conclusions

To construct life and damage mechanism maps, a clear understanding of the damage
micromechanisms is required, so that an expression for the damage rate for each
possible dominant damage mechanism may be adopted.

The relationships among IP TMF, OP TMF, and isothermal fatigue are clarified
through the maps by showing the whole picture. They illustrate that one needs to be
careful when associating a damage mechanism with a particular cycle type. For
example, IP TMF, which is typically considered fiber-dominated, can be controlled by
one of three damage mechanisms depending on the stress-temperature-time history.
The life is dependent not only on the cycle type, but also on the other controlling
parameters such as stress, temperature, and environment.

The cycle type that is more life limiting depends on the stress-temperature-
environment-time history. Considering a particular S, and T, of a TMF cycle,
either OP or IP TMF may be more life limiting, or they may be nearly equivalent. At
higher T, and higher S, IP TMF is the more severe cycle. At higher T, and
lower S, OP TMF is a more severe cycle. At lower T, for all S_,., OP TMF is a
more severe cycle. Generally a larger AT exaggerates the damage mechanism
associated with that cycle type.

Maps help reduce the complexity of TMF behavior. They can be used as a first
assessment for comparing the severity of different stress-temperature combinations,
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(a)f=5.6x10° Hz

(b)f=5.6x10" Hz.

Figure 3. Life and damage mechanism
maps for isothermal fatigue with
R =0.1 in air atmosphere.

In addition, maps of different material systems can be compared as a potential tool for
material selection in applications where thermal and mechanical cycling is critical.
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1. Introduction
1.1. FATIGUE IN CERAMICS

The term fatigue is used incorrectly by ceramicists to describe the degradation of the
ceramic's mechanical properties with time, irrespective of whether the applied load is
cyclic or not. The most common fatigue mechanism for monolithic ceramics in this
sense is stress corrosion cracking. This process consists of the stress promoted
absorption and reaction of gaseous molecules (especially H,O, [1]) at the tip of
surface cracks, and it results in slow crack growth, often roughly according to the
empirical Eq. 1:

da

—=AK] 1

g7 I @

In Eq. 1 a stands for crack length, X; for the stress intensity factor, and 4 and n

are material and environment dependent constants obtained from experiments. Slow-
crack-growth degrades the strength of a ceramic, according to the fracture mechanics
relation of Eq. 2, which relates the fracture strength o7 to the critical stress intensity
factor K;. , the length a. of the most critical crack and an appropriate shape
parameter Y.

o, = K )

Y a,
Since the application of technical ceramics as structural materials is spreading, the
need to improve their resistance to cyclic loads is increasing. This is reflected in the

rapid development of a cyclic fatigue (as opposed to static fatigue) branch in the
research field of mechanical properties of ceramics. To comply with the more broadly
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accepted ISO-definition of fatigue (“the changes in properties which can occur in a
material due to the repeated application of stresses or strains™), in the remainder of
this text the term fatigue will be used instead of cyclic fatigue.

The search for fatigue mechanisms has been triggered by the discovery of
differences between lifetimes and crack growth rates under static and cyclic loads at
room temperature. As a basis for comparing the measured lifetimes and crack growth
rates, Evans [2] proposes using the empirical crack growth rate equation Eq. 1. Once
the parameters 4 and n have been determined for a specific ceramic under a static
load, one can calculate lifetime by integrating the crack growth rate between an
estimated initial crack length a, and a critical crack length a.. This integration can be
performed for static loads (analytically) as well as for cyclic loads (usually
numerically), and thus permits the prediction of the lifetime under cyclic fatigue
conditions if the failure mechanism under static and cyclic loads is the same. If the
experimentally determined fatigue lifetimes do not correspond with the predictions by
the integration method, one can conclude the existence of a specific positive
(= lifetime lengthening) or negative (= lifetime shortening) fatigue mechanism.

1.2. LOW TEMPERATURE FATIGUE IN MONOLITHIC CERAMICS

For monolithic ceramics (such as SiC, SizN,, ZrO,, Al,O;, ...) the fatigue phenomena
occurring at low temperature (below approximately 1000°C) have now been
sufficiently documented to draw some first conclusions. Most of the room temperature
fatigue tests on monolithic ceramics reveal a decrease in lifetime or an increase in
crack growth rate when compared to tests under static loads. This negative fatigue
effect is more easily distinguished in ceramics which show R-curve behaviour, i.c.
those ceramics for which the fracture resistance increases with crack length. The
origin of R-curve behaviour lies in the shielding of the crack tip from the applied
stress intensity by either crack wake bridging features, or by a damage zone around
the crack tip. Both of these make the ceramic more prone to fatigue. Crack wake
bridges can fail or degrade through friction when the crack wake closes during the
unloading part of a fatigue cycle. Elaborate crack-wake bridge degradation models
have been proposed [3,4]. Crack tip damage zones also can promote crack growth
during the unloading half of the cycle, due to their mechanical incompatibility with
the surrounding undamaged material. This phenomenon occurs under pure
compression fatigue as well, as described and modelled by Ewart and Suresh [5].

1.3. EFFECTS OF HIGH TEMPERATURE ON SILICON NITRIDE CERAMICS

1.3.1. The Presence of Amorphous Grain Boundary Phases

The application of ceramics as structural materials is only cost-effective at high
temperatures and/or under severe environmental loading conditions, where, due to the
high bond strength of the ionic-covalent crystal structure, their mechanical properties
remain largely unaffected, whereas the competing metallic materials melt, deform or
corrode. However, monolithic ceramics have a maximum application temperature, as
they are susceptible to creep damage; some of them even at temperatures not far above
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1000°C. In the case of SisN,, successful sintering requires a small amount of oxide
additives (e.g. ALOs, Y203, MgO, ...). Together with the SiO; layer often present on
the silicon nitride powder before sintering, these additives form a secondary glassy
silicate phase, which promotes the diffusion necessary to sinter to a fully dense
ceramic. Unfortunately, the remaining glassy layer between the grains of the sintered
ceramic affects the deformation and oxidation resistance of the bulk at higher
temperatures. To limit the effect of the grain boundary phases on the high
temperature properties attempts to decrease the amount of sintering additives needed
by developing new sintering (hot isostatically sintering [6]) and powder processing
(silicon nitride powder coating with sintering additives [7]) techniques have been
explored. Crystallizing the glassy intergranular phases by an appropriate heat
treatment has also been examined [8]. It has been shown that a very fine amorphous
layer nevertheless always remains [9].

1.3.2. Viscous Phases and the Resistance of Si3 N4 to Static and Cyclic Loads

Under static loads, the flow of silicate-glasses along the grain boundaries of two-
phase monolithic ceramics leads to an increased creep rate, until the viscous fluid is
squeezed out of the grain boundaries along which the silicon nitride grains glide. This
creep mechanism is more important under tensile than under compressive loads, and
leads to the well known asymmetric creep behaviour [10]. Phenomenological
viscoplastic models, incorporating this asymmetry, have been developed to calculate
the creep deformation of simple ceramic structures (e.g. bending specimens, [11]).
These models are based on time-independent properties of the viscous grain boundary
phase and do not take into account that the creep resistance as well as the resistance
to subcritical crack growth considerably increase when the glassy intergranular phase
devitrifies [12,13].

The specific effect of a glassy intergranular phase on the fatigue resistance of
monolithic ceramics is not as well documented. The small amount of high
temperature fatigue results show that the effect of fatigue load on lifetime or crack
growth rate can be positive, when compared to the effect of static load. Fig. 1 [14]
summarizes the results of an earlier JRC-IAM-research project on high temperature
fatigue of a silicon nitride. The figure combines lifetime versus stress-curves (for tests
under static loads), and cycles to failure versus stress amplitude-curves (for tests
under cyclic loads with R = -1) obtained on a silicon nitride containing a partially
amorphous grain boundary phase, tested at 1200°C in air. The time to failure under
static load is much shorter than that under cyclic load, thus manifesting a positive
fatigue effect. A constant stress of 320 MPa leads to failure after 100 seconds,
whereas a cyclic load of this amplitude is sustained over 430 hours without leading to
fracture. In fact, 320 MPa seems to be the fatigue limit for this silicon nitride tested
under alternating load.

A number of specific high temperature fatigue mechanisms have been proposed to
explain the observed positive fatigue effects. All of them relate to the presence of an
amorphous grain boundary phase, which is supposed to cause a frequency dependent
energy dissipation and to have an increased load bearing capacity at higher loading
rates [15,16].
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Figure 1. Comparison of lifetime under cyclic (R= -1) and static load for a hot-pressed silicon nitride at 1200°C.

2. Experimental Procedure

In order to clarify the high temperature fatigue issue, the authors have undertaken
uniaxial fatigue tests on smooth silicon nitride specimens. Because the amount and
viscosity of intergranular phases in silicon nitride is of primary concern with respect
to the high temperature mechanical properties, a reliable test method was developed
first in order to enable to assess the viscous contribution of the glassy phase to the
stress-strain behaviour, before, after or even during a long term mechanical test at
high temperature. Then the possible frequency dependence of creep strain
accumulation and of the fatigue resistance was studied. Very precise cyclic strain
measurements are required to investigate the underlying deformation and damage
mechanisms.

2.1. MATERIALS

The material studied is a silicon nitride, pressureless sintered with the addition of
5 wt% Al- and 6 wt% Y-containing powders. During sintering, B-silicon nitride is
formed. Since some of the aluminium atoms substitute for silicon atoms in the SizN,
grains, and an equal amount of oxygen atoms substitute for nitrogen atoms, the
resulting material is called “SiAION”. The substitution level z (used in the formula
Sis ,A1,0.N3_,) for the studied material is close to 0.4.

Two batches (G for glassy and C for crystalline) have been studied. The as
sintered G-batch contains both a glassy and a crystalline intergranular phase. The
crystalline phase is determined by TEM and XRD as Yttrium Aluminium Mellilite
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(Y4ALOy or YAM) which forms upon cooling from the sintering temperature. The
amount of this metastable phase varies from specimen to specimen and even within a
specimen. The C-batch has undergone a post-sintering heat treatment for 5 h at
1420°C, and corresponds to the commercially available Syalon 201 ceramic (Syalons
Ltd.). The heat treatment transforms the YAM phasc and the glassy intergranular
residues into Yttrium Aluminium Garnet (Y3Al;O;; or YAG), with the exception of a
few residual glass pockets at triple points between YAG and sialon grains, and of a
very thin amorphous intergranular film.

2.2. TEST PROCEDURE

Uniaxial creep and fatigue stress controlled (R = 0, R = -1) tests were run on an
electromechanical test machine, according to the procedures described elsewhere
[17]. Water-cooled hydraulic collet-type grips were used to clamp the flat specimen
(outer dimensions 160 mm x 20 mm x 6 mm). The reduced uniform gage section
measures 30 x 8 x 6 mm’. During the clamping procedure, parasitic bending stresses,
caused by test machine misalignment and by specimen and grip misalignment, are
monitored on-line via two sets of four strain gauges. The bending strains were
reduced to less than 5% of the uniaxial strain at 100 MPa. A 90 mm high induction
furnace heats the reduced section of the specimen through a SiSiC susceptor. A
contacting rod extensometer with Si;N, rods was used to measure the deformation.

3. Results and Discussion
3.1. FREQUENCY DEPENDENT PHENOMENA

3.1.1. Stress-Strain Hysteresis

Some of the specimens underwent a series of sinusoidal load cycles (Gua= 150 MPa,
Cuin= ~150 MPa) at different temperatures (from 750°C to 1350°C) and frequencies
(from 1 to 0.001 Hz). Fig. 2 demonstrates the temperature and frequency dependence
of the stress-strain hysteresis for a G specimen, while Fig. 3 shows the same for a C
specimen. Fig. 4 compares the hysteretic loops for two different G specimens.

The results have to be interpreted in view of the microstructural characteristics of
the two batches. The as sintered sialon (Fig. 2) does not show inelastic deformation
(reflected by the opening of the stress-strain loops) below 1000°C. For the heat
treated specimens on the other hand, the onset of inelastic deformation begins at
1200°C (Fig. 3). For both batches, increasing temperature and decreasing frequency
result in an opening of the stress-strain curves. The lower volume fraction and/or
higher viscosity of the intergranular phases in the heat treated sialon increase the
temperature at which the hysteretic phenomenon occurs, as compared to the as
sintered sialon. The hysteretic area at a given temperature and frequency of different
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G-specimens varies considerably (Fig. 4). This confirms the findings of the
microstructural observations which showed that the volume fraction of crystalline

versus amorphous grain boundary of the as-sintered material varies from specimen to

specimen.
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3.1.2. Strain Accumulation under Static and under Cyclic Loads

In Fig. 5 the evolution of the accumulated strain in a sequence of fatigue and creep
loading on a single G specimen is shown. In the case of fatigue loads the strain
corresponds to the maximum strain in each cycle. Before the application of the
100 MPa static load (after 75 hours at 1250°C), the specimen had undergone several
creep and fatigue loading cycles at lower temperatures and lower stresses, during
which a residual strain of 0.01% was generated.

Figure 5.  The strain accumulation during a sequence of fatigue and creep tests on a G specimen.

It can be observed that the inelastic strain accomulated during the 100 MPa crecp
stage is almost totally recovered, when a fatigue load cycling between 0 and 100 MPa
is applied. Moreover, when the peak-stress of the stress-cycle is increased to
125 MPa, additional non-elastic strain is still not measured. On the other hand, when
the load is kept at 125 MPa, strain accumulates again. These observations show that
the rate of inelastic strain accumulation under cyclic loading at a load ratio R=0
cannot compensate for the decrease induced by creep strain recovery. This indicates
that the strain accumulation rate under cyclic loading is well below that under static
load, as also evidenced when pure creep and pure fatigue loading at the same
maximum stress are compared. At present it is not yet possible to establish accurately
the specific relation between test frequency and load ratio and strain accumulation
rate under cyclic loading, since the measured strain rates are near the resolution of
the equipment (~107° s™).

3.1.3. Implications for Fatigue Resistance

In the absence of other hysteresis causing phenomena such as the opening and closing
of bridged cracks, the hysteretic area can be assumed to represent the amount of
energy dissipated in the viscous grain boundary phases under cyclic loading
conditions. Therefore, this dissipated energy is not available as a driving force for
deformation accumulation. This can explain the observed decrease in strain
accumulation rates under cyclic loads at high temperatures, when compared to strain
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rates obtained in static load experiments where this hysteresis is absent. Similarly, the
dissipated energy is also not available for creating extra crack wake surface. The
hysteretic stress-strain behaviour therefore secems to offer sufficient ground to
understand delayed failure under fatigue loads as compared to tests under static load.

3.2. TIME-DEPENDENT PHENOMENA

3.2.1. Evolution of Stress-Strain Hysteresis during Long Term High Temperature
Tests

In long-term fatigue tests on as-sintered sialon, the hysteretic arca at a given
temperature and frequency decreases with time (Fig. 6). This is caused by progressive
crystallization of the intergranular phases during the test. As the volume fraction of
crystalline grain boundary increases, the Young’s modulus also increases as
evidenced by a progressive decrease of the strain amplitude at constant stress
amplitude of the individual fatigue cycles.

Figure 6.  Evolution with time of stress-strain hysteresis loops in a 0.001 Hz-fatigue test at 1200°C
on an as sintered specimen.

3.2.2. Consequences of Grain Boundary Devitrification for Fatigue Resistance

The crack growth resistance of ceramics depends on the amount of amorphous
intergranular phases. Therefore, the fatigue resistance of a ceramic in which
progressive devitrification occurs is changing concurrently. As the expected lifetimes
under cyclic loading ar3e larger than under static loading (3. 1.3.), the time-dependent
influence of grain boundary phase crystallization becomes more important.
Progressive devitrification may therefore lead to a further increase in lifetime in the
“metastable” silicon nitride studied, in addition to the aforementioned frequency
dependent contribution.
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4o

Conclusions

A newly proposed method to systematically characterize the influence of amorphous
intergranular phases on the high temperature deformation properties in monolithic
ceramics was successfully applied. Also, the evolution with time of the crystallinity of
intergranular phases during fatigue and creep tests is monitored during long-term
tests. Both the presence of the amorphous grain boundary phase, causing frequency
dependent energy dissipation, and the evolution of its volume fraction with time at
temperature are invoked to explain the observed positive (lifetime lengthening) effect
of fatigue loading, compared to static loading.
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1. Introduction

During the last decade, technological advances have been expected from the
development of refractory composites based on either carbon, ceramic, glass or
intermetallic matrices. However, a lack of reliability could be impeding with respect
to various potential applications. Since their use temperatures range between room
temperature and temperatures higher than 600°C, an understanding of the
physicochemical and thermomechanical incompatibilities between components of
these heterogeneous materials is particularly important.

The behavior of refractory composites under thermal cycling is one of the main
concerns regarding these materials. Indeed, thermal fatigue simultaneously combines
the effects of chemical modifications particularly in the vicinity of fiber/matrix (F/M)
interfaces, and the effects of mechanical fatigue related to the cycling of thermally
induced residual stresses. Moreover, these coupled phenomena can interact with the
environment which can be inert, oxidizing or vacuum. Although these materials
usually undergo simultaneous thermal and mechanical loadings, the mechanisms
involved in thermal fatigue have been considered to be sufficiently complex and
difficult to clarify, thus justifying the exclusion of any mechanical loading for an
investigation in this field.

The present study, devoted to a laminated 2D glass-ceramic matrix composite,
focuses on pointing out the predominant effects of thermal cycling, whose
mechanisms contribute to composite damage and performance reduction.

After a brief presentation of the 2D-SiC/MAS-L composite and a concise
description of the thermal fatigue and damage characterization conditions, particular
attention will be devoted to the assessment of residual stress levels in the matrix and
fiber. Their importance will be taken into account to propose mechanisms which
attempt to explain the experimental results reported.
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2. Experimental
2.1. MATERIAL

The 2D-SiC/MAS-L composite was fabricated by hot pressing at approximately
1300°C a stacking of 0°/90° unidirectional layers of SiC fibers (NICALON
NLM 202) in the presence of an oxide powder derived from a gel at 500°C [1]. After
processing, the glass-ceramic matrix of the laminate does not exhibit any microcracks
and reveals the existence of five distinct phases: P—eucryptite with an estimated
negative coefficient of thermal expansion (CTE) a # 6.4 - 10K [2], mullite
(@ = 4.5-10°K") [3], B-spodumene ( (@ = 0.9 - 10° K') [2], a—cordierite
(@ # 2.6 - 10°K" ) [4] and an amorphous phase identified as LiAlSi;Og [5].
Furthermore, high resolution transmission electron microscopy and microanalyses
have shown the nanostructure and microstructure of the composites and particularly
the presence of free carbon in the F/M interfacial zone [5-6].

After processing at such a high temperature (1300°C), the composite is
particularly suited to the high temperatures of use anticipated for this type of
material. Its main characteristics are reported in Table 1, where ¢ and & stand for the
first deviation of linearity and rupture strain, respectively, and o” is the rupture stress.

At room temperature, this type of composite loaded under tension exhibits non
brittle behavior related to dissipative mechanisms such as microcracking, and F/M
sliding with friction. This behavior is illustrated after fracture by a particularly
extended fiber pull-out phenomenon.

TABLE 1. Mechanical characteristics of (0/90)s; SiC/MAS-L composite before thermal cycling.

E gl g o
(GPa) (%) (%) (MPa)
82 0.18 0.41 161

2.2. THERMAL FATIGUE TESTING

Rectangular specimens (120 x 10 x 3 mm?®) of (0/90)s, SiC/MAS-L composites were
thermally cycled in a chamber either under vacuum, in air or in argon. The
apparatus, based on an RF heating device, has been described elsewhere [7]. Since the
composite is an electric insulator, a conductive susceptor had to be interposed
between the specimen and the heating coil. A graphite susceptor could be used under
vacuum or in argon whereas a molybdenum disilicide (MoSi,) susceptor was required
in air. In both cases, the specimens were heated and cooled by radiation with
controlled speeds of 10Ks™ and -5Ks™ respectively as illustrated in Fig. 1.

The maximum temperature gradients in the specimen central area were found to
be lower than 2Kmm™ during thermal cycling between 500°C and 1150°C, which
limits stresses induced by non uniform distributions of temperature.
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Figure 1. Thermal cycles: a- RF driving signal; b- Thermocouple measurement.
2.3. DAMAGE CHARACTERIZATION

The damage and the resulting decrease in performance of the composites after
thermal fatigue were assessed through deviations in stiffness and density as a function
of the number of thermal cycles. Also, the analysis of tensile stress-strain curves, with
the help of simultaneous record of acoustic emission signals and the micrographic
examination of specimen faces and fracture surfaces have contributed to the
interpretation of the deviations in behavior after thermal cycling. It is noteworthy that
the tensile tests were performed with the two adjacent central plies under transverse
tension (90°plies).

3. Thermal Stresses

At a macroscopic scale, the anisotropy of the unidirectionally reinforced plies gives
rise to residual stresses in the 2D (0/90)s, composite during the cooling step after hot
pressing. Although the processing temperature reaches 1300°C, the state of residual
stresses in the 2D (0/90)s, composite is assumed to appear below 1000°C. Thus,
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residual stresses were computed for a temperature deviation AT = -1000°C with the
thermomechanical characterization of 1D plies, as reported in Table 2.

TABLE 2. Mechanical and physical characteristics of 1D-SiC/MAS-L ply.

Vs Er E, VLT VIL o oy
(%) (GPa) (GPa) (10°K") (10°K™")
33 95 120 0.28 0.22 34 1.7

After processing, the plies are under an average transverse stress of -72 MPa and
a longitudinal tension which leads to tensile stresses of 120 MPa in the fibers and
45 MPa in the matrix.

In addition to the state of residual stress induced by ply anisotropy, a
complementary state of residual stress is generated at a microscopic scale by CTE
mismatch between the fibers and matrix. It corresponds to residual stresses which
develop during a 1D ply cooling. The use of the fiber and matrix physical
characteristics as reported in Table 3, and a classical computation method described
elsewhere [8] leads to tensile stresses in the reinforcement of 150 MPa in the
longitudinal direction and 43 MPa for the hoop and radial stresses. In contrast, the
longitudinal and hoop stresses in the matrix correspond to compression of -34 MPa
and -74 MPa respectively .

TABLE 3. Mechanical and physical characteristics of SiC fibers and MAS-L matrix [10].

d E v i o

(pum) (GPa) (MPa) (10°K™
SiC fiber 15 200 0.25 2800 3.1
MAS-L - 75 0.25 - 2.1

A first approximation of the previous stress state superposition can be represented
by tensions in the axial direction of 270 MPa in the reinforcement and 11 MPa in the
matrix. During thermal cycling between 500°C and 1150°C these stresses fluctuate
between 135 MPa and -41 MPa in the fibers and 5 MPa and -2 MPa in the matrix.
Since these levels of stress are definitely lower than the loadings acceptable by the
reinforcement and matrix (they are estimated after processing to be 950 MPa and
90 MPa respectively), the residual stresses related to the stratification of anisotropic
plies and to the F/M coupling should not play a significant role in the damage
mechanisms of thermal fatigue. However, the conditions of load transfer at the F/M
interface which can be represented by low interfacial shear stress (ranging between 3
and 7 MPa [4, 9]) can still be lowered by thermally induced mechanical fatigue of the
F/M interface.

Significant mismatch between the CTE of the different matrix phases is expected
to generate high thermal stresses (section 2.1). Nevertheless, a lack of descriptive
informations about the volume fraction and morphology of each phase in the MAS-L
matrix makes it difficult to assess these thermally induced stresses. Surely, after stress
relaxation at high temperature by viscous sliding, the stress at low temperature could
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initiate microcracks at grain boundaries between phases exhibiting very different
CTE and sharp morphology. Consequently, examination of the matrix after thermal
cycling is an important concern.

4. Results

Comparison between the tensile stress-strain curves obtained before and after thermal
cycling (Figs. 2 and 3) reveals a significant degradation of the composite in terms of
stiffness, strength and work of fracture; these results were independent of the
atmosphere and the corresponding mass deviations (Fig. 4).
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Figure 2. Tensile curve of non cycled 2D-SiC/MAS-L composite.
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4.1. DEVIATION IN ELASTIC PROPERTIES

Under vacuum and in argon, thermal cycling leads to a decrease in modulus of
about 13% which stabilizes after about 300 cycles. This limited phenomenon of
damage has to be connected to the micrographic observations made on specimens
before and after thermal fatigue. After processing the composites do not show any
microcracks, thermal cycles give rise to a microcrack network as illustrated in Fig. 5.
It is worthwhile to note that the microcracks correspond partly to phase boundaries.

The decrease in stiffness related to thermal cycling in air is not more significant
during the first hundreds of cycles than in an inert atmosphere. However the stiffness
continues to decrease after 300 cycles even though this lowering is not as significant
as during initial cycling. Thus, in air, thermal fatigue damage appears to combine at
least two phenomena: (1) a short-range microcracking phenomenon similar to that
illustrated in Fig. 5 and (2) a long-range phenomenon which could be attributed to
chemical modifications of the MAS-L matrix in interaction with the oxidizing
atmosphere.

4.2. DEVIATION IN THE MASS

Only small decreases in mass (less than 0.2%) occurred after thermal cycling in
argon or in air, however a mass loss of about 1% could be measured after 100 hours
(1200 cycles) of thermal fatigue under vacuum (Fig. 4).

The quasi negligible mass loss during the first hundred cycles seems to be
accentuated by the development of the microcrack network in the matrix.

(O Variation of E under vacuum ——@—— Variation of mass under vacuum
~——A—— Variation of E under argon ————— Variation of mass under argon
——{ — Variation of E under air ——J— Variation of mass under air
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Figure 4.  Relative Young's modulus and mass variations of 2D SiC/MAS-L composites
during thermal fatigue testing.
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4.3. STRENGTH DROP

As illustrated in Fig. 3 and in Table 4 significant mass losses and modulus decreases
are associated with drops in strength and work of fracture:
(1) the larger decrease in modulus of specimens submitted to thermal fatigue in
air can be correlated to a 70% drop of ultimate tensile strength,
(2) the unambiguous mass loss related to thermal fatigue under vacuum can be
correlated to a 73% drop in strength,
(3) an 18% decrease in performance illustrates the composite stability under an
inert atmosphere (argon) despite the occurrence of early microcracking of
the matrix.

These observations indicate that the initial microcraking phenomenon is not the only
important factor of degradation for this type of composite subjected to thermal
fatigue.

Figure 5.  Matrix microcracking in a 2D SiC/MAS-L composite submitted to thermal
cycling between 500 and 1150°C under argon atmosphere.

TABLE 4. Mechanical characteristics of (0/90); SIC/MAS-L composite after thermal cycling.

Numbre of | Atmosphere E g4 & S
cycles (GPa) (%) (%) (MPa)
800 vacuum 68 0.04 0.11 58
800 vacuum 70 - 0.05 36
1000 argon 71 0.13 0.56 132
800 air 70 0.04 0.07 52

g% yield strain, €": rupture strain and c*: rupture strength.
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5. Degradation Mechanisms

Although the mechanism of matrix microcracking is not the main cause of
performance drop during thermal cycling, it occurs whatever the gaseous
environment during the tests and could facilitate the interaction between the inside of
the composites and the environment. Thus the origin of this microcracking
mechanism can be attributed to the following effects :

(1) the thermal gradient in the direction orthogonal to the most extended
radiative surfaces of the specimen can induce tensile stresses in the
external composite plics. However, modelling and computation have
estimated the temperature gradient in the range of 1 - 2Kmm™ [10].
Thus, despite the insulating properties of the MAS-L. matrix and the
rather high cooling speed of the specimens, the corresponding residual
stresses are so small that microcracking is not likely to be initiated by the
heterogeneity of the temperature distribution in the specimens,

(2) in contrast, it has been shown in Section 3 that the residual stresses
induced by ply anisotropy and F/M CTE mismatch are not able to
initiate matrix microcracking while the CTE mismatch between the
various phases of the matrix is so significant that microcracks are able to
develop in the matrix. This is confirmed by the location and directions of
microcracks along phases boundaries (Fig. 5).

This mechanism, which stops as soon as matrix residual stresses are released, can
be considered as limited damage which occurs during initial cycling. It affects
moderately the composite stiffness and yield strain (®) but should not modify the
rupture performance (g', o’), (Table 4). Nevertheless, tensile tests have shown that
more or less significant drops in performance are related to thermal fatigue,
depending on the environment.

Concerning thermal fatigue in argon, the moderate decrease in composite strength
can be related to the performance loss of the fibrous reinforcement during its
exposure at high temperature as reported elsewhere [11 - 14]. Above 1000°C, the
microstructure of the SiC Nicalon fiber is affected by an unfavorable coarsening
effect. Consequently, the combination of the initial microcracking mechanism and
fiber evolution leads to moderate reductions of E, ° and o but the work of fracture
remains almost unchanged because of an increase in rupture strain (0.56% compared
to 0.41% before thermal fatigue). This extension of the damage domain can be
correlated to the mechanical fatigue of the F/M interface resulting in an increase in
fiber pull out.

Under vacuum, similar behavior to the results obtained for specimens treated in
argon would be expected, but in fact the drastic drop of all the mechanical
characteristics suggests that other mechanisms are involved. In addition to the fiber
degradation caused by a coarsening effect, a slight damage to the SiC Nicalon surface
is the expected cause. An oxidation reaction of SiC gives rise to SiO and CO. The
release of these gases may be accelerated by the chamber dynamic vacuum and the
alternating microcracks opening and closure. That leads to significant mass loss.
Thus, the kinetics of fiber degradation is so much increased under vacuum that the
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reinforcement fractures at low strains ranging between 0.19% and 0.25%. Thus,
taking into account the temsile residual stresses induced in the fibers by
thermomechanical coupling, the reinforcement degradation leads to more or less
brittle composites with failure strain ranging between 0.05% and 0.11%.

In air, the mechanisms involved are still more complex and can be schematically
described as follows. The initial microcracking phenomenon enables the penetration
of the oxidizing atmosphere up to F/M interfacial zones. Consequently, the carbon
interphase is rapidly eliminated by CO release whose evacuation by microcrack
opening and closure facilitates further fiber oxidation and the formation of silica.
Consequently, the mass loss related to the interphase oxidation is approximately
compensated by the silica formation whose presence renders the composite more
brittle. However, CO release is not so active in air as under vacuum, which limits
slightly the fiber degradation. The embrittlement effect of the silica leads to a
significant drop in failure strain and composite strength.

6. Conclusion

The study of a 2D-SiC/MAS-L composite submitted to thermal fatigue under various
atmospheres has shown:

(1) An early microcracking phenomenon which reaches saturation after
approximately 300 thermal cycles. This microcracking is attributed to
CTE mismatch between the various phases constituting the matrix rather
than the thermomechanical coupling between fiber and matrix or between
anisotropic plies. This mechanical damage does not strongly decrease the
composite strength but enhances the chemical degradations of interfacial
zones and fibers.

(2) An evolution of the fiber microstructure by a coarsening effect which
leads to a fiber strength decrease.

(3) A release of CO and SiO from fiber oxidation in air and particularly in a
vacuum atmosphere. This mechanism is enhanced by the thermally
induced mechanical fatigue.

(4) An elimination in air of the carbon interphase replaced by a silica layer
giving rise to an embrittlement effect.

Finally, 2D-SiC/MAS-L laminates loose 18% of their strength under thermal fatigue
in argon, the drop in strength increases to approximately 70% under vacuum and in
air.
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1. Introduction

Ceramic fibre glass-ceramic matrix composites combine a potential as high
temperature material with a relatively easy processing route [1, 2]. The carbon rich
interface layer in as-produced SiC fibre aluminosilicate matrices ensures both
controlled damage development and failure through interface debonding, fibre
fracture and fibre pull-out [1, 2, 3].

The fatigue behaviour of these composites in air has been extensively studied but
is not fully documented yet [4 - 9]. In particular, the relationship between stress,
temperature, and laminate lay-up on the one hand and fatigue damage initiation,
damage propagation, and failure on the other hand has not been investigated
systematically. The purpose of this paper is to report on the fatigue behaviour of
SiC/BMAS laminates at high temperatures in air. First, it provides evidence of
damage tolerance during fatigue below a material embrittlement temperature. Second,
the danger of brittle fatigue failure at high temperatures is demonstrated.

2. Material

The continuous Tyranno silicon carbide (SiC) fibre toughened barium magnesium
aluminosilicate (BMAS) matrix was produced by AEA Technology Harwell using the
slurry infiltration - hot pressing technique [10]. Twelve or sixteen layers of pre-preg
were stacked together in lay-up sequences as given in Table 1. The material was
consolidated at temperatures below which crystallisation was very slow and then
crystallised in a treatment between 1200 and 1300°C. The crystalline phases
identified in the matrix were barium-osumilite, celsian and cordierite but some
residual glass remained present. During production, a carbon rich reaction layer
developed at the fibre/matrix interface [10, 11].
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TABLE 1. Matrix composition and composite lay-up.

matrix composition
50 wt% SiO,, 28 wt% ALO;, 7 wi% MgO, 15 wt% BaO
uni-directional cross-plied angle-plied quasi-isotropic
(UD) (CP) (AP) Qn
O)s (02,90): [ (0,90)s | (+45;,45); [ (02+45,,-45,,905),

3. Experimental Set-up

All three point bending, tensile, and tension-tension fatigue experiments were
performed on a MTS 810 servohydraulic system. The load was measured with a
10 kN load-cell and the displacement with a 10 mm LVDT (Linear Variable
Differential Transducer). Three point bending was done at a displacement rate of
1 mm/min on rectangular bar specimens with a length of 25 mm and a width and
thickness of about 3 mm using a standard jig with a span of 20 mm. This resulted in a
span to depth ratio of about 7. Tensile and tension-tension fatigue experiments were
performed with flat dogbone specimens (150*12*3 mm?). The specimens were
shaped from the pressed plates using a CNC machine equipped with diamond coated
fingermills. The specimens were clamped in rigid water-cooled hydraulic clamps and
misalignment was minimised using strain-gauged dummy specimens and the MTS
alignment kit. The absolute residual misalignment stresses were lower than 10 MPa
and remained approximately constant during tensile testing. The longitudinal strain
was measured using strain gauges or a MTS low contact force extensometer resistant
to high temperatures. For high temperature experiments, a MTS short furnace was
used. The temperature was measured with three thermocouples. The three zone
control reduced the temperature difference along the gauge length of specimens to
about 10°C. Air humidity was not controlled but varied between 50 and 60% relative
humidity. The fatigue tests were sinusoidally run at a frequency of 3 Hz and with a
stress ratio of 0.1. Due to the restricted amount of material available and the extent of
the test program, the traditional fatigue testing methodology was not used. Specimens
were not submitted to only one thermomechanical fatigue test condition up to failure
or up to a given number of fatigue cycles. Instead, specimens were tested for a set of
thermomechanical fatigue conditions with increasing severity (higher temperature
and/or higher stress). Fatigue survival of the test with the more harsh conditions was
believed to imply fatigue survival of the less severe conditions and the influence of
prior loading was believed to be negligible. Fatigue run out was arbritarily defined as
10° cycles and the fatigue limit was defined as the fatigue stress below which no
fatigue failure occurred. If no damage developed in the first 10° cycles, the fatigue
stress was assumed to be lower than the fatigue damage initiation stress. Furthermore,
the initiation of damage was believed to be reflected in the mechanical behaviour of
specimens through a decrease in stiffness.
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4. Results

The SiC/BMAS material was first characterised using three point bending and tensile
testing. The first two sections summarise these test results. The third section gives a
description of the observed fatigue behaviour.

4.1. THREE POINT BENDING BEHAVIOUR

The three point bending behaviour of the as produced uni-directional, cross-plied,
angle-plied and quasi-isotropic laminates was similar. The initial part of the curve
showed proportionality between load and deflection and the load maximum was
followed by a load decrease characteristic of controlled damage development and
failure. The failure mode was a combination of shear and tensile failure due to the
small value of the span to depth ratio. The three point bending strength decreased
from about 1000 MPa for UD to 500 MPa for CP, 400 MPa for QI and 200 MPa for
AP material. Three point bending of specimens previously exposed to air at high
temperatures indicated that exposure to air above 500°C embrittled the composite.
The carbon rich interface zone responsible for the tough behaviour disappeared
through interface reaction and/or oxidation [11]. However, an up-quenching pre-
treatment (placing the material in a furnace at 1100°C and keeping it at temperature
for 1 hour) protected the material from embrittlement by oxygen (Fig. 1). The pre-
treatment sealed the specimen surface due to glass flow and/or fibre end oxidation.
This pre-treatment however only proved to be effective with pore-free and crack-free
material. Interconnected pores and cracks sometimes provided easy infiltration paths
for oxygen, resulting in a brittle material after up-quenching.

Figure 1. Three point bending strength of cross-plied SIC/BMAS showing degradation by exposure to hot air
and protection against embrittlement by up-quenching.
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4.2. TENSILE BEHAVIOUR

The stress-strain response during room temperature tensile testing was similar for
UD, CP, AP and QI laminates. Initially, the relationship between stress and strain
was linear. As damage developed, deviation of linearity occurred (Fig. 2). The
damage development sequence was investigated using a travelling optical
microscope. For uni-directional material, it consisted of matrix cracking accompanied
by interface debonding followed by fibre fracture and pull-out. The damage
development sequence in materials with fibres non-parallel to the loading direction
was more complex. The major damage mechanism in 90°-plies was transverse matrix
cracking while for 45°-plies interface debonding was observed. Tensile failure was
governed by the failure of fibres in the longitudinal plies. The tensile strength was
proportional to the fraction of fibres in the direction of load application. Table 2
summarises the values of the initial Young’s modulus and tensile strength at room
temperature. The initial Young’s modulus and the tensile strength decreased with
temperature. At 1000°C, the modulus of UD material was about 100 GPa and the
tensile strength about 300 MPa (Fig. 2).

TABLE 2. Initial Young’s modulus and tensile strength at room temperature.

|ub | cp | AP | QI
Young’s modulus (GPa) 130 | 120 | 115 | 120
tensile strength (MPa) 650 | 300 | 100 | 150

uni-directional SiC/BMAS

stress (MPa)

0 ol 02 03 04 05 06 07 08
strain (%)

Figure 2. Stress-strain behaviour during tensile testing of UD composite material.
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4.3. TENSION-TENSION FATIGUE BEHAVIOUR

The fatigue behaviour of different composite lay-ups was investigated at temperatures
between 20 and 1100°C. Two types of material behaviour were observed. Tough and
embrittled SiC/BMAS behaved distinctly different. When fatigue damage initiated in
tough materials, stress redistribution took place. The stress-strain response became
characterised by non-linearity and hysteresis and failure was non-catastrophic. Before
and during failure an appreciable amount of energy was dissipated through matrix
cracking, interface debonding, fibre fracture and fibre pull-out. These energy
dissipating mechanisms were not observed in the embrittled material. The high stress
concentrations associated with initial fatigue damage most often resulted in rapid
fatigue failure. The stress-strain response of the embrittled material did not change
greatly before failure. Failure was catastrophic and fracture surfaces showed only few
signs of fibre pull-out (Fig. 3).

a) b)

Figure 3. Secondary electron SEM images of fracture surfaces of tough and embrittled cross-plied SiC/BMAS
a) after fatigue at 20°C, b) after fatigue at 1000°C.

Fig. 4 illustrates the fatigue behaviour of tough SiC/BMAS. The relationship between
load and elongation during fatigue of uni-directional SiC/BMAS at 20°C is shown.
Before damage development, the relationship was linear with no hysteresis. After
damage development, the behaviour became non-linear and characterised by
hysteresis. Damage development in the material resulted in a loss of stiffness, an
increase in hysteresis and finally in failure. Fig. 5 illustrates the behaviour of
embrittled SiC/BMAS. It shows the relationship between load and elongation during
fatigue of uni-directional SiC/BMAS at 1000°C. The load-elongation response of the
material was similar at the start of the test and just before failure. The initial stiffness
was retained but the load drop associated with failure was sudden and complete.
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Figure 4. Relationship between load and elongation during fatigue of UD SiC/BMAS at 20°C.
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Figure 5. Relationship between load and elongation during fatigue of UD SiC/BMAS at 1000°C.

After evaluation of the fatigue behaviour of SiC/BMAS, the embrittlement
temperature during fatigue of SiC/BMAS was estimated to be 500°C. This was the
lowest temperature for which brittle fatigue failure was observed. At temperatures
below the embrittlement temperature, three fatigue regimes were observed for all of
the laminate lay-ups investigated : a ‘no damage’ regime in which no damage
initiated within a number of cycles (10°), a ‘damage’ regime in which damage
developed but no failure occurred before 10° cycles and a ‘failure’ regime in which
fatigue failures occurred. The fatigue damage initiation stress and the fatigue limit
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separated the different regimes. The limited amount of tests that was performed only
allowed a rough estimation of both stresses (Table 3). The damage development
during room temperature fatigue was investigated using an optical travelling
microscope. Small microcracks were observed in uni-directional material above
250 MPa. These cracks however did not influence the stress-strain response. At about
400 MPa, extensive matrix cracking resulted in stiffness loss. In cross-plied material,
transverse cracks developed at about 60 MPa. At higher stress levels, matrix cracks in
the longitudinal plies were observed. Interface cracks were the major type of damage
in angle-plied material. Most of the fatigue damage developing in the ‘damage’
regime took place during the first cycles. The stiffness loss was then most
pronounced. As the number of cycles increased, fatigue damage development slowed
down and a characteristic fatigue damage state was often reached. Fig. 6 shows the
evolution of the Young’s modulus during fatigue of angle-plied SiC/BMAS at room
temperature. During cycling up to 20 MPa, no damage developed and the Young’s
modulus remained constant. During the first cycles up to 40 and 60 MPa, the
Young’s modulus dropped to reach a constant value. Some high cycle fatigue tests
resulted in stiffness recovery. The latter was observed because an interaction between
fatigue cracks and fatigue debris resulted in an increase of the minimum strain
during fatigue. Fatigue testing to high enough stresses resulted in failure. The stress-
strain behaviour just before failure indicated rapid fatigue damage development and
after failure, a pull-out ‘tail’ was often observed. The fracture surfaces of the
longitudinal plies showed signs of fibre pull-out, while the fracture surfaces of plies
with fibres not parallel to the load application direction followed the fibre/matrix
interfaces (Fig. 3).

angle-plied SiC/BMAS

Figure 6. Evolution of the Young’s modulus during fatigue of AP SiC/BMAS at 20°C.
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TABLE 3. Fatigue damage initiation stress and fatigue limit for the different SiC/BMAS laminates.

| tbp | ce | AP | QI
250 60 30 40
400 200 60 120

fatigue damage initiation stress (MPa)
fatigue limit (MPa)

As mentioned above, the composite material lost its damage tolerance above the
embrittlement temperature of 500°C. To illustrate the relationship between fatigue
stress and temperature on one hand and fatigue survival (10° cycles) and fatigue
failure on the other hand, the tables 4 and 5 are used. Trying to synthesise the fatigue
behaviour, no information concerning the number of tests performed, the exact
number of cycles run without or up to failure or the ratio between fatigue failure and
fatigue survival is given. Only the results of tests with the uni-directional and cross-
plied material are summarised by the tables but angle-plied and quasi-isotropic
material behaved similarly. The tables show that at room temperature only the
application of high fatigue stresses resulted in failure. Fatigue failure occurred at
lower stresses at higher temperatures. The fatigue limit decreased with increasing
temperature. Not shown in the tables is the fact that the number of cycles run up to
failure decreased with an increase in fatigue stress and that at a 1000°C, fatigue
failure followed fatigue damage initiation rapidly. Some specimens failed at rather
low stresses during room temperature fatigue due to embrittlement caused by pre-
treatment. Some cross-plied specimens with damage in the 90°-plies survived fatigue
cycling well above the embrittlement temperature. The 0°-plies of these specimens
were most probably not embrittled since no oxygen could infiltrate the intact 0°-plies.
The tables give no direct information concerning the evolution of the fatigue damage
initiation stress as a function of stress. For uni-directional material, the fatigue
damage initiation stress decreased with an increase in temperature to reach a value of
about 100 MPa at 1000°C. This was mainly caused by the decrease in residual
compressive stress in the matrix. For laminates with fibres not parallel to the applied
stress, the fatigue damage initiation stress was only slightly influenced by the
temperature.

TABLE 4. Fatigue failure and run-out of UD material as a function of stress and temperature.

MPa\°C 20 300 400 500 600 700 800 900 1000 1100

50 o o ¢ B ) ®
100 o ® L o [ L o L ® ®
150 o o

200 L ® n L ® ®

250 u ®

300 u ®

350 o @ = no fatigue failures

400 o ® I = at least one fatigue failure
450 u ® = all fatigue failures
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TABLE 5. Fatigue failure and run-out of CP material as a function of stress and temperature.

MPa\°C [ 20 400 450 500 550 600 700 800 850 1000 1100
25 o © ® (] ® [ 2
50 L e o o L n ® | ®
75 o O o ®
100 n o L | | n
125 o ® ®
150 @ = no fatigue failures
175 ® M = at least one fatigue failure
200 | W ® ® = all fatigue failures

5. Conclusions

Fig. 7 summarises the fatigue behaviour of SiC/BMAS laminates.

.............. fatlgue danlage

z:A damage development 1mf1atlor.1 st‘ress
}’.5 and failure " fatigue limit
(0]
. 5’ """""""""" embrittlement
& damage developient temperature

but no failure

no damage devefopment

and no failure

fatigue temperature

no embrittlement embrittlement
Figure 7. Schematic description of the fatigue behaviour of SiC/BMAS.

At room temperature and at temperatures below the embrittlement temperature
(500°C), three fatigue regimes were observed. The first corresponded to a
combination of thermomechanical conditions and material properties not resulting in
fatigue damage development within a number of fatigue cycles. In the second regime,
thermomechanical conditions and material properties were such that damage
developed but no failure occurred. In the third regime, the application of a high
fatigue stress resulted in fatigue failure. An increase in the number of cycles under
consideration resulted in a decrease of the importance of the regimes with no failure.
Above the embrittlement temperature, the regime in which damage developed
without resulting in fatigue failure lost its importance. The material embrittled and
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the fatigue failure resistance decreased. The higher the temperature, the more rapid
fatigue failure followed fatigue damage development.

The observed behaviour indicated that the use of Tyranno SiC/BMAS as a

structural material should be limited to temperatures below the embrittlement
temperature of 500°C. Above this temperature, the material lost its damage tolerance.
This might result in brittle failure after damage initiation.
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EFFECT OF TEMPERATURE CHANGE ON DELAMINATION CRACK
GROWTH OF UNIDIRECTIONAL CFRP UNDER CYCLIC LOADING

Y. NAKAI

Department of Mechanical Engineering,
Kobe University

1-1, Rokkodai, Nada, Kobe 657, Japan

1. Introduction

Since the dominant fracture mechanism of carbon fiber reinforced plastics (CFRP)
laminates in most cases is delamination along the interface of prepregs, a fracture
mechanics approach to the delamination crack growth is required to assure the
integrity of structures and machine components made of CFRP. Since structures and
machine components are usually subjected to cyclic or variable loading conditions,
information about the delamination behaviour under cyclic loading is particularly
important. Most of the fatigue crack growth tests on CFRP were conducted under
constant load range tests or load shedding tests, which have been widely employed for
fracture mechanics approaches to fatigue crack growth experiments of metallic
materials [1-6]. The delamination fatigue crack growth of CFRP, however, is not
always controlled by the stress intensity range, AK, because of the existence of fiber
bridging. Therefore, delamination crack growth rate is not always a unique function
of the stress intensity range, AX [7].

In the present paper, constant AK tests were conducted to study the effects of test
temperature and loading frequency and to clarify the mechanisms of delamination
fatigue crack growth of CFRP.

2. Experimental Procedure

The unidirectional CF/epoxy laminates used in the present experiments were made
from prepregs of Toray P3060E-15, which consisted of carbon fibers (Torayca
T300B) and epoxy resin (Toray #3601). The elastic moduli of the laminate are
E, = 143 GPa, E, = 8.43 GPa, and v;, = 0.30, respectively, where the coordinates 1
and 2 are the fiber direction and the thickness direction, respectively [5,8]. Double
cantilever beam (DCB) specimens, shown in Fig. 1, were employed for the
delamination crack growth tests. Two holding-blocks with holes, which were made of
an aluminum alloy, were bonded to the specimens. To introduce an initial notch,
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Teflon film of 50 pm thick was inserted between prepregs in the midsection before
processing.

To conduct AK controlled tests, fatigue crack growth was monitored by using a
compliance method, where the distance between two loading grips was measured by a
linear variable differential transformer (LVDT). Although the front of the actual
crack was curved in a thumbnail shape, the experimentally obtained relation between
the average crack length and the compliance agreed with the relation obtained by the
finite element method [5,6].

A computer controlled electrodynamic loading system was employed for the
fatigue crack growth experiments. The crack growth behaviour was examined under
pseudo-constant AKX condition by having the control computer automatically reducing
the load range after each 50 pm increment of crack growth. Tests were conducted
from 24°C to 80°C in air. Fatigue crack growth tests were carried out over a range of
frequencies from 0.05 Hz to 20 Hz at a load ratio, R, of 0.5 (where R is the ratio of
minimum to maximum load during one fatigue loading cycle).

3. Experimental Results and Discussion
3.1. EFFECT OF PRE-CRACKING

The crack growth behaviour under constant AK condition (0.44 MPam'?) at 24°C is
shown in Fig. 2, where A« is the crack extension from the tip of the initial notch or
from the pre-crack. Circular marks in the figure indicate the growth behaviour of a
fatigue crack that initiated from an initial notch. Rectangular marks show the growth
behaviour of a fatigue crack after pre-cracking. In this specimen, pre-cracking was
accomplished by monotonic loading. The length of the pre-crack was 15 mm.

In metallic materials, it is well known that the retardation of fatigue crack growth
is observed after overloading. In the present material, however, this kind of behaviour
was not observed after the overloading (monotonic loading). The crack growth rate
was almost constant until it grew by 32 mm. For the crack initiated from an initial
notch (Teflon film), the growth rate was not constant until the crack grew about
3 mm. After this initial stage, the growth rate was almost constant. It has been
considered that the initial transitional behaviour is observed in the epoxy resin
enriched region, which is formed at the root of the initial notch (Teflon film). In this

Figure 1. Test specimen (Dimensions in mm).
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specimen, however, the size of the region must be much smaller than 3 mm because
the thickness of the film was 50 pm. As already described in the previous section, the
crack front was curved as a thumbnail shape, and the crack proceeded at the
midsection. For the crack extension at the midsection less than 3 mm, the crack
growth behaviour shows the transitional behaviour and the growth rate is smaller
than the steady state value because te stress intensity factor for this semi-elliptical
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Figure 2. Interlaminar fatigue crack growth under constant AK condition.
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Figure 3. Effect of loading frequency on interlaminar fatigue crack growth.
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crack emanating from the notch root is smaller than that for an equivalent through
thickness crack.

After this initial transition and op to a crack extension, Ac, of 32 mm, the crack
growth rate is almost constant, and it is controlled by the stress intensity factor. Fiber
bridging may be responsible for the deceleration of the crack growth fo A > 32mm.

3.2. EFFECT OF LOADING FREQUENCY

To examine the influence of frequency, the cyclic load frequency was changed after
each 5 mm increment in crack growth. The experiment was conducted in the steady
state crack growth regime (Aa < 32 mm). The results obtained at 80°C under a AK of
0.39 MPam'??, are shown in Fig. 3, where the crack growth rate is plotted against
total crack length measured from the loading line. The crack growth rate is almost
constant and independent of the loading frequency for the range of frequencies
employed in this experiment, and the interlaminar crack growth behaviour is cycle
dependent. Uematsu et al. [9] reported for CF/PEEK composite laminate at 200°C
that the delamination crack growth was cycle dependent for the frequencies higher
than 0.05 Hz, while it was time dependent for lower frequencies. The interlaminar
crack growth in the present material may be time dependent for lower frequencies,
but tests al low frequencies could not be achieved because of time limitations.

3.3. EFFECT OF TEST TEMPERATURE

To examine the effect of test temperature, the temperature was incrementally changed
after each 5 mm crack growth. This experiment was also conducted in the steady state
crack growth regime (Aa < 32 mm). The results obtained at 20 Hz under a AKX of
0.41 MPam'?, are shown in Fig. 4, where the crack growth rate is plotted against
total crack length measured from the loading line. The crack growth behaviour did
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Figure 4. Effect of test temperature on interlaminar fatigue crack growth. (Highest temperature 80°C).




DELAMINATION CRACK GROWTH OF CFRP 283

not change when the test temperature increased from 24°C to 80°C. On the other
hand, the crack growth rate drastically decreased after changing the temperature from
80°C to 24°C. When the temperature was increased agains to 80°C, the crack growth
rate was almost unchanged. When the temperature decresed from 80°C to 60°C, the
growth behaviour was not affected. When the temperature decreased further to 40°C,
the growth rate decreased again. As seen in Fig. 5, the same behaviour was observed
for the highest temperature of 60°C. When the test temperature van changed from
60°C to 24°C or 40°C, the growth rate decreased. When the test temperature was
further raised from 24°C or 40°C to 60°C, the growth rate reached the same value of
the isothermal experiment.

To summarize the above results, the crack growth drastically decreased only when
the test temperature decreased from higher than 50°C to lower than 50°C. This
phenomenon can be explained by supposing that there is large difference in the
strength of the epoxy resin or of the interfaces around 50°C. When the temperature is
lower than 50°C, the strength of the resin or of the interface is enough high, and
therefore, the bridging hardly takes place. At high temperature, fibers can pull out
from the resin easily, but the resin cannot support high load because its strength or
that of the interface is low, and the bridging force by fibers is small. When the
temperature decreases from higher than 50°C to below 50°C, fibers that pull out from
the resin at high temperature bridge the fracture surface at low temperature, and can
support enough load to reduce the true stress intensity factor at the crack tip because
the strength of the resin or the interface is high enough at low temperature.

It is not clear why the transition in the strength of the epoxy resin or the interface
takes place at 50°C, which is much lower than the glass transition temperature of this
epoxy resin, which is 240°C. The temperature at the crack tip may be much higher
than the ambient temperature.
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Figure 5. Effect of test temperature on interlaminar fatigue crack growth. (Highest temperature: 60°C).
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4. Conclusions

The effects of loading frequency and test temperature on the delamination crack
growth were examined with double cantilever beam (DCB) specimens for a CF/epoxy
laminate under constant AKX condition. The following result were obtained.

(1) The interlaminar crack growth rate is constant under constant AK conditions.
Since an effect of loading frequency was not observed, an interlaminar crack
propagates by cycle dependent mechanism(s).

(2) The interlaminar crack growth rate is unaltered when the test temperature is
changed from lower to higher temperature. On the other hand, the interlaminar
crack growth rate drastically decreases after decreasing the temperature from
higher than 50°C to lower than 50°C.
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1. Introduction

In the space environment, advanced composite materials may experience thermal cyclic
loading [1]. Large thermal strains and stresses may develop in composite structures due to
the mismatch in the coefficients of thermal expansion of adjacent plies at different
orientations [2].

Thermal fatigue of long fibre composite laminates implies biaxial in-plane strains in
each layer of the specimen (whatever their orientation). So, thermal exposure is likely to
enhance damage similar to that observed under mechanical loading [3]. Under uniaxial
mechanical loading (static or fatigue), a characteristic pattern of matrix cracks develops
very early in the specimen life, these cracks running parallel to the fibre direction in the
most disoriented plies with respect to the loading axis. Subsequently, other damage modes
usually occur, the damage history depending on the material constituents, on the loading
history and on the laminate stacking sequence [4, 5].

Under thermal loading, crack patterns in cross-ply laminates consist of cracks in both 0°
and 90° plies [6, 7]. Delaminations may also occur at the crossing of these cracks. During
cooling down of different symmetric laminates, Fang ef al. [8] and Herakovich et al. [9]
showed that both rates and amplitudes of the thermal excursions affect the extent and form
of damage. In the case of cross-ply asymmetric [0°/90°] laminates, residual thermal stresses
may be sufficient to create a regular array of cracks in 0° and 90° layers. Roussy [10] has
described the evolution of damage during cooling down of different cross-ply composite
materials.

Few thermal fatigue experiments have been conducted on composite laminates. Tests
were generally undertaken for one temperature amplitude [6, 11] and authors were focusing
their attention on material influence [3] or on the influence of damage on thermal
expansion coefficients [12]. Moreover, these last authors have proposed a shear lag model
for transverse crack propagation under thermal fatigue.

The present study consists in following the damage evolution in a cross-ply composite
laminate submitted to thermal cyclic loading : we focus our attention on the thermal fatigue
history, with different temperature amplitudes. A fracture mechanics analysis will then be
applied to the present test conditions, in order to explain the influence of temperature
amplitude on damage evolution.
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2. Material and Experimental Procedures

A [04/904]s cross-ply carbon/epoxy T300/914 laminate, with a nominal ply thickness of
0.12 mm has been studied. In this stacking sequence, there are the same number of 0° and
90° plies, with two external layers of four 0° plies, and one internal layer of eight 90° plies.
Before machining, no damage was present in the material.

Because of the experimental procedure, the test coupons had to be very small : 20 mm
square (with a 2 mm thickness). These coupons were cut from the laminates using a water-
lubricated diamond saw; nevertheless, some cracks were present before the beginning of
thermal cycling, but only in the 0° layers (the outer).

The specimens were alternatively cooled in a liquid nitrogen cold chamber and heated
in a circulating air hot chamber. This entails manually immersing the coupon in liquid
nitrogen for 15 minutes and then placing it in an air-oven for 15 minutes.

A thermocouple, placed on the specimen surface, allowed to record the temperature
evolution during cycling (maximum temperature rate approximately 8°C/min) (see example
of temperature variation with time on Fig. 1). Note that no information on the temperature
gradient in the sample could be obtained.

The effect of the maximum temperature is investigated (between +200°C and +130°C),
with a minimum temperature remaining constant (equal to -200°C). Four different tests at
different amplitudes have been conducted :

.200°C to +20°C (room temperature) .-200°C to +90°C

.=200°C to +50°C .-200°C to +130°C.
Atemperature
+130°C T~ — — — — L
e — = _K N
15 30 mn time
I
200°C 4= ——-

Figure 1. Schematic representation of temperature evolution during one thermal cycle.

One specimen has been tested for each temperature amplitude. The -200°C/+50°C and

-200°C/+90°C coupons have undergone 30 cycles, the -200°C/A+20°C and -200°C/+130°C
tests have lasted 40 cycles. The damage development, particularly the evolution of 0° -
and 90° cracks, was investigated throughout the tests by means of penetrant enhanced
X-ray radiography.
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3. Experimental Results
3.1. DAMAGE EVOLUTION : X-RAY RADIOGRAPHS

Fig. 2 shows the damage evolution with cycle number for the four different
temperature amplitudes. Note that cracks are present before the first cycle : these
cracks are due to machining.

When observing the radiographs throughout cyclic tests, it appears that cracks
appear almost simultancously in 0° and 90° layers along the fibres. These cracks
initiate, span the entire layer thickness, grow in number more or less rapidly and may
reach a saturation stage. The crack multiplication is faster in the 90° plies than in the
0° ones. Cracks are generally regularly spaced. Most of the cracks are spanning the
entire specimen width or length (i.e. cracks are 20 mm long).

A second damage type is clearly observed in the -200°C/+90°C and the
-200°C/+130°C tests : it consists of delaminations between 0° and 90° layers, along
pre-existing cracks. Delaminations appear very late in the -200°C/+50°C coupon, and
don't initiate at all in the -200°C/+20°C one. Moreover, it appears that this second
damage mode initiates when cracks begin to saturate in number. Such an observation
has been made under mechanical fatigue loading for various [0,/904], carbon/epoxy
laminates [5]; moreover, the type of the second damage depended on the stacking
sequence.

The delaminations appear in two steps : the first initiate along 0° cracks, followed
by others along 90° cracks.

3.2. CRACK DENSITY EVOLUTIONS

On each of the radiographs, we have determined the crack densities in 0° and 90°
plies. The density in one ply orientation is defined as the crack number per millimetre
in one layer of the given orientation.

Figs. 3 and 4 present the crack density evolution with cycle number for the
different tests. Thermal cycling between -200°C and +20°C didn't present any crack or
other damage initiation before 40 cycles. The stresses induced by thermal cycling in
each layer may be too small to initiate any damage, even after a large cycle number.
For the three other tests, longitudinal and transverse cracks appeared from the first
cycles, and they rapidly increased in number before reaching a saturation stage. The
crack density evolutions are quite analogous for the -200°C/+90°C and -200°C/+130°C
cyclic tests. The densities reach rapidly a saturation value (in a few thermal cycles).
The saturated crack densities differ with the layer orientation :

dsgo = 0.45 crack/mm d.o = 0.30 crack/mm.
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Figure 2. Damage evolution for the four studied temperature amplitudes

(0° direction is vertical, 90° is horizontal).
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Figure 4. Crack density evolution in 90° plies for the four studied temperature amplitudes.

It should be noted that previous results obtained under uniaxial tensile loading [4]
in cross-ply [0,/90,]; laminates (with different values of coefficients n and m) have
shown that the thicker the inner 90° layer is, the less numerous the transverse cracks
are. But here, when comparing the ultimate densities in inner and outer plies, it
appears that in the thinner layers (i.e. 0° ones), the crack density is lower than in the
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thicker 90° layer. So, it appears here that outer plies don't behave in the same manner
as the inner layers, probably because of free-edge effects : crack initiation seems to be
more difficult in outer 0° layers. Experiments are already in progress to study the
influence on damage of the layer location in the stacking sequence.

For the -200°C/+50°C test, the density evolution is rather slow : after 30 thermal
cycles, the longitudinal and transverse densities are still below the ultimate values ; a
few additional cycles are needed to reach the saturation regime.

In the three tests where a crack evolution is observed, crack multiplication is
faster in the 90° layer than in the 0° ones. This tendency is in accordance with
previous results on cross-ply carbon/epoxy laminates submitted to uniaxial tensile
fatigue loading : the thicker the cracked ply is, the faster the crack evolution is [13].

The higher the temperature is, the faster the crack evolution is. It seems that there
exists a threshold temperature (between +20°C and +50°C) below which no damage
may be initiated. Moreover, above a critical temperature (between +50°C and +90°C),
the crack densities reach their saturation value after the first cycles.

4. Modelling and Discussion

A fracture mechanics analysis based on the strain energy release rate has been
developed previously [4, 14]. This model predicts the transverse crack evolution in a
cross-ply [0,/90,,]s laminate submitted to uniaxial mechanical tension (along the 0°
layers). The laminate is supposed to have a cracked inner 90° layer (with a varying
dso density), whereas the outer 0° layers remain uncracked. Below a critical value G,
of the strain energy release rate, many fatigue cycles are necessary to create new
cracks, and above this value, cracks are initiated after one fatigue cycle. In the case of
T300/914 carbon/epoxy composite, this critical value G, is equal to 140 J/m” [15].

In a first approach, this model will be applied to the present experiments, but it
will not take into account crack initiation and multiplication in the outer 0° layers.
Work is currently in progress to model, in an analogous way, a cross-ply laminate
submitted to biaxial loading with cracks in both 0° and 90° layers.

The strain energy release rate G is a function of the stacking sequence geometry,
of the material elastic characteristics, of the applied loading and of the transverse
crack density, as follows :

exp()»/d)Z—%exp(Md)—l 1
G=K, g2
(exp(A/d)+1)? 2
Xp (1+K2 tanh()./Zd))

(A/24d)

where d is the transverse crack density, € is the applied loading. A, K;, K, are
functions of the stacking sequence geometry and of the material elastic characteristics
but they don't depend on damage. The evolution of the strain energy release rate is
then associated only with the variations of crack density and with applied loading.
For more details on the employed methodology and on the different parameters of this
analysis, please refer to [4, 14].
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In order to apply this model to the present test conditions, and to analyse only the
90° ply cracking, it has been necessary to make an analogy between mechanical and
thermal loading. In a unidirectional ply, strains induced by temperature variations are
far less important along the fibers than perpendicualar to the fibers. This mismatch
may result in tension or compression strains when stacking up layers of different
orientations (Fig. 5). The theory proposed by Datoo [16] allows to calculate the
strains in each ply of an uncracked laminate submitted to temperature variations. In
our [04/90,], laminate, thermal strains are equal to -1.89 10 AT along the fibres, and
2.06 10™ AT perpendicular to the fibres. In these conditions, we choose an equivalent
mechanical loading : € = 2.06 10™ AT along 0° direction.

Figure 5. Representation of the thermal strains in unidirectional 0° and 90° plies, and in a cross-ply laminate.

The evolution of the strain energy release rate G versus the crack density in
the 90° layer has then been calculated for the four different temperature amplitudes

(Fig. 6).
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Figure 6. Strain energy release rate evolution versus 90° crack density
for the four studied temperature amplitudes.
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Throughout the tests, G decreases slowly with increasing crack density. The initiation
of new 90° cracks becomes more and more difficult, leading to a saturated number of
cracks. Such a decrease in crack density rate has been experimentally obtained (refer
to Fig. 4).

For the two -200°C/+20°C and -200°C/+50°C tests, the values of the strain energy
release rate are always below the G, value : a slow damage evolution should be
observed. During the -200°C/+50°C test, after 30 thermal cycles, the ultimate 90°
crack density has not been really reached yet. Moreover, because of too small G
values, no damage evolution at all has been observed in -200°C/+20°C.

For the two tests with larger temperature amplitudes, the initial G values are
higher than the G, value : cracks may appear from the first thermal cycle. Very few
cycles are necessary to obtain the saturation in crack density. The higher the strain
energy release rate is, the earlier the saturation stage is reached.

5. Conclusions

This study is concerned with the damage evolution under thermal cyclic loading of a
[04/90,4], T300/914 laminate.

Under thermal biaxial loading, cracks initiate in both 0° and 90° plies, followed
by delaminations along the cracks, at the 0°/90° interface.

The influence of the temperature amplitude has been clearly put in light. Below a
threshold amplitude, no damage evolution at all is observed (after 40 cycles). Above a
critical value, cracking appears from the first thermal cycle, and doesn't evolve in the
following cycles. Between these two values, a slow cracking evolution is obtained.
The ultimate crack densities are independent of the temperature amplitude.

A fracture mechanics analysis which has been presented previously has been
applied to the present test conditions. The evolution of the strain energy release rate
with 90° ply density is in good accordance with the experimental observations.
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1. Introduction

Single crystal nickel-base superalloys, which are widely used in high-temperature
structural applications have been developed with the aim of optimising creep
resistance at elevated temperatures. Due to this, creep failure in aero-engine turbine
blades is nowadays a rare event, and they are most likely to fail via a fatigue-based
mechanism. In service conditions these components are exposed to cyclic changes in
stress and temperature, which are best simulated in the laboratory by the so-called
thermomechanical fatigue (TMF) test. In recent years, much effort has been devoted
to the study of precipitate morphology under creep conditions [1,2], as it has an
influence on the mechanical performance. A similar analysis of the changes in
precipitate structure which develop under TMF is also highly relevant.

Since there is a large solidification temperature range in these single crystal
alloys, the casting process results in the formation of a microstructure exhibiting a set
of dendrites parallel to the growth axis. This study is focused on the influence that the
solidification structures have on the development of local variations in the precipitate
morphology.

2, Experimental Methods

A series of strain-controlled TMF tests with the mechanical strain axis parallel to the
[001] casting direction were carried out on single crystals of the commercial nickel-
based superalloy SRR99, which had been processed via a standard solution treatment
and ageing route followed by a coating heat treatment of 1 hour at 1373 K and
16 hours at 1143 K. The composition of the alloy is shown in Table 1.

TABLE 1. Composition of superalloy SRR99 as reported by Hopgood and Martin [3].

Al Ti Cr Co Ta W C Ni
Atomic % 12.0 2.7 9.6 5.0 09 3.0 0.07 balance
Weight % 5.5 2.2 8.5 3.0 2.8 9.5 0.02 balance
295
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The specimens selected for the present study, which correspond to tests carried out
within the framework of a wider research programme on the mechanical performance
of superalloys, are listed in Table 2.

TABLE 2. Testing conditions.

Specimen Number R Asw (%) Cycles (x10%)
1 0 0.8 5.7
2 0 0.8 28
3 0 0.7 72
4 0 0.5 37.0
5 - - 3.0
6 -0 0.7 10.6
7 -0 1 0.9

The temperature cycle in the tests, extending from 573 K to 1323 K, lags by -135°
with respect to the strain cycle. The samples were linearly heated and cooled at
25 Ks™! and 12.5 Ks™ respectively, resulting in a total cycle time of 90 seconds. For
the strain ratio

R=¢_, /€0 @
values of both R = 0 and R = <o were considered, as shown in Fig. 1, with
mechanical strain ranges Ae,, between 0.5 and 1%.
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Figure 1. TMF cycles with Agy, = 0.7% and R=0 (top) or R=-co (bottom).

In order to identify the different effects of the thermal and mechanical cycling, a
thermally-fatigued specimen (sample 5) which had been cycled for a time equivalent
to that of failure for a 0.8% strain, R=0 TMF test (sample 2) was also examined.
Specimens sectioned parallel to the (001) and (010) crystal planes, i.e. perpendicular
and parallel to the fatigue axis, were examined under SEM and electron probe micro-
analysis (EPMA), in order to establish the precipitate coalescence behaviour in
different parts of the sample and the corresponding chemical composition profiles.

3. Microstructural Observations

Optical microscopy of chemically etched samples clearly identified the boundaries of
the casting dendrites, which suggested that a chemical inhomogeneity existed. More



SOLIDIFICATION STRUCTURES 297

detailed examination using SEM allowed us to further differentiate the
microstructure, and to categorize three distinct microstructural regions. These are the
dendritic material which solidified along the casting axis, that which solidified in the
cube directions perpendicular to the crystal growth axis, and finally the remainder of
the casting. These regions will be referred to as primary dendrite cores, secondary
dendrite arms and interdendritic material respectively.

As would be expected, in addition to the usual dispersion of cuboidal y" particles
within the y matrix, the interdendritic region contains a small fraction (<1%) of other
solidification products such as tungsten and tantalum carbides, as well as larger
blocks of monolithic y* and shrinkage pores. There is also a relatively large amount of
sub-grain boundary material. The distribution of these phases is unaffected by the
mechanical treatment.

Within the accuracy levels provided by EPMA, the chemical compositions of the
dendrite cores and dendrite arms are indistinguishable. However, these two regions
have a significantly lower y* volume fraction than the interdendritic regions. In a
typical example (sample 1), the y° volume fraction in the dendrite arms is
approximately 0.59 as compared with 0.66 interdendritically. EPMA shows that the
major chemical difference between the dendritic and interdendritic regions is in the
amount of tungsten, a y volume fraction enhancing element. The average W content
is approximately 2.5 atomic % in the interdendritic material and 3.4 atomic % inside
the dendrites, as is shown in Fig. 2.
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Figure 2.  EPMA plot of tungsten distribution. The scan passes from an interdendritic region (left)
across a secondary dendrite arm (centre) and into the next interdendritic region (right).

An examination of the thermally cycled specimen showed, as stated in Table 3,
that some isotropic (i.e. triaxial) y* coalescence occurred in the interdendritic regions,
though after 75 hours there was only a relatively small amount. Biaxially coalesced vy’
structures, usually known as plates, were found within the primary dendrite cores,
normal to the growth axis. These structures are functionally identical to the plates
widely reported as forming under creep in SRR99 and other similar alloys. Even
more surprisingly, biaxially coalesced structures are also seen to form in the dendrite
arms, but perpendicular to the secondary growth axes. These morphologies are shown
schematically in Fig. 3.
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TABLE 3. Coalescence behaviour in the different microstructural regions.

Specimen Interdendritic Dendrite Cores Dendrite Arms
Number
1 Slightly plate-like Strongly plate-like Needles normal to casting axis
and dendrite arm axis
2 Slightly plate-like Strongly plate-like Needles normal to casting axis
and dendrite arm axis
3 Slightly plate-like Strongly plate-like Plates normal to casting axis with weaker
coalescence along arm axis
4 Triaxial Plate-like Plates normal to casting axis with weaker
coalescence along arm axis
5 Triaxial Slightly plate-like Plates normal to dendrite arm axis
6 Slightly needle-like Slightly plate-like Strongly needle-like parallel to casting axis
7 Needle-like Slightly plate-like Needle-like parallel to casting axis

Figure 3. Schematic of coalescence in thermally cycled material.

The superposition of the mechanical strains produced by the TMF cycle markedly
modifies the coalescence behaviour in the three microstructural regions. Specifically,
R=0 cycling oblates the microstructure in the directions perpendicular to the applied
stress (and crystal growth) axis, resulting in a stronger biaxial coalescence behaviour
in the dendrite cores, a tendency towards plate formation in the dendrite arms at
higher strain ranges and in biaxial structures in the interdendritic material. The effect
of a low strain range cycle (sample 4) is shown in Fig. 4, and that of a higher strain
range (sample 1) in Fig. 5. A schematic of this high strain range coalescence can be
seen in Fig. 6. A secondary effect of the R=0 cycle is that at the highest strain range
examined (Ae;, = 0.8%), in the interdendritic zones there is also a coalescence of y
along <110>-type directions, which has been associated with the cutting of y’
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particles by creep-type dislocations [4]. This feature is not found within the dendrite
arms.

The imposition of an R=- oo cycle has the opposite effect to that of the R=0 cycle.
It results in the coalescence structures becoming more needle-like (or less plate-like)
by means of an increase in the degree of coalescence along the casting axis and a
reduction along the cube directions normal to the casting axis. At the higher strain
range (sample 7), the interdendritic material coalesces to a greater degree than at the
lower strain range (sample 6), despite the short duration of the test. The coalescence
behaviour for Ae,, = 1.0% is shown schematically in Fig. 7.

Figure 4. Micrograph showing typical coalescence behaviour under R=0 conditions for Aey, = 0.5% (sample 4).
The image shows the transition zone between a dendrite core (left) and a dendrite arm (right) viewed in
a plane perpendicular to the applied stress axis.

Figure 5. Micrograph showing typical coalescence behaviour under R=0 conditions for As, = 0.8% (sample 1).
The image shows the boundary zone between a dendrite arm (left) and interdendritic material (right)
viewed in a plane perpendicular to the applied stress axis.

4, Analysis Using a Coalescence Criterion

In the current study we have an inhomogeneity in chemical composition which is
most clearly shown by the sharp difference between the tungsten content of the
dendrites and interdendritic regions. This is significant for two particular reasons.
Firstly, alloying with tungsten increases the lattice parameter of both the y* and y
phases by around 1%o per 1 weight % addition [S], and secondly, tungsten has been
shown to enhance the tensile and creep strength of alloys with a composition very
similar to SRR99 [6].
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Figure 6. Schematic of coalescence under Agy,=0.7% and R=0 conditions.

Figure 7. Schematic of coalescence under Ae,=1.0% and R= -0 conditions.

It is well known that applied stresses produce non-isotropic coalescence of y’
particles during creep in superalloys. In alloys with a negative lattice mismatch
2la, —a
= _(_"___7_ <0 [0))
ay. +a_’
such as SRR99 [7], one finds either bi-directional coalescence producing plates
normal to the load (and casting) axis under tensile stresses or uni-directional

)
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coalescence forming needle-like structures parallel to the stress axis under
compressive loads.

Let us first analyse the effect that the increase in the lattice parameters within the
dendrite has on the single-crystal specimen. Since the material is nominally coherent
throughout its structure, a residual stress distribution will arise between the dendrites
and the interdendritic material, as shown schematically in Fig. 8. If we resolve these
residual stresses into the three dendrite growth axes, we find compressive stresses
inside the dendrite in all three axes. The stress component will be equal in the two
secondary directions ([100] and [010]), since the stress in that plane is found to have
tangential direction, and morecover one can assume axial symmetry around the
dendrite axis. The stress component in the growth axis is expected to differ from the
other two, though it is not obvious whether it will be larger or smaller.

Figure 8. Schematic of residual stresses within a dendrite core.

We shall now consider the stress fields at the y-y" interfaces in the three types of
microstructural region in the light of the coalescence criterion developed by two of
the authors [8]. This criterion, based on the anisotropy in the distribution of
interfacial misfit dislocations, has recently been extended to triaxial conditions [9]
and used to explain the effect of a coating on rafting behaviour [10]. The formulation
of the extended criterion is reproduced in Eq. 3 and 4.

©)]

= ? 0]

where
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The ratios R,, and R,, in these equations provide the surface energy ratios
corresponding to precipitate faces perpendicular to the three cube directions. Only
two equations are required since R.. = Ry, *R,,. These ratios can then be used to predict
the tendency to anisotropic coalescence, as they indicate whether the surface areas in
each of two directions are likely to grow or shrink with respect to each other, in order
to reduce the total interfacial energy around a precipitate. Which coalescence
direction is energetically favourable will depend on whether these ratios have values
smaller than, equal to or larger than one. Specifically, when a ratio is larger than one
this indicates a tendency to greater coalescence along the direction given by the
second subindex.

The morphology predictions for SRR99 at clevated temperatures, using the
triaxial extension of the coalescence criterion, can be summarised as follows. Firstly,
coalescence is most favourable along the axes of the most compressive or least tensile
stresses, and secondly, biaxial stress distributions which are symmetrical around a
perpendicular axis have a similar effect as a uniaxial one of opposite sign along the
perpendicular axis. The stress dependence of the coalescence behaviour is reversed
for alloys with a positive lattice mismatch.

Thus, for an SRR99 specimen not subjected to external loading, y* plates would be
predicted to form perpendicular to a dendrite growth axis if the residual stresses are
least compressive along that axis. Since this is the behaviour found inside the
dendrites in the thermally cycled material (sample 5) one can deduce that in this case
the compressive stresses along a dendrite growth axis are smaller than the stress
components perpendicular to that direction.

We can now superimpose the mechanical strains produced by TMF onto the
residual strains resulting from the chemical heterogeneity introduced by the casting
process. If R=0 cycling is applied, in the dendrite arms the strain state ceases to be
axially symmetric, with the component parallel to the casting direction becoming
either less compressive or tensile and, as a consequence of the Poisson effect, with the
other two axes becoming more compressive. This results in preferential coalescence
along the axis perpendicular to both the dendrite arm and casting directions, as that is
the direction of the most compressive stresses. This is in agreement with the
experimental results. The application of R= - w0 cycling combines the tendency to
produce a needle-type microstructure (coalescence parallel to the casting axis) with
that to produce the coalescence found in the absence of external loads. For the highest
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strain range (Ae,=1%) cycle the coalescence is greatly reduced, as the specimen
failed after a short period of time (approximately 24 hours), which prevented the
coalescence from attaining the degree expected.

Further, the experimental results allow us to estimate the size of the residual
stresses, because the coalescence structures within the dendrite arms exhibit a
progression from rectangular plates through to needles as the applied strain range
increases. Whilst for R=0 at the highest strain range examined (Ae = 0.8%) the
coalescence is almost entirely uniaxial, there is a significant amount of coalescence
along the load axis at strain ranges of 0.5 and 0.7%. From this we conclude that,
whilst being smaller than the applied ones, the residual strains are of the same order
of magnitude, probably between 0.1 and 0.3%. This value can be compared, for
example, to the 0.85% lattice parameter difference between two alloys based on
MAR-MZ47 and containing 2.8 and 3.7 atomic % of tungsten [5], which can be
considered as a theoretical upper bound.

In both of the R=0 tests with a 0.8% strain range, the ¥’ coalescence in the
interdendritic material markedly differed from that found in the other tests.
Specifically, coalescence also occurred in <110>-type directions, thus resulting in
highly irregular precipitate structures. This was not the case inside the dendrites, and
it indicates that plastic deformation may have taken place in the interdendritic
regions, which is in line with results obtained in studies of crack growth in SRR99
[11]. The unexpected behaviour can be attributed to the difference in the tungsten
content of the two microstructural regions, since Nathal and Ebert [6] found that at
1273 K a reduction by around 1 atomic % in the tungsten content can lower the 0.2%
yield stress by as much as 120 MPa. As a consequence of the disparate behaviour in
the different microstructural regions, the single crystal alloy could better be treated
not as a purely monolithic system, but more like a composite.

5. Conclusions

The precipitate coalescence behaviour inside specimens of superalloy SRR99 which
had undergone thermal fatigue or TMF tests was analysed both by microstructural
characterisation techniques and in the light of a recently developed extension to a
coalescence prediction criterion. Three distinct microstructural regions could be
identified, namely dendrite cores, dendrite arms and interdendritic regions, each of
which exhibited a clearly different coalescence behaviour.

The triaxial formulation of the prediction criterion based on interfacial energies
was successfully shown to explain the disparate coalescence behaviour in the three
morphologically-different regions.

The criterion has also been used in reverse, i.e. in order to determine the stress
distribution required to produce a particular experimental coalescence configuration.
This allowed us to subsequently estimate that the strains caused by the difference
between the average lattice parameter of the dendrites and that of the interdendritic
regions are around 0.2% .

In the case of high strain range tests with R=0, plastic deformation is found to
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occur, but it appears to be limited to the interdendritic regions. This favours the view
that single crystal superalloys behave in a way that is more akin to a composite than
to purely monolithic systems.
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1. Introduction

Single crystal nickel-based alloys for blades of aecro gas turbines are frequently
provided with a nickel aluminide diffusion coating, which produces an increase of the
corrosion resistance. Thermomechanical fatigue (TMF) tests are used in the
assessment of the performance of coated superalloys, as they simulate, under a
controlled mechanical environment, the complex service conditions which turbine
blades are subjected to.

Nickel aluminide diffusion coatings are more prone to fracture during out-of-
phase than in in-phase cycling. However, a comprehensive understanding of the
causes leading to their failure has not yet been reached, though both microstructural
degradation and mechanical factors are known to be involved in the development of
coating damage. Neither is there a consensus as to the influence of the coating on the
life of the whole component [1, 2].

A wide range of microstructures has been reported in literature [3] in the case of
nominally similar nickel aluminide diffusion coatings on the alloy studied here. Since
their formation is governed by diffusion, two factors affecting the diffusion process
are anticipated to significantly contribute to an explanation of the microstructural
diversity of these coatings. The first one is the variables involved in the coating
production, such as temperature, duration and activity of the packing agent, and the
second is the orientation of the monocrystalline substrate.

The analysis of texture in NiAl diffusion coatings has received little attention to
date. Most studies report coatings of polycrystalline character [4, 5], though there are
instances of the presence of a highly textured microstructure [2, 6]. This apparent
contradiction could also be a result of the factors mentioned above. Furthermore, the
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type and degree of crystallographic texture is generally believed to influence both
crack initiation and propagation.

As coating process and substrate orientation can affect coating texture, this study
concentrates on the influence of these variables on the microstructure. A study of this
has the potential for optimising coating performance, particularly in improving crack
tolerance.

2, Experimental Procedure

Eight specimens made of single crystal superalloy SRR99 have been selected from
among those tested in a wider programme on thermomechanical fatigue of coated
superalloys [7]. Each of them was machined from a separate 25 mm diameter casting
and with the main specimen axis within 10° of the [001] crystallographic orientation.
The specimens consisted of an 8mm gauge length region with a 12 mm*3 mm
rectangular section and two threaded ends with a 16 mm diameter circular section. A
pack aluminide coating process at 870°C and the standard heat treatment were
applied. Two different values of 6 in the gauge length region, where 0 is defined as
the angle between the direction normal to the coating and the [100] direction of the
substrate (Fig. 1), were considered for this study, namely 6= 0° and 6= 35°. The
accuracy in 0 for each specimen is estimated to be of A® = +5°. The specimens with
6= 35° in the region of rectangular section are denoted as batch A and those with
0= 0° as batch B. All specimens in the same batch were treated together during the
application of the coating.

[001]

Figure 1. Definition of the angle 0 relating coating and substrate orientation.

A total of six specimens (taken from both batches), the so-called mechanical
samples, were fatigned under strain-controlled TMF. All the tests were continued
until failure, with the same temperature cycle, extending from 573 K to 1323 K, and
an R=0 mechanical cycle with a strain range Ae,, between 0.5 and 1%. The strain
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cycling lagged by 135° (out-of-phase) with respect to the temperature cycling. The
test conditions for these specimens are listed in Table 1. Two other specimens (one of
each batch) were used to characterise the microstructure of the coating in its as
received (AR) condition.

TABLE 1. Test conditions and crack initiation.

Specimen 0 Agy, (%) Crack initiation
© may (MP2) Type
1 35° 1 =~ 860 line
2 35° 0.8 ~ 830 line
3 35° 0.7 ~ 850 line
4 35° 0.5 = 500 not brittle
5 0° 1 900 line
6 0° 0.8 =720 point

Coating thickness measurements using SEM were carried out on the AR
specimens, both in the gauge length region and in the end regions, in order to detect
any possible variations associated to substrate orientation or the coating process. In
order to correlate the differences in coating thickness with the variations in chemical
composition, line scans using electron probe microanalysis (EPMA) were also
performed. Additionally, X-ray difractometry using Cu K, radiation provided texture
pole figures for the family of {110}piar planes. Given that the penetration depth of
such a radiation is typically around 25 pm, the microstructural information obtained
is expected to correspond to a material layer up to that depth, which is still inside the
coating. All pole figures were obtained in such a way that the main specimen axis
(within 10° of [001}],,,,) was used as reference (RD). When considering the analysis of
the microstructural orientation, we describe a coating as having {hkl}-texture when
the set of planes which is found to be preferentially oriented parallel to the coating
surface is of the {hkl} family.

3. Microstructure of the As-Received Coating

A typical microstructure of a nickel aluminide diffusion coating (Fig. 2) consists of
the following regions. The outermost layer or main coating (MC) is essentially B-
NiAl. Below this layer, we find the subcoating diffusion zone (SC) where y°, p-NiAl
and carbide precipitates are detected. Deeper inside, one finds the coating-affected
bulk zone (CB) which has basically the same microstructural constituents as the bulk
(y and y") but has experienced some degree of chemical interaction with the coating.
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In this work, we shall mainly be concerned with the microstructural features found in
the MC region of the AR specimens.

Figure 2. Typical microstructure of coating from batch A in as received condition.

The measurement of MC thickness at the specimen ends (round section) in the as-
received condition showed a considerable difference between batches A and B,
though no dependence on the angle 0 was detected around the circular contour.
Specifically, for batch A, the thickness of the MC region was 35+5 pum and in the
case of batch B 52.5+5 pm. The variation in thickness between the two batches can be
associated to differences in the aluminising process.

Some other microstructural differences between the two batches were also
observed. Specimens from batch A had a thin y* layer in the CB region, which was
absent in those in batch B. The volume fraction and size of carbide precipitates in the
SC region was also different in the two batches. Specifically, a lower degree of
precipitation was detected in the coatings with a thinner MC zone.

The EPMA analysis of the chemical distribution in AR coatings (Fig. 3) showed
that the coatings in batch A were Ni-rich (with atomic % ratio of Ni to Al ~1.5),
whilst the chemical composition of the coatings in batch B was closer to that of
stoichiometric NiAl (atomic % ratio ~1).
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Figure 3. Typical EPMA composition ratio of Ni Al (in atomic %) versus distance to coating
surface for batches A (marked) and B.

The texture analysis of the coating in the AR specimens from batches A and B
(Figs. 4 and 5) showed a {111}-texture for batch A and a {011}-texture for batch B.
This difference can be explained by considering the establishment of a Bain-type
orientation relationship between the single crystal substrate and the coating.

At its simplest, a Bain-type of orientation relationship between a bee phase, such
as B-NiAl, and an fcc phase, such as the y and ¥y’ phases in the substrate, can be
understood to be equivalent to a /4 rotation of the bee cell (from a position initially
parallel to the fcc cell) around any of the three <100> axes. For example, a +n/4
rotation around the [001] axis would result in the following orientation relationship

(001)p, // (001) 1, 2;(ITO )s2 /1 (100)11,; (110)p2 // (010) 11,

Since the flat surface of the coating is parallel to the (100) 1, , Plane and a
{110}g.-texture is measured, in the case of batch B this rotation axis is found to be
the main specimen axis. In the case of batch A ( 6=35°) the surface of the coating is
no longer parallel to the (100) 1, , plane. Thus, the observation of a {111}p, texture in
the coating can only be understood by considering the fact that with a different value
of 6 one has a different rotation axis associated to the Bain type of orientation
relationship. Specifically, the rotation axis changes from one parallel to the main
specimen axis (effectively [001] 1, Jtoa perpendicular axis ([010] -
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Figure4. {110} Pole figure for AR coating of batch A (6=35°) using the main
growth axis as reference (RD).

Figure5. {110} Pole figure for AR coating of batch B (6=0°) using the main
growth axis as reference (RD).

In addition, in the {110}p, pole figure for batch A (Fig. 4) a number of extra
poles is observed (a total of 6 instead of the 3 expected for a single texture). This can
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be explained by the presence of {111}<112> internal twinning which, in the case of a
B2 structure, is related to the activation of a diffusionless (or martensitic) phase
transformation [8]. Although the presence of a L1, (c/a =~ 0.86) phase in this coating
has not yet been clearly established, these twin features are similar to those reported
in hypostoichiometric NiAl [9, 10]. A formation of such an L1, phase in nickel
aluminide coatings on R= - «o TMF tested superalloys, where it has been shown to
have an influence on coating cracking, has recently been reported by some of the
authors [11].

4, Coating Cracking under TMF

We shall now attempt to establish a relationship between the microstructure and the
mechanical behaviour of the coating, particularly its fracture. To this aim, we
concentrate on the initiation of brittle surface cracks under TMF. In specimens tested
under R= 0 conditions, we observe minor differences in terms of the macroscopic
stress for coating crack initiation between the coatings of batches A and B.

Under the assumption that the coating remains brittle for both batches and for
either crack initiation type, coating fracture would occur when a critical stress is
reached. Since the coating typically accounts for less than 5% of the specimen load-
bearing section, it is unlikely to significantly affect the macroscopic stress to
cracking. When the macroscopic stress for cracking of the coating is measured
experimentally for batches A and B, one finds 850 and 900 MPa respectively
(Table 1). This relatively small deviation may mask some relevant differences in the
mechanism of the macroscopic response. In fact, the threshold value of the applied
strain range, Aey,, above which line initiation is found can be seen in Table 1 to differ
between the two batches. Specifically, in batch A the initiation type changes from line
to not brittle at a value of the mechanical strain range Aeg, < 0.7%, which is lower
than the Agy, > 0.8% found for batch B in which the transition is from line to point.
Thus, the structure of the coatings in batch A is more prone to brittle fracture than in
batch B. This is of particular significance, as brittle coating cracking has been shown
to be highly detrimental to TMF life [1].

Two different types of crack propagation are observed in NiAl, intergranular
fracture and {110}-cleavage [12-13]. The first case has been related to an inherent
lack of ductility of NiAl, due to its high ductile-brittle transition temperature (DBTT).
Small changes in the chemistry and microstructure of the intermetallic can modify its
DBTT. In fact, an increase in ductility (as a consequence of a decrease in the DBTT)
has been observed [13] when the composition deviates from that of stoichiometric
NiAl or when the microstructure is refined. Whilst the coatings in both batches have
a similar grain size, the more strongly non-stoichiometric coatings in batch A would
be expected to be more ductile than those in batch B. Since this is not the case, the
coating ductility behaviour cannot be explained by means of the DBTT effect [2].
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In the case of a cleavage mechanism, the effect of the observed differences in
coating texture can be considered using a simple monocrystalline model. When
cracking taking place via {110}p,-cleavage [12], a critical value of the stress G,
normal to this crystallographic plane is required to be reached for nucleation, this
normal stress is related to the applied stress, G, by

c,=c.M )

where M=cosA and A is the angle between the load axis and the axis normal to any
given {110}-type crystallographic plane. Alternatively, the cleavage threshold can be
formulated as a function of strain. The critical macroscopic strain €* for triggering
cleavage can be calculated using Eq. (1) as

L

. o o

£=—=—2= )
E EM

where E is the elastic modulus along the load axis.

As a consequence of the differences in texture orientation discussed above, the
angle A between the applied stress and the normal to the {110}g, cleavage planes
differs from batch A to batch B. Thus, the maximum value M., of the angular factor
M is different between the two batches. Specifically, for the coating textures found for
batch A, where the load axis is effectively parallel to the < 101>p, orientation (and to
the <112 >, for the internally twinned structure), a maximum value of My, = 1 can
be achieved. This value is significantly higher than the M,,,, = 0.5 obtained for batch
B, where G // [001]z2.

In order to produce a realistic estimate of the threshold strain for cleavage, values
of the elastic modulus of NiAl are needed. Due to the lack of modulus data at elevated
temperatures, we can only base our calculation on room temperature values [2]. For
batch B with o // <001>p, a low elastic modulus of 100 GPa is reported, and
E M. =50 GPa. In the case of the batch A (G // <101>g,) a much higher modulus
is found, 190 GPa, and thus, E M, = 190 GPa. Introducing these values into Eq.(2)
shows that the microstructure of batch A has a much lower strain threshold for
cleavage than that of batch B. In principle, this could also be related to the above
mentioned differences in Aey between both coating batches. In the case of
polycrystalline coatings, using the maximum value M. = 1 (or even the average
value M = 0.36) and E = 170 GPa, one obtains a strain threshold for cleavage which
is higher than that for batch B. The presence in batch A of a significant amount of y’
has been detected, which could have an effect on the value of the elastic modulus,
though this contribution was not included here.

The effect of secondary substrate orientation on coating failure, as reported in this
work is of clear interest for the optimisation of turbine blade lives. Consequently, the
differences in coating cracking behaviour shown here should be accounted for in the
development of life prediction models.
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5. Conclusions

The relationship between the microstructure of a nickel aluminide diffusion coating
on superalloy SRR99 and the formation of brittle surface cracks during
thermomechanical fatigue has been studied. Two factors have been shown to affect
coating microstructure, namely the secondary orientation of the monocrystalline
substrate and the coating process. They produce significant differences in the
orientation and degree of the B2-NiAl texture. Texture has been found to have a
strong influence on both the peak stress and the strain range threshold values for
brittle coating cracking under out-of phase, strain-controlled R=0 TMF cycling.
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CHARACTERISTICS OF A POPULATION OF NATURALLY INITIATED
CRACKS THAT EVOLVES DURING THE THERMOMECHANICAL
FATIGUE TESTING OF SRR99

P.K. JOHNSON and J. BRESSERS

Institute for Advanced Materials -JRC Petten
P.O.Box 2, 1755 ZG Petten

The Netherlands

1. Imntroduction

A determination of the relationship between the microstructure of single-crystal cast
turbine blades and the behaviour of small fatigue cracks developed during strain-
controlled thermo-mechanical fatigne (TMF) testing can allow an understanding of
how some microstructural variables contribute to the scatter in TMF test lifetime. In
order to model the statistical aspects of crack nucleation, growth and coalescence
processes it is essential to identify which microstructural constituents, if any, are
relevant to different stages of the TMF crack population's development. For example,
regarding the fracture behaviour of directionally solidified IN738LC, McLean
suggests that a correlation could exist between carbide spacings and crack mean-free-
path [1]. With respect to polycrystalline materials it has been found that a random
process of sclecting crack initiation sites located individually either within grains [2]
or at etch pits [3] appears to be satisfactory in simulations of the development of a
crack population. In this work, the relationship between the microstructure of a single
crystal superalloy and the crack behaviour induced during its TMF testing is
explored.

2. Experimental
2.1. MATERIAL AND TESTS

Single crystals of superalloy SRR99 were supplied by Rolls Royce plc. in the form of
cylindrical bars solidified along their main axis, which is within 10° of the <001>
direction. The test pieces were subjected to a solution heat-treatment and ageing
sequence. Light metallography was carried out upon both as-polished and etched
samples of as-received material. Along the gauge length of the specimen the cross-
section is rectangular (12 mm x 3 mm) and the sample is oriented during machining
such that the gauge surfaces produced each contain one of the remaining <100>
directions. After machining the sample surfaces are ground to a specified finish. One
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of the larger flat surfaces is monitored whilst testing by scanning it with a light-
microscope based image aquisition system as described by Bressers et al. [4].

Strain-controlled TMF tests with mechanical strain ranges as indicated in Table 1
were performed with a 573K-1323K temperature range, and with heating and cooling
rates of 25K/s and 12.5K/s respectively. The strain cycle follows the temperature-
cycle with a phase shift of 135° (see Arana et al. [5]). Reflected light microscope
images, showing surface crack initiation events, small crack growth and crack
coalescence events, arc obtained during the strain-controlled TMF tests. Images
collected following pre-determined periods of cycling were stored in order to carry
out post-test general examination and crack length measurements. Both load and
strain are recorded throughout the tests as functions of temperature and time. Failure
is reached when a 33% drop in the 'saturation' value of the maximum stress has
occurred.

TABLE 1. Description of the test conditions

Sample Mechanical strain e (in % strain cles to failure
1 0.7 -0 21820
2 1.0 0 1981
3 1.0 ) 1430

2.2. SURFACE SPACINGS BETWEEN MICROSTRUCTURAL CONSTITUENTS

A light metallography examination of the surface of the piece removed in the
machining of the test-piece gauge reveals two main regions: the dendrite cores,
nominally defect-free, and a region of dendrite arms and interdendritic material
(Fig. 1). The regions can be differentiated both by mapping defect densities and by
simply polishing and etching. The distribution of these areas is sensitive to small mis-
orientations (i.e. <10°) from the surface corresponding to an ideal {100} plane (other
than the {100} plane with a normal parallel to the cast direction). Hence, in the
initial condition, the surface regions of the casting, in which fatigue cracks originate
during the current tests, can reasonably be divided into sound and defective material.

An estimated mean primary dendrite spacing A, found by counting dendrites in a
known area of section perpendicular to the solidification direction and by treating
them as having square profiles, gives a centre-centre spacing of 440+£10 pm. The
secondary dendrite arm spacing, A,, was estimated as ~130 pm. Both values were
incorporated into a grid to aid in the interpretation of features in the images recorded
of a surface of a sample that had been TMF tested.

Measurements of the spacing between carbide colonies were also made. In Fig. 2
typical carbide particle colonies are shown in the castings, and a few voids are also
visible. The procedure to measure the spacings, using a light microscope, is sketched
in Fig. 3a. The total length of the window used for the carbide spacings was 45 mm,
The boundaries of a carbide colony were estimated by eye, and the distance between
the centres was recorded. The resulting distribution of spacings is shown in Fig. 4.

Dendrite core and interdendritic material were differentiated via etching. Dendrite
core diameters were estimated as shown in Fig. 3b. The results are shown in Fig, 5.
The existence of connected groups of dendrites leads to a skewed set of spacings.
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Figure 1. Etched surface of an un-tested off-cut taken from sample 1, previously mating the gauge surface,
showing the dendrite cores (dark contrast) and interdendritic regions (light contrast).

Figure 2. Backscattered SEM (scanning electron microscope) image of a section perpendicular to the load
axis.Clusters of bright particles, indicated by the arrows, are carbide particle colonies developed
during the casting process.
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a. Section in a {100} plane containing the load axis

sl s2 s3  s4
Spacings sl, s2, efc., parallel to ~<010>, between carbide colonies

b. Section perpendicular to load axis in ~[001] oriented monocrystal
dl, d2 etc : dendrite core diameters measured in a <100> direction

e

, | <100>
d2 —

Figure 3. Measurement schemes: a) for defect spacings using the secondary dendrite arm spacing to
define a limiting element of the surface and b) for dendrite core diameters..

Figure 4. Distribution of spacings between carbide colonies.
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Figure 5. Dendrite core diameters measured in a cube direction (Fig. 3b).

Figure 6. The same 4 mm x 2.6 mm surface area of sample 1 at two cycle numbers (indicated top-left). The
white lines indicate the site of the main crack. The grid is 220 pm x 130 pm.

2.3. DISCONTINUOS OXIDE GROWTH & CRACK COALESCENCE EVENTS

As shown in Fig. 6, during the TMF test at a mechanical strain range of 0.7% the
sample surface mainly presents copiously oxidised areas (dark contrast) and areas
covered with a relatively thin oxide layer. A third component of the surface structure,
consisting of mode-I opening cracks, is superimposed.

A small area of the surface of sample 1, corresponding to that shown in Fig. 6,
was studied at a pixel resolution of 4.5 pm x 3 pm at intervals of typically 450 cycles
during the TMF test. A microstructural parameter based grid (A; /2 x A;), also visible
in Fig. 6, was overlaid on the images during post-test analysis. Mechanical data
collected during the test can be correlated directly with the images of the surface.
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The changing stress conditions at the maximum temperature as measured in the
course of the test are plotted in Fig. 7. The qualitative changes in the stress response
are indicated by means of numbered arrows. Initially the stresses change rapidly from
compressive to become increasingly tensile (#1). The whole surface appears to be
crossed by slip bands. Temporarily the stress value reaches a constant value (#2), and
the earliest 'localised’ damage becomes visible at this stage. Both the stress at
maximum temperature and the minimum stress start to increase again from #4. Since
at the same stage the stress range is decreasing gradually (#3) the sample has
undergone an overall softening. This softening appears at an intermediate stage in the
test at ~10000 cycles leading to a shift in the stress from the plateau at #4 to a new
condition at #5. Surface observations suggest that this mechanical transition is related
to the spread of damage originally confined to interdendritic/defective surface
material into previously 'sound' surface material associated with the dendrite cores.
The sample fails at #6 as the result of fatigue crack growth.

Figure 7. Increase in surface area fraction of regions of dark contrast, generally corresponding to thick oxidation
products, simultaneously plotted with the changes in the applied stress during testing.

In order to determine whether important stages in the evolution of a naturally
initiated crack population can be related to the microstructure, an initial analysis of
some available crack growth statistics was made. As part of a previous project mode-I
opening surface crack lengths were measured, from surface images similar to those
shown in Fig. 6, for the three tests in Table 1. The data consisted of surface crack
lengths, measured perpendicular to the load axis, and a record of the occurrence of
coalescence events between crack segments. The data available has been processed, as
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illustrated in Fig. 8, to give a set of 'coalescence lengths'. The results were separated
into coalescence lengths between the first crack segment pairs in a sequence CL2, and
all other coalescence events CL3, CL4 and CLS5 as defined in Fig. 8. The intention
was to arrive at an estimate of the distance between the surface initiation sites of the
cracks recorded. It was assumed that cracks would grow symmetrically prior to
coalescence. The data set contained 70 coalescence events. The resulting distribution
of crack coalescence events is shown in Fig. 9.

Scan before coalescence
_——
_acl)— a2 (2 centres) |
—(}—/_O— Scan at coalescence INC E
TMF
_O_/_O— 3 Scan before coalescence CYCLES
al' —O— (3 centres) N
ﬂo_ Scan at coalecsence \L
Definition of coalescence length CLn : CL2=(al +a2)/2

Cl3=(al'ta3)/3 etc.
where al, a2, al' and a3 are surface crack lengths measured perpendicular to the load axis.
Figure 8. Definition of coalescence length.

The surface of the test piece is characterised by the appearance of a number of
surface structures. A description of the behaviour of some of these features during a
TMF test provides help in determining the nature of the damage process. For example
some features appear as follows. Small diamond-shaped areas of dark contrast, with
diagonals originally ~50 pm long, were developed amidst slip-bands that decorated
the whole gauge section early in the test, i.e. before #2 in Fig. 7, when the
compressive stresses were still high. Boundaries between these differently contrasting
parts of the surface often exhibited a simple geometry, suggesting that the boundaries
were associated with the sample crystallography. The test-piece orientation suggests
that the boundaries, as they cut through the sample surface, may be based upon {111}
slip traces. With further cycling these dark contrasting regions generally expand and
change their two dimensional shape. In some cases this expansion is initially
isotropic. The expansion often involves short jets directed towards other surface
features. In some areas such features are separated in the surface plane typically by
less than ~100 pm and may form small clusters. The coalescence process generally
upsets the geometrical shape developed earlier, although parts of the geometrical
boundaries are maintained until the end of the test. Beyond 3000 cycles the damage
zones that appeared first start to coalesce. Coalescence events between damaged
surface areas at this stage frequently occur between damage sites spaced apart by
approximately A;/2 in directions perpendicular to the load axis, and at approximately
A, in directions parallel to the load axis. Large continuous areas of damage are
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developed, interspersed with relatively un-damaged areas. However, above 10000
cycles the dark contrast spreads across the remaining sound surface arecas, sometimes
as narrow fingers emanating from cracks, along directions consistent with {111}
traces, or as damage extending in similar crystallographic directions but arising from
damage areas that are the result of the earlier joining together, along the same
direction, of a cluster of closely spaced damage sites.

At the end of the test the dark contrasting areas are found to be heavily oxidised.
The relationship between the oxidation and plasticity is clearly shown when slip
bands that have developed late in a TMF test, and are still relatively lightly oxidised,
have been found to be decorated with numerous titanium ,and oxygen, containing
particles.

BCL2
[ CL3,CLA4 and CL5 combined
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Figure 9. Distribution of coalescence lengths as defined in Fig. 8.

3. Discussion

3.1. CAST MICROSTRUCTURAL PARAMETERS AND THE COALESCENCE OF
MODE-I OPENING CRACKS

During the directional solidification of the superalloy SRR99, dendritic y-Ni separates
first, in terms of the local freezing time, followed by any carbide phases that might be
present [6]. Shrinkage microporosity will form last. The carbide particles and
micropores will be situated within a complexly shaped volume between any adjacent
dendrites. The spacings between pores and carbide particles will cover a wide range
of values. However, the positions of these features that provide weak interfaces and
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voids will show a periodicity related to the periodic dendrite structure. When cracks
are formed at such weakly bonded features or stress raisers situated at or near the
surface of the test piece then the initiation sites of surface cracks might be expected to
show modal spacings at the most common defect spacings, which will be related to
the general periodicity of the cast structure. When loaded as in the TMF tests
described here, one length of interest for describing coalescence event between mode-
I cracks, will be A;.

In Fig. 9 the distribution of distances over which a crack will travel prior to
meeting another crack shows a statistical mode below the mean average dendrite
spacing A value of 440 pm. When both sets of data in Fig. 9 are combined, the mean
coalescence length is 430 pm. The most frequent coalescence lengths however are in
the range 200 pm-300 pm, and can correspond to either the dimensions within an
interdendritic space, or the spacing between interdendritic material separated by a
secondary dendrite arm.

It may be informative to compare the distribution of coalescence lengths in Fig. 9
with the distribution of spacings of one type of defect, for example the carbide colony
spacings, in Fig. 4. Although the volume fraction of the carbide phases in SRR99 is
relatively small, in fact the separation of the carbide from the liquid is undetected by
thermal analysis [6], the presence of sometimes coarse and locally concentrated
clusters of what are generally considered as an embrittling constituent cannot be
ignored. This is especially the case if one is considering sources of scatter in test
lifetimes. Crack initiation at carbide particles in superalloys is well known and
documented [7]. In the type of tests described here the crack initiation sites are not
always positively identified with any particular feature during fractography,
principally due to the heavy oxidation of the crack surfaces. Comparing the carbide
colony spacings in Fig. 4 with the distribution in Fig. 9, it can be seen that there is a
poor agreement between the two sets of data at the lowest categories of spacings. This
is in part due to the adoption of a 'crack initiation length' below which a crack is not
defined, such that some of the smallest segments in a crack coalescence event
sequence will be missing. At the same time a definition of discrete colonies of carbide
particles also needs clarification. There are stereological problems, for example, such
that some of the colonies recorded in the statistics appear in section as individual
platelets which may or may not have been associated with a 'colony’. However, it does
appear that there are fewer cracks with crack spacings of the size of the smallest
recorded carbide structure spacings then one would expect if cracks initiated at
random in the carbide population. However, if the coalescence between pre-crack
damage of the type observed on the surface of the test piece is considered then closely
spaced carbide particles and microvoid clusters can account for the smallest, sub-A,/2,
damage coalescence spacings. During the monitoring of the spread of damage in the
area of Fig. 6 it was found that damage coalescence events in general occur at a factor
of more than 100 times more frequently than crack coalescence events. The
significance of this observation is discussed in section 3.2 below.

A comparison can also be made between the coalescence length distribution in
Fig. 9, and the dendrite core diameters in Fig. 5. By inspection there are similarities
between the two distributions. The existence of ‘interconnected' dendrites can explain
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the occurrence of some long range coalescence events, and suggest that crack free
paths of ~1 mm can exist. The presence of this tail in the distribution supports the
proposition that the crack initiation sites show a tendency for clustering.

3.2. SURFACE DAMAGE INITIATION

In the TMF tested sample 1 there are relatively few cracks which are initiated at the
surface compared to the total numbers of defects that reside at or near the surface.
The defects which are the most severe stress raisers are candidates for providing
crack initiation events at the highest rates. However, the inhomogeneous distribution
of damage, on the scale of the sound and defective areas of the surface, and the ranges
of inter-damage-site spacings, often of the order of A;/2 or A, suggest a
correspondence between individual defects and the discrete damage structures visible
at the surface early in the TMF test. The defects will be situated at and below the
surface of the material, the sub-surface defects capable of mechanically disturbing the
surface will indirectly be revealed.

Some damage initiation involved localised sites of intense plastic damage at a
time when the bulk of the sample is not undergoing macroscopic cyclic yielding.
Identification of the plastic zones at the surface, perhaps bound to sub-surface voids
or other defects, allows some pre-crack damage behaviour to be better understood,
and to help clarify some aspects of ‘small crack behaviour’. Surface observations
suggest that some cracks may also be developed more directly from crack-like defects
by a time independent process, whereas other cracks develop via a pre-crack damage
state. Mixed crack initiation processes, and their correspondingly mixed kinetics, are
to be expected.

3.3. DAMAGE INITIATION AND CAST MICROSTRUCTURAL PARAMETERS

A partial interpretation of the development of the surface features described in section
2.3 during the TMF cycle applied is as follows. Individual defects act as local stress
raisers. The superalloy yields locally, for example between a sub-surface void and the
surface. Repetitive yielding disrupts the surface oxide products and various transport
mechanisms allow further oxidation to take place. The locally thickened oxide,
having formed heterogeneously by the interaction of localised plasticity with the
environment, grows discontinuously via the movement of the interface between the
thickened oxide and the non-yielding parts of the surface. A high strain gradient
exists across the interface which may consist of active persistent slip bands (PSBs).
The traces of the active slip planes define the geometrical boundaries that charac-
terise the observed damage process in the earliest stages as described in section 2.3.
The shortest distances between the damage sites that emerge as the test
progresses, are comparable with the smallest inter-carbide and inter-void spacings.
Coalescence between the damage on the smallest scale seen creates structures that are
often within areas of the order of A,/2 x A, in surface area. The observed damage
actually occurs in a volume at the surface, and one would expect the depth of this
volume to be load dependent. However, surface observations can be used to determine
the crack initiation probabilities within individual, visibly damaged, cells of
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dimensions A,/2 x A, by defining a local population of damaged cells. By determining
the probabilities as a function of time, empirical crack initiation laws can be
established for both defective and sound surface material, from the data available.

It is very convenient to consider crack initiation as a fracture event within a
microstructurally defined surface unit. A good initial choice for such a cell has
dimensions of A1/2 x A, in the situation discussed here. The cell will either fail of not
fail. This hypothesis can be the basis for a probabilistic crack initiation model.
Examination of Fig. 9 suggests that 'cracks' initiating with mean spacings below A,/2
are infrequent, and this fact supports the proposed use of the aforementioned limiting
cell size in which to define either defect state to crack state, or damage state to crack
state, transformations.

3.4. STRESS RESPONSE AND DAMAGE IN THE TEST OF SAMPLE 1

The decoration of PSBs by oxidation products allows PSB movement to be traced.
When associated with either sub-surface pores or perhaps with undeformable particles
embedded in the sample surface, i.e. carbide particles or their oxidation products,
associated PSB activity is inferred from the visible geometrical structures developed
and the crystallographically directed manner in which many damage sites are seen to
link up. From 1000 to about 10000 cycles, sample 1 appears to have reached a
saturation state involving only microplastic phenomena. Following 10000 cycles the
sample is progressively macroscopically yielded as is revealed by the appearance of
PSBs on a larger scale than were present earlier in the test. The change in plastic
behaviour appears to take place either because the surface cracks are large enough to
drive PSBs across the dendritic parts of the structure and beyond, across the whole
sample, or as the result of the oxide coverage having reached a critical state such that
stress relaxation at the surface becomes difficult. A build-up of a resistance to the
applied compressive stress, by the oxide, may be enough to marginally raise the
tensile stresses in the TMF cycle. Some PSBs formed in the pre-crack damage process
can be driven from the defective and damaged surface regions into the remaining
sound material.

4. Conclusions

The distances over which crack segments grow prior to coalescence appear to be
related to the primary dendrite spacing.

Both cracks and localised heavy oxidation are produced in the interdendritic
regions that are bisected by the sample surface. The two phenomena appear to be
related to localised plasticity and to the presence of defects at or near the sample
surface.

The decoration of persistent slip bands by oxidation can be used to help follow the
spread of plastic damage. From observations of the spread of damage from
interdendritic to dendritic regions in the test of one single crystal it appears that a
simple cyclic saturation state is not achieved.
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THERMAL-MECHANICAL FATIGUE BEHAVIOUR OF NiCr22Co12Mo9
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Institute of Material Science and Engineering I,

University of Karlsruhe,

D-76128 Karlsruhe, FRG

1. Introduction

Every start up and shut down of a system operating at high temperatures causes in the
components transient temperature gradients through which complex strain and stress
fields occur and local damage may be produced. For example, the lifetime of
combustion chambers in gas turbines is often limited by damage resulting from start-
stop-cycles and changes of the operating temperature [1,2]. Frequently, data from
isothermal strain controlled fatigue tests are used to predict the deformation
behaviour and the lifetime of components exposed to thermal-mechanical fatigue
(TMF) [3]. This procedure, however, is connected with large uncertainties, especially
if the cyclic stress-strain response and the microstructural changes are different under
isothermal and thermal-mechanical fatigue. In the present study, the TMF behaviour
of the solid solution and carbide precipitation hardened nickel base superalloy
NiCr22Co12Mo9, which is commonly used as sheet material in gas turbines, is
investigated. The TMF life determined is compared to the lifetime in isothermal
fatigue tests.

2. Material

The chemical composition of the investigated nickel-base alloy NiCr22Col12Mo9
(trade names Nicrofer 5520 Co and IN 617) was 0.069 C, 21.9 Cr, 11.65 Co,
8.75 Mo, 1.15 Al, 0.74 Fe, 0.46 Ti, balance Ni (all quantities in wt.-%). Round bars
with a diameter of 20 mm were annealed at 1475K and water quenched. Specimens
were machined with a cylindrical gauge length of 10 mm, a gauge diameter of 7 mm
and conical gripping heads. The microstructure of the material consisted of firmly
twinned grains with a low dislocation density, incoherent MC carbides and Ti(C,N)
carbonitrides [4]. The mean grain size was 160 pm.
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3. Experimental Details

The mechanical loading was
applied by a closed loop
servohydraulic testing machine
with 63kN capacity. Strain mea-
surements were performed with a
capacitive extensometer. For hea-
ting, an inductor gencrator was
used. Cooling was achieved by
thermal conduction into the
specimen grips and by blowing
compressed air at the specimens in-
by means of a proportionally phase
controlled valve. The temperature
was measured with a Ni-CrNi
thermocouple spot welded in the
middle of the gauge length.

Fig. 1 illustrates the triangular : %
temperature-time as well as strain- '
time courses chosen and the re- phase
sulting stress-time course. The £ / \ //\ .
specimens are allowed to expand 2 / \_/ \Time
and contract freely at zero stress
during the initial heating from Figurel. Temperature, strain and stress vs. time
ambient temperature to the mean during inphase and out-out-phase loading.
temperature T, of the particular
thermal cycle and during the first few cycles, the closed loop control operating in
stress control. After this period the controller is switched over from stress to total
strain control at T,,, and the first thermal-mechanical cycle starts with heating up the
specimen to T, The closed loop system allows for the thermal strain-time course
e™(t), which results from cyclic expansion and contraction and which is accurately
known from the first pure thermal cycles, superimposing it with a mechanical strain-
time course €™(t). Hence, the total strain &, = €™ + €™ is the signal which is con-
trolled by the testing machine. In-phase (middle part of Fig. 1) and out-of-phase
(lower part of Fig. 1) relations between temperature and mechanical strain €™ were
realized. The stress measured is the material response to thermal and mechanical
loading. During in-phase TMF, tensile stresses occur at high and compressive
stresses at low temperatures whereas during out-of-phase TMF stresses occur in the
opposite way.

The minimum cycle temperature T, was 473K in all tests. Ty, was varied
between 873K and 1473K. Two amplitudes of mechanical strain, 0.25% and 0.625%,
were chosen. The temperature rate, dT/dt, was 14K/s resulting in cycle periods
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ranging from 60 s to 145 s and mechanical strain rates ranging from 6.9:10”° s to
4.2:10%s’

4. Experimental Results and Discussion
4.1. CYCLIC DEFORMATION BEHAVIOUR

Fig. 2 shows stress-temperature (left) and stress-strain (right) hysteresis loops
determined at N = N¢2 from in-phase (top) and out-of-phase (bottom) TMF tests at
Tmax = 873K and 1323K. The mechanical strain amplitude was 0.625%. As the
materials resistance against cyclic plastic deformation decreases with increasing
temperature, the maximum and minimum stresses measured during TMF at
Tmax= 1323K are much lower than those at Tpa= 873K.

N; /2 .
Stress-Temperature Stress-Strain
£7,=0.625% P
800 800
— s A 873K - e 873K o
NE 4004 "',,-" — 1323K NE wo] — 1323K . o /
in- E ,/‘ & E g 4
in-phase | € m £ g _V‘;\
" § s - "
— o { ] A 0 M A/
Thax=873K £ 400 \--/“'"‘jA/M ¢ -4001
and ) z o / """"
R I N B ey
- —800+~ , . v v - i v
Thax=1323K 473 673 873 1073 1273 00T oA o o+ o8
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— T e B73K —~ e 873K el
S Vo — 1323K [ — 1323K
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Z o Z o e
TRy ;T2
— 0 " -
Tmax=873K £ 400! Y 2 -400
and o AN 2 pa.
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Temperature (K) Mechanical Strain (%)

Figure 2. Stress-temperature and stress-strain hysteresis loops developing during in-phase and out-of-phase
TMF at Tysx = 873K and 1323K.

During TMF at Tp. = 873K always smooth hysteresis loops are observed.
Contrarily, the development of the stress-strain loops during TMF at Ty, = 1323K is
characterized by rapid stress drops in distinct temperature ranges and by stress
relaxation at very high temperatures. The stress discontinuities which are consistent
with repeated tests are produced by dynamic strain ageing effects resulting from
interaction between moving dislocations and diffusing alloying atoms. Similar
phenomena were observed during isothermal quasistatic and cyclic tests with the
same material at similar strain rates and at temperatures ranging from 450K to 950K
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[5-7]. In the case of TMF, the range in which stress drops occur is shifted by about
150K to higher temperatures [8]. However, as already stated, a sufficiently high
maximum cycle temperature is a precondition for the appearance of discontinuous
yielding, the latter being not observed during TMF at T,... = 873K although the above
mentioned temperature range is partly reached. The rapid stress drops occur mainly
during cooling from Ty t0 Tpmin, Where compressive and tensile stresses prevail in the
case of in-phase and out-of-phase TMF, respectively. Furthermore, during cooling the
discontinuous yielding appears down to lower temperatures in contrast to heating.
This indicates that at a given temperature the number of diffusing alloying atoms is
smaller during the heating phase than during the cooling phase. This effect may be
caused by a shift between the temperature ranges in which dissolution of small
carbides during heating up and their reprecipitation during cooling down of the
specimens occur, respectively. As shown by [8], a sufficiently high T,. is a
prerequisite for this cyclic dissolution and reprecipitation process. Therefore, no
discontinuous yielding is observed during TMF at T, = 873K.

Fig. 3 shows the stress amplitu-
des o, with number of cycles during

in-phase TMF. At Tum < 1223K :
cyclic hardening is observed, which ¢ '] 't';;f":;s;w Tmox=873K
is the more pronounced the £ %7 "t 1023~
lower Tne is. For example, at Z °%] yat

Tuax = 873K, the maximum tensile 3 °%] e TN 1123
stress amounts to 690 N/mm’ after £ 400] ‘ﬁ?}f——:: 1223
approximately 700 cycles and thus g 300" T 141 73323
exceeds at 873K the ultimate tensile ¢ 2001

strength of 590N/mm? at 873K of £ 100

the material in the as received state 0% e o s

[5]. During TMF at Tpa= 1323K

and 1473K the values measured

hardly change. The maximum stress  Figure 3. Development of stress amplitude during TMF

amplitudes monotonously decrease at different Toax.

with increasing Tpma. The drop of [aad p———

o, at the end of TMF life is 800 - out—of-phose Tmax=873K

combined with the onset of macro & 01£=0.625% -~

crack propagation. 6001
In Fig. 4 a comparison is made

between the development of the

stress amplitude o, and the mean

stress o, during in-phase and out- 02

of-phase TMF, respectively, at three

different Ty The variation of the 20050 10! 102 103

stress amplitudes are very similar Number of Cycles

for both phase relations, whereas the  Figure 4. Development of stress amplitude and mean stress

curves of the mean stress markedly during in-phase and out-of-phase TMF.
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differ from each other. Compressive mean stresses appear during in-phase loading
and tensile mean stresses during out-of-phase loading. The temperature-dependent
variation of the material strength in a single TMF cycle results in Gmpax<|Omm| and
6:,<0 during in-phase TMF and 6s>|Ominland c,>0 during out-of-phase TMF. In all
cases the values of the mean stresses remain relatively small and only slightly alter
during TMF life.

4.2. LIFETIME o 1000T—
2 . é eJf=0.625%

. . ° so0{ & A i
Failure of the specimens was 1 e ose
identified with a 10% drop of the g 500 1
maximum stress relative to the g %

GmalgN-course extrapolated from ; 400 2;

the cyclic deformation behaviour 5 1 7 ’
prior to macro crack initiation. In g 2007 1 . 5/
Fig. 5, a comparison is made E] 1 3 1

between TMF lives evaluated by in-

phase tests and out-of-phase tests, o 50007 .
: : 3 NN N e0'f=0.25%
respectively, at different T T aoood N N :
applying mechanical strain ampli- % 1 N in—phase
] N N out—of—phase

tudes of 0.625% (upper part) and 2 3000] N) N

. o N N
0.25% (lower part). For all loading ¢ |N| N
conditions applied, the highest life- f_: 20004 §§ §§
times are measured at Ty = 873K. 5 s§ s§
In the range of maximum tempe- 2 '°% §§ §§
ratures between 1023K and 1223k 2 [N N 3
(at ™= 0.625%) and 1123K and 873 973 1073 1173 1273 1373 1473
1323K (at &2 = 0.25%), respective- Maximum Cycle Temperature (K)
ly, the number of cycles to failure is Figure 5. Influence of phase relation on TMF life at
significantly lower but much less different Toax.

influenced by Ty In these tem-

perature ranges the lifetimes markedly depend on the phase relation between
temperature and mechanical strain. Out-of-phase TMF results in significantly higher
fatigue lives than in-phase TMF. At the highest T, investigated, the influence of
the phase relation on TMF life is again very small.

4.3. MICROSTRUCTURE

The development of the microstructure during TMF is mainly determined by the
maximum cycle temperature. Figs. 6 to 8 show some examples of TEM-micrographs
obtained from specimens thermal-mechanically fatigued to failure at different T,
and ef= 0.625%. Fig. 6 demonstrates that at Ty, = 1023K the microstructures
observed after in-phase and out-of-phase cycling are very similar. In both cases a high
density and a uniform distribution of dislocations are identified. The electron
diffraction pattern and the corresponding bright and dark field images in the lower
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Figure 6.  TEM micrographs of specimens after failure due to in-phase and out-of-phase TMF at
Tmax=1023K and €7F = 0.625%.

part of the figure prove the existence of numerous coherent and very fine carbides
which are preferably precipitated at the slip lines, where carbide nucleation is
promoted by dislocation pipe diffusion of carbon and substitutional atoms. The small
particles and the high dislocation density effectively impede the planar slip of
dislocations and yield the pronounced cyclic hardening observed at maximum
temperatures up to 1023K.

As no significant influence of the phase relation on the development of the
microstructure during TMF at comparable loading conditions could be found, the
following descriptions are valid for both test types. Fig. 7 reveals that locally very
different dislocation distributions develop in one specimen thermal-mechanically
fatigued at T, = 1123K. The planar dislocation structure visible in the left part of
the figure is the predominating one. There are coherent carbides precipitated mainly
at the intersections of slip planes, which are larger than those observed after TMF at
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Figure 7. TEM micrographs after failure due to out-of-phase TMF at Tue = 1123K and €% = 0.625%.

Figure 8. TEM micrographs after failure due to out-of-phase TMF at £7F = 0.625%
and Tpa = 1323 K and 1473K, respectively.

Tmax = 1023K. However, as shown in the right part of the figure in some parts of the
specimen also subgrain structures developed. They are typical of the influence of
recovery processes increasing with increasing T

The left side of Fig. 8 shows a characteristic subgrain structure which developed
during TMF at Tp. = 1323K. There are also secondary carbides which were
precipitated in the interior of the grains as well as at grain boundaries and twin
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boundaries. Compared to those observed after TMF at T, = 1123K, they are
relatively coarse and less numerous. Besides such subgrain structures, occasionally
planar dislocation patterns can be found. A further increase of Tpax to 1473K results
in a microstructure like that shown in the right part of the figure. The dislocation
density is very low and comparable to that of specimens before TMF. Almost no
secondary carbides can be found. This microstructure reflects a balance between
hardening and recovery processes, resulting in almost constant stress amplitudes
during TMF at T, = 1323K and 1473K (Fig. 3).

4.4, DEVELOPMENT OF DAMAGE

Along the longitudinal axes of the specimens metallographic sections were prepared
to estimate the influence of the TMF loading conditions on the development of
damage at the surface as well as in the interior of the specimens. The micrographs in
Fig. 9 show some typical surface microcracks observed after failure at 3% = 0.625%.
TMF at Tpa = 1123K causes intergranular cracks at in-phase and transgranular
cracks at out-of-phase loading. Cycling at Ty = 1323K produces partial recrystal-
lisation leading to a smaller grain size particularly in the vicinity of the surface.
During in-phase cycling intergranular crack growth along the original grain
boundaries is observed. After out-of-phase TMF transgranular microcracks appear
which are very short and blunt. Oxidation of the surface layer is the more severe the
higher T, is.

Figure 9. Surface cracks after failure due to in-phase and out-of-phase TMF at €% = 0.625% and
Tmax = 1123K and 1323K, respectively.
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To determine the damage developing during TMF in the interior of the specimen
metallographic sections were checked for cavities and intergranular cracks. To
evaluate a measure of total damage at grain boundaries, an average size of 5 pm was
assumed for every cavity which could clearly be identified. Besides that the length of
every intergranular crack was measured separately and added to the "damage length"
obtained from the sum of the cavities. In Fig. 10 the results of these estimations of the
total damage at grain boundaries are summarized. The specimens investigated were
fatigued at Ty« ranging from 1023K to 1323K and at €3 = 0.625% (top) and 0.25%
(bottom), respectively. With the exception of in-phase TMF at Tp.=1323K and
el = 0.625%, the total grain boun-
dary damage increases with in-

1404 @ in—phase

creasing Tms In-phase TMF q 0] O cuereee
produces a much larger intergra- E 100 MP=0.625%
nular damage than out-of-phase é 80 o
TMF. This is an immediate conse- o 60 e
quence of the phase relation %’ 404 .

Q

between temperature and mecha-
nical strain. During in-phase tes-
ting, tensile stresses occur at high
temperatures favouring the nucle-
ation and growth of cavities and
intergranular cracks. It is worth
noticing that the intergranular
damage after TMF at €= 0.25%
is roughly five times higher than at
el = 0.625%. Thus, the longer
lifetime occuring during TMF at
e = 0.25% is more important for
the development of intergranular
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damage than the hlgh stresses and Maximum Cycle Temperature (K)
plastic strains acting during TMF at Figure 10. Influence of phase relation and Ty on the
el =0.625%. development of intergranular damage.

4.5. COMPARISON BETWEEN THERMAL-MECHANICAL AND ISOTHERMAL
FATIGUE

In Fig. 11 the lifetimes of specimens thermal-mechanically and isothermally fatigued
at €% = 0.25% are plotted versus the maximum cycle temperature or the test
temperature, respectively. During isothermal testing the number of cycles to failure
for all temperatures investigated lies between the in-phase and out-of-phase data.
Also the intergranular damage observed after isothermal failure is higher than after
out-of-phase, but lower than after in-phase loading. Similar effects of the phase
relation in TMF were observed in numerous studies for different superalloys [9-11].
The differences in the lifetimes are caused by the stress-temperature relations. During
isothermal cycling tensile and compressive stresses occur at the same temperature, so
that small cavities which had nucleated due to tensile stresses can close if



336 B. KLEINPASS, K.-H. LANG, D. LOHE and E. MARCHERAUCH

compressive stresses become effective

@ . me_
[12]. For in-phase tests the low =2 o :;E:?i:hcse €qf=025%
temperature during the compressive ‘; 20004 4 isothermal
part of the cycle inhibits the closure of o o
cavities. The high number of cycles to ¢
failure for out-of-phase cycling again & | 1 s o
demonstrates  that  compressive © 4
stresses at high temperature produce & 8 g ¢4
limited intergranular damage within £ 9
the investigated temperature range. Z
1073 1123 1173 1223 1273 1323 1373
Maximum Temperature (K)
S. Summary Figure 11. Comparison of fatigue life measured after

isothermal and thermal-mechanical fatigue.
The cyclic stress-strain response and
the development of the microstructure
of the nickel-base superalloy NiCr22Co12Mo9 during thermal-mechanical fatigue
were investigated for maximum cycle temperatures between Ty, = 873K and 1473K
and mechanical strain amplitudes of 0.625% and 0.25%, respectively. For lower
values of Ty« the stress-temperature- and stress-strain-hysteresis loops and the cyclic
deformation curves prove cyclic hardening of the material during the whole fatigue
life, which is the more pronounced the lower the maximum cycle temperature is. The
microstructure which develops during TMF is mainly influenced by Ty, At lower
Tuax the increase of dislocation density and the precipitation of small carbides are the
dominating hardening processes. The higher T, is, the more important recovery
processes become. The cyclic stress-strain response changes into neutral behaviour,
and in the microstructure supplementary subgrain structures appear.

The development of surface microcracks and the damage in the interior of the
specimens depend on the phase relation between temperature and mechanical strain.
In-phase loading produces more intergranular damage than out-of-phase loading
resulting in smaller lifetimes within a wide range of maximum cycle temperatures.
Supplementary isothermal fatigue tests prove that combined thermal-mechanical
loading may lead to lower lifetimes, even if compared with isothermal loading having
the same strain amplitude at the maximum temperature of the thermal cycle.
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1. Imtroduction

Oxide Dispersion Strengthened (ODS) nickel-base alloys have good strength and
corrosion resistance at high temperatures and are produced from their constituent
elements in the form of mechanically alloyed powders which are subsequently hot
extruded and directionally recrystallised. The ODS alloy MA 754, the subject of this
study, consists of a single phase solid solution Ni-Cr matrix containing 1.0 vol.%
finely distributed particles of yttria. These stable oxide particles give the alloy
strength up to a relatively high proportion of its melting point and the elongated grain
structure with a preferred <001> orientation leads to good thermal fatigue resistance.

Unfortunately, the mechanical properties of materials often depend on
inhomogeneities in the microstructure which can lead to premature failure. In the
case of ODS alloys it has been found that small grains produced by incomplete
recrystallisation in the manufacturing process can give rise to additional cracking at
grain boundaries, [1,2]. The results of thermo-mechanical fatigue (TMF) and some
isothermal low cycle fatigue (LCF) tests on MA 754 have been published previously
by the authors, [3]; in this paper more emphasis has been given to the role of the
microstructure and the type of damage occurring has been quantified and related to
the shape of the hysteresis loops using the plastic strain-range partitioning
method, [7].

2. Experimental
2.1. MATERIAL AND MECHANICAL TESTING

The MA 754 was manufactured by Inco Alloys Ltd., in the form of extruded and
solution annealed 20 mm diameter bars. The chemical composition is given in
Table 1. The average grain size in the longitudinal direction was 1.1 mm and in the
short transverse direction 0.1 mm. All specimens were oriented parallel to the
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longitudinal grain direction. TMF specimens were hollow, with an 8 mm outer
diameter, 4 mm inner diameter and a 17 mm parallel gauge length. The LCF
specimens were solid, but otherwise of the same design.

TABLE 1. Chemical composition of the MA 754 in weight %.
Ni Cr C Fe S Al Yi N (o] Y20;
bal 19.79 0.047 0.36 <0.001 0.31 0.45 0.073 0.38 0.53

The testing was performed in a servo-hydraulic machine with a 12.5 mm gauge
length side entry extensometer, induction heating and compressed air cooling. The
LCF tests were performed at 850 and 1100°C in symmetrical (R = -1) total strain
control with a triangular waveform and equal compression- and tension-going ramp
rates which corresponded to a strain rate of 5 x 10® s™'. The TMF tests were run in
strain control with the sum of the thermal strain + total mechanical strain as the
controlling parameter. Equal ramp rates were also used giving a total mechanical
strain rate of between 0.5 and 2.0 x 10™s’. The temperature ramp rate was not
allowed to rise above 6°C s™ and in most cases was about 3°C s”. The minimum and
maximum temperatures were 600 and 1100°C,

Two types of TMF cycles were used : in-phase (IP) cycles with the maximum
tensile strain at the maximum temperature and out-of-phase (OP) cycles with the
maximum compressive strain at the maximum temperature.

Before the start of each TMF test the specimen was thermally cycled under zero
load and the thermal strain versus temperature was recorded. During testing the
temperature-strain response was recorded directly after each stress-strain hysteresis
loop recorded. The stress-mechanical strain hysteresis loops were computed from
these three curves and an expression for the temperature dependence of Young's
Modulus.

During testing the peak tensile load decreased linearly and slowly with increasing
cycle number before the onset of final cracking. Ny, the cycle number corresponding
to a 10% drop in load from linear behaviour was used for graph plotting. More
details of the mechanical testing and evaluation procedure are given in Ref. 6.

2.2. METALLOGRAPHY AND MICROSCOPY

The Electron Back Scattering Pattern (EBSP) technique, a diffraction technique, was
used to identify recrystallisation defects by measuring local changes in orientation.
EBSPs are similar to Kikuchi lines observed in a transmission electron microscope
and result from the diffraction of inelastically scattered electrons produced below the
surface of the specimen at a depth of up to 10 nm. The patterns can be produced in a
scanning electron microscope (SEM) using a stationary or scanning beam which is
incident on the specimen surface at an acute or glancing angle (usually 20°) and are
imaged on a phosphor screen placed in front of the specimen. An EBSP consists of
parallel lines, one pair for each set of atomic planes, separated by a bright band. The
bands intersect to form poles which can be identified by considering the number and
symmetry of the bands at the intersection. Thus the orientation can be determined.



DAMAGE DURING TMF AND LCF OF AN ODS ALLOY 341

The resolution is about 100nm. More details of the technique and imaging are given
in Refs. 4 and 5.

After mechanical testing specimens for EBSP examination were cut, polished and
left unmounted. The last stage of the mechanical polishing was carried out with
0.25 um diamond paste followed by electro-polishing in a mixture of 10% perchloric
acid and 90% ethanol to ensure a deformation-free surface. The temperature of the
electrolyte was not allowed to rise above 5°C. The specimens were examined in a
JEOL 6400 SEM using a LINK EBSP system with an operating voltage of 15kV and
abeam current of 1 x 10®amps. The experimental set-up is given in Ref. 5.

Specimens for microscopic examination were polished and etched in a solution of
1.5%H,0,, 30% HCI and 68.5% H,0 and examined with light optical microscopy
(LOM) and in a SEM. Quantitative metallography of cracks was performed with a
Kontron IBAS 2000 image analysis system on specimens magnified 400 times by
LOM.

3. Results
3.1. MECHANICAL TESTING

In order to compare LCF and TMF results the thermal strains have been subtracted
and only mechanical strain values are shown. The total mechanical strain range
versus Ngo is shown in Fig. 1. The fatigue lives of the 1100°C-LCF, OP-TMF and
low strain range 850°C-LCF tests were broadly similar. The fatigue lives of the IP-
TMF tests were considerably shorter and there was also a larger amount of scatter in
the IP data. The scatter in the IP data could not be correlated with differences in
strain rate. Hysteresis loops are displayed in Fig. 2.

3.2. METALLOGRAPHY

Cracks produced by LCF and TMF could be classified into four types which are

shown schematically in Fig. 3 and defined below as :-

P-ext Intergranular cracks parallel to the stress axis (longitudinal grain direction)
which have initiated on the fracture surface,

P-int  Intergranular cracks parallel to the stress which are formed internally,
remote from the surfaces

N-ext Edge cracks normal to the stress growing in from the external surfaces.
These cracks were mainly intergranular, but some transgranular cracks were
detected and

N-int  Intergranular cracks normal to the stress which are formed internally,
remote from the surfaces. They were mainly associated with smaller
equiaxed grains.

The EBSP technique was used to confirm that the edge cracks, type N-ext, at
1100°C were predominantly intergranular, although some small transgranular cracks
were observed. Areas containing N-int cracks were associated with smaller, equiaxed
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grains. The orientations of grains in the vicinity of N-int cracks were measured by
EBSP and it was found that many of the grains had orientations far removed from the
expected <001> texture. Fig. 4 shows an example of cracking and misoriented grains.

10 ——T—— T rrr——r—rrrrrm,

o TMF-OP 4

o TMF-IP

Coffin-Manson + Basquin 1
TMF-tests 9

LCF at 850°C 1
LCFat1100°C
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Figure 1. Total mechanical strain range versus number of cycles to a 10% stress reduction for MA 754. The
thermal strains have been removed. The points with the arrows are tests interrupted before any sign
of load reduction occurred. A test with R<-1 is shown in parentheses.

-~ Total strain
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Figure 2. Stress-mechanical strain hysteresis loops for an in-phase test, total strain range, ( As;) = 1.43%,
inelastic strain range ( Asy,) = 0.94%, Ngo = 28 cycles.
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P-ext

Figure 3. Schematic diagram showing the type of cracks seen on longitudinally sectioned specimens.

343

TABLE 2. Results of quantitative metallography on longitudinally sectioned fatigue tested specimens
showing the numbers of different types of cracks and the results of strain-range partitioning (SRP)

for the same specimens.
Test type As, Noo P-ext | P-int N-ext | N-int Agyy | Dewc | Aspe | Asg
%) | (cycles) | (mo. (no. (no. (no. @ | @ | @) |
mm’) |mm?) |mm?) |mm?)
P 0.42 2200 = - - 0.06 0.47 007 | - - -
P 0.59 240 1.75 0.03 0.12 5.50 0.13 - - 0.12
IP 0.75 114 6.50 0.62 0.28 14.72 0.12 - - 0.19
P 1.43 28 6.50 0.97 0.53 8.19 026 | - - 0.67
P 1.45 62 1.50 0.28 0.75 5.84 032 10.12 - 0.35
OP 0.45 6184 > - - - - 017 | - - -
OP 1.55 169 0.50 - 0.09 - 042 1026 |039 | -
LCF 1100°C | 0.61 1112 3.37 0.47 - 0.16 025 1018 | - -
LCF 1100°C | 1.97 57 6.37 0.17 0.37 0.86 0.43 |1.39 - -
LCF 850°C | 0.59 1483 0.87 0.06 0.56 0.20 024 10.14 | - -
LCF 850°C | 1.96 144 13.60 - 0.25 - 0.61 |1.15 - -
—> indicates that the test was interrupted before a drop in peak load could be detected.




344 J. KOMENDA, L. LINDE and P.J. HENDERSON
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Figure 4. SEM micrograph of a cracked region after LCF at 1100°C, As; = 1.97%, Asy = 1.73% and
Noo = 144 cycles, stereographic triangle showing the orientations of the grains with respect to the
stress axis [001] and a schematic diagram showing the grains which lie more than 25° from [001].
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The results of crack counting in tested specimens are given in Table 2. (Strain-
range partitioning results are dealt with under section 3.3.). Crack types are shown in
Fig. 3. The area examined was in each case the specimen diameter by 8 mm along the
gauge length from the fracture surface. Because the TMF specimens are hollow and
the LCF specimens are solid, the number of externally initiated cracks has been
normalised with respect to the length of the surfaces and the number of internally
initiated cracks has been normalised with respect to the area of material from which
measurements were taken. The length of the cracks was also measured and shows the
same trends. A scan of Table 2 with regard to cracking reveals the following.-

In the OP specimen interrupted before a load-drop was detected, no cracks of any
type were seen in the section examined.

In the IP specimen interrupted before a load-drop was detected there were both
internal and external cracks present, growing normal to the stress axis.

In OP specimens generally, no internal cracking was seen.

Most P type cracks (parallel to stress) were initiated at the fracture surface, but
most N type (normal to stress) were initiated internally.

The densities of P-ext, P-int and N-ext cracks were approximately similar in IP
and LCF specimens, but IP specimens contained much larger numbers of N-int
cracks.

An increase in the number of N-int cracks corresponded to a decrease in the
fatigue life, when comparing similar strain ranges.

3.3. STRAIN-RANGE PARTITIONING

The shape of a hysteresis loop depends on the stress, temperature and to a certain
extent the strain rate. From Fig. 2, an IP loop, it can been seen that there is a large
creep component (horizontal part of curve) in the tension part of the cycle. The
reverse is true of an OP cycle, i.e. there is a creep component in the compression part
of the cycle. The different types of deformation occurring in a fatigue cycle can be
defined and quantified using the strain-range partitioning method, [7]. A closed
hysteresis loop can be partitioned into a maximum of three of the following four
strain-range components:-

Age,, - plastic strain in tension reversed by plastic strain in compression

Ag,, - creep strain in tension reversed by creep strain in compression

Ae,. - plastic strain in tension reversed by creep strain in compression

Agg, - creep strain in tension reversed by plastic strain in compression

The hysteresis loops at ~ Ngo/2 associated with the metallographic specimens were
partitioned according to the method in Ref. 7. For partitioning of TMF loops, the
inelastic strain loops were used, since the elastic modulus varies with temperature.
The results are also given in Table 2.

Table 2 shows that high temperature tensile creep reversed by lower temperature
plasticity in compression, (Ae), as seen in IP cycles, gives rise to large numbers of
N-int cracks, whereas tensile plasticity reversed by high temperature compressive
creep causes little or no damage in this alloy. Considering the IP tests in more detail
it can be seen that the highest value of Ae; is associated with the shortest fatigue life.
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Progressively decreasing values of Ae., lead to increasing fatigue lives. It would
therefore appear that Ag;, is the most damaging type of strain occurring in the IP tests
and has the greatest effect on the cyclic lifetimes.

In LCF a large Ae.. component is considerably more damaging at 1100°C than
850°C.

4. Discussion

MA 754 normally contains elongated grains with a preferred <001> orientation, but
grains of orientations other than <001> were associated with internal grain boundary
cracking, as shown in Fig. 4. These misoriented grains are processing defects caused
by incomplete recrystallisation and are usually smaller and less elongated than the
<001> grains. The shape of the grains is often defined by the grain aspect ratio
(GAR) which is the ratio of the longitudinal to transverse sections. Research on creep
of ODS alloys has shown that a reduced GAR (caused by the presence of these
processing defects) leads to a reduction in ductility and creep life of the specimen,
[1,2]. An explanation of why these defect grains are more susceptible to cracking is
given below.

It has previously been shown that, during high temperature deformation of MA
754, grains oriented close to [001] before deformation rotated towards this pole, but
those oriented nearer [011] or [T 11] rotated towards [1 11], [5]. This is consistent
with deformation occurring by {111}<112> slip, [8].

When the defect grains deform plastically the slip direction will rotate and a
rotation of 30-40° may be necessary before the [1 11] pole is reached. When the
elongated grains deform plastically the rotation occurs in the opposite direction and
smaller rotations are needed to bring the slip direction to a duplex slip boundary and
thence to the [001] pole. It is known that the tensile ductility of MA 754 is
dramatically reduced at temperatures above 900°C [9], and so it is likely that the
difference in the amount and direction of rotation between the elongated and defect
grains leads to internal stresses at the grain boundaries which easily induces cracking
at high temperatures.

It seems that high temperature (>850°C) tensile creep reversed by lower
temperature compressive plasticity, Ae,, as seen in IP cycles, is the most damaging
type of strain, giving rise to large amounts of N-int cracks which are most likely to
occur around the defect grains. This gives rise to a reduced fatigue life and could also
account for some of the scatter in the data.

5. Conclusions

TMF testing between 600-1100°C on MA 754 gave much shorter fatigue lives and
more scatter in the data for IP tests than for OP testing. Isothermal LCF lives at
1100°C were similar to those at 850°C at low strain ranges, but reduced at high strain
ranges.



DAMAGE DURING TMF AND LCF OF AN ODS ALLOY 347

Plastic strain-range partitioning of TMF hysteresis loops was found to yield useful
quantitative information on the types of strain occurring during cycling.

The numbers and types of cracks on fatigue tested specimens were related to
different types of strain obtained from strain-range partitioning of hysteresis loops.
It was found that a large amount of fully reversed creep strain (As,), seen in LCF
tests, was more damaging at 1100°C than at 850°C and that the most damaging type
of strain was high temperature (> 850°C) creep in tension reversed by lower
temperature plastic strain in compression , (Ag), as seen in IP tests.

Ae., gave rise to large amounts of internal cracking, normal to the stress, N-int
cracking. The EBSP technique was used to show that these N-int cracks were
associated with the boundaries of grains that did not have the expected <001> texture
of the bulk material, ( i.e. they were processing defects) and it is thought that the
presence of N-int cracks causes a reduction in the fatigue life.
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1. Imtroduction

Ferritic-carbidic steels with chromium contents ranging from 8 to 12% are important
structural materials for thermally and mechanically heavily stressed components
which operate at temperatures up to 550°C and are used e.g. in power generating
plants or in the chemical industry. The complex thermal-mechanical loading of these
components usually comprises creep, high cycle fatigue and low cycle fatigue
thermally induced by start-ups, load changes and shut-downs, producing instationary
temperature gradients and hence strain as well as stress fields. In comparison with
austenitic steels, high chromium ferritic-carbidic stecls have a relatively low thermal
expansion and a relatively high thermal conductivity . Therefore, it is to be expected
that thermally induced stresses are generally lower than in austenitic steels. Up to
now research work is mainly focused on the creep properties of these steels and the
degradation of the microstructure during creep [1]. However, some investigations
were carried out concerning the relationship between microstructure and thermal-
mechanical fatigue behaviour, indicating that continuous cyclic softening occurs
during thermal-mechanical fatigue (TMF) life [2, 3] and that it is combined with
microstructural changes, which are important because they may change the material's
response to operating stresses.

In the present study, the cyclic deformation behaviour and the development of the
microstructure of a 12% chromium steel were investigated during TMF life. A
triangular temperature-time course was chosen which was out-of-phase with the
mechanical strain-time course. This corresponds to the conditions in fast heating
parts of a component, the thermal expansion of which is hindered by colder parts.
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2. Material

The material investigated was

a 12% chromium steel

(German grade X 22 CtMoV

12 1) with the chemical

composition (wt.-%) 0.22 C,

11.86 Cr, 0.93 Mo, 0.57 Ni,

0.25 V, 0.31 Si, 0.49 Mn,

0.021 P, 0.06 S. During

austenitization for 30 minu-

tes at 1030°C, most of the

carbides were dissolved. By

quenching in oil, a

martensitic  structure  was

produced, which was finally

tempered for 2 hours at

710°C. During tempering,

the martensitic structure was Figure 1. TEM-microstructure of the steel X 22 CrMoV 12 1
transformed into a structure of before TMF cycling.

elongated subgrains with the majority of carbides at the subgrain boundaries (Fig. 1).
Larger carbides are found at the boundaries of the former austenite grains. The
quantitative evaluation of the microstructure after the heat treatment yields the data
given in Table 1.

TABLE 1. Microstructure of X 22 CrMoV 12 1 before TMF.

Microhardness (Vickers Hardness) 306 HV 0.3
Subgrain size (longitudinal direction) s; 1.37 pm
Subgrain size (transversal direction) s; 0.39 pm
Aspect ratio si/sy 3.56
Fraction of carbides at the subgrain boundaries 65 %
Fraction of carbides in the interior of the subgrains 35%

Mean carbide size 38nm

3. Experimental Procedure

In the present investigation the experiments were run with a triangular temperature-
time course. The minimum temperature T..,, was 150°C, the maximum temperature
Tue 600°C, and the heating as well as the cooling rates were 10°C s”. The internal
constraint existing in components was simulated by external constraint produced by
strain controlled loading. During heating from ambient temperature to the minimum
cycle temperature T..., however, the specimens were allowed to expand freely using
stress control. Then, the closed loop control was switched over from stress to total
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strain control, and no change of total strain was allowed during subsequent thermal
cycling. By definition, the total strain &, at T = T .. was set to zero, and therefore

g, =M™ fgth =—gme +epe +eth =0 @

or
gpe =g +g0¢ = —gh 2)

Hence, during subsequent thermal cycling between T ni» and Tu.x, cyclic mechanical
strains develop which are out-of-phase with the triangular temperature-time course
chosen, at a strain-rate of about 1.3-10* s*. The TMF tests were stopped at predefined
numbers of cycles and after fracture, respectively. The solid specimens used had a
gauge length of 15 mm and a gauge diameter of 7 mm. For heating, a 5 kW inductor
was used. Cooling was achieved by thermal conduction into the specimen grips and
by additionally blowing compressed air on the specimens using a proportionally
controlled valve.

The Microhardness of the specimens was measured according to Vickers with a
load of 3 N (HV 0.3) and a loading time of 30 s. The development of the subgrain
structure was investigated using a 200 kV transmission electron microscope (TEM).
TEM-micrographs magnified by a factor of 22.000:1 were evaluated by the
intercepted-segment method. Measurement was performed parallel and perpendicular
to the longitudinal axis of the clongated subgrains. Size distribution, shape and
location of the carbides were analysed using TEM-micrographs magnified to
50.000:1. Similarly to the evaluation of the subgrains, the longitudinal and the
transverse dimensions of the elongated carbides were determined.

4. Cyclic Stress-Strain Response

From Eq. 2, the mechanical and the plastic strain generated by the total suppression
of thermal strains were determined. Fig. 2 shows the stress-strain response developing
during TMF at different numbers of cycles. The evaluation of these hysteresis loops
yields the development of the maximum stress, the minimum stress, the mean stress,
the plastic strain amplitude and the plastic mean strain during TMF given in Fig. 3.
During the first heating from T.., compressive stresses develop and pronounced
plastic deformation starts as mechanical strain approaches -0.24%. The maximum
compressive stress amounts to 530 N/mm?® at 390°C. During further heating, stress
relaxation occurs even though the mechanical strain still increases in absolute value
until T, is reached. Therefore, in the first cycles, the minimum stress o, is not
correlated to T, During cooling from T..., tensile stresses develop which amount to
580 N/mm® at T. . Thus, as a result of cyclic relaxation of compressive stresses,
already after the first cycle tensile mean stresses occur which increase until the
second cycle is reached. The minimum plastic strain amounts to -0.41% after the first
heating up to T. and to -0.27% after the first cooling down to T.., resulting in a
(plastic) mean strain of -0.34%. As shown by the data determined at N = 5, the
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hysteresis loops are markedly shifted towards the tensile range during the first cycles,
resulting in a mean stress of c,, = 150 N/mm?, a weak increase of the maximum stress
up to 605 N/mm?® and a decrease of the minimum stress down to 310 N/mm®. From
N =5 to N = 2000 the mean stress remains almost constant, but the decrease of the
Stress range AG = Gp - O mo from 904 to 675 N/mm? and the increase of the plastic
strain amplitude from 0.062% to 0.114% indicate cyclic softening. The strong
decrease of the stress amplitude and the plastic strain amplitude as well as the
increase of the plastic mean strain after 2000 cycles result from the propagation of a
macrocrack, which strongly changes the shape of the stress-plastic strain hysteresis
loop.

5. Change of Microstructure During TMF

The cyclic softening which is clearly visible in the cyclic stress-strain response goes
hand in hand with microstructural changes, which in turn change the microhardness
of the material. However, as shown by Fig. 4, there is no direct correlation between
the cyclic stress-strain response and the microhardness. The latter increases
monotonously during the first 100 cycles, where the stress-strain response already
indicates cyclic softening. During the remaining TMF life, the microhardness
decreases below the value measured after the heat treatment.
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Figure 4. Microhardness HV 0.3 before TMF and after TMF at different cycle numbers.

The evolution of the microstructure during TMF is rather heterogencous. As an
example, Fig. 5 shows TEM-micrographs obtained from different locations in one
specimen tested up to 1500 TMF cycles. The upper part of the figure shows almost
the same subgrain structure as before TMF; the elongated subgrain structure. In the
lower part of the figure a different structure is visible. As compared to the material
state before TMF, s, has decreased to 0.98 pm, but s, has increased to 0.69 um.
Hence, the subgrains are spheroidized and the aspect ration s, /s, has decreased to
1.42. The development of the microstructure during TMF life is shown in Fig. 6 by
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three TEM-micrographs corresponding to N = 100, N = 1500 ~ N¢2 and N = 2850
= Ng. During the first 100 cycles, the subgrain size decreases by about 30% in the
longitudinal direction, whereas it has hardly changed in the transverse direction.
The relationship between carbides and neighbour subgrain boundaries has strongly
changed. Only 41% (65% before TMF, see Table 1) of the carbides are still located at
the subgrain boundaries, whereas 59% (35% before TMF) are situated in the interior
of the subgrains. After 1000 cycles, a minimum subgrain size appears in the
longitudinal direction. During further thermal cycling, the subgrains grow both
in the longitudinal and in the transverse direction. The three micrographs clearly
show the increasing spheroi-

dization of the subgrains

during TMF. The results of

the microstructural observa-

tions are summarised in

Figs. 7 to 10. Fig. 7 shows

the development of the

subgrain structure and Fig. 8

the change of the neighbour

relationship between carbides

and subgrain boundaries,

which is the strongest during

the first 100 cycles. The

development of the carbide

structure is illustrated in

Figs. 9 and 10. Fig. 9 shows

the evolution of the carbide

size classified in four size

classes. Coarsening of carbi-

des sets in after 500 cycles.

This is also evident from

Fig. 10, where the carbide

size both in the longitudinal

and transverse direction, as

well as the mean carbide size

are shown as a function of

the number of cycles. The

growth of the carbides in

transverse direction is faster

than in longitudinal direc-

tion, resulting in a spheroidi-

zation of the carbides. This is

combined with decreasing

aspect ratios, the scatter of

which, however, is relatively Figure 5. TEM-micrographs of different locations after

lar; ge. 1500 TMF cycles (see text).
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6. Discussion

The cyclic stress-strain re-
sponse and the TMF life of
the material investigated is
mainly determined by the
initial microstructure pro-
duced by quenching and
tempering and by its
development during TMF.
During quenching from the
austenitization temperature,
a martensitic structure with
a very high dislocation
density in the interior and
at the boundaries of the
martensite laths is pro-
duced. Furthermore, fine
e-catbides and  primary
Nb-V-carbonitrides are al-
ready present. During tem-
pering at 710°C, the mar-
tensitic structure is trans-
formed into a subgrain
structure, most of the lath
boundaries becoming sub-
grain boun-daries [4, 5, 6].
During this process, the
dislocation distribution be-
comes heterogeneous, re-
sulting in a relatively low
dislocation density in the
interior of the subgrains
and a relatively high
dislocation density at the
subgrain boundaries. Du-
ring tempering, the majo-
rity of carbides existing
after the heat treatment are
precipitated. Most of them
are located at subgrain
boundaries, where nuclea-
tion is facilitated (Figs. 1
and 8). Stress relaxation
tests at different tempera-

Figure 6. TEM-micrograph at N=100, N=1500 (+N¢'2)
and N=2850 (=Ny).
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tures and various initial stresses and plastic strains, respectively, prove that the
relaxation rate becomes rather high as the temperature exceeds 450°C and that stress
and plastic strain assume values determined during first heating from T... (Fig. 2,
N = 1) [7]. Therefore, after passing the minimum stress o.., the stress increases
during further heating to T.. because the influence of workhardening is
overcompensated by stress relaxation due to the increase of total strain. This results

1,6
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Figure 7. Subgrain size and subgrain aspect ration before and after TMF at different cycle numbers.

in a shift of the hysteresis loop towards the tensile range, in a strong reduction of the
amount of the minimum stress and in a formation of tensile mean stresses, which is
almost completed after two cycles (Fig. 3). The development of larger tensile mean
stresses by cyclic relaxation of compressive stresses is limited by the reduction of the
compressive stress itself, resulting in a strong drop of the relaxation rate, and by cyclic
plastic deformation occurring during cooling to T, Hence, up to 100 cycles, the cyclic
deformation stage, during which the mean stress and the plastic mean strain remain
almost unchanged, is relatively stable. However, the stress range AG = G = Gmin Weakly
decreases and the plastic strain amplitude significantly increases, indicating cyclic
softening. This is combined with a marked change of the subgrain structure. The
subgrains become spheroidized (lower part Fig. 7) and the neighbour relationships be-
tween subgrain boundaries and carbides are strongly changed (Fig. 8).since the loca-
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Figure 8.  Carbide fractions in the interior of the subgrains and the subgrain boundaries before and after TMF
at different cycle numbers.

tion of carbides cannot change during the relative short period of 100 TMF cycles, it
becomes evident that many subgrain boundaries move or are dissolved during TMF. In
Fig. 6 the former location of subgrain boundaries is clearly indicated by carbides
arranged like strings in the interior of subgrains. It is an interesting finding that the
change of the subgrain structure, which obviously promotes cyclic plastic deformation,
results in an increase of microhardness (Fig. 4). This is assumed to be caused by an
increase of the dislocation density in the interior of the subgrains, but has still to be
evaluated quantitatively.

During further thermal cycling the spheroidization of subgrains continues, but the
neighbour relationships between subgrain boundaries and carbides remain almost
unchanged. After failure, the dislocation density in the interior of the subgrains
decreases to p, = 2.7 - 10'° cm™, which is somewhat below the value before TMF
(Pt =3,5-10'° cm). After 500 cycles, significant coarsening and spheroidization of
carbides sets in and continues until failure (Figs. 9 and 10). As a result of these
processes, microhardness drops to 280 HV 0.3, which is 70 HV 0.3 below the
maximum value at N = 100 and 27 HV 0.3 below the value before TMF. However,
these rather marked microstructural changes do not result in an acceleration of the
cyclic softening process, which continues uniformly without saturation until the
propagation of a macrocrack after 2000 cycles (Fig. 3). Cyclic softening in this TMF
stage causes a stronger decrease of the amount of maximum stress in comparison with
the decrease of minimum stress, resulting in a decrease of the mean stress. Crack
propagation strongly changes the shape of the hysteresis loops (Fig. 2, N > 1500) and
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the cyclic stress-strain response (Fig. 3). The numbers of cycles to crack initiation and
to failure, respectively, determined in TMF tests in the present investigation are lower
than those determined in total strain controlled fatigue tests carried out isothermally at
600°C with the same total strain amplitude. This is mainly an effect of the tensile
mean stress being generated during out-of-phase TMF and promoting crack initiation
and crack propagation. The frequency of the isothermal experiment being more than
two orders of magnitude higher, further investigations are made to determine the
influence of the frequency [8].
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Forschungsgemeinschaft (DFG) is gratefully acknowledged.
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1. Introduction

Cast aluminium alloys represent an important group of materials for practical use
[1,2]. Their outstanding physical, mechanical and technological properties have well
established them as common materials for important components of internal
combustion engines in automotive engineering, e. g. engine blocks, cylinder heads
and pistons [3]. The continuous efforts to increase power and to reduce exhaust
emission, fuel consumption as well as weight lead to steadily increasing stresses in
these components. Furthermore, they are subjected to thermal-mechanical fatigue
(TMF) caused by transient processes like startups and shutdowns which result in
thermally induced stresses and strains. Due to complex anisothermal loading the
design and dimensioning of these components is a very demanding task. Commonly,
for this purpose, material data from isothermal tests are employed. However, recently
performed investigations show that lifetime predictions of thermal-mechanically
loaded specimens based on data from isothermal experiments may be non-
conservative to a large extent [4-9]. On the other hand, little information is available
concerning the TMF-behaviour of cast aluminium alloys. The investigations carried
out so far are limited to the determination of the number of cycles to crack initiation
and to failure, respectively [10-16].

In the present work, the influence of the maximum cycle temperature on TMF-life
and the development of the cyclic stress-strain response during TMF of a cast
aluminium alloy (German grade GK-AlSi10Mg wa) is analyzed. The tests were run
with the temperature- time course being out-of-phase with the mechanical strain-time
course, thus simulating the conditions existing in a fast heating part of a component,
the thermal expansion of which is hindered by colder parts.

2. Material

The material investigated was a below eutectic cast aluminium alloy, German grade

GK-AlSil0Mg wa, the chemical composition (in weight %) was 9.53 Si, 0.41 Mg,

and 0.13 Fe. Cylindrical blanks with a diameter of 22 mm and a length of 120 mm
361
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were chill-casted by the
manufacturer (Alcan Industries,
Niirnberg, FRG) and heat treated
to achieve maximum hardness
by a T6 procedure consisting of
solution annealing for 5h at
520°C, quenching in water of
20°C and finally ageing 5h at
170°C.

Fig. 1 shows the microstruc-
ture of the heat-treated state
which is composed of Al-rich
solid solution phase (a) and
eutectic consisting of ¢ and Si.
The globular shape of the Si-
crystals was produced by treating
the melt with Na. During the
heat treatment, the Mg, Si-phase
existing in the chill-cast state is
dissolved, and very fine precipi-
tations are formed during final
ageing, which are of course not
visible in the micrograph due to
the magnification chosen.

From the blanks solid round
specimens with a cylidrical
gauge length of 10 mm and a
gauge diameter of 7 mm were
machined.

3. Experimental Procedure

TMF tests were run on a closed-
loop controlled -electro-mecha-
nical testing machine. The
specimens were fixed with
hydraulic grips. For heating, a
5 kW inductor generator was
used. Cooling was achieved by
thermal conduction into the
watercooled grips and by
blowing compressed air on the
specimens using a proportionally

temperature

strain

nominal stress

B. FLAIG, K.-H. LANG, D. LOHE and E. MACHERAUCH

Figure 1. Light microscopic cross section of the cast

aluminium alloy GK-AlISi10Mg wa.
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controlled valve. Temperature was measured with a NiCr-Ni thermo- couple which
has a diameter of 1 mm and was fixed into a bore very near to the gauge length.
Strain measurements were performed with a capacitive strain gauge system [17].

In TMF tests, the internal constraint caused in components by instationary
temperature gradients is replaced by external constraint resulting in partial or total
suppression of thermal strains. As shown in Fig. 2, in the present investigation the
specimens were allowed to expand freely at zero tress during the initial heating from
ambient temperature to the mean cycle temperature T, After reaching T,, the
closed-loop control was switched over from stress to total strain control, and the sum
of the thermal strain €™ and the mechanical strain €™ was kept at a constant value.
Due to Ae™ = -Ac™, the appearing cyclic mechanical strains are out-of-phase with
the triangular temperature- time course chosen. Thus, compressive stresses develop at
high temperatures and tensile stresses at low temperatures of the thermal cycle. Ty,
was always 50°C and T,y varied between 150°C and 350°C. The period of a cycle
was always one minute, so that the strain rate ¢ (temperature rate T) varies between
8-10° 1/sand 2 - 10™ 1/s (3°C/s and 10°C/s). The tests were finished after failure of
the specimens or after 10* cycles. This ultimate number of cycles led to a maximum
test duration of one week.

o] —lr=eem Tl 1
o co u

[745
g VS

91
ey

Figure 3. Evaluation of the thermal-mechanical tests.

During TMF nominal stress is measured as a function of temperature, and stress-
temperature hysteresis loops are evaluated. The left-hand side of Fig. 3 schematically
shows the o-T-hysteresis loop developing during the first thermal cycle. The width of
the loop depends on the amount of plastic deformation. As mentioned above, the
thermal strains As™(T) = o(T) - (T-Ty) (o = thermal expansion coefficient) are
completely compensated by the mechanical strain €™ . Therefore a stress-strain
hysteresis loop as shown at the right-hand side of the figure may be determined.
From this hysteresis loop, the total strain amplitude e¥and the plastic strain
amplitude 3% can be drawn out.
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4, Cyclic Deformation Behaviour and TMF-Life

As an example, the upper part of
Fig. 4 shows stress-temperature
hysteresis loops  developing
during the 10" cycle, the 100"
cycle and the cycle preceeding
failure in a TMF test with
Tmax = 325°C. During heating
from T, in the 10% cycle,
compressive stress develops, and
the onset of pronounced plastic
deformation is observed as tem-
perature exceeds 170°C. During
further heating to Ty, cyclic
stress relaxation starts, and the
amounts of compressive stress
decrease even though the
mechanical strain still increases
until  Tp is reached.
Consequently, the minimum
stress is not correlated with Tpax.

During cooling from T, to
Tmin, tensile stresses develop,
which are much larger than the
amounts of compressive stress.
With increasing number of
cycles, the hysteresis loops
become wider and the stress
range Omxx - Omn decreases,
indicating cyclic softening. In
the lower part of the figure,
stress-strain  hysteresis  loops
obtained by transformation of
the stress-temperature hysteresis
loops are shown. Again, the exis-
tence of a tensile mean stress and
cyclic sofening is clearly visible.
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Figure 4. Stress temperature hysteresis loop (above) and

stress strain hysteresis loop (below).

From stress-strain hysteresis loops, the development of stress amplitude o, mean
stress G, and plastic strain amplitude €7 during TMF-life as shown in Fig. 5 was
evaluated. During TMF atT,., = 200°C, o, remains almost constant, and no
macrocrack formation is observed within the ultimate number of cycles. Also during
TMF at Tp.x = 225°C, the stress amplitude hardly changes until crack initiation and
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crack propagation occur,
resulting in a marked drop of
the measured values. During
TMF at T, = 250°C, the
stress amplitude decreases
after 100 cycles, indicating
cyclic softening. At still
higher T, a decrease of o,
is observed from the very
beginning of the test, the
initial slope of the curves
being the steeper the higher
Tmax iS. In  the range
200°C < Tuax < 275°C, the
initial stress amplitudes
increase with increasing
Tmax. However, in the range
275°C < Tpax < 350°C at a
given number of cycles the
stress amplitudes decrease
with increasing Tnax
throughout TMF life because
of lower material resistance
at higher temperatures.

Due to cyclic relaxation
of compressive stresses at
sufficiently high tempe-
ratures the mean stress oy
shown in the middle part of
Fig. 5 at first increases
during TMF at 200°C < T
< 325°C. The initial gradient
do./dlogN increases with
rising T..,. Whereas oy
monotonously increases
during TMF at Ty, = 200°C
and 225°C, maxima of oy
occur in the range 250°C <
Tmax < 325°C. The value of
the maximum mean stress
climbs as T, rises from
250°C to 275°C and hardly
changes at still higher T,,,.
The number of cycles corre-
sponding to the maxima is
the lower the higher Tp..
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is with the exception of the test at Tp. = 350°C, where a relatively high mean stress
exists already in the first cycle and continuously decreases during TMF life.

The development of the plastic strain amplitude is illustrated in the lower part of
Fig. 5. During TMF at Ty, = 200°C and 225°C, the values measured are very low,
and only after 1500 cycles at Tpa = 225°C a weak increase of 7% is observed. Low
initial values are also measured a Tmax = 250°C. However, after an incubation period
of 100 cycles, the plastic strain amplitude increases markedly. A similar observation,
however at higher 7% -values and shorter incubation periods, is made at
Toax = 275°C and 300°C. At even higher T, the initial plastic strain amplitudes are
rather high and increase from the very beginning of the test, indicating strong cyclic
softening.

The upper part of Fig. 6 shows the relationship between the maximum tem-
perature and the temperature amplitude versus the number of cycles to failure. The
data points of the semilogar-
tihmic plot are well fitted by
a straight line. TMF at
Tmax = 150°C and 200°C
does not result in the for-
mation of a macrocrack

400 175
within the ultimate number ;
of cycles. An increase of 350 L 150
maximum temperature from o 400 3 [ e
200°C to 350°C reduces g o A
TMF life from 10° to 3 - 10° " 250 ] 0 100 5
cycles. At maximum tempe- E 200 | S
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not caused by crack 1 aneer
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gauge length.
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amplitude and number of w0201
cycles to failure is given. £
Again, the measured values & O
are fitted quite reasonably by 0101  GK-AlSi1OMg we
a straight line in the semilo- oos] I isoC e
garithmic graph.The decrease T
of TMF life as mentioned 0.00 +~ T -
. . 10 10 10
above is connected with an N
't

increase of the total strain

amplitude from 0.14 to 0.3%. Figure 6. Temperature amplitude and transformed
total strain versus cycles to failure.
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5. Microscopic Observations

Crack initiation was investigated by optical microscopy of the cross section of
specimens thermal-mechanically fatigued at Tpe = 250°C to different number of
cycles and to failure, respectively. The results obtained are typical of TMF tests at
Tmax up to 300°C.

Already after ten cycles, cross- shaped microcracks with a length of about 5 um
are observed in the o- matrix close to Si-particles. After 100 cycles, the length of
these microcracks is almost the same, and their number is hardly increased. After
1000 cycles (corresponding to approximately 0.2 N¢) microcracks initiating at the
surface are observed. Their length amounts to about 30 pm. The cracks mainly
propagate through the o-matrix, occasionally cutting broken Si- particles especially
near the surface. After specimen failure, several secondary cracks are observed
around the fractured surface. Again, the crack propagation path mainly follows the
o-matrix, rarely cutting through damaged Si-particles.

In TMF tests at Tua > 300°C, specimen failure did not occur by rupture, but
rather by large inhomogeneous deformations resulting in a barrelling of the gauge
length. In these cases, the tests were terminated after a 50% drop of the maximum
stress Gpq. The formation of some 150 pm long, widely opened cracks, which
initiated at the surface, is combined with barrelling.

TEM-micrographs of specimens tested after 100 cycles, 1000 cycles and after
failure, respectively, under the same TMF loading conditions firstly show a
homogeneous dislocation distribution after 100 cycles. Upon further cycling, the
dislocation structure becomes heterogeneous, and regions with high and low
dislocation density, respectively, are formed. After failure, a pronounced cell and
subgrain structure is observed. Simultaneously, overaging occurs resulting in coarse
precipitates. The grain size increases during TMF at high T,..,, the value measured
after failure being the larger the higher T is.

6. Discussion

The out-of-phase TMF-tests carried out in the present investigation simulate the
loading conditions in the hot part of a cooled component (e.g. the combustion side of
a watercooled cylinder head). Increasing temperature ranges Ty.x - Ty increase the
temperature gradient and consequently also the mechanical strain. Due to the
constant minimum temperatures Ty, in all TMF tests, the total mechanical strain
increases with rising T, On the other hand the material's resistance against plastic
deformations decreases with increasing temperatures. As a result, during heating
from T, to T, cyclic plastic deformation as well as cyclic relaxation of compressive
stresses increase with increasing T, due to both decreasing strength and increasing
total mechanical strain (see lower part of Fig. 5).
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The stress-temperature hysteresis loops are cyclically shifted towards tensile
stresses by cyclic relaxation of compressive stresses during heating, resulting in the
development of tensile mean stresses (see middle part of Fig. 5). The initial slopes of
the o,-log N curves prove that this effect is the more pronounced the higher T, is,
as was to be expected. However, only at Tp.x = 200°C and 225°C, the shift is more or
less continuous during TMF life. During TMF at higher Ty, the development of
larger tensile mean stresses is limited by plastic deformation occurring during
cooling to T, The occurrence of maximum mean stresses during TMF at
250°C < Tax < 325°C is combined with cyclic softening, which lowers the material's
resistance against plastic deformation. Consequently, cyclic plastic deformation
during cooling to T, increases, resulting in decreasing o, and cyclic softening is
the more pronounced the higher T, is. Therefore, as Tpax increases, the maximum
of the mean stresses is shifted to smaller numbers of cycles. During TMF at 350°C,
marked softening already occurs during the first cycle, resulting in continuously
decreasing mean stresses.

Cyclic softening becomes clearly evident from the decrease of the stress amplitude
and the increase of the plastic strain amplitude (see upper part and lower parts of
Fig. 5, respectively). As Tmx exceeds 275°C, o, decreases although the total
mechanical strain amplitude increases. Obviously, at high T, pronounced softening
already occurring after the first cycle, as mentioned above, outweighs the influence of
the mechanical strain amplitude on the stress amplitude. Cyclic softening is mainly a
result of the overageing of the finely distributed partly coherent B'-precipitation
phase, which is transformed into the incoherent Mg,Si-phase during TMF at high
Taax. The removal of effective obstacles to dislocation motion and the enhancement
of thermal activation of dislocation movement promote recovery processes and
diffusion controlled plastic deformation, resulting in a significant alteration of the
shape of stress—temperature or stress—strain hysteresis loops during heating to T, as
it becomes evident from the sequence of loops shown in Fig. 4. These processes
finally result in the formation of a cell and/or subgrain structure during later stages of
TMF at high T,.. An interesting observation is the formation of non-propagating
cracks in the eutectic areas of the microstructure. As the thermal expansion of silicon
particles differs from that of the a-matrix, additional cyclic stresses are generated in
microscopically small areas, which superimpose on the stresses produced by the
overall suppression of thermal expansion. Consequently, microscopically short cracks
are initiated rather early during TMF life close to the silicon particles. However,
these microcracks hardly propagate into the surrounding a-matrix, because the
additional stresses and hence the driving force necessary for crack propagation
strongly drop as the crack tip leaves the vicinity of the silicon particles.

Several proposals have been made in the literature to evaluate damage
accumulating during cyclic loading and to account for the influence of loading
conditions on fatigue life. One of the best known is the Manson—Coffin-relationship
(MCR), which is almost entirely used for the assessment of isothermal low cycle
fatigue behaviour. Nevertheless, the original motive, from which MCR was derived,
was to evaluate damage produced by thermal fatigue [6, 18-19]. Fig. 7 shows a plot
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of the plastic strain amplitude
at N = N /2 versus log N¢
according to MCR. The
straight line fitted to the
datapoints yields
ap=54.7-N*¥ (1)
However, the way in which the
experimental values fit MCR is
at best acceptable. This may be
the result of the mean stress
being different during TMF at
different Ty, which is not
explicitly accounted for by
MCR. However other damage
parameters like the Smith-
Watson—Topper parameter or
the Ostergren parameter, which
take into account the maxi-
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Figure 7. Manson-Coffin-relationship.

N,

mum Stress G, = O, + G describe the experimental results even more inaccurately.
Therefore, it is assumed that relations like that shown in Fig. 7 which are commonly
used for the assessment of isothermal fatigue behaviour are strongly influenced by
pronounced cyclic softening occurring during TMF at high Tpex.
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THE EFFECT OF PARTICLE SIZE ON THERMO-MECHANICAL FATIGUE
OF Al/SiC METAL MATRIX COMPOSITES

H. SEHITOGLU

Department of Mechanical and Industrial Engineering
University of lllinois

Urbana, Illinois 61801

1. Introduction

Numerous research papers have focused on elevated temperature behaviour of metal
matrix composites with aluminium matrices and silicon carbide reinforcements in
recent years [1-6]. These materials exhibit superior elevated temperature strength,
higher elastic modulus and lower coefficient of thermal expansion compared to
matrix alloys. There is abundant information on experimental, numerical and
analytical studies of volume fraction effects on mechanical properties of the materials.
There is far less information on the influence of particle size on the strengthening
and flow behaviour [7-9]. Preliminary experimental results confirmed that the
particle size effect is significant and could even surpass the volume fraction effect
[8-9]. The reasons for the increased strengthening associated with the particle size
have been linked to grain refinement [10-11], geometrically necessary dislocations
[12], Orowan [13] looping mechanism, and dislocation pileup or blockage of plastic
flow at the particles. It has been forwarded that smaller particle sizes result in smaller
grain sizes of the matrix resulting in strengthening through a Hall-Petch type of
relationship. Simple analyses for geometrically necessary dislocations have been
reported by Ashby [12] resulting in a dependence of the strength on particle size to
one-half power. The Orowan looping mechanism could be operative especially at
small particle sizes but its contribution to strengthening becomes small as the particle
size increases and nears the grain size. The dislocation pileup at particles could be an
effective mechanism for blocking slip. We note that the local shear stress distribution
near particles is non uniform, therefore, the strengthening is expected to differ
depending on the type of loading,

This paper deals with the deformation and fatigue behaviour of Al/SiC metal
matrix composites under isothermal and thermo-mechanical loading. The composite
consisted of 10%, and 30% volume fraction of silicon carbide particles with particle
sizes of 2 and 30 pm in diameter. Experimental results indicate that the decrease in
particle size resulted in longer fatigue lives. Furthermore, decreasing the particle size
resulted in higher strengthening in thermo-mechanical fatigue (100°C-300°C)
loading conditions compered to isothermal fatigue (20°C, 200°C and 300°C). The
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local shear stress distribution in the vicinity of particles was determined for
isothermal and thermo-mechanical loading. A dislocation particle interaction model
was derived which explains the increase in strengthening with decrease in particle
size, and more interestingly, the enhanced strengthening in the thermo-mechanical
loading case. A relationship between strength and particle size based on pileup of
dislocations against particles in established. Thermo-mechanical loading is conducive
to higher strengthening compared to the isothermal case in view of the different shear
stress in the vicinity of inhomogeneities.

2, Experiments and Material

Two kinds of experiments were performed. In the isothermal cease, the specimens
were deformed in monotonic tension at temperatures of 20°C, 200°C and 300°C. In
the thermo-mechanical loading case the strain and temperature were varied either in-
phase or out-of -phase as shown in Fig. 1. This figure defines the thermo-mechanical
out-of-phase (OP), thermo-mechanical in-phase (IP) and isothermal fatigue (IF)
loadings. The net strain, e,y, is the sum of thermal and mechanical strain
components. The thermal strain is defined as the product of thermal expansion
coefficient, o and the temperature range where T, is the reference temperature
(=200°C in this study). The e, and en. represent overall, and not internal, strain
components on the monolithic and composite materials. The mechanical strain is the
sum of elastic and inelastic strain components. The procedure for conducting TMF
experiments has been outlined in early work [2-4, 5-6, 8-9].

3
[ emax
g ™~ TMFIP
Temperature
E Tmin Tmax
TMF OP
~ <
'emin IF
y

€.nt= € + €
net mech th
Ny s
= e +e, +a(T-T,)
Figure 1. Schematic of strain-temperature variation in isothermal and thermo-mechanical fatigue loading.

The experiments were conducted on solid cylindrical specimens of Al 2024
reinforced with 10% and 30% volume fraction, V;, of silicon carbide particles. The
material is a powder metallurgy alloy with a matrix chemical composition of
4.35% Cu, 1.54% Mg, 0.59% Mn, 0.19% Fe, 0.13 Si, 0.032% Zr, 0.03% Cr produced
by Kobe Steel of Japan. The microstructure of the Vi=30% composite with two
different particle sizes is illustrated in Fig. 2.
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Figure 2. Microstructure showing the aluminum reinforced with 30% volume fraction particles for the
(a) 30 micron and (b) 2 micron particle size case.

3. Summary of Experimental Results

The stress-strain behaviour for the thermo-mechanical fatigue experiments is shown
in Figs. 3(a) -3(b). The strain rate for the thermo-mechanical experiments was
1. 10 1/s corresponding to a cycle period of 60-120 s. In Fig. 3a the results for TMF
OP and in Fig. 3(b) the TMF IP experiments are shown.

In all figures the thinner line denotes the hysteresis loops at first cycle (N=1) and
the thicker line the behaviour at half line(N=N;/2). The results for the unreinforced
material are shown on the far left, the 30% SiC material with 30 pm reinforcement in
the middle and the 30% SiC material with 2 pm reinforcement on the far right. The
stress range associated with both reinforced materials is higher compared to the
monolithic alloy.

TMF OP experiments were conducted on two MMCs (Ve = 30% with d = 2 pm
and 30 pm) and the unreinforced material at a strain rate of approximately 10 s™.
Fig. 4 summerizes the TMF OP experiments which show the life, in cycles, as a
function of stress range observed during the first cycle of each strain controlled
experiment. The thermo-mechanical fatigue lives were considerably longer for the
30% volume fraction 2 pm material. The lives of the monolithic aluminium alloy
were lower than the two composite microstructures.

In the course of the research, we noted that the strengthening was a strong
function of temperature of the experiment, the particle size and the type of loading,
ie. isothermal versus thermo-mechanical. Specifically, the strengthening of the
composite relative to the matrix was considerable at room temperature and at 200°C
and this strengthening decreased as 300°C was approached. The most noteworthy
result was that the strengthening in thermo-mechanical fatigue experiments (all of
them with T,;;=100°C and T,,=300°C) was considerably higher than that in the
isothermal case. To illustrate this point, in Fig. 5, the strengthening (Yield stress -
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Figure 3a.  Stress-mechanical strain behaviour during out-of-phase experiments with Tyir=100°C and
Tmax=300°C and a mechanical strain range of 0.006.

Figure 3b.  Stress-mechanical strain behaviour during in-phase experiments with Ty, 100°C and
Tmax=300°C and a mechanical strain range of 0.006.
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Figure 4.  Comparison of thermo-mechanical fatigue lives of three materials under out-of-phase
thermo-mechanical fatigue loading.

Matrix Yield Stress) is plotted versus 1/d* where d is the particle size. The yield
stress represents the composite material strength and the matrix yield stress was
obtained form the monolithic material under the same loading conditions. The
volume fractions for these experiments were 30%. The 1/d* = 0.18 corresponds to
the 30 pm particle case and the 1/d* = 0.7 corresponds to the 2 pm particle size case.
The results from 25 experiments are summarized in Fig. 5. The figure contains
several monotonic experiments at room temperature on samples that have been
exposed to 300°C for a period of 10 and 100 hours. The data points “0” represent the
strengthening in the thermo-mechanical fatigue case (both TMF OP and IP) and we
note that this strengthening increment is as high as 250 MPa. This is considerably
higher than strengthening obtained under all other conditions. The remainder of the
paper is devoted to explanation of this strengthening effect in thermo-mechanical
loading.

A photo obtained from transmission electron microscopy of a composite specimen
is shown in Fig. 6. The matrix microstructure and the particle/matrix interface have
been examined with a Philips EM420 transmission electron microscope operated at
120 KeV. These photographs confirm that blockage of slip by the particles is a
contributing factor to strengthening in metal matrix composites. If this is the case, the
dislocation pile-up behaviour is expected to be different in isothermal versus thermo-
mechanical loading because the local shear stresses are different for these two cases.
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In the next sections, the local shear distributions in the vicinity of an inhomogeneity
are determined under thermo-mechanical and isothermal loading conditions.

Figure 5. Summary of results showing strengthening as a function of particle diameter (25 experiments).

Figure 6. Dislocation pileup and density in the vicinity of particle matrix interface.
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4. Determination of Shear Stress Distribution near an Inhomogeneity under
Isothermal and Thermo-mechanical Loading

Eshelby [14] reported stresses for the case where the inhomogeneity (which has
different elastic constants than the rest of the medium) is embedded in an infinite
elastic body. Since its deformation is constrained by the surrounding matrix, a
perturbed strain field results. The problem, then, is to find the local (matrix) strain
fields due to the existence of the inhomogeneity. The Eshelby’s equivalent inclusion
theorem is applied to the case of a cylindrical inclusion with radius a. Some
preliminary work on this geometry has been published by Mikata an Taya [15]. The
details of the current analysis are reported by Sehitoglu [6].

4.1. THERMAL LOADING CASE

Using the Eshelby’s equivalent inclusion theorem, the local shear strain, e,
normalized by the thermal mismatch strain in Fig. 7 where ¢ is the thermal
mismatch strain (€ =(oi-0;)AT), o, an o, represent the coefficient of thermal
expansion of the particle and the matrix respectively and AT is the temperature

change. The shear strain is evaluated on the plane ¥ = 1 because on the & = 0 plane

the shear stresses are zero. The z (33) is the long direction of the cylinder. For the
AV/SiC system the G,/G; ratio of 5 and v=0.3 was used where G,/G; is the shear
modulus ratio of particle to matrix and v is the Poisson’s ratio of the matrix.
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Figure 7. The variation of shear strain under thermal loading as a function of normalized distance
from the inhomogeneity (y/a=1, 0<x/a<2)
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4.2. ISOTHERMAL CASE

The local shear strain field under an applied strain field of elA2 under isothermal

loading is plotted as a function of £ (1< £ <2)for the plane <=0 in Fig. 8.

-1t

Figure 8.  The variation of shear strain under isothermal loading as a function of shear moduli ratio
and normalized distance from the inhomogeneity (y/a = 0,1 S x/a < 2).

Two major observations can by made from these plots: (i). The maximum local
shear strain under isothermal loading is higher relative to that under thermo-

mechanical loading when e® and e 1A2 are similar, (ii) the polynomials that depict the

shear stress for the isothermal case and thermo-mechanical case are rather different.

5. Analysis of Continuously Distributed Dislocations in the Presence of a
Nonuniform Shear Stress Field

We seck to determine the dislocation density distribution, force on the lead
dislocation under an arbitrary polynomial distribution of shear stress. The
background information can be found in the books by Hirth and Lothe [15], Mura
[16] and in the work of Bilby and Eshelby [17]. The shear stress distribution is given
ast(q) =j+kq+ £q* where q= 0 is the midpoint between two particles and j, k, ¢
are constants. We consider the pileup between two particles with an edge tot edge
spacing of 2m.

1

Jm{2j+k+4}

Flow Stress ~
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We note that the local shear stress distribution appears in the denominator of the
above equation. This means that when the flow stress is plotted versus 71;.‘" the slope

will change as a function of local shear stress distribution.

The above approach explains two results observed experimentally in Fig. 5. The
particle size affects the yield strength of these composites and the dependence on the
particle size can be obtained from the above equation. Secondly, there is a
dependence of strength on the local shear stress field through the {2 j + k + 7/ } term
and we note that the strengthening in thermo-mechanical fatigue is expected to be
higher since the magnitude of {2 j + k + / } is lower for the TMF case compared to
the isothermal case. The detailed results will be available in Ref. [6]. Further
refinements in the results can be obtained by utilizing (i) anisotropic elasticity when
the particle size is smaller than the grain size, (ii) accounting for the interaction of
dislocation stress field and the inhomogeneity [18]. However, these modifications are
not expected to alter the conclusions reached in this study.

6. Conclusions

(1) There is a strong effect of particulate size on the cyclic stress-strain response of
MMCs. The yield strength and fatigue strength of the composite with 2 um size
particles is significantly higher than the composite with 30 pm particles for the
same volume fraction of 30%.

(2) The stress range and strengthening in thermo-mechanical loading exceed that in
isothermal loading. The particle size dependence under TMF IP and TMF OP
loading is highest among the cases considered. Under isothermal loading at
300°C, very little increase in either flow stress or work hardening is realized by
the addition of particles.

(3) Accounting for local strains the flow stress particle spacing relationship is
modified. This explains the increased strengthening in the thermo-mechanical
case.
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1. Introduction

Thermal Fatigue (TF) tests have been widely used as a standard test to study the
damage mechanisms under thermal transient conditions. Thermal-Mechanical
Fatigue (TMF) tests were then introduced to complement the thermal fatigue tests
and to simulate the volume element behaviour of critical areas of components
subjected to non-isothermal conditions. This volume element test, where strain, stress
and temperature are known throughout the test, can thus be used to evaluate the
validity of constitutive equations and damage models developed to predict the stress-
strain behaviour and lifetime, respectively.

Lifetime prediction for jet engine components is still a matter of controversy and
most authors attempt to describe the fatigue under high temperature by creep or
oxidation interaction mechanisms. Engineering methods have been proposed which
claim to account of there interactions, but most of them use parametric equations with
a limited physical basis.

The introduction of directionally solidified single crystals as turbine blades has led
to an increase of the performance of advanced jet engines. Considerable evidence has
been produced that such components are submitted to thermal and mechanical
loading, and that oxidation is a major cause of damage. Lifetime prediction for
turbine blades, as for all components submitted to non-isothermal fatigue, is still an
actual challenge for metallurgists and mechanical engineers. Most proposed models
are essentially the same as for high temperature low cycle fatigue (LCF). But for the
last few years the trend has been to integrate observable physical phenomena in the
modelling. A crystallographic approach has been developed in several models to
describe the mechanical behaviour of single crystals [1, 2]. In parallel, a metallo-
graphic approach has been introduced in models to achieve more reliable life
prediction [3, 4]

The purpose of this paper is to report on the evaluation of predictive models able
to describe the mechanical and lifetime behaviour of nickel-base superalloy single
crystals under thermal-mechanical fatigue conditions. The application of a
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crystallographic model to simulate the mechanical behaviour of anisotropic materials
is first described, followed by the predictions obtained from two lifetime physics
based models. The present work includes the influence of the crystallographic
orientation of bare and coated AM1 single crystals. A “C1A” coating was applied by
a chromising-aluminising deposition process on samples with a [001]
crystallographic orientation.

2. Thermal-Mechanical Fatigue Tests

The objective of the TMF tests is to simulate the behaviour of critical parts of
components. Many authors have studied the effect of the synergy between the
temperature cycle and the mechanical loading {5, 6]. In-phase and out-of-phase cycles
have been often used as baseline experiments with the aim to evaluate the potential of
different materials for turbine blades [7]. In our approach, thermal-mechanical
fatigue tests were performed using a specific cycle that simulates thermal loading
conditions experienced in service (Fig. 1). A mechanical strain (g,,) - temperature (T)
loop was used ranging from 600°C to 1100°C (873 to 1373K), with peak strains at
intermediate temperatures: 950°C (1223K) in compression on heating and 700°C
(973K) in tension on cooling. Both the temperature and the mechanical cycle are
synchronously generated by a microcomputer in a period of 210 seconds.

T (C) €m €m

A 700

1100
A 210 1100
- >
105 t(s) |600 T(©)
m A

2 >
0 105 210 t(s) 950
1) b) <)

Figure 1. TMF cycle:  a)temperature vs time, b) mechanical strain vs time, and
¢) mechanical-strain vs temperature.

2.1. CYCLIC STRESS-STRAIN CURVES FOR THE [001] CRYSTALLOGRAPHIC
ORIENTATION

Figure 2 shows the variation of the stress, o, as a function of the mechanical strain, €,
With our TMF cycle, the inelastic strain is primarily created during the heating phase
in compression while an elastic behaviour is observed in tension at 700°C. The
variation of the mechanical properties of the materials (Young’s modulus, flow stress,
and cyclic hardening) with the temperature lead to an unbalanced stress cycle although
the imposed mechanical strain is fully reversed. For the [001] crystallographic
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orientation, the maximum compressive stress is reached at a temperature below 950°C,
and the inelastic strain minimum at about 1040°C.

G (MPa) AM1 [001] TMF

1200
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400
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0

-200
-400
-600
-800
-1000
-1200

Aem=15% Aem=2% Aem=2.6%

Figure 2. Stress-mechanical strain hysteresis loops of bare material with a [001] crystallographic orientation.

Figure 3. Comparison of the cyclic stress-strain loops for the [001], [111], [101] and [213] crystallographic
orientations.
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2.2. CRYSTALLOGRAPHIC ORIENTATION EFFECTS ON THE CYCLIC
STRESS-STRAIN BEHAVIOUR

The temperature dependence of the mechanical properties varies with the
crystallographic orientation. For example, the stress corresponding to the compressive
peak strain is very different from the minimum stress on a specimen with the [111]
crystallographic orientation because of the important decrease with the temperature of
the flow stress and the low hardening (Fig. 3). Specimens with the [101] and [213]
crystallographic orientations, present a behaviour intermediate between the results
obtained for [001] and [111].

Inelastic deformation of single crystals is accommodated in localised slip bands
which are parallel to either cubic or octahedral planes. Determination of the slip
systems has led to the identification of multiple octahedral slip for samples near the
[001] orientation, and multiple cube slip occurring for samples near [101] and [111]
orientations, while near the [213] crystallographic orientation only a single cube slip
plane was activated [8].

3. Modelling of the Mechanical Behaviour

Another advantage of TMF is to give the possibility to test constitutive equations under
non-isothermal conditions. For this purpose, we have applied a crystallographic model
to simulate the mechanical behaviour of our anisotropic material under non-isothermal
conditions. This model, proposed by G. Cailletaud [2], used a micro-mechanical
approach of the stress-strain behaviour which is as close as possible to the ‘internal
behaviour’ of the material. For the single crystal, the deformation is analysed through
the identification of the active slip systems.

Figure 4. Comparison between the cyclic stress- Figure 5. Comparison between the cyclic stress-
mechanical strain loops computed by the model and mechanical strain loops computed by the model and
the experimental data for a specimen with a [001] the experimental data for a specimen with a [111]

crystallographic orientation tested with our TMF crystallographic orientation tested under TMF
cycle 600° <>1100°C cycle. condition.
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The macroscopic strain is partitioned into an elastic and a viscoplastic part. But
whereas the relations describing the elastic strain are written at the macroscopic
level, the viscoplastic constitutive equations are written for each slip system. The
identification of the model parameters has been achieved in an earlier study and the
results obtained in isothermal conditions have been presented in [8, 9]. The
parameters, deduced from isothermal tests by a fully automated procedure, were used
to simulate mechanical behaviour of the AM1 superalloy tested with our TMF cycle.
The model is able to describe the shape of the cyclic stress-strain loops under
anisothermal conditions whatever the crystallographic orientations (Figs. 4 and 5)
and can predict the activated slip systems [10].

4. Thermal-Mechanical Fatigue life
4.1. INFLUENCE OF CRYSTALLOGRAPHIC ORIENTATION

The TMF life to 1 mm crack depth, Ny, vs. mechanical strain range, As,, is presented
in Fig. 6. As it has been reported for LCF [11, 12], the TMF life is strongly
dependent on the crystallographic orientation. The higher endurance is exhibited by
samples near the [001] and [010] orientation, while lower TMF lives were observed
for the other crystallographic orientations.

Aem (%) AM1 bare specimens
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Figure 6. Variation of total lifetime (N5) with mechanical strain range (As,,) for bare AM1 specimens of
different orientations tested under TMF conditions.

Depending on the mechanical strain range, cracks initiated from sub-surface
micropores or from oxidised areas at the surface. Only specimens with the [213]
crystallographic orientations tested at high mechanical strain ranges exhibited a
different crack initiation and crack propagation mechanism with nucleation along the
unique active slip band. The crack initiation period, studied from observations of
plastic replicas, represents around 5 pct of the total life, which means that most of the
life is spent in the propagation of a small crack. In the strain range studied, these
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small cracks grow in stage I mode (i.e., mode I opening) from the initiation site to a
size approximately equal to 0.4 mm (for a wall thickness of 1 mm). If crack initiation
under TMF may result from interaction between fatigue and oxidation mechanisms,
oxidation plays also an important role in crack propagation. An oxide layer is
covering the crack surface up to the crack tip, and a zone depleted of ¥’ precipitates is
formed ahead of the crack tip [13].

4.2. INFLUENCE OF THE COATING

The comparison of the TMF lives of coated and uncoated AMI1 obtained for
specimens with the [001] crystallographic orientation is presented in Fig. 7. The
endurance of coated specimens is almost the same at that of bare specimens for the
TMF cycle used, as observed in LCF at high temperature [14]. The damage is
manifested as a major crack initiating mainly from casting micropores located within
the sub-surface area. Cracks observed behave as initiating early from the surface
within a negligible initiation period. Strong localised oxidation occurs at the coating-
substrate interface which can lead to local delamination of the coating. After failure
of the coating the oxidation is playing an important role in the propagation of the

crack.  Agn (%) AMI1 [001] (batch RA14684)
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Figure 7. Variation of TMF total lifetime with mechanical strain range for the [001] orientation:
comparison between bare and coated specimens.

5. Lifetime Prediction

The observations made on the AM1 superalloy single crystals have shown a strong
synergy between oxidation and fatigue damage. Thus two physically-based models
were introduced. The first one, named oxidation embrittlement model, was proposed
to describe the oxidation-fatigue interaction in conventionally cast superalloys
[4, 15]. This approach uses the process zone concept of Mc Clintock [16], who
considered a process of repeated crack nucleation ahead of a crack tip. The second
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one, named oxide cracking model and proposed by Reuchet and Rémy [3], is simply
a summation of both types of damage resulting from fatigue and from oxidation.
Equations are derived assuming that the elementary crack propagation is the result of
the advance due to the crack opening under fatigue and of an additional contribution
due to oxidation at the crack tip. We will give more details of the two different
models in this paragraph and discuss the predictions obtained in each case.

5.1. MODEL I: OXIDATION EMBRITTLEMENT MODEL

Figure 8. Variation of FCGR (da/dN) as a function of stress intensity range (AK) at 650°C
for a non-oxidised specimen which has been oxidesed at 950°C.

The TMF damage is considered as a microcracking process and the exposure to high
temperature is assumed to embrittle the material at the crack tip. An empirical
equation using local stresses at the crack tip has thus been proposed, and the crack
grows by rupture of a microstructural element ahead of the crack tip when a local
fracture creterion is fulfilled. The damage equation is deduced form isothermal
fatigue crack propagation tests made on CT specimens without environment effect.
Among the equations proposed to describe the fatigue crack growth rate, Formans’s
equation has been shown to be in good agreement with experimental data. This
equation was used to analyse our experiments with a local approach, which
necessitated to deduce the local stresses at the crack tip from finite element
computation [17]. The equation can be written as follows:

da C.AO';
S - M
dN  [(1-R).(c.-0c,)]
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where C, m and P are constats at a given temperature, and the stress ratio is defined
as: R=<1-Acy/cy>, i.e. R=(1-Acy,/0yy) when Aoy, <oy, and R=0 when Acy,>Gy,. The
normal stress range Aoy, normal stress oy, and critical fracture stress o, are
calculated at a distance A ahead of the crack tip. Equation (1) was fitted to data
obtained in fatigue crack growth tests for two load ratios R=0.1 and R=0.7, and to
LCF data for R=-1. The p parameter of equation (1) is adjusted to superimpose the
curves obtained for different stress ratios. The critical fracture stress (o) is
influenced by the loading condition (temperature, environment): o, describes the
oxidation effect in our damage equation, and is derived from experiments on oxidised
CT specimens. Oxidation gives rise to an embrittlement of the material ahead of the
crack tip, visible as a bright zone on the fracture surface. This embrittlement leads to
an acceleration of the crack growth rate for the low AK values, while no propagation
was observed in non-oxidized specimens. The size of the embrittelement zone (Aa),
which has been determined at two temperatures (Fig. 9), is varying as:

Aa = oo (T).1 Q)

where o, (T) is the oxidation constant of the material.

As shown previously [4], this embrittled zone is induced by the oxygen diffusion
in front of the oxide and leads to the reduction of the local fracture toughness which
increases the fatigue crack growth rate. When the crack grows farther from the
oxidised region, the critical stress o, increases more rapidly until it approaches
values typical of the virgin material. The evolution of the critical fracture stress in the
embrittled zone is shown in Fig. 10 and has been described by the equation:

Oc=Co.[1-utu.exp(m.x/1ox)] 3)

where u and m are two temperature dependent constants.

Progress of the crack Aa (um)

Figure 9. Variation of the crack progress as a function of Figure 10. Variation of the critical stress to

the exposure time at 950°C and 1100°C. fracture (o) with the position of the crack in the
oxidised zone on a CT specimen oxidised at
950°C.
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Under anisothermal conditions, the oxidation constant o.(T) is calculated by
integration between the minimum and maximum temperatures of the cycle:

() = oD e @

The number of cycles, N(A), to achieve a crack growth increment of size A, is given
by the following condition:

N
jo dD=1 5)

and TMF life is obtained by the harmonic average of the number of cycles at the
minimum an maximum stress.

5.2. MODEL II: OXIDE CRACKING MODEL

As it can be observed in Fig. 11, when plotting the TMF data versus maximum
tensile stress, the crystallographic orientation dependence of the TMF life is much
reduced. A damage equation, proposed to describe the isothermal LCF life at high
temperature of conventional cast superalloys [3], has been used. Fatigue is considered
as a micro-cracking process, and the model takes account of the interaction between
fatigue and oxidation. The damage equation is simply written as the summation of
two terms: one due to the crack opening under fatigue and a second one due to the
oxidation of the crack tip:

da/dN = (da/dN)g: + (da/dN)ox ©

The fatigue contribution to the crack advance is estimated by the model proposed by
Tomkins [18] assuming that the crack is opened only by a tensile stress:

(da/dN)s, =B.a where B=Agyr| ————————1 @)

and Ae,, is the inelastic strain range, o,,.x the maximum cyclic tensile stress and o,
the ultimate tensile strength in montonic tension.

The contribution due to oxidation was derived from the oxidation kinetics which
is enhanced by cyclic straining, and is a function of the period and the parameters of
the fatigue cycle. For a given period and mechanical strain range, this contribution to
crack advance is a constant length, Al,:

(da/dN)ox =Al, ®
Consequently, the oxidation-fatigue interaction damage can be written as:
da/dN =B.a + Al ®
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By solving this equation for the crack depth, a can be expressed as a function of the
number of cycles, N:
a=Al,. (expB.N-1)/B (10)

Figure 11. Variation of the lifetime (Nf) of bare AM1 specimens of different orientations
tested in TMF with peak tensile stress (Gumax).

From interrupted tests we can estimate the oxide length formed at the crack tip in
each cycle using Eq. (10). As it has been already shown by oxide depth measure-
ments in various superalloys [4, 15], the depth of oxide formed in every cycle
increases with the maximum stress according to a power law:

Al = 0(Cppa). At an

The parameters were thus indentified from experimental crack growth data using
only [001] bare specimens tested in LCF at 650°C, 950°C and 1100°C at a frequency
of 0.05Hz. To predict the endurance under TMF loading, the oxidation term is
obtained by integration of the oxidation constant over the whole temperature-time
cycle and the average oxidation constant, oGy, is thus given by:

a'(o)= j :’a‘[cm(t),T(t)].dt 12)

5.3. TMF LIFETIME PREDICTION

TMF lifetimes have been computed and predictions are compared with the actual life
to achieve a crack depth of 0.1 mm, which is more demanding than predicting the
total life to 1 mm crack depth. Fig. 12 presents the predictions obtained with the
model I on bare [001] specimens and Fig. 13 the results achieved using the model II
for coated [001] specimens as well as bare specimens of different crystallographic
orientations. In both cases, these physically based models give reliable predictions of
lifetime for bare and coated specimens.
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Figure 12. Model I: Comparison between predicted Figure 13. Model II: Comparison between predicted
(Ne calc) and experimental lifetime to 0.1 mm crack (Ne calc) and experimental lifetime to 0.1 mm crack
depth (Ne exp) of bare specimens with [001] depth (Ne exp) of bare specimens with different
crystallographic  orientation tested under TMF orientation and C1A coated [001] specimens tested
conditions. under TMF conditions.

6. Conclusions

The thermal-mechanical fatigue test is a very useful tool which enables to study the
damage mechanisms in realistic conditions and to test predictive models developed
either for the strain-stress behaviour or lifetime. A crystallographic model using
phenomenological viscoplastic equations, and Schmid’s law gave a good agreement
with experimental stress-strain behaviour under non-isothermal conditions. It has
been shown that models which describe oxidation-fatigue interactions give a fairly
good description of the thermal-mechanical fatigue life in the anistropic material
studied here.
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(DRET) of the French Ministry of Defence, which the authors acknowledge
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CRACK PROPAGATION AND LIFE PREDICTION IN A NICKEL-BASED
SUPERALLOY UNDER TMF CONDITIONS
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1. Introduction

Single crystal nickel-based alloys are widely used as blade materials in aero-gas-
turbines because of their excellent resistance to high temperature deformation.
Coatings are applied in order to provide the blades with adequate protection against
environmental degradation and loss of mechanical performance. The major cause of
failure in current single crystal blades of aero-gas-turbines is thermally induced
stresses, which result from thermal strains over the blade thickness caused by
temperature gradients during heating and cooling cycles.

Actual blade behaviour is closely simulated by means of thermo-mechanical
fatigue (TMF) tests, which are designed to reproduce the temperature and strain
cycles seen by critical volume elements of the blade. As opposed to isothermal fatigue
testing, during TMF cycling the test specimen is repeatedly cycled through a wide
range of temperatures, which gives rise to different damage and failure mechanisms.
The synergy between the different damage mechanisms makes it difficult to estimate
the life of a component by using traditional low cycle fatigue life prediction models.
During the past few years some suitable models for the prediction of the lifetime of
uncoated and coated specimens subjected to TMF have been proposed [1-3].

The aim of this contribution is to represent the TMF life of the single crystal
superalloy SRR99 as a function of two damage mechanisms: oxidation and fatigue.
These have been identified as the operating mechanisms under TMF conditions in
this superalloy. The model is a consequence of the analysis of crack growth evolution
during the TMF tests and of observation of the fracture surface of post mortem TMF
samples.
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2. Experimental Results

Strain controlled out-of-phase TMF tests with a lag of -135° between temperature and
strain were carried out using the single crystal nickel-based superalloy SRR99. Some
of the samples tested had been subjected to a standard pack aluminising process
covering their surface with a nickel-aluminide coating approximately 30 pm thick.
The temperature cycle is between 1323 and 573 K with a period of 90 s, 30 s for
heating up and 60 s for cooling down.

1
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Temperature [K]

Figure 1. Strain-Temperature cycle for two -135° out-of-phase TMF cycles.

The mechanical strain ranges were varied between 0.5 and 1%. For each strain
range two types of cycle are considered corresponding to two different minimum to
maximum strain ratios, i.e. R = 0 and R = - co. The resulting mechanical strain-
temperature cycles corresponding to a mechanical strain range of 1% are shown in
Fig.1. Mechanical strain rates during the heating and cooling parts of the cycle are
approximately 3x10™ and 1.5x10% 5.

During testing, the surface of the sample is periodically scanned using a video
camera system. The recorded images are stored and analysed after testing. This
technique provides a large amount of information related to the evolution of damage
at the surface and, consequently, the damage parameters that produce failure of the
specimen. The analysis of some representative images showed that the failure of
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uncoated specimens under -135° out-of-phase conditions is due to the multiple
initiation of cracks at oxidation spikes on the surface, followed by growth and crack
coalescence. The oxidation spikes appear early in the test at preferential sites [4]. The
size of such oxidation spikes and of the cracks which grow from them is measured
and recorded as a function of the cycle number. The analysis reveals a transition in
the crack evolution which suggests a change in the crack growth mechanism. Fig. 2
shows some representative examples of the recorded crack evolution.
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Figure 2. Example of crack evolution in TMF tests.

The analysis of the fracture surface shows that the previously mentioned oxidation
spikes are responsible for crack initiation. It is also possible to identify a transition in
the surface roughness from a nearly flat fracture surface, when the crack is small, to a
hilly and faceted surface once the cracks have reached a specific size. This suggests
that, for long cracks, crack growth is governed by local crystallographic failure on the
{111} facets, whereas for short cracks the growth mechanism could be associated
with oxidation. Finally, it is worth pointing out that the faceted fracture surface is
also covered by several oxide layers. This suggests that, even for long cracks,
oxidation plays an important role in crack growth, at least in terms of a crack closure
effect.

3. Description of the Oxidation-Fatigue Life Prediction Model

This model follows a fracture mechanics approach based on the experimental
observations that have been described in the previous section, and assumes that TMF
crack growth can be represented by two stages which are controlled by different
damage mechanisms: oxidation through the first stage and fatigue during the second.
The transition between these two stages is assumed to occur when the crack reaches a
specific microstructural size.
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The model aims to reproduce the observed behaviour of the TMF cracks through
the growth of a unique equivalent crack which represents the general evolution of the
TMF cracks leading to failure for the different testing conditions.

In the following sections, the formulation of the equations that reproduce the
evolution of such a characteristic crack for each damage mechanism is described and
discussed.

3.1. OXIDATION MECHANISM

Oxidation is assumed to dominate crack growth behaviour during the earlier part of a
test. This first stage is considered to occur until the crack reaches a critical length.
The crack growth mechanism within this stage is sketched in Fig. 3. At first, there is
an initiation site that enhances local oxidation (1). An oxide layer starts to grow (2)
until it reaches a critical thickness and it fractures (3). This allows the oxygen to
penetrate and form a new oxide layer at a deeper level (4). Again, once a critical
thickness is reached, fracture of the oxide layer occurs (5) and the diffusion process
restarts (6).

Figure 3. Schematic representation of the successive growth and fracture of oxide layers.

The growth mechanism was chosen to be mathematically represented as follows:
a=A-c_ P -N* (¢))

where a is the crack length, o, is the maximum tensile stress, N stands for the
number of cycles, A and B are constants calculated by fitting the TMF crack growth
data of 6 selected tests, and o is assumed to be 1. Eq. 1 represents the growth of an
oxide layer under stress based on oxidation kinetics law. This usually is linear (o0 = 1)
when the material does not present any impedance to the oxidation, and has been
reported to be true during the first oxidation stage in nickel-based superalloys [5].
Note that, according to the schematic in Fig. 3, the oxidation process reinitializes
when fracture of the oxide layer occurs, consequently, for this specific type of TMF
test the dependence on time remains linear through the whole testing period. The
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dependence on the peak stress represents the effect of the applied load on the
successive cracking of the oxide layer and has been taken into account by a power law
relationship with the peak stress. A similar oxidation mechanism has already been
observed for TMF conditions[3].

It is important to note that this type of TMF test favours the fracture of the oxide
layer since the maximum stresses occur at low temperature (Fig. 1), when the
ductility of the oxide layer is low. The described crack growth mechanism, and
consequently equation (1), is not appropriate for other type of TMF tests where the
maximum temperatures and stresses occur simultaneously.

3.2. FATIGUE MECHANSM

The fractographic observations suggest that the second stage of the TMF lives is
governed by local crystallographic failure on {111} planes, which has been identified
as the fatigue mechanism for nickel-based single crystal superalloys [6,7].
Consequently, it is assumed that cracks grow according to a fatigue mechanism
described by a Paris law

% =C-(Kpx —Ker)" Q)
where K., is the maximum stress intensity factor and Ky, is the stress intensity
factor below which the crack is closed, and C and n are constants to be determined.
Several authors have proposed life prediction models based on Paris type laws under
TMF conditions [1,2,8].

Regarding the formulation of the crack closure effect, the TMF life data showed a
dependence of stress intensity factor below which the crack is closed, K¢p, on the
minimum stress, G, as follows

Ko = ®
16 i
This dependence on the minimum stress can be physically explained in the following
terms: the larger the compressive stress the smaller the crack closure effect, since
compressive stresses tend to smooth out crack surface defects and, consequently,
reduce crack closure. This phenomenon has been observed experimentally [9]. The
crack closure effect is considered to be different in coated and uncoated specimens.

4. Model Equations

The evolution of a crack following the growth mechanisms described in the previous
section is represented in Fig. 4 in a log a-log N plot. The parallelism between the
experimental (Fig. 2) and the theoretical (Fig. 4) behaviour is noticeable.

In order to obtain the constants of the equation that reproduces the oxidation crack
growth the actual transition points were recorded for the TMF cracks which had no
apparent interaction with the surrounding cracks. A regression analysis between the
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number of cycles to the transition and the peak stress of each test provides the
numerical form of Eq. (1)

s 258 N @)

a=
35x10° ™=

where Gy, is expressed in MPa, and ay.n, and a have the same units. The transition
size was calculated as the arithmetic mean of the measured transition sizes, resulting
in a value of ayuns = 0.3 mm.

log a
Fatigue

Oxidation

Ny,
7

logN
Figure 4. Sketch of the behaviour of a crack following the theoretical oxidation-fatigue behaviour.

Concerning the fatigue equation, the exponent in Eq. (2) was set to 2. This is the
mean value of the slope found in the log(da/dN) versus log(AK) plots for the TMF
crack growth of four representative tests [2]. Both the pre-exponential and crack
closure constants in Eq. (2) were calculated by means of a regression analysis of the
cycles to failure versus the result of integrating the effective stress intensity factor
over the testing time.

The resulting Paris equation is

da
=210 (K Ka) )

where the stress intensity factor, K, is in MPavVm and da/dN is in mm/cycle.
The crack closure equations that correctly fit the TMF lives are

337
for the uncoated specimens, and
139
Ko = Q)

- 0.64
IGmm|
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for the coated specimens, where the stress intensity factors for the crack closure, Kcp.
are expressed in MPaVm and the stresses in MPa.

5. Results and Discussion

By using the equations described in the previous section it is possible to reproduce the
TMF crack length evolution for different test conditions.

Figure 5. Predictions of crack length evolution for different test conditions.

Note that a specific test condition (in terms of applied strain) would not imply a
unique crack growth behaviour since the crack growth equations are expressed as a
function of the stress and the tests are not stress controlled. Fig. 5 shows the predicted
crack growth behaviour for some tests obtained with Egs. (1) and (2) by using the
stress response. Figs. 6 and 7 compare the predicted crack evolution with the
experimental data for two extreme test conditions. The results satisfy the initial aim
of reproducing the general trend of TMF cracks.

Finally, Fig. 8 shows the predicted lives versus the actual lives for all the -135°
out-of-phase tests, coated and uncoated, based on the assumption that the specimen
fails when the representative crack covers 30% of the cross sectional area. From
Fig. 8 it is possible to observe a good correlation between predicted and actual lives
except for two tests which showed complete crystallographic failure and lay outside
the error bands. For strain ranges lower than 0.5% with R = 0 and than 0.65% for R
= - oo approximately, the model predicts crack closure stress intensity factors higher
than those applied, which suggests that, for those conditions, the fatigue mechanism
is not controlling the general damage process.
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Figure 6. Comparison between real and predicted crack growth (Asy, = 0.7%, R = —0).

Figure 7. Comparison between real and predicted crack growth (As, = 1%, R = 0).
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Figure 8. Life prediction for -135° out-of-phase TMF tests in SRR99.

It is interesting to highlight that coated samples showed shorter lives than the
uncoated samples [11]. The model explains these differences by considering a lower
crack closure effect in coated samples. In these samples, the oxidation effect is
smaller than in the uncoated samples and consequently the crack grows faster.

The model, as a first approximation, is able to reproduce the main crack growth
behaviour reasonably well by emphasising the role of oxidation as a crack growth
mechanism. Although several other factors should be taken into account for a more
realistic representation, such as the influence of the microstructure and the interaction
among the growing cracks, the described approach is able to fit TMF lives within a
factor of two for -135° out-of-phase TMF testing of bare and aluminide coated
SRR99.
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CRACK GROWTH PREDICTION IN FATIGUE AND CREEP WITH
ENVIRONMENTAL EFFECTS
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1. Introduction

This paper presents a phenomenological model able to simulate the crack propagation
in the powder metallurgical nickel based alloy Astroloy at 650°C under complex
cyclic loading conditions. An extensive experimental program in addition with a
numerical analysis were necessary to build the model. The model uses the actual
stress intensity factor as the loading variable but also several material parameters are
introduced in order to describe the history of the various processes that operate near
the crack tip during the hold period at high temperature:

-The mechanical stress redistribution due to viscoplasticity.

-The creep damage process under tensile (open crack) conditions.

-The environmental driven embrittlement effect, that increases the fatigue crack
propagation rate.

-The interaction of overloads with both the fatigue and creep crack growth
Process.

The various state variables that store the post loading events are:

-A threshold for fatigue crack growth, similar to the opening stress intensity
factor. Its evolution is influenced both by fatigue overloads and by the hold time,
during which a relaxation does occur.

-Another threshold to describe the creep crack growth.

-The size of the zone embrittled by oxidation, from which is deduced an effective
local toughness of the material, included in the fatigue crack growth model
through a Forman’s expression.

-The size of the plastic zone.

The main features of the model are discussed, together with the procedure for
determining the model constants, involving specific creep-fatigue crack growth tests,
tests with prior oxidation and test with hold times after peak load. Moreover, a
special numerical procedure based on the cyclic viscoplastic analysis and a node
release technique were developed for the determination of the purely mechanical
effect of the hold time, associated to the stress redistribution at the crack tip.

The last section of this paper presents the model itself with all the constitutive

equations and their physical meaning concerning the creep-fatigue-environment
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processes and their interaction. A comparison is made between the experimental
results and the model predictions, leading to a discussion about the accuracy of the
model and the necessity of further developments.

2. Experimental Analysis
Tests were performed on Single Edge Notch (SEN) specimens previously cracked by

electro-erosion over a length of 0.3 mm [1]. The experimental set up is represented in
Fig. 1.

Notch

’/ / Specimen

<

5]

o
-
o N

Figure 1. Experimental device.

A cyclic force F is applied at a distance L inducing a couple. Crack propagation is
measured using a displacement sensor. Tests were performed at 650°C with complex
loads schematically represented in Fig. 2.

AF(N)

A

t(s)
-

Figure 2. Shape of analysed cycles.

Test a) represents a triangular fatigue test without hold time. This load is able to
represent the pure fatigue test if the frequency of the cycle is sufficiently high
(over 5 Hz). However, an effect of creep can appear depending on the loading-
unloading rate. An overload is introduced in tests b) before the application of a hold
time in order to analyse its influence during the subsequent cycles [2, 3, 12]. Test c)
represents a cycle with a hold time, that can vary from 0 (see cycle a) to « (for pure
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creep tests). In fact, we analysed the following values of the hold time: 90s, 300s,
900s and also we performed tests up to 18000s in order to have some data on pure
creep crack growth. This is the most damaging test. All these tests with or without a
hold time are representative of the loads that the structure (i.e. aircraft engine turbine
disks) experiences. The experimental results were recorded on a computer and it was
possible to plot:

-The evolution of the crack length, a, as a function of the number of cycles, N.

-The evolution of da/dt (in creep) and da/dN (in fatigue) as a function of the Stress

Intensity Factor (SIF), K.
-The variation of the crack length as a function of time.

3. Numerical Analysis

A numerical analysis using the Finite Element Method (FEM) was performed in
order to complete the information obtained by tests.

All phenomena concerning the crack opening and closure effects and the stress
redistribution at the crack tip induced by plasticity were analysed in detail during the
crack propagation. We used an internal code developed at ONERA [4], named
EVPCYCL, where sophisticated constitutive equations have been introduced to take
account of all the non linear phenomena encountered in the study of viscoplastic
materials. These laws involve a series of differential equations, the number of which
varies according to the complexity of the selected model [5], [6].

The constitutive equations of the material used in this analysis are reduced to a
viscoplastic formulation with only one nonlinear kinematic hardening parameter.

The specimen was discretized in 636 nodes and 287 elements which are 6 nodes
triangles with 3 integration points. Taking the symmetries of the structure into
account, only half on the specimen was meshed. The line y=0 represents the axis of
symmetry (Fig. 3).

The numerical analysis was performed as close as possible to the experimental
tests. Two steps were necessary to simulate the crack propagation inside this
specimen. The first one consisted in applying triangular fatigue cycles (15s-0s-15s)
and to release, each 3 cycles, 2 nodes of the mesh in front of the crack tip. This step
was very important in order to have a good estimate of the real “plastic train” during
the cycling. Once this step is done (i.e. when the crack reaches a given length), the
complex cycles with a hold time (90s or 300s or 900s) can be applied to the specimen.
Again, it is necessary to release 2 nodes each 3 cycles in order to simulate the crack
propagation and store the correct “plastic train”. To stabilize the evolution of
viscoplasticity, it was essential to compute 3 full cycles at least, after each released
nodes procedure.

As it can be seen in Fig. 3, the mesh was very fine in the region where the crack
propagates and even finer in the zone where the complex load was applied. This kind
of computation represents the mechanical behaviour of the specimen without any
influence of external phenomena, like oxidation. The hypothetical differences which
are observed between the numerical and experimental results allow to derive the
following information about these phenomena: Their importance, their effects and
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which mechanical parameters are affected, enabling to take account of the effects of
these external phenomena in the theoretical formulation of a crack growth model.

N,

<

y N

: y=
é»X notch triangular complex loads
cycles

Figure 3. Zoom of the mesh at the crack propagation zone.

The main results of this computation used to calibrate the phenomenological
model were:
a) The evolution with cycling of local variables like the viscoplastic strains and the
induced stress redistribution at the crack tip as shown in Fig. 4 where the tensile
stress is plotted during the 300s of the hold time. The stress relaxation is fast in the
first 15s and the stress continues to decrease gradually until the end.

?ny (MPa)

1700

1600

1500

1400 ts
015 40 9 300

Figure 4. Evolution of the tensile stress with the hold time.

b) The crack opening and closure loads which are directly linked to the fatigue and
creep thresholds, corresponding to the load level at the time of contact between the
released nodes (y # 0) and the line of symmetry (y = 0) of the specimen. The opening
load is determined at the beginning of the cycle and the closure load is determined at
the end of the same cycle. Based on the numerical analysis, and in order to be
consistent with previous experimental results (not presented here), the value of the
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initial fatigue load threshold, normalized with respect to the maximum applied load,
was chosen as 0.35. It is important to have a good estimate of this initial value
because it will govern, indirectly, the evolution of the crack propagation during creep
and fatigue.

4. Phenomenological Model
4.1. MAIN ASSUMPTIONS

The proposed model is built up in the framework of classical LEFM and must be able
to reproduce the crack growth when the specimen is loaded with the cycles defined in
the second section of this paper (Fig. 2). The main points the model must take into
account are:

- the fatigue crack propagation,

- the creep crack propagation,

- the SIF relaxation during creep,

- the creep-fatigue interaction,

- the evolution of the plastic zone,

- the environmental effects.
The crack growth rate is classically divided in 2 parts, the first one concerns the
fatigue propagation, the second one concerns the creep:

da=Cy[K, - K]V dN+C[K, - K| at o))

where:
Cs, Cc, M, TMc are material parameters,
Ky is the maximum value of the SIF for one cycle,
Ks is the SIF threshold for one cycle,
K, is the SIF during the hold time.

The evolution of K5 during a cycle with a hold time is the most important concept
of this model. The crack growth process and the induced creep-fatigue interaction are
based on the term (Kys - K) for both fatigue and creep.

As it was pointed out before, the model is calibrated with the hypothesis of an
initial threshold of 0.35 in fatigue. This value, combined with experimental results
concerning in particular the growth crack rates plotted as a function of the SIF in
fatigue (i.e. da/dN=f(K)) and creep (i.e. da/dt=g(K)) for 4 different hold times
(0s, 90s, 300s, 900s), gives the basic evolution of the threshold in creep and fatigue as
a function of the applied hold time. This evolution is schematically presented in
Fig. 5. Underlying the figure are the following experimentally observed facts: The
hold time increases the fatigue (transient) growth rate (decreasing the fatigue
threshold), but decreases the creep growth rate during the hold time (increasing the
creep threshold).



408 S. KRUCH

10 k
Ks [
Km [ Creep
035 f-=-==-=-mmmmmmmeeooo-
n ical thresholds
e Dumeric esho Fatigue
0.0 — = ' >
90 300 900 ht (s)
experimental thresholds

Figure 5. Creep and fatigue threshold.

The calibration of the thresholds based on experimental results as mentioned before
gives inconsistent results as it can be seen in Fig. 5, where the “measured” fatigue
thresholds are negative for hold times greater than 90s. Now the same calibration
based on numerical results performed with hold times of 90s, 300s, 900s gives good
results, in fact, the numerical fatigue thresholds decrease continuously towards zero
as it is shown in this figure.

4.2. INFLUENCE OF ENVIRONMENT

The differences observed between the experimental and numerical approaches can be
explained as follows. The numerical analysis only involves the mechanical
phenomena which are developing in the specimen during the crack propagation. On
the other hand, the experimental results involve additional external phenomena
which can be induced by environment (i.e. oxidation). Tests performed by other
researchers [7] on this material in vacuum show a great influence of environment on
the crack propagation process. The main environmental effect is the material
oxidation at the crack tip leading to a reduction of the mechanical properties. A high
level load applied to the specimen increases the crack opening, so, the oxidation
phenomenon develops and the material becomes brittle at the crack tip over an
extended area (a surface or volume), increasing the fatigue crack growth rate. It is
important to introduce these effects in the model in order to simulate accurately all
the physical mechanisms induced by oxidation.

To reach this objective, a Forman expression [8] was introduced in the model in
order to simulate the evolution of the penetration length, 1, of oxide inside the

material as a function of time, that is: / = a. t** ; where a is a material parameter.
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The evolution of the local toughness induced by oxidation is given by:

mx
K, = Kco |:l —u+ uexp(T):I ¥)

where m, x and u are material parameters, an Kco is a material parameter

representing the minimum value of K, at the crack tip, i.e. of the completely
embrittled material. Fig. 6 represents the evolution of K. ahead of the crack tip, as
deduced from special tests performed at EMP [9] and SNECMA [10] on oxidized
specimens. It serves to determine the material parameters of the above relationship
between the effective thoughness and the oxide penetration length 1. K, is the

toughness value for the non-oxidized material.

Il

X

Figure 6. Evolution of K, at the crack tip.

This new expression of K_ is introduced in the equation of the fatigue crack growth as
presented below.

4.3. DESCRIPTION OF THE MODEL

This model is an iterative one, where each iteration represents a cycle (triangular or
complex). The flowchart of the model with the constitutive equations is presented in
Fig. 7. In this figure, f;, f,, f5 and f, represent functions whose expressions are not
developed in the paper (see [2] for more detail). At the beginning of each cycle,
knowing the applied load, the maximum and the minimum values of the SIF (Ky and
K, respectively) are determined [Eq. a]. Since the value of the fatigue threshold at the
end of the previous cycle is known, the crack increment in fatigue, Aag, is computed
with equation b). This value is used to determine an equivalent SIF  (Kueq)
proportional, by hypothesis, to Ky by a factor @, given by the relation c¢), which takes
account of the actual fatigue threshold, the crack length and the applied load. For
cycles without creep, i.e. without a hold time or with a high frequency, ®=1 and
KM°q=KM.

The introduction of Kyq in the model allows to take account of an overload effect
indirectly induced by the increased fatigue crack growth during the previous
transient. A cycle with a hold time increases the fatigue crack propagation in the next
cycle with respect to a cycle without a hold time. Physically, this effect induces an
increase of the plastic zone and can be interpreted as an overload with respect to the
previous cycle.
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Figure 7. Flowchart of the phenomenological model.
The fatigue threshold, Ks, coming from the classical fatigue crack propagation
model [11] is used now to compute the creep crack growth. Ky is assumed to be
proportional to Ky by a factor g (equation f) which is given by:

gReq) = 0. g1 (Reg) + (1 - o) g2 (Req) 3
. Kmeq
th Reqg = ——*
w d KMeq

g1 and g, are functions introduced in the classical model to have more degrees of
freedom in order to analyse more complex loading conditions, and K, represents an
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equivalent minimum SIF introduced to take account of the effects of overloads in
compression. In this analysis we have:

1
«=0 and f,(Red) = T Rea (4)
2 2

where 1, is a material parameter. Once the value of Ks for creep is known at the
beginning of the hold time, it is possible to compute the creep growth Aa, using
equation g) and the relaxation of Ks during the hold time, integrating equation h)
step by step in order to take account of the evolution of Ky with the crack length.
Once the fatigue and creep crack growth are determined, the following step consists
in computing the oxide penetration length using equation k), as well as the new value
of K¢ using equation 1) as presented before. This value of K¢ is introduced in the
expression of Aar (Eq. b) for the next cycle analysis. Equation 1) is the last one for a
given cycle. After that, the process begins again with a new cycle.

The calculation stops when a critical value of the crack length is reached, that
means when the specimen breaks. In this analysis, the critical length was equal to
5 mm in accordance with the experimental tests.

4.4. DISCUSSION

A large number of experimental tests were simulated with this model. Some results
are summarized in Fig. 8 which presents a comparison of experimental and predicted
number of cycles to failure as a function of the shape of the cycle (i.e. from pure
fatigue to pure creep, depending on the value of the hold time).

Nr (cy_cles)
[

10" Ll el el il N
10° 10 10 10 10 10 10 10

hold time (s)
Figure 8. Comparison of experimental and predicted results.

As it can be seen, the results predicted by the model are quite accurate, but they
overestimate the experimental results for cycles with a hold time greater than 5000s.
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This fact can be explained by the procedure adopted for introducing the
environmental effects in the model. As presented before, only the fatigue crack
propagation is affected by oxidation. Now, for long hold times, it is obvious that
oxidation will take place at the crack tip and will change the material characteristics,
increasing the crack propagation and decreasing the lifetime.

4.5. INFLUENCE OF PLASTICITY

The application of an overload during a cyclic loading has several consequences with
respect to the crack propagation rate. It has been observed experimentally that the
rate increases as long as the overload is applied, but it decreases following the
overload until its effect vanishes. At that moment in time, the crack propagates at the
same rate it propagated for cycles without overloads. These variations of the crack
rate can be related to the evolution of the plastic zone at the crack tip. An overload
instantaneously increases the plastic zone size. After that, it will take some cycles to
observe once again an increment of the plastic zone. This mechanism is schematically
represented in Fig. 9.

normal propagation
£ overload (increase in rate)

slow down (decrease in rate)

) normal propagation

Figure 9. Evolution of the plastic zone during an overload.

In order to take account of these phenomena, an new parameter p, representing the
radius of the plastic zone, was introduced in the formulation (relation €) in Fig. 7).
Using the plane stress hypothesis, p can be related to the SIF by the following

relation:
1 (k)2
P=——(—) &)
2\ o,

where K is the SIF and o is the yield limit. In this analysis K=Keq, in order to take
account of cycles with hold time. The plastic zone radius is determined as follows:
At cycle N, Kyieq (N) is computed using relation d) in Fig. 7.

a) if Kyeq(N) is greater than Kyq(N-1), the plastic zone size increases
and the new value of p is given by relation (5).

b) if Kiveq(N) is less than Kyeq(N-1) the plastic zone doesn’t evolve but p
is affected by the increment of the fatigue crack. The new value of p is
then p(N) = (p(N - 1) - Aag), where <x> represents Max(0,x).

The corresponding value of Kyq(N) is determined inverting relation (5).

Kiteg (N)=0'”/2‘Jtp N) .

¢) The process continues computing the creep crack growth.
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4.5.1. Pure Fatigue

The cyclic load in pure fatigue with an overload is schematically represented in
Fig. 10. Cycles of 8daN of amplitude are applied, followed by a deliberately
introduced overload of 14daN during 30 cycles in order to clarify how the model
works in this case.

F (daN)A

14 +

81

-
t(s)

Figure 10. Analysed load in pure fatigue.

In pure fatigue Ky and Kyeq are identical and follow the same evolution, even during
the application of the overloads. Their evolution changes following the overload, Ky
decreases instantaneously but Ky, decreases progressively until it reaches the value
of Ky At that time the effect of the overload is completely annihilated. These
evolutions are presented in Fig. 11 where the solid and dotted lines represent the
evolution of Ky.q and Ky respectively, as a function of the crack length.

26.00 T T T T T T T T
24.00 t .
200 ]
~~
g
~ 2000 |- .
<3
S
18.00 |- o
; — KMeq
1600 |- —— KMax ~
1400 |- -
200 b 101
040 060 080 100 120 140 160 180 200 220

a (mm)

Figure 11. SIF evolutions in pure fatigue during and after the application of an overload.
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Fig. 12 presents the consequence of these phenomena on both the evolution of the
crack growth (solid line) and the plastic zone (dotted line) during the cyclic loading.
The dashed line represents the evolution of the crack growth for a cyclic loading
without any overload. The bifurcation point between the solid and dashed line
represents the application of the overload. The plastic zone increases as long as the
overload is applied, after which it decreases progressively as the crack propagates.
The overload induces an acceleration of the crack growth rate (not visible in the
figure due to the low number of cycles during which the overload is applied) but
following the overload, the rate decreases and the crack propagates slowly until the
effect of the overload vanishes.

2.50 T T T T T

2.00 —— crack with overload . —
,,,,,,,, plastic radius -

---- crack without overload g

length (mm)

10.00x10°

N (cycles)

Figure 12. Evolutions of the crack length and plastic radius during pure fatigue with an overload.

Applying an overload during a cyclic loading has a favourable effect on the crack
propagation rate and it increases the lifetime.

4.5.2. Creep-Fatigue interaction

In this section we analyse the effects of an overload applied during cycling with a
300s hold time. The load is schematically represented in Fig. 13 and it consist again
of cycles of 8daN of amplitude interrupted by 150 cycles of 14daN.

Fig. 14 represents the evolution of Ky (dotted line) and Kyq (solid line) as a
function of the crack length, showing the differences induced by the shape of the
cycle, the influence of the overload and finally the influence of plasticity at the crack
tip after the application of the overload. The dashed line and the dashed-dotted line
represent the evolution of Ky and Ky respectively, for cycles without an overload.

Fig. 15 shows the evolution of the crack length (solid line) and the plastic zone
size (dotted line) during the cyclic loading. The increase in crack growth rate during
the overload is clearly shown, as well as the increase of the plastic zone. The further
evolution of both curves follows the mechanism described in section 5.4.
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Figure 13. Analysed cycles with a hold time and overload.
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Figure 14. SIF evolutions for cycles with a hold time and overload.
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Figure 15. Evolution of crack length and plastic radius during creep-fatigue interaction with overload.
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5. Conclusion

An extensive experimental program complemented with a numerical analysis based
on FEM, resulted in a crack propagation model for Astroloy loaded in fatigue and
creep. The model takes environmental effects into account. The numerical simulation
of crack propagation by FEM with cyclic loads including hold times of 90s, 300s or
900s required lengthy and costly computations in order to closely reproduce
experimental processes. By means of the numerical analysis, mechanical effects were
separated form the environmental effects in the experimental tests, and both effects
were introduced in the phenomenological model. The introduction of the evolution of
the plastic zone at the crack tip allows to take the effects of overloads on the fatigue
crack propagation into account. All these different processes were introduced in a
computational code enabling the analysis of several interactions like creep-fatigue,
fatigue-environment and fatigue-plasticity, which are often neglected in other models.

The model predictions compared well with the experimental results. However, the
model is prone to further improvement with respect to the influence of environmental
effects on the creep crack propagation.

It is planned to extend the model to an anisothermal formulation. In this case,
material parameters will vary as functions of temperature and new finite element
computations will be performed, at several temperatures, in order to analyse the
evolution of the new fatigue and creep thresholds which form the basis of the model.
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1. Introduction

The application of any conventional lifetime prediction method requires some knowl-
edge about the response of a material to the imposed loading. The stress-strain
response should preferably be computationally simulated by an appropriate
constitutive model of material behaviour, instead of carrying out the corresponding
tests.

Extensive research has been carried out to find an effective couple of a lifetime
prediction method for the creep-fatigue interaction regime and an adequate
constitutive model. Within a Japanese project [1], for instance, various combinations
of eight types of lifetime prediction rules and ten representative constitutive models of
viscoplasticity were examined on the example of 2/4Cr—1Mo steel at 600°C, but none
of them was found to be outstanding. Another combination, which is outlined in the
following, was proposed by the authors [2, 3]: the empirical rule of Strain Rate
Modified linear accumulation of creep damage (the SRM rule) for lifetime prediction
is supported by Chaboche’s viscoplastic constitutive model. The accuracy and
reliability of lifetime predictions given by this method for various loading conditions
in which both creep and fatigue take place were verified on the example of IN 738 LC
superalloy at 850°C.

2. The SRM Lifetime Prediction Rule

The applied method of lifetime prediction is based on the Strain Rate Modification of
linear accumulation of creep damage. Assuming the linear, ie. additive,
accumulation of damage, in variable loading conditions the damage, D, evolves
according to

D() = jD(t') dr'. ¢)
0

If the failure condition is defined by D = 1 and damage is only due to creep, then the
damage grows at the rate
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1
te[o®, T®)]

where #;, is the time to failure in a creep test performed under the stress, o, and
temperature, 7, actual at time ¢, held constant [4, 5]. To measure the deviation from
the steady-state creep regime Franklin [6, 7] proposed the ratio of the inelastic strain
rate, €;,, at any instant in time to the minimum creep strain rate, € omn, in the
corresponding stationary loading conditions, i.e. in the creep test under the actual
stress and temperature:

D,(®) = 2

£, (1)
€cmin| S), T(D)]

This refers to both the processes of deformation and damage evolution. Hence the
r-ratio may be used to modify the rate of creep damage (2) and thus take into account
the effects of fatigue damage mechanisms and of the possible creep-fatigue damage
interactions in variable loading conditions. Following Franklin’s suggestion [6, 7] a
simple power law was found to be appropriate for this purpose [8-13]:

Dgu(® = D) |r0)|”, 0))

where v is an adjustable material parameter. Applying the law of linear accumulation
of damage, (Eq. 1), to the Strain Rate Modified damage rate, (Eq. 4), the damage
increment in one cycle of a periodically repeated loading can be evaluated as
8D = D(Af), where At is the cycle period. Its reciprocal value, according to the failure
condition D = 1, gives the prediction of the number of cycles to failure

r(t) = 3

At -1
Noswa = (I tgc[o(t) T@)] rol d’] )
As a special case, for v= 0, the prediction assuming the linear accumulation of creep
damage only (Spera’s rule [4, 5]), N, is obtained.

An additional multiplying factor for compression, c, has to be introduced into the
kinetic law of damage evolution (Eq. 4), and accordingly into the SRM life prediction
rule (Eq. 5), to take into account that compression may not be as damaging as
tension. Specifically, ¢ = 1 if compression and tension are equally damaging, ¢ = 0
for non-damaging compression, and ¢ = -1 if compression is fully damage healing.

The ratio of the cyclic lives predicted by Spera’s and the SRM rules,
Rspm=Ngo/Nesry, €an serve as a measure of the overall deviation from pure creep
conditions and of the influence of fatigue. The highest R-ratio calculated for the
cyclic tests used for the determination of the material parameter v can be regarded as
an approximate upper bound of the validity of predictions given by the SRM rule.

3. The Selection of Chaboche’s Viscoplastic Constitutive Model

Knowledge of the functional relationships of time to failure and steady-state creep
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rate to the applied stress and temperature in creep tests, f¢, = f. (o, 7) and
€omin = Eomin(0, T) Tespectively, is fundamental for the application of the SRM life
prediction rule (Eq. 5). Along with this, the history of stress, temperature and
inelastic strain rate (o (¢), T(¢) and &, (¢)) over the entire (stabilized) load cycle has
to be known. The inelastic strain rate history, however, is not known in advance, nor
is the stress history in a strain controlled load cycle typical for HT LCF (high-
temperature low-cycle fatigue) tests and common in service conditions. The uniaxial
restriction of Chaboche’s constitutive model of viscoplasticity [14] was found
appropriate to supply the SRM life prediction rule with the needed stress and inelastic
strain rate histories, o(¢) and &, (¢f) respectively, by simulating and thus replacing
the corresponding experiments. The model is, however, restricted to isothermal
conditions.

Chaboche’s viscoplastic model is of the unified type, so that the joint effect of
time-independent and time-dependent (creep) inelastic deformations is described by a
single state variable, the inelastic strain g, . Two additional internal state variables, R
and X, describe the isotropic and kinematic hardening, respectively, and the accumu-
lated inelastic strain, p = I: lé:a|de’, is used as a hardening parameter. The inelastic
deformation is driven by the non-equilibrated viscous stress in excess of the current
threshold value determined by the internal (equilibrium) stress, X; and the size of the
elastic region of half width R. The version of uniaxial Chaboche’s model selected to
support the SRM rule consists of the following system of differential equations: the
rate-type stress-strain relationship

6 =E(é-¢&,), ©)

which involves Hooke’s law of linear elasticity, and the kinetic equations of the
evolution of internal variables

~x|-R))"

éin - [ﬁ.lz—l__)J Sgn(o-—X) (7)
K
p= |8l @)
R=b(R,-R)p, 9)
X=Cé-GCo(p)Xp-C|X|]° sgnx, (10)
where

o(p) = 0. + (1-0.,)e?, (11)

() denotes the operator

(12)

() =

x for x>0
0 for x<0,
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and E, K, n, b, Ry, R,, G, C3, C3, p, ¢, and o are material constants. The initial
conditions for a material which has not yet experienced any inelastic deformation are
defined as g,,= 0, p= 0, R = R,, X = 0 for £ = 0. The loading history can be
given by specifying either 6 = o(f) or &= g(f). Note that (Eq. 9) is readily
integrable, and for small strains, (Eq. 6), is integrable as well [2].

The particular feature of Chaboche’s model, advantageous for its use in conjunc-
tion with the SRM method, is that it faithfully reproduces the shapes of stress-strain
hysteresis loops, which ensures a correct prediction of the required inelastic strain
rate at any instant in time.

4. Prediction of Cyclic Life of IN 738 LC at 850°C
4.1. CALIBRATION OF THE METHOD

The computer-assisted lifetime prediction by means of the SRM rule supported by the
viscoplastic constitutive model of Chaboche was verified on the example of the
nickel-base superalloy IN 738 LC in isothermal creep-fatigue interaction conditions at
850°C. The constitutive model was calibrated to IN 738 L.C at BAM, Berlin [15]. The
behaviour of the material in creep tests was analysed in [16] and the analytical
relationships #;, = #;.(0) and Eomin = Ecmin(0) Were established. From the
metallographic study it was concluded that compression is harmless [17] and,
accordingly, ¢ = 0 was applied.

The single adjustable parameter of the SRM rule, v, was determined on the basis
of seven fully reversed saw-tooth strain controlled HT LCF tests performed with the
high strain rate of¢ = +10-2 s'and the systematically varied strain amplitudes from
g,= 0.0022 to g,= 0.0100 [7]. The minimization of the logarithmic standard devi-
ation, s, between the predicted and the measured cycles to failure gave the optimal
value of v = 0.61 with the corresponding lowest value of s = 0.322.

4.2, EVOLUTION OF DAMAGE IN THE COURSE OF A LOAD CYCLE

The evolution of damage in the stabilized cycle of a fully reversed saw-tooth strain
controlled cyclic test with strain rate € = £102 s and strain amplitude ,= 0.0075
as given by the applied method is shown, as an example, in Fig. 1. For the given
time-variation of strain, £(¢), the constitutive model, (Eqs. 6-11), predicts the stress
response, the evolution of the inelastic strain, and its rate—o(¢), €, (¢), and &, (1),
respectively. The deviation of the latter from the steady-state creep rate & min(¢)
under the stress actual at the moment determines the damage rate under tension
according to (Eq. 4); the unmodified creep damage rate, (Eq. 2), is also shown. By
integrating these damage rates over the cycle according to the principle of linear
accumulation, (Eq. 1), the damage growth per cycle of 8D = 0.0143 and
8D = 0.0024, respectively, is obtained. This gives the prediction of 70 cycles to
failure according to the SRM rule, whereas 415 cycles would be expected if damage
were due to creep alone. There were 100 cycles to failure measured in the correspond-
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ing test [7]. The DSRM curve in Fig. 1 clearly shows which part of the loading cycle is
damaging and to what extent.

4.3. RESULTS OF LIFETIME PREDICTION

On the basis of the 7 simplest tests used to calibrate the method, the cyclic lives in a
further 52 HT LCF tests were predicted and compared with the experimental values
measured in different laboratories. All the tests were strain controlled and fully
reversed with constant strain rates in tension and compression, as shown in Table 1
(for the experimental data sources see [2] or [3]). Group 1 refers to the calibration
tests. Group 2 contains the tests of the same kind performed in three other
laboratories. The tests from groups 3 to 11 were performed in (mostly) quite different
cyclic loading conditions. By including fast-fast, slow-slow, slow-fast and fast-slow
tests, with cycle frequencies from about 4-10* Hz to 1 Hz the whole range of creep-
fatigue interaction conditions is considered to have been adequately covered. Note
that slow-fast and fast-slow tests are a useful alternative to tests with dwell times [18].

The quality of the given lifetime predictions is shown in Fig. 2. They were all
within the range of validity, which in the present example is given by Rgp\< 70.
Solid and open circular symbols in Fig. 2 refer to the tests from groups 1 and 2,
respectively, and both show the quality of interpolation. Triangulars represent the
extrapolated predictions given for the tests from groups 3 to 11. Under the justified
assumption that the logarithmic deviations between the predicted and the measured
cycles to failure, log N spy— 108 Ny mess» ar€ approximately normally distributed,
95.5% predictions are expected to be within a scatter band of width 4s in the
logarithmic scale, where s is the logarithmic standard deviation. This corresponds to
a factor of 10¥2* in cyclic life. The logarithmic standard deviation of s = 0.234
calculated for tests from groups 1 and 2 together, indicates the quality of
interpolation. This is better than could have been expected on the basis of s = 0.322
found for the calibration tests, which means that the experimental data for the set of
calibration tests were less consistent. The quality of extrapolation is indicated by
s =0.245 obtained for tests from groups 3 to 11. The value of s = 0.239 for all 59 tests
together corresponds to the inherent empirical data scatter which was estimated to lie
between 0.20 and 0.30 for all the analysed tests (cf. [9] and [12]). The scatter band of
95.5% confidence as judged from s = 0.322 of the calibration tests, and the actual one
corresponding to s = 0.239, are marked in Fig. 2 with dashed and full lines,
respectively.

Extrapolation to different cyclic loading conditions appears to be as reliable as
interpolation. There is, however, a clear rationale for this beneficial outcome. The
method was intentionally calibrated to the tests where fatigue had the strongest
influence taken into account by the adjustable parameter v. The cycle frequency of all
other tests was equal or lower than in the calibration tests, so the conditions were
either the same or closer to those of pure creep. Thus all the predictions were made
for the conditions of creep-fatigue interaction between the two appropriately modelled
extremes: steady-state creep, as a starting point of the SRM lifetime prediction rule,
and the conditions of the most pronounced action of fatigue.
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TABLE 1. HT LCF tests used in the analysis.

Group || No. Strain rate Strain Measured
# of tensile, compr., amplitudes, cycles to failure,
tests é/s7! —&/s! g,-100 N meas
1 7 107° 1072} 022 ... 1.00 | 39000 ... 45
2 14 107° 107> ] 025 ... 125 | 54000 ... 16
3 2 14-107* | 14-107* | 028 and 0.39 | 4 100 and 720
4 4 107° 107 | 036 ... 099 | 1200 ... 33
5 6 3-107° 3-1073 | 028 ... 0.96 750 ... 15
6 3] 25-107° | 25-100° | 029 ... 094 | 2500 ... 28
7 4 107° 107 | 024 ... 045 440 .. %2
8 1 3.5-107° | 3.5-107° 0.21 580
9 10 107° 1072 | 024 ... 059 420 ... 33
10 1072 107 | 0.23 and 0.50 | 4500 and 190
11 1072 107 | 031 ... 0.59 250 ... 32
T T LI R LI ™
- @ Calibration tests (Group 1) Py /‘/ i
100}~ O Interpolations (Group 2) 4 ya

A Extrapolations (Groups 3 to 11) /

10°
Measured cycles to failure, Ny, ..o

10*

Figure 2. Predicted vs. measured cycles to failure.
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S.

Conclusions

A vparticular empirical rule of Strain Rate Modified linear accumulation of creep
damage (the SRM rule) has been supported by Chaboche’s viscoplastic constitutive
model to predict lifetime under a non-stationary loading at high temperatures, i.e. in
the creep-fatigue interaction regime. The ability of this combination to extrapolate
lifetime predictions to various cyclic loading conditions other than those of the few
fatigue tests required for the calibration of the SRM rule has been proved for
IN 738 LC superalloy under uniaxial cyclic loading at 850°C. An inherent criterion
for the validity of a given prediction appears as a particular advantage of the method.
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Bundesanstalt fiir Materialforschung und -prifung (BAM),
Unter den Eichen 87, D-12205 Berlin,

Germany

1. Introduction

High temperature components such as cooled or uncooled first stage turbine blades
are subjected to triaxial stress fields, mainly induced by constrained thermal strain
fields during service. The steepest temperature gradients and consequently the largest
thermoinduced stresses are generated during start-up and shut-down phases of turbine
operation.

The aim of our experiments and numerical simulations is to study the local
material behaviour of hot components under thermal conditions as described above.

Furthermore, the applicability of the J-theory is verified by the comparison of
uni- and multiaxial non-isothermal test results. To investigate life prediction the
inelastic work density and the strain rate modified (SRM) time-fraction rule are used.

2. Material

The material studied was the cast nickel base alloy IN738LC. The material was
solution treated at 1120°C for two hours, air cooled and aged at 850°C for 24 hours.
The material was not hot isostatically pressed (HIPed). The microstructure consisted
mainly of cuboidal y' particles embedded in a y-matrix. The volume fraction of ¥ was
approximately 43%. Thin-walled specimens, 200 mm in total length, 25 mm gauge
length, 26.5 mm outside diameter and 1.25 mm wall thickness in the gauge section
were used. The specimens were supplied as cast-to-size tubes [1].

3. Experimental Set-up

The Thermo-Mechanical-Fatigue (TMF)-tests were conducted on a tension-torsion-
internal pressure closed loop test system under computer control. This system is
equiped with an induction heating unit and a temperature monitoring device [2].
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4. Thermo-Mechanical Straining Paths

The operating cycles were simulated by strain controlled TMF-tests with several
phase angles ¢r between mechanical strain €, and temperature T. The controlled
total strain €, was achieved by adding mechanical strain € and thermal strain
&m (T). &, complies with constrained thermal strain. To calculate 4(T), a polyno-
minal approximation of second order for the coefficient of thermal expansion o(T)
based on experimental data was used. A further step to study the material behaviour
under more realistic load conditions is to create a ¢, /T-history representative of the
conditions at the leading edge of the first stage of a cooled blade in service [3].

The multiaxial TMF-tests discussed in this paper belong to three groups according
to the different ¢ /T-paths: 1. proportional with phase angles ¢=0° (In Phase (IP))
and @ =180° (180°Qut of Phase (1800P)), 2. nonproportional (diamond, sinusoidal)
with @r=90° (900P) and 3. complex nonproportional € /T- cycles (service cycles).

To compare multiaxial with uniaxial tests an equivalent strain range has to be
defined:

A%, = (8e,)’ +§(Ay)2 )

The tests were performed at equivalent strain ranges Ag =0.6%, 0.8%, 0.9%,
1.2%, equivalent strain rate &,=10"* 1/s, phase angle of mechanical values ¢, =0°
(proportional) with s;=y/V3, and ¢, =90° (nonproportional, sinusoidal) in the
temperature range 450°C<T<950°C and with temperature rate T=4 K/s.

5. Stress-Strain Behaviour
5.1. PROPORTIONAL STRAIN-TEMPERATURE PATH, ¢y =0°

Only a brief summary of the tension-torsion stress-strain behaviour will be given in
Fig. 1 due to the large variety of TMF cycle shapes which were investigated. The in-
phase (pr=0°) proportional strain-temperature path results in an asymmetric stress-
response (Fig.la (stress response)). In the range of high temperatures
(750°C—950°C) a significant stress relaxation is observed due to the time-dependent
inelastic strains. The stress-response for tension and torsion is similar.

5.2. NONPROPORTIONAL STRAIN-TEMPERATURE PATH
(DIAMOND), @r=90°

The non-proportional diamond (¢=90°) strain-temperature path achieves extremes of
strains at T = 700°C, Fig. 3b. For temperature T < 700°C mechanical properties are
nearly independent of temperature and strain rate [4]. The TMF stress response meets
at comparable mechanical strains the responses of isothermal tests in the tempe-
rature range 700°C— 450°C— 700°C. In the range 850°C— 950°C— 850°C
softening is observed.
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5.3. THE COMPLEX STRAIN-TEMPERATURE PATH, ¢r=COMPLEX

The applied ¢,,/T-history (Fig.1c (applied strains)) was developed from a component
analysis [3]. As shown in Fig.1c (stress response) compressive stress peaks occur after
warm-up, during acceleration and at base load. Tensile stress peaks occur before
"load' and during 'unload'. The largest inelastic strain is achieved after 'warm up'. It is
mainly reduced during the unload phase by tensile stress. The influence of a variable
temperature on the mechanical properties can be seen in the range 850°C— 950°C—
850°C, i.e. the base load temperature range, as described in 5.2.

In all groups it can be observed that the magnitudes of the shear-stresses are
generally higher than the magnitudes of the normal stresses.

6. Comparison of Uni- and Multiaxial Stress-Strain Behaviour
6.1. EXPERIMENTAL VERIFICATION OF THE J,-THEORY

To verify the von Mises-hypothesis, in this case for a plane stress-state, the behaviour
of the equivalent stresses and strains in multiaxial and uniaxial tests under equal
thermal loads, equivalent strain ranges and strain rates have to be compared. It
should be remarked that the curves of equivalent stresses versus equivalent strains
lead to a very complex plot because all values are positive. Therefore the curves were
changed by signs to get the usual hysteresis loops. The results are shown in Fig.2.

Pure tension-compression- and torsion-tests as well as tension-compression-
torsion-tests are compared. Fig.2a represents the IP-path with ¢r =0, Fig.2b the
900P-path with @7 =90° and Fig.2c the complex path. In Fig.2c the pure torsional
load is left. The equivalent stress values of pure tension-compression-tests are about
100 MPa lower than the others. These deviations are inside the scatterband of this
material. The equivalent stresses and strains, calculated by the von Mises relation, of
several mechanical loadings are in a good agreement, thus the J,-theory is altogether
applicable to TMF-loadings.

6.2. NUMERICAL SIMULATION OF MULTIAXIAL HARDENING BEHAVIOUR

Simulations of the stress-strain behaviour under TMF-loading (Fig.5) were performed
using simple non-isothermal constitutive equations [5] based on the viscoplastic
Chaboche model [6]. Material constants for IN738LC have also been given in [5].
Essentially, a finite state function for the isotropic internal stress depending on the
accumulated inelastic strain and temperature has been used [7]. Only isothermal
uniaxial test data were used to calibrate the model. Further simulations under non-
proportional loading are presented in [8].
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The described non-isothermal simulations show the applicability of the constitutive
stress-strain model for the case of TMF-loading of a material element. At this stage,
the non-isothermal viscoplastic model can be applied for the computation of the
inhomogeneous (temperature, strain, stress etc.) fields in structures. Examples are a
turbine blade [9] and also a wedge-type specimen (Ramteke ef al. [10]).

7. Lifetime Assessment

7.1. THERMO-MECHANICAL FATIGUE

For lifetime prediction the following tests were performed: tension-compression tests
with ¢@r =0°, ¢r =180° and the complex &,,/T-path, further tension-compression-
torsion-tests with the complex path and a sinusoidal path with the phase angle
or = - 90°, ¢, = 90°. The tests were carried out with three comparable equivalent
strain ranges (Fig.3).

The cycles to failure Nywere found by a 1%-stress-decrease in 6,,,,/N with respect
to decreasing regression straight-lines which include also points behind saturation
[11]. The inelastic work Zo;Aey™ of the cycle Ng2 was determined and plotted dou-
ble logarithmic against Ny (Manson-Coffin) [12, 13].

The coefficient A and the exponent m in the correlation

ZcAs —A N @

are obtained by linear regression for each test group. Fig.4 shows the points of five
test groups with their straight-lines of regression. The most outside points limit a
scatterband with an Nf width-factor of 2.25 with respect to the scatterband midline.

7.2. HIGH TEMPERATURE FATIGUE

For lifetime prediction the approach of Franklin [14] and Danzer [15] has been
combined with Chaboche's viscoplastic stress-strain model [6]. The damage rule can
be considered as a rate equation for the consumed lifetime fraction that is denoted by
D and set 0 at the beginning of loading and 1 at failure:

dt ] J 1,fc2 0
dD = (@), B= 3
tf,c(lcl ’T) [ I,e cxmn(l | ﬁ ° B { R 1:f0'< 0

Here, t¢ is the time-to-creep-fracture.  gives the amount k. of damaging under
compression with respect to the damaging under tension (Rubesa and Danzer [16]).

In the strain rate modified time-fraction rule (3) the deviation of the current
inelastic strain rate &;, from the minimal creep rate &, m» under the current stress is
taken into account. The deviation from monotonous deformation under fatigue is
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indicated on the microscopic scale by the initiation and propagation of small cracks.

The material constants 1o, v and k. have been estimated by Danzer [15] for
IN738LC in air: 10=2.6, v=0.71, k=0. In the present paper the predictive capability
of these fatigue constants, which have been determined without using a viscoplastic
stress-strain model, is investigated.

The damage rate equation (3) was applied to high temperature fatigue including
relaxation periods, see Fig.6a. The tests performed have been strain-controlled
without mean-strain at different strain rates. The predicted lifetimes are given in
Fig.6b. They are within a factor of 2. This result of coupling the damage rule with a
viscoplastic stress-strain model can be considered as a verification of the procedure
given in [17] to approximate fatigue lifetime, because with this procedure the
essential fatigue constant v has been determined.

In cyclic loaded structures multiaxial fatigue occurs. An application to this
problem is the next step of investigation of the presented lifetime approach. To assess
life under TMF-loading (including oxidation effects) [18] an additional thermal-
mechanical cycling factor has been proposed by Neu and Sehitoglu [19].

8. Conclusions

The stress-strain behaviour of IN738LC under TMF-loading is nearly independent of
temperature for T<700°C [20]. The shear stresses are usually about 10% higher than
the normal stresses under the load of equal shear and normal strains.

It was verified by experiments that the von Mises-hypothesis is altogether
applicable to the hardening behaviour of IN738LC under TMF-loading.

By using inelastic work, a simple relation to predict lifetime for the investigated
kinds of TMF-tests can be proposed. The sinusoidal time histories of applied strains
and temperatures generate the highest work and result in the fewest cycles to failure.
No significant dependence on the type of the load path and nonproportionality of load
components can be observed. The scatterband with a Np-width-factor of 2.25 is nearly
the usual of 2.0,

Constitutive equations based on the viscoplastic Chaboche model describe the
non-isothermal multiaxial hardening behaviour in the fatigue tests performed.

The coupling of the Franklin-Danzer damage rate equation with the viscoplastic
model is successful for not HIPed IN738LC at 850°C without any redetermination of
the material constants.
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1. Introduction

The industrial materials used for the construction of certain components of modern
thermal machines are often submitted to severe thermomechanical loadings and the
precise knowledge of the behaviour and the development of the isothermal and
anisothermal laws proves to be indispensable for an eventual prediction of the
lifetime of these structures. Toward this end and with the considerable development
of internal variable models which lead to a precise modelling of the mechanical
behaviour under isothermal conditions, many recent studies attempt to enlarge their
domain of application to the case of anisothermal loadings [1-16].

These works demonstrate the real predictive possibilities of this type of strategy
given a correct mathematical formulation for the transition of the isothermal case to
the anisothermal case [2-5, 7-16]. Meanwhile, certain materials possess temperature
history effects meaning that a one to one relation between mechanical response and
temperature does not exist [1, 3, 6, 17]. In this context, in addition to the correct
expression of the kinetic equations, it is necessary to understand and to analyse these
history effects in order to model them with a view to their integration into the general
model framework.

In the present case an austenitic stainless steel is studied between 20 and 650°C.
This steel is mainly used in nuclear industry, namely in the construction of heat
exchangers for the fast breeder reactors. An adequate knowledge of its behaviour
under isothermal conditions constitutes an essential preliminary step before the study
of anisothermal loadings. The results of this analysis were given by Delobelle [18].
This article presents a precise study of the response of this steel to anisothermal
loadings in order to demonstrate an eventual temperature history effect.
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2. Experimental Techniques

The test specimens are obtained from slices removed from 30 mm thick sheets and
annealed at 1200°C. The weight composition of this low carbon steel is given in
Table 1. Several machines have been used to perform the different experimental
sequences, namely a screw tensile machine controlled by strain and monitored by a
microcomputer for the stepwise isothermal tests, an electrodynamic torsion machine
which allows the strain to be a function of the temperature signal for the real
anisothermal tests, and finally a hydraulic tensile-torsion machine, used for the
biaxial tests (in and out of phase) at isothermal levels.

TABLE 1. Weight composition of the steel in mass %.

C<0.03|S<0.001 | P<0.021 | Si 0.44 | Mn 1.084 | Ni 12.3 | Cr 17.54| Mo 2.47 | N 0.075 | B 0.001 | Co 0.15
| Cu 0.175 | Ti < 0.005 | Nb 0.015 | A10.100 | Fe bal.

3. Experimental Results and Analysis

The best way to approach and analyse potential temperature history effect is by
performing thermal cycles at different isothermal levels and successively increasing
and then decreasing the temperature stepwise, or vice versa, while having the
possibility of changing the values of the cycle limits. This approach is realized for
monotonic, uniaxial and biaxial cyclic loadings (in and out of phase).

3.1. THE MONOTONIC TESTS

Fig. 1 shows an example of a monotonic test with successively increasing then
decreasing isothermal steps. If the monotonic curves obtained for each isotherm are
superimposed, it is shown that within experimental error due to the presence of the
yield point return phenomena, the strain levels are identical. This means that there is
no noticeable temperature history effect, an observation which is in agreement with
the results of Niitsu and Ikegami [19] obtained for a 304 stainless steel.

3.2. UNIAXIAL CYCLIC TESTS

The peak values of the stress are shown in Fig. 2 for a cyclic strain test and for three
cycles of increasing and decreasing temperature steps (20 <> 200 <> 400 < 560 <>
600°C). The test characteristics are: ¢, =66x107"s™, Ael /2=+4x107, 50
mechanical cycles for each step and a zero force control at temperatures of approxi-
mately one hour at each step. If the average of the peak stress values Ac,,/2 is plotted
as a function of the temperature T, for the three thermal cycles at the end of each
step, it is shown in Fig. 3 that the relation Ac,, /2=f(T) is not one to one, which

means that there is a temperature history effect.
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Indeed, whereas the stress levels correspond to those obtained under isothermal
conditions for the first half thermal cycle, this is not true for the remaining thermal
cycles, the stress levels being larger than those of the isothermal tests. For 20°C, a
hardening of the order of 80 MPa is obtained. In addition, it can be remarked that, on
the one hand, the stress levels are nearly identical for the thermal cycles two and
three, which means that the temperature history has been established from the first
thermal half cycle, and on the other hand, the paths for the increasing temperature
are slightly different than that of decreasing temperatures. This experiment tends to
show that the material memorises the maximum temperature reached during the
thermal cycling (Tya = 600°C) and that the hardening amplitude is a function of Ty
and of the amplitude of the domain where n*=(&Ac,, /2)/8T) > 0. These two facts
are confirmed by the experiments reported in Figs. 4 and 5. Indeed, if two thermal
cycles are performed starting from T = 600°C, it is shown in Fig. 4 that in this case
a trajectory higher than in the previous experiment is directly obtained,
corresponding to the material in its memorisation state for Tmax = 600°C. In the
experiment shown in Fig. 5, six thermal cycles are performed between 100°C and
Tmax by progressively increasing the upper limit (Tp.x = 200 (point (1)), 300 (2), 400
(3), 525 (4) and 600°C (points (5) (6)). For Ty = 200°C and belonging to the zone
n* < 0, the cycle is reversible and no supplementary hardening appears ; for
Tmax = 300°C and corresponding approximately to n* = 0, only a very slight
hardening is noticeable, whereas for T, = 400, 525 and 600°C corresponding to
n* > 0, a significant hardening is obtained as an increasing function of Ty, The
material thus memorises Trax Wwhen n* = (&(Ac,, /2)/0T) > 0.

The hardening amplitude can be evaluated by plotting a path parallel to the
branch n* < 0, starting from the maximum temperature reached and obtained from
isothermal tests. It can be shown that if the same type of experiment is performed
starting from 500°C and with decreasing T..., then the hardening is obtained
immediately after the first stage at this temperature and its amplitude corresponds
closely to cycle four of the previous experiment. There again the material has
memorised Tpa = 500°C. It can also be noted that past 550-600°C, n* is negative
again and that in this zone the material no longer memorises T,.. The highest
memorisation temperature is situated in the neighborhood of 600°C, which
corresponds to n* = 0 and (Ac,,/2) maximum.

In conclusion, it can be affirmed that the memorisation of Ty, is made in the
domain found between the two zeros of the curve Ac,/2 = f(T) and when its
derivative is positive. Only by maintaining a high temperature (T = 650°C for a few
hours) can the hardening resulting from the temperature history be progressively
erased by the recovery effect of the structure.

These different observations agree globally with those reported by Murakami et
al. [17] and Ohno et al. [8], respectively on 316 and 304 stainless steel.

3.3. CYCLIC BIAXTAL TESTS IN TENSILE-TORSION

The effect of multiaxial stresses on the phenomena of temperature history memori-
sation is studied using cyclic tension-torsion tests, both in phase (¢ = 0°) and out of
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phase (¢ = 90°) along different stepwise isothermal loading trajectories. It is well
known that this steel possesses a supplementary cyclic hardening which is a function
of the non-radiality of the loading and has a maximum for a phase shift of 90° and a
ratio between the maximum strain amplitudes equal to 2/ 3 [20, 21]. However, for
radial loadings (¢ = 0°) no supplementary hardening appears. Since the objective is to
analyse the consequences of the temperature history effect for non-radial loadings, the
same stepwise isothermal loadings are adopted as those shown in Figs. 3 and 4, with
¢ =0° and ¢ = 90°.

The results mentioned in Figs. 3 and 4 are found again, both qualitatively and
quantitatively, for radial loadings, indicating that the same conclusions as before can
be drawn.

However, in the case of out of phase loadings (¢ = 90°), the stress levels Ag,, /2
(equivalent von Mises stress) are higher than those for the radial tests. This result is
in agreement with the cyclic out of phase properties of this steel under isothermal
conditions. The supplementary hardening is a decreasing function of temperature
[21,22]. Hence, during the first thermal half-cycle in Fig. 6, the levels of AG,,, /2 are
in agreement with those of the isothermal tests while for the rest of the temperature
sequence, as for the uniaxial tests, the material memorises its passage through 600°C
(Figs. 6 and 7). At room temperature, this new supplementary hardening is of the
order of 70 MPa, a value which is identical to that obtained for uniaxial loadings. It
should be noted that these observations are in disagreement with those of Murakami
et al. [22], who report only a very small temperature history effect for ¢ = 90°.

In summary, it has been demonstrated that the conclusions resulting from uniaxial
experiments and relating to the temperature history effects remain applicable to radial
and non-radial multiaxial loadings. Two types of supplementary hardening have been
clearly described at room temperature, one pertaining to the non-radiality of the
mechanical loading and the other one to a temperature history effect.

3.4. ANISOTHERMAL TESTS

Several real anisothermal tests have been performed in order to confirm the results
presented above and to compare them to the numerical predictions given by the
behaviour model [16,18]. The problems of thermal dilatation are avoided by
performing anisothermal torsion tests with uninhibited axial strain. The shear strain
is controlled by the temperature signal via an extensometer and a microcomputer.
Tests are performed in phase, in % phase, in phase opposition, in % phase and in
double phase (two mechanical cycles for a thermal cycle), for three successively
increasing strain levels (around 40 cycles at each level). The experimental conditions
are such that T =7°C min” and AT is between 600 and 200°C. The results of the in
1/4 phase and double phase tests are shown in Figs. 8 and 9 for the last cycles at each
strain level. If the stress levels (Ao, /2) are compared at the characteristic points of
the cycle (inversion and singular points) where the strain and temperature are known
for the same conditions under isothermal loading, then it can be shown that a
difference of about 70 MPa exists for the anisothermal loadings. These results
confirm the conclusions drawn for stepwise isothermal experiments.
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Figure 1. Stepwise isothermal monotonic tests. Figure 2. Stepwise isothermal cyclic tests.
Experimental results and model. Experimental results and model.
Figure 3. Evolution of the average peak values Figure 4. 1dem Fig. 3 but starting from
as a function of the temperature. T=600°C.
Experimental results and model. Experimental results and model.

Figure 5. ldem Fig. 3 demonstration of the
memorisation of T When:

&Ac,, /2)y8T>0
Experimental results and model.



440 A. BOUCHOU and P. DELOBELLE
— AC |2 (MPa) Aty
MP v max =0.30%
AC pax] 2 B1Pa) 2528 _0.30% | s00f ©-20°7 2
500 ¢ =90 2 ] L%z - 0.32%
= L%z L 0.32% 450 F
450 2 20 mechanial c;
ycles
S 20 mechanial cycles 400 F for each isotherm
400 \Q for each isotherm
350 1) 350 - E
Experiment
o . 300f | o **P
300 o Experiment - Model
Model _
250 T T L L IT(OC)zao PP SPEEPTE I B ,|.\.,|.T(°C)
0 100 200 300 400 S00 600 700 0 100 200 300 400 500 600 700
Figure 6. Stepwise tests with cyclic biaxial Figure 7. 1dem Fig. 6 but starting from
out of phase loadings. Tmax = 600°C.
Experimental results and modelling.
Figures 8-9.  Anisothermal in 1/4 of phase and in double phase.
Experimental results and modelling.
T_0=pathnel — | £#0,T>0=Pathn2 — || - . .
ann €# 0, T<0 => Path n°3 vs,iT=Pathn4 - Ao
' - * T i
1L 3 o i
o
o> e
S S : x
D ) " e "
(a) (b) (©) @

Figure 10. Implications of Eq. (4), flow chart of the functioning.



THERMO-MECHANICAL BEHAVIOUR OF A STEEL 441

4. Discussion on the Temperature History Effect

The existence of a temperature history effect has been demonstrated and its
characteristics described. However, its physical nature remains to be explained. This
effect is directly related to the existence of a maximum in the curve Ac_ /2 = f(T),
creating a non admissible domain where 6(Ac,, /2)/0T is positive. In other words,
the physical nature of the temperature memory phenomena is related to physics of the
hardening mechanism associated to this maximum.

Several studies [23-26] clearly show that between 200 and 600°C there exist very
strong interactions between dislocations and point defect configurations in these
steels (dynamic strain aging) causing this hardening at intermediate temperature.
These interaction phenomena are very sensitive to the loading rate and can lead to a
negative coefficient of the stress sensitivity with respect to the rate, a fact which has
already been observed for this steel [18]. The amplitude of the maximum is thus a
function of the strain rate, and in all logic the effect of the temperature history should
also depend on the rate, in the sense that the maximum is more pronounced for
smaller rates. This point has been verified experimentally. Since the interactions
occur with the dislocations present in the material, thus independently of the
activated slip systems which are a function of the non-radiality of the loading, it
would seem logical to find this history effect in uniaxial as well as biaxial tests. This
mechanism, which is intrinsic to solid solutions, explains the memorisation of the
maximum temperature. Note that this type of hypothesis has already been suggested
by several authors [3, 22].

5. Modelling

Many recent studies show the current predictive possibilities of internal variable
models for both isothermal and anisothermal thermomechanical loadings [1-16, 27].
The methodology which is generally accepted and which allows access to an
anisothermal modelling can be summarised as follows :

a) Study of the material behaviour under isothermal conditions.

b) Modelling of the isothermal behaviour and correlation between
calculations and experiments for each isotherm.

c) Introduction of smoothing functions to describe the evolution of the
different model parameters which depend on the temperature and
correlation between calculations and experiments.

d) Study of the behaviour under anisothermal conditions in order to detect a
possible temperature history effect related to a microstructural instability
phenomenon.

€) A correct mathematical formulation for the transition from the isothermal
case to the anisothermal case based on thermodynamical considerations,
namely taking the temperature as a state variable in the free energy
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expression. This leads to the presence of terms incorporating the
temperature rate (T) and allows the absence of a temperature history
effect, i.e., the reversibility of the mechanical cycle response as a function
of the temperature to be described.

f) Modelling of a possible temperature history effect as well as its intro-
duction in the anisothermal model without a temperature history effect.
The objective of this step is to take into account the phenomenon of
microstructural instability.

g) Comparisons between the model predictions and experimental results of
true anisothermal tests.

Compared to this methodology, it can be said that the phases (a) to (d) are
admitted without change [18], and that the steps (€) (f) and (g) need to be performed.

The limited scope of this article does not allow the details of the modelling to be
described. We only present the general principles of the procedures €) and f).

5.1. TRANSITION FROM THE ISOTHERMAL CASE TO THE ANISOTHERMAL
CASE WITHOUT TAKING INTO ACCOUNT THE TEMPERATURE
HISTORY

As mentioned earlier, the methodology consists in modelling initially the absence of a
temperature history and then introducing a temperature history module in accordance
with experimental observations. The first step can be analyzed using the general
thermodynamical considerations concerning internal variable models 15, 28-29].
The knowledge of the thermodynamical potential y (free energy) as a function of the
state variables allows the definition of the corresponding thermodynamical forces. For

example, if we consider the inelastic part of the free energy, y' (X, T), we have :

ij °

0@ Ny g0 )

i (k) L |
ij

The thermodynamical flux X(° is defined from the dissipation potential
Q' (ocfjk),T), which is given by :
(k) _ = o(a® o® )
i - g( B B
3 (k) ij 1_]
Bou

Thus, in order to obtain the constitutive laws oc = F(oc(k) M T), Eq. (1) must

1_] ’
Qe differentiated and then combined with Eq. (2), whence the appearance of terms in
T due to the temperature dependence of certain parameters a™ in the kinetics of the
evolution laws. This leads to :

(m)
% 3)

1
. (k) _a(k) (k) i
o T=0)+a 2‘. ™ o1 |
So, these equations are divided into an isothermal part (T = 0) and a part
depending of the temperature rate. This procedure is applied to all the internal
variables of the model.
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5.2. FORMULATION OF THE TEMPERATURE HISTORY MODULE AND
INCORPORATION INTO THE MODEL

In the first part of this article, it is shown that this material memorises the maximum

value of the peak cyclic stress reached when the derivative of the cyclic stress as a

function of temperature is positive, and that this phenomenom is certainly due to

dynamic strain aging. In order to describe this property mathematically, ti:¢ notion of

a "fictitious temperature" T* is defined by Eq. (4) :
T°=[(1- BT -T"))(1- H(T,,,, - D) + HT-TO)|T, @

with T, =Max(0,T.H(g))

or, in condensed form : T =H T, H being the temperature history module. It is

recalled that H(.) is the Heaviside function. This fictitious temperature is then

introduced in the Eq. (5) for the saturation value Y<. of the variable Y.’ which

describes the hardening corresponding to dynamic strain aging.

(T-1®Y

) _ s

Y((';n =YC:° texp—L—I-FB— )

The implications of the Eq. (4) can be made explicit with the aid of the flowchart
in Fig. (10). The Eq. (4) combined with a transformation by means of Gaussian laws
(Eq. 5) allows the temperature history effect observed at the stabilized cycles to be
described.

6. Comparisons Between Predictions and Experiments

In Fig. 1 we report the predictions for monotonic temperature step tests. In agreement
with experiments, there is only a weak temperature history effect. This can be
explained by the fact that in this kind of test, the accumulated plastic strain is too
small to significatively activate the isotropic variable. The numerical simulations of
the principal cyclic experiments are reported in Figs. 2 to 7. The agreement of
maximum stress levels at the stabilized cycles is globally satisfactory, which means
that the principal effects of temperature history are accounted for by this model.

For real anisothermal loadings, the simulations are reported in Figs. 8 and 9 and
we show that they are fairly close to the experimental results.

7. Conclusions

With the aid of uniaxial and biaxial (¢ = 0 and 90°) stepwise isothermal tests, it is
shown that this austenitic steel possesses a temperature history phenomenon which is
independent of the type of loading and is intrinsically related to a solid solution
effect. The material memorises the maximum temperature attained in the domain
where the derivative of the maximal cyclic stress with respect to the temperature is
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positive. Real anisothermal tests, where mechanical and thermal loadings evolve
simultaneously, have confirmed this observation.

A simple mathematical formulation is proposed which, after being integrated into
a unified viscoplastic model developed and identified elsewhere [30], leads to an
acceptable phenomenological representation of the totality of the performed thermo-
mechanical experiments. While the introduction of the temperature history module is
absolutely necessary to describe the anisothermal behaviour of this steel, it can be
shown that the introduction of terms in T into the evolutionary laws of the hardening
variables only slightly improves the numerical predictions.
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1. Imtroduction

Structural components of an ITER- or DEMO-blanket are subjected during service to
alternating thermal and mechanical stresses as a consequence of the high heat fluxes
and pulsed reactor operation, as well as coolant pressure, magnetic loads and
temperature gradients. The material of the structure must be dimensionally stable and
retain adequate mechanical properties during exposure to the environmental
conditions, if the required performance and prolonged endurance of the structure are
to be achieved. Of particular concern is the fatigue endurance of martensitic steels
under cyclic strains and stresses produced by the temperature changes. Along with
radiation damage, this is currently considered as the most detrimental lifetime
phenomenon for the above structure [1,2].

In order to design such structures operating under combined mechanical and
thermal cycling, fatigue life has to be calculated with reasonable accuracy. Currently,
fatigue life prediction analysis is based on isothermal fatigue data obtained at a
chosen (often maximum operation) temperature. It has been shown that in some cases
this approach is non-conservative. The generation of test data by thermal-mechanical
fatigue experiments, simulating more accurately the service conditions, has thus
become necessary. However, these experiments are very expensive ; they are neither
standardized nor applied in design codes. Therefore, thermal fatigue resistance still
has to be predicted from isothermal fatigue data [3,4].

The aim of the present work is to analyse a large set of existing isothermal data on
the MANET I steel, in a wide range of temperatures, strains and strain rates, in order
to extend a modified Manson-Coffin damage law. In a further study, this model can
be applied to the thermal-mechanical results, as an isothermal-result-based life
prediction model. The MANET 1 steel (MArtensitic steel for the Next European
Torus) had been selected by the EC Fusion Programme as one of the prime candidate
materials for applications as a first wall of the blanket structure.
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2. Material and Experimental Procedure

The studied alloy is a ferritic-martensitic 10.6% Cr stainless steel, in tempered
condition. Its chemical composition is given in Table 1.

TABLE 1. Chemical composition of MANET I (wt %).
TypeDIN14914 C Cr Ni Mo V Nb Si Mn B N
Heat 53645 0.13 106 0.87 0.77 0.22 0.16 0.37 0.82 0.08 0.02

Mechanical and thermal fatigue tests have been performed in air on hourglass
specimens (Fig. 1), solid in case of isothermal fatigue, hollow in case of thermal
fatigue. After machining, the samples were vacuum heat-treated as follows:
homogenization (2 h at 960°C, air cooled), austenitization (30 min at 1075°C, air
cooled), tempering (2 h at 750°C, air cooled).

/
S
o

/,
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I 77

tt- M 16 - =l

Figure 1. Solid hourglass specimen configuration (dimensions in mm).

The fatigue experiments were conducted at Forschungszentrum Karlsruhe (FZK).
For isothermal low-cycle fatigue (LCF), the test facility was a servohydraulic MTS
testing machine equipped with a radiant furnace. The fatigue tests were performed
under axial displacement control with a triangular fully-reversed waveshape, using a
longitudinal extensometer placed on the ridges of the specimens. Numerous tests
were carried out at various temperatures from 20 to 550°C, with various average total
strain ranges , As,, from 0.4 to 1.5% and with average total strain rates, €, from 0.003
to 0.3%.s™. The fatigue life NR is defined as the number of cycles up to complete
rupture or to a drop of 10% in the tensile stress in relation to the half-life stabilized
stress.

3. Result Analysis

The shape of the hourglass specimens was chosen in order to slightly induce the
concentration of the strain in the central part of the specimen and, therefore, to
initiate and propagate the fatigue cracks there. The average strain in-between the
ridges of the specimen was controlled and the load was recorded. This results in an
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inhomogeneous distribution of the strain along the gauge length of the specimen,
which is even amplified by the softening behaviour at various strain amplitudes.

Therefore, a detailed analysis is necessary to obtain the relation between the applied
average strain range and the local strain range at the half-life of the specimen, which is
a decisive factor for the life evaluation. We have performed this analysis, incorporating
the following steps:

3.1. STEP1

Complementary isothermal LCF tests were performed on cylindrical specimens with
constant cross-section on the whole gauge length at six different temperatures in the
range 20 to 550°C. During these tests, all the hysteresis stress (o) - strain (g;) loops
were recorded.

3.2. STEP2

The Ramberg-Osgood relation was fitted to the second tensile hysteresis half-loop
plotted in relative coordinates (with origin at peak compression), and the parameters E,
K and n in the relation

c 11!
8t='E+EO'ﬂ (1)

were evaluated from the experimental data at each temperature and strain range. Since
the form of the hysteresis loop in cyclic straining changes only slowly, we can assume
that Eq. (1) remains valid during cycling, keeping the Young modulus E constant, and
fitting the parameters K and n to obtain the load measured experimentally. This
procedure was performed cycle by cycle for the tests at all temperatures. Fig. 2 shows
good agreement between the measured hysteresis loops and calculated loops using this
procedure for two different cycles.

3.3. STEP3

The hourglass specimen was separated into thin discs in which stress and strain are
constant. The stress-strain relation found in step (2) was applied to the deformation of
each disc, imposing the condition of equal load and the condition of applied average
strain, derived from the displacement of the ridges of the specimen. Fig. 3 shows one
example of the distribution of the local strain along the specimen longitudinal axis for
three imposed average strains at 450°C. The result of this procedure was compared
with the result of the numerical simulation of the strain distribution, using the finite
element method (ABAQUS program) with the identical stress-strain law. Both
methods yield fairly similar results which shows that the thin disc approximation
describes the distribution of the strain very well. Fig. 4 shows again an example of the
isostrain curves in the specimen deformed to the average strain range AlVl= 107 at
temperature of 450°C.
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Figure 2. Comparison between measured hysteresis loops and calculated tensile half-loops, at the beginning and
at the end of a test (test conditions , cylindrical specimen, T = 450°C, &, = 0.133%s™).
The evolution of the load range during this test is given above.
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Figure3.  Cross-section area (top) and distribution of the total strain (bottom) along the gauge length
of the hourglass specimen (test conditions , T = 450°C, average strain rate = 0.133%s™).
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Figure 4.  Isostrain curves in the hourglass specimen under the conditions T = 450°C,
average strain range AVl = 102, Axial total strain (top) ; Axial plastic strain (bottom).
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3.4. STEP4

The evolution of the hysteresis loops during cycling obtained in step (2) for
cylindrical specimens was then inserted into the evaluation procedure for hourglass
specimens described in step (3). It results in an iterative numerical procedure which
adjusts cycle by cycle the parameters of the hysteresis loops to the load measured in
the experiments. In first approximation, using the same evolution of the stress-strain
law in all discs, the total and the plastic strain ranges in the central part of the
specimen can be found, for each average strain range and each temperature. Table 2
gives these strain ranges at half-life, as well as the strain rates in the centre of the

G. DEGALLAIX et al.

specimen assuming the triangular shape of the local strain.

TABEL 2. Isothermal low cycle fatigue results.

Number T (°C) A& (%) Ag, (%) Strain rate (% s™) Ng
FE225 20 071 0.18 0.3535 16200
FE203 20 132 0.72 0.3945 2900
FE210 20 209 145 0.4184 960
FE181 250 0.72 0.21 0.3575 10480
FE176 250 1.33 0.78 0.3998 2110
FE188 250 2.11 1.50 04221 1000
FE141 450 0.61 0.17 0.3654 17500
FE174 450 0.77 030 0.3855 7820
FE163 450 1.45 0.92 0.4362 1460
FE155 450 235 1.79 0.4695 700
FE19%0 550 0.49 0.12 0.3678 33100
FE191 550 0.67 0.28 0.4026 11100
FE193 550 0.85 043 0.4245 4250
FE16 550 164 119 0.4923 1520
FE144 550 2.61 2.12 0.5228 620
FE212 20 0.70 0.17 0.03521 12590
FE208 20 132 0.72 0.03945 2300
FE211 20 2.09 1.44 0.04181 950
FE246 250 0.72 0.19 0.03595 10400
FE263 250 132 0.74 0.03963 2260
FE262 250 2.10 1.48 0.04202 850
FE171 450 0.77 030 0.03861 6300
FE278 450 1.46 0.93 0.04371 1360
FE221 450 235 1.79 0.04691 580
FE363 550 0.70 0.34 0.04218 7800
FE255 550 0.89 0.51 0.04445 3960
FE280 550 1.68 127 0.05052 1260
FE269 550 2.68 2.24 0.03566 540
FE353 20 211 1.49 0.004218 820
FE359 250 2.10 1.48 0.004198 770
FE183 450 1.48 0.99 0.004446 1020
FE220 450 237 1.83 0.004731 550
FE361 550 1.69 137 0.005076 1010
FE277 550 2.65 2.30 0.005294 500

4. Development of the Damage Model

Previous studies [5,6] showed that the complete high temperature LCF behaviour, in
a wide temperature range, can be described by considering that the damage process is
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controlled simultaneously by two kinds of mechanisms, depending upon the plastic
strain range, As, athermal or thermally-activated. Having noted that, at room
temperature, there is no significant thermally-activated part in the damage per cycle,
the proposed model was written as:

1 (88,2 B Q
N—R_(T") D.[1+A.A8p .exp(—-i—f)] 2

where C and D are the well-known constants of the Manson-Coffin law at 20°C, and
where A, B and the apparent activation energy Q (in kcal.mol’ and with
R = 2.103 kcal.mol X), are material constants, independent of A5, and T, in the
whole domain of strains and temperatures.

This damage model expresses a detrimental effect of a higher temperature on the
fatigue life. Exponent B can take on a positive value, a negative value, or can also be
equal to zero. These three cases correspond to three forms, typically observed, of the
Manson-Coffin curves depending on temperature , divergent, convergent or parallel.
Moreover, this model presents notable advantages to the designer. As it corresponds
to a single and continuous "fatigue strength surface", it enables a reliable
interpolation to be made throughout the studied domain of strains and temperatures,
and allows for a reasonable extrapolation out of this domain, provided that no
different metallurgical phenomena occur.

This model is also interesting in that it appears as a generalisation of models
proposed elsewhere for describing high temperature LCF behaviour [7] ( Table 3). In
the damage per cycle, if the contribution of thermally-activated mechanisms is
negligible, the model becomes the Manson-Coffin law. On the contrary, if such
mechanisms are more prevalent than athermal ones, the expressions proposed, in
chronological order, by Taira [8], Udogochi and Wada [9], Antolovich [10], Hong
and Rie [11], can be found again. It must however be emphasised that our own work
on various stainless or engineering steels, as well as that of Korn [12] and of Shi [13],
have shown that, in the case of these materials, the competition - in the damage
process - between both thermally-activated and athermal mechanisms had to be taken
into account.

Eq. 2 does not explicitly bring out a strain rate effect or a frequency effect (nor a
hold time effect). To study this issue, it is necessary to have experimental data with
sufficiently different strain rate values.

In the present work, we have started from the Coffin approach [14] (frequency
modified fatigue life, Table 3) and proposed the following expression:

N_1R= [%]a.(ﬁsé&)%.[1+A.Asp5.exp(—%)] 3)

€
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TABLE 3. Isothermal low cycle fatigue models [7].

Present model [5,6, this paper]

_N_IE:[QLJ“{%)%.[HA.Agpa.a,(_%)]

t

models with T as an explicit variable :

Manson-Coffin (1954) Taira (1963) [8]
1 1
—=C,.Ae " —=C,;.A(T).Ac
NR 0 14 NR 1 ( ) P
Coffin (1976) [14] Udoguchi and Wada (1969) 91
1 1 -k 1 0
-I:I—R—=C4.(;'+[h) .AEPn N—R-=C2.exp(—ﬁ7).A£P“
Antolovich and al (1981) [10]
1 1 Y 8o
E}-{— = C3(; +1, ).EIP(-E).ASP
Hong and Rie (1985) [11]
2
£\t s
1 exp(- RT _[0 o(r)de 3
—_= CS N .Asp 5
Ngr T

In this expression, the strain rate effect acts simultaneously and in similar fashion
on the thermally-activated and the athermal terms.

Note that it would be very simple, depending on the materials and/or the
experimental conditions, to express a different strain rate effect on both terms, or
more particularly, a strain rate effect limited to the thermally-activated term.

This approach was applied to the whole set of experimental data in Table 2. Since
this study has a practical aim, the numerical values of the model constants were
determined according to a purely numerical criterion, i.e. those leading to the best
fitting of the experimental data (minimising the scatter band).

For the MANET I, the following expression was thus obtained, with Ag,, in %, &,

in%s' and TinK:

0.0314 _1_
A 0.743
11 ( 8") . 1+112exp(—£) @)
N, |2 2491 RT

€

Fig. 5 shows the very good correlation between the experimental values and the
calculated values. All the points fall within a scatter band with a factor of 1.34 (with
72% of the results with a factor equal to or less than 1.2).
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Figure 5. Data correlation using the proposed model, scatter band (left)
and distribution of the predicted values (right).

The different coefficients of the model were obtained relatively easily.
Experimental data at 20°C, for the highest strain rate, lead to the C and D Manson-
Coffin law coefficients. In this case, it was sufficient to use the room temperature data
to determine, by a least-squares method, the value of coefficient o. Finally, an
iterative computer code, using a non-linear least-squares method, was used to obtain
the values of A and Q. Coefficient B was taken equal to zero, expressing that the
Manson-Coffin curves are roughly parallel to each other for the various temperatures.
It can be noted that the relative small value (7.7 kcal. mol™) of the apparent activation
energy indicates that the contribution from thermally-activated mechanisms to the
damage per cycle remains relatively weak, even at the highest temperatures, and thus,
that the temperature dependence of LCF behaviour of the MANET 1 steel is
moderate. This was confirmed by the impossibility of correlating the experimental
data, using a damage model with only a thermally-activated term. With the
Antolovich form [10], for instance, no scatter band with a factor less than 14 can be
found.

In conclusion, this paper proposes a description of the isothermal low-cycle
fatigue of the MANET I steel using a single damage model including plastic strain,
temperature and strain rate as variables.

We intend, in a further study, to evaluate whether the proposed model can be
applied to the thermal-mechanical tests already conducted at the FZK [1] and
presented in Fig. 6. Based on the Taira equivalence concept [8], the calculation of the
damage will be done on the stabilized hysteresis loop, using a linear damage rule.
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The integration of the elementary increment of damage (assumed to be isothermal,
and connected at each time with the increments of plastic strain and temperature) on
the thermal-mechanical cycle will give an estimation of the fatigue life. This method
yielded a number of highly acceptable results in other studies [15,16].

Figure 6. Thermal-mechanical fatigue data of the MANET I steel [1].
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MODELLING OF THE STRESS-STRAIN BEHAVIOUR OF METAL
MOULDS

J. OKRAINI
Silesian University of Technology
ul. Krasinskigo 8, 40-019 Katowice, Poland

1. Introduction

The prediction of the safe and failure-free life of technical devices is one of the most
important issues in industrial practice and, hence, the designers have to apply an
appropriate methodology to the selection of suitable materials. In this case, it is
necessary to apply theoretical and experimental methods from different fields of
material science, and particularly to be able to simulate the behaviour of complex
mechanical systems and their elements [1, 2]. Numerical methods for evaluating
temperature, stress and strain fields in machine equipment parts have to be used and
carrying out simulated tests of materials is also necessary.

In this paper, durability prediction methodology is presented for technical
structures subjected to thermal-mechanical fatigue. Taking as an example some
selected devices, the work concentrates upon the problem of durability of metallic
moulds which are commonly used in the metallurgical industry. Three types of
moulds have been taken into account i.e. thick-walled vessels filled with liquid metal,
the pipe centrifugal casting moulds and permanent moulds for fire-bar casting.
Vessels are assumed to be thick-walled tubes. The modelling of moulds from the
point of view of solid mechanics is discussed. The paper also presents results of
temperature, stress and strain fields evaluation. An attempt has been made to
calculate the fatigue life of metal moulds and results of the calculation are shown
here.

2. Evaluation of Temperature, Stress and Strain Fields in Metal Moulds
2.1. PROBLEM DEFINITION

In order to discuss the way of selecting an appropriate criterion for thermal-
mechanical fatigue life prediction of moulds under mechanical and thermal loading a
model approach to heat transfer phenomena was applied. The axially-symmetrical
case of thick-walled vessels filled with liquid metal was taken as an example. The
temperature, stress and strain variations in thick-walled vessels filled with liquid
metal were analysed. An intense heat exchange on the inner surface was assumed

457

J. Bressers and L. Rémy (eds. ), Fatique under Thermal and Mechanical Loading, 457-466.
© 1996 Kluwer Academic Publishers.



458 J. OKRAIJNI

with the heat transfer coefficient o; = 5 400 W/m?K, and a much less intensive heat
exchange at the outer surface, ol = 100 W/m?K. These parameters were to reflect the
conditions close to those typical for metal mould surfaces exposed on their interior to
liquid metal impact, on their exterior to free air flow. It has been assumed that the
heat conduction in the mould material is different from that of the liquid metal inside
moulds. Changes in the thermal conductivity and thermal diffusivity with cooling in
time have been taken into account. Thermal conductivity of mould materials and of
casting materials in solid state is A,= A, = 29 W/mK. Thermal conductivity of a
liquid metal is A; = 23 W/mK. Thermal diffusivity of mould materials and of casting
materials in solid state is a, = a, = 6.88x10° m?s. Thermal diffusivity of a liquid
metal is a, = 3.97x10°® m?s. To discuss the way of predicting a fatigue life of the
chosen objects, examples of pipe centrifugal casting mould and moulds for fire-bar
casting were analysed. In the case of pipe centrifugal casting moulds it has been
assumed: oy = 15 399 W/m’K, oty = 500 W/m’K, Ay, = 34.9 W/mK, A, =29 W/mK,
M =23 W/mK, a, = 7.72x10°m%s, a, = 6.88x10°m?/s, a; = 3.97x10°m?s.

The temperature field was determined by the method of finite differences (FDM)
while the finite element method (FEM) was used in evaluating the time-dependent
stress and strain fields. The elasto-plastic material model with exponential hardening
was used, and temperature effect on material properties was taken into consideration.
The material model is assumed as:

n
€
o=Ry(T) +m(T)k(—p—) %)

€y

where
Ry(T) elastic limit as a temperature function,
€ plastic strain,
eg  Strain corresponds to elastic limit,

k,n  material constants,

1 forT< T,
m(T) = l[1+cos (n T_T')] forT > T, @
2 T-T,
Ry, (T) =Ry(T,), ©)

and T,, T; are coefficients of interpolation.

The yield surface is expressed by

F, =1,(0;) ~ folewm-T) =0, @
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where o are stress tensor components, the function f, depends on the material model
and type of hardening,

fy(ci~) = $;S; » ®)
and

V2

2 2
Emt = _3_ (Spl _SpZ) _(8P2 —8p3)

—(8p3 _Spl)z ©

with €1, €5, 3 as the principal values of plastic strains and s; as the deviatoric
stress.

The von Mises type of material and isotropic work-hardening have been analysed.
2.2. SOLUTION PROCEDURES

The finite differences method was used to determine the temperature field in all
moulds mentioned in cases of uniaxial and multiaxial problems. This method was
useful in problems of heat exchange in which boundary conditions have been changed
with time and they were mutually dependent.

In the case of an axially symmetric problem the heat equation has been expressed
as:

o*T 18T 10T
atraaa @

This equation was used to determine the temperature field in thick-walled vessels
filled with liquid metal and in the pipe centrifugal casting moulds.
The following equations present the boundary conditions in the problem of heat
transfer in thick-walled vessels filled with liquid metal:
- inner surface of a mould (outer surface of a casting):
oT
M%-ﬂ=&;, @®

m

o) ()

1 m

- outer surface of a mould:
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h(T,-T)= ZI—T (10)

The boundary conditions in the problem of heat transfer in the pipe centrifugal
casting mould are as follows:

- inner surface of a casting:

(T, -T)= 1)

orT

o

- inner surface of a mould (outer surface of a casting): Egs. (8) and (9)
- outer surface of a mould: Eq. (10),

where the subscripts m and 1 correspond to a mould (m) or to a casting (1), T, is the

temperature of an environment, subscripts o and i correspond to the outer surface (o)
or to the inner surface (i),

Qg a, Ay Qg
h, =7, h=7—", h, = — (casting in a solid state), h; = — (casting in a
0 }\'m }\‘m i }\:s ( g ) i }\:1 ( g
liquid state).

A polynomial approximation [3] was applied in order to present the temperature
distribution.

The conception of an elasto-viscoplastic material model [4] was applied in the
analysis of the elasto-plastic problem. Fictitious time and constants of viscosity were
introduced. The calculations were continued until a steady-state (convergence of the
solution) was obtained on each step of the iteration.

2.3. RESULTS

Fig. 1 shows the calculated profiles of temperature evolution with time at the internal
end external vessel surfaces made of cast iron. These calculations were carried out for
a selected vessel wall thickness g = 40 mm. Two different inner radius (r;) /wall
thickness (g) ratios were taken into account. Fig. 2 presents the maximum and
minimum equivalent plastic strain s;; during heating and cooling as functions of the
radius. The equivalent plastic strain was determined by the Eq. (6).

The diagrams show that the size of plastic zone near the inner mould surface
depends on the ratios mentioned above. The temperature-stress characteristics in this
plastic zone were calculated. Fig. 3 presents relations between the axial stress and the
temperature at the inner surface of thick-walled vessels. An effect of the inner radius
value upon the course of the temperature changes and the thermal-mechanical fatigue
characteristics is apparent in Figs. 1, 2 and 3.



STRESS-STRAIN BEHAVIOUR OF METAL MOULDS 461

T [cly g =4

NN

700

t [s]

100 400 600 800

Figure 1. Time-temperature profiles at the inner and outer surfaces of thick-walled vessels filled
with liquid metal.

b)

Figure 2. Equivalent plastic strain as a function of the tube radius exposed to cyclic heating and cooling.
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Figure 3. The axial stress course as a function of temperature at the inner surface of the thick-walled vessel:
ri/g=14Q@);rn /g=4()

Fields of temperature, axial ¢, and tangential o, stresses, axial €, and tangential
go strains in the pipe centrifugal casting mould made of 35 HM steel (34CrMo4
according to DIN) were also analysed (Figs. 4 and 5).

The characteristics of calculated stress-strain behaviour were compared with those
measured in operating conditions as reported by [5]. The comparison of these
characteristics determined by means of numerical simulation with their equivalents
measured in operating conditions shows that it is possible to obtain a considerable
convergence (Fig. 5).

b)
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600 M
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T Ty
outer surfacej \
200

| e ]
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Figure 4.  Time-temperature profiles at the inner and outer surfaces of the pipe centrifugal casting mould (a).
Temperature as the function of the radius of the casting and mould (b).
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Figure 5. The stress courses in function of strains on the inner surface of the pipe centrifugal casting mould.

3. Fatigue Life Prediction

Crack formation in machine parts subjected to fatigue occurs at the surface, and is
connected with the cumulative effect of cyclic plastic strains. Thus it has been
assumed that the intensity of the material damage process is conditioned by the size
of the range of shear plastic strains at the surface of the above mentioned parts. For
the plane stress condition, which prevails at the metal mould surface, the equivalent
strain range has been determined [2] as

Ag,, = 0.67 [(Aeyy ~ A€ 3) T - (AEp; = A€ 3)Tinay] 12)
where:
€1, Ep3 -principal values of plastic normal strains
Tinins Toax -minimum and maximum temperature of cycle
Ag,, -equivalent strain range.

The Manson - Coffin formulation was used to predict fatigue lives:

N=Cx(AspZ)n 13)

The fatigue diagram which corresponds to this formulation is shown in Fig. 6. For
the value of the strain range Ag; = 0.0028 the 35HM steel (34CrMo4 according to
DIN) centrifugal casting mould would have a durability of N,= 257 cycles.
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Figure 6. The fatigue diagrams of 35 HM steel (34CrMo4 according to DIN) determined in laboratory
conditions; minimum temperature of the cycle Tmin = 180°C, maximum temperature of the
cycle Tmx = 650°C. As, is a plastic strain range, As, is an elastic strain range.

The next example is a grey cast iron permanent mould [2, 6]. The temperature
changes with time on the surface of the gate assembly and the mould cavity
measured in operating conditions, are shown in Fig. 7. These diagrams have been
used to define boundary conditions, when temperature, stresses and strains were
calculated (Fig. 8).

(1) gate assembly
(2) mould cavity

Figure 7. Temperature changes with time in operating conditions at the surface of the gate assembly and
the mould cavity (a), temperature changes with time in a specimen for thermal-mechanical
fatigue (b), stress/temperature diagram of a specimen (c).
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Figure8.  The characteristics of the stress- strain and stress-temperature behaviour determined for the
surface of the gate assembly by means of numerical simulation, where o; and &, are the
principal values of stress and strain.

The data made it possible to define the thermal-mechanical fatigue parameters for
simulation tests of material (grey cast iron). As a result of these tests, characteristics
of fatigue life as a function of plastic strain range have been determined [2, 6, 7]. For
the value of strain range Aey, = 0.0016 the grey cast iron permanent mould would last
for Ny = 36 cycles. The calculated results can be interpreted only in a qualitative
sense. However, the difference in the calculated durability of pipe centrifugal casting
moulds and the permanent moulds is in line with experimental data. Cracks in the
pipe centrifugal casting moulds are formed, as it is shown by [8], after several
hundred cycles of pouring. The number of thermal load cycles of the cast iron
permanent moulds to the moment of the start of the first cracks is several dozen
cycles [6]. Hence the calculated number of cycles for crack formation is consistent
with the experimentally observed number of cycles to crack formation of real moulds.
That number, however, can not be identified with the object durability in many cases.
In pipe centrifugal casting moulds, cracks formed after several hundred cycles of
pouring are removed by mechanical treatment, after which the moulds are re-used.
Crack formation on the fire-bar casting permanent mould made of cast iron,
described in [6], does not disqualify further use of the mould because of the limited
requirements for the surface quality. The number of cycles calculated numerically
should be taken to be the number of cycles to the first crack formation. It should not
be understood as the time of failure free and effective working of the mould, which,
because of the possibility of regeneration by mechanical treatment or working, is
usually higher than the values calculated above.
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4, Conclusions

The lifetime of moulds under thermal-mechanical fatigue loads can be estimated on
the basis of parameters which describe the course of the cyclic elasto-plastic
deformation, in combination with life curves determined by means of simulation tests
on mould materials. An equivalent range of plastic strain can be used as one of these
parameters. In this way the life-time of a mould can be estimated but without taking
the influences of material structure on the fatigue life into consideration.

The value of the inner radius of the mould has a significant effect upon the course
of temperature, strain and stress changes in thick-walled vessels filled with liquid
metal, which can be closely related to the influence of the casting size. As far as large
castings are concerned, the important factor affecting the life-time is prolonged high
temperature exposure. On the other hand, for small castings a crucial role can be
attributed to thermal-mechanical elasto-plastic deformations.

The investigations conducted and the attempt to use their results for the behaviour
analysis of selected machine parts showed its usefulness in problems of metal mould
fatigue life prediction.
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THERMO-MECHANICAL FATIGUE LIFE PREDICTION METHOD IN
TERMS OF ENERGY

K.M. GOLOS

Warsaw University of Technology
Institute of Machine Design Fundamentals
84 Narbutta Str., 02-524 Warsaw, Poland

1. Imntroduction

Thermo-mechanical fatigue (TMF) problems are encountered in many industries,
such as aerospace, power generation, mechanical engineering etc. The last decade has
seen increased effort on modelling material behaviour under high operating
temperatures and severe TMF environments. One of the current problems is
formulation of the method allowing the design and evaluation of engineering systems
operating under TMF conditions. In the literature few thermo-mechanical models
have been presented. However, none of them has given satisfactory results for all
thermo-mechanical loading histories. Life prediction models for TMF generally take
the form:

(1) frequency-modified strain-life or stress-life approaches [1-3];

(2) parametric damage approaches [4-7];

(3) continuum damage approaches [8-9];

(4) damage rate approaches [10-12] including microcrack propagation models [13].

In this paper an energy based model is investigated. The total strain energy
density equal to the sum of tensile elastic strain energy density and the plastic strain
energy is proposed as a damage parameter. The main advantage of the energy based
criteria is their capacity to represent the multiaxiality of the stress and strain in a
simple and physically correct way [14-18]. They describe at the macroscopic level,
the non-linear and hysteretic behaviour of the material which is the result of complex
and numerous microstructural changes responsible for thermo-mechanical damage.
Recent results show that the cyclic thermo-mechanical deformation behaviour is
different when proportional loading is compared with nonproportional loading. To
describe thermo-mechanical loading in terms of energy the description of the cyclic
stress-strain behaviour is essential. Several constitutive theories have been proposed
to describe cyclic deformation behaviour under thermo-mechanical loading [19-21].
In this paper the endochronic constitutive theory (ECT) proposed by Valanis [19] has
been used to describe the stress-strain response of the material under thermo-
mechanical loading. This constitutive equation has been used to evaluate the damage
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parameter. Based on this parameter a new thermo-mechanical fatigue life prediction
method is proposed.

2. Modelling of the Stress-Strain Behaviour

The endochronic constitutive theory has been proposed on the basis of the irreversible
thermodynamics. The theory does not have to rely upon the yield surface concept, and
the material memory is defined in terms of an intrinsic time scale, a material property
at hand. Following Ilyushin's deviatoric vector space the stress vector under the action
of axial force and torque may be defined as

o=0,'n+0,n, (¢))

Where 1, and 0, are orthonormal base vectors in the subspace, 0 is axial stress and

o, = \[?; - T, (7 is shear stress).
The strain vector can be defined as

E=¢g N +& N, 2

where is &, axial strain, &, = }'/ NE) (y is engineering shear strain).
In the deviatoric vector space, the basic equation of endochronic theory is

z 14
5=fp(e-2) 2 ®)
where
dz=dg[f(€,T) C))

de= ,/(deff +(des)’ )

For simulating the stable cyclic stress-strain relation, one may assume the function as

f(&T1)=1 ©)
For thermo-mechanical cyclic loading the intrinsic time scale has to be redefined.
In the proposed model the intrinsic time scale is redefined as

ag
dz=——3—"— 7
7ETeET) o
where f(£T), g(&£T) are a hardening (softening) function and a shape function

respectively.
For thermo-mechanical loading one proposes a linear function simply as
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g(&.T)=(1+cd)(1+¢,(T-T,)) @®)

¢=sin’ @=1-cos’ @ )]
éPeP

cos 0 =29 (10)
5=z

where ¢ is the nonproportionality corresponding to the loading path shape: ¢ = 0 for
in-phase loading, and 0 < ¢ <1 for non-proportional loading. In case where the strain
history is prescribed according to Murakami and Read [22] one gets

[(R%E)z +(R%3c;)2 "fz(‘g’T)gz(é,T)} dz +

an

sy BAOE | 38,00 dz+[ o T +[ e ]2 =0

(R+E)’ (R+3G)’ R+E] |R+3G
where B

dc = Rde® - Qdz (12)

— 3 3
Q =0n +Qsnt3 = Zlar (erﬁz +Qr3’73) = =ZIa,Q, 13)
dQ, [dz + e, O, = Rde" [dz (14)
R= iRr (15)

r=1

de} =de, —do, [E (16)
dej =de, —do, [E an

where G and E are the material shear modulus and Young's modulus, respectively.
Symbol d(X) stands for the increment of physical quantity (X).The model parameters
0O, and R, are available from the uniaxial cyclic isothermal stable stress-strain
relation.

3. Thermo-Mechanical Damage Parameter

A major research effort is presently made to define a suitable damage parameter
which can be used to describe the fatigue process. In addition to the plastic strain
which is more often used, a special form of the cyclic strain energy density has been
proposed by Golos [14-18] to analyze fatigue damage. This form of the strain energy
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density combines the plastic strain energy density, AW P and the elastic strain energy
density, AW ©* associated with the tensile mode which facilitates crack growth. It is
termed the total strain density and for uniaxial thermo mechanical fatigue can be
expressed as:

AW = AW** + AW? (18)
The total strain energy density is calculated from the relation
A82
AW = o cyj;gc, -o,) de* 19)
AW =K'N ; 20)

where 01, 03 are functions describing branches of the hysteresis loop.
In Eq. (20) X" and o are material constants, Ny is the number of cycles to fracture in
isothermal fatigue. In Fig. 1 the damage parameter is depicted.
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Figure 1. Isothermal stress-strain loop with indication of the damage parameter.

To calculate the total strain emergy density under thermomechanical loading the
modified endochronic constitutive theory has been used.
In order to calculate the predicted fatigue life of thermal-mechanical fatigue,
transforming above equation and supposing a linear damage, we obtain
1 " 1l/a
“5=Nr=K (AW') Q1)
where AD is the damage per cycle.
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4. Thermo-Mechanical Fatigue Life Prediction

To describe the influence of the variable temperature on damage, a thermal damage
factor A(T;) was adopted by using isothermal fatigue data [22, 23]

MT)= N} [N @2)

where T, is the reference temperature and 7; is an arbitrary temperature.

When a typical stabilized hysteresis loop of thermo-mechanical cycling is
considered and linear damage based on the total strain energy density is supposed, we
can get differential equation in the form [23]:

SAD. _SAW‘(I;)AD _daw'(T) 1
"aw(r) T AW (L) NPAT)

(23)
where
ADT,- - damage per cycle in isothermal fatigue at temperature 7,

dADy- damage element per cycle in thermal-mechanical fatigue when temperature is
equal to 7,

The damage for thermo-mechanical fatigue is determined by making the summation
of Eq. (23).

5. Comparison with Experimental Data
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Figure 2. Comparison between experimental and calculated results.
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In the analysis experimental data of a 316L type austenic stainless steel have been
used [23]. The total strain ranges applied were equal 1%, 1.2%, 1.6%, 2% and 2.4%
respectively. The thermo-mechanical tests were made at a temperature range of 250
to 500°C. The comparison of the experimental data and experiments has been made
and all results fall in the scatter band of 1.5 (Fig. 2).

It appears that the proposed model for analyzed material gives reasonably good
results.

6. Conclusions
The analysis of thermo-mechanical fatigue has resulted in the following conclusions:

(1) A damage parameter - total strain energy density - has been proposed for
thermo-mechanical fatigue,

(2) The modified endochronic constitutive theory can describe the cyclic
constitutive behaviour of material under thermal mechanical cyclic loading,

(3) With this constitutive theory, the total strain energy density approach can be
used to evaluate fatigue life.

It should be noted that the damage model proposed in this paper was only verified by
thermo-mechanical fatigue tests in which the maximum temperature was not very
elevated. In the case of higher temperatures, this model could possibly become less
efficient because of the significant creecp damage.
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THERMO-MECHANICAL BEHAVIOUR OF SURFACE MOUNT SOLDER
JOINT DURING THERMAL CYCLING
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Bordeaux, France
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1. Introduction

Surface mount technology (SMT) is a relatively new technology used to attach
electronic components to a printed circuit board. SMT provides electronics
manufacturers with numerous advantages over conventional through-hole
technology (PTH) (Fig. 1), so is widely used in more and more applications. These
advantages (Fig. 2) include increased functional density, smaller packages,
increased lead count, smaller circuit boards and potential use of both sides of the
circuit board. However the smaller packages and the larger lead counts require
thinner solder joint between lead and card [1].

(a)
g 3 5 ¢
®

Figure 1. (a) PTH ; (b) SMT (leaded and leadless components).

Eutectic 63Sn/37Pb is used extensively as an interconnection material in
electronic packaging. It provides a mechanical, as well as an electrical connection
between component and board. So Surface Mount component reliability is directly
related with solder joint reliability since 80 to 90% of electronic failures are due to
assembly defects : SM reflow process and/or bad lead coplanarity or solderability
can create poor, porous solder, which results in cracks which generate assembly
failures [2].
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Figure 2. Evolution of lead count and pitch between 1975 and 2000.

The thermal expansion mismatch between board and component is more
destructive. As temperature changes from turning power on and off, small
differences in thermal expansion properties between component and substrate
produce low yet important stresses in solder joints. Residual stresses are generated
and irreversible damage is accumulated in the solder which leads to failure. This
thermal fatigue cracking has been identified as a major failure mode in electronic
packages.

The aim of the study is to understand deformations and stresses that occur in a
solder joint during thermal cycling. A two-dimensional finite element analysis has
been applied to analyze the thermo-mechanical behaviour of surface mount solder
joint during thermal cycling and to determine the main parameters of the thermal
cycle. A realistic model, which takes into account the real properties of the solder,
has been used to simulate the elasto-visco-plastic behaviour of J-lead solder joint.
The non-linear numerical analysis is carried out using CAEDS (IDEAS) and
ANSYS softwares. The effects of temperature range, hold and ramp times on solder
stresses and strains are investigated and then extrapolated on solder fatigue life.
Experimental tests are in progress in order to compare these with the numerical
simulation predictions. The objective is to find an "efficient accelerated test", faster
than the thermal cycles usually used in reliability testing but realistic enough for a
good assessment of the assembly reliability level.

The primary long term failure mode of surface mount assemblies is Low Cycle
Fatigue, brought about by thermally and mechanically induced cyclic strains. The
fatigue damage results from cyclic mechanical strains induced by the mismatch of
thermal expansion between the dissimilar components connected together by the
solder. This thermal expansion mismatch is caused both by temperature gradients
and by mismatch of the coefficient of thermal expansion. Since the solder is a
highly visco-plastic material over the typical operating temperature ranges, slow
thermal cycling produces primarily time-dependent (anelastic and superplastic)
creep strains and relatively negligible amounts of elastic and plastic strains which
are dependent on the magnitude of stress but not on time. This phenomenon is
described by the low cycle fatigue where simultaneous interaction of creep and
fatigue makes damage analysis of a solder joint a complex problem.
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2. Theoretical Approach

The Finite Element Method (FEM) became very popular over the past decade as a
tool for viscoplastic analysis of the stress and strain histories in solder joints, under
the given loads. The solder response is modeled with thermoelastic, creep and rate
independent plastic deformation. The concept of conventional creep and plasticity is
used, in which creep can be described separately from the rate independent plasticity.
Therefore no interaction between the creep and plasticity will be considered in the
formulations.

For convenience of computation, the total strain is considered as :

E= Lol + Epl + Eq + &g 0

where €, €1, €a, Em T€present the elastic, plastic and creep and thermal components.
The total strain is idealized as a partition of time-independent (instantaneous) plastic
strain and a time-dependent creep strain.

The elastic response is expressed by the Duhamel-Neumann law [3] :

1+v v
G ="F % 5% on @

The thermal strain caused by thermal expansion is defined as :

& =5;aT 3

where T = Tpax-Tmin
2.1. PLASTIC CHARACTERISTICS

Solder alloy plasticity is modeled assuming bilinear kinematic hardening. This model
takes into account the Bauschinger effect present in the solder and gives good
agreement with the real behaviour{4]. The Ramberg-Osgood law [3;6] is used :

c-c,)"
8p1=( X j @

where oy : yield stress

K : Ramberg-Osgood coefficient

m : plastic strain hardening exponent.
In this case, m=1 and K=E.E/(E-E;) where E is the Young modulus and E, the
"plasticity" modulus.
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As the solder behaviour is temperature-dependent, the mechanical properties
evolution is taken into account during the thermal cycles. Fig. 3 resumes the stress-
strain curves used in the FEA for plastic computation.

2.2. CREEP CHARACTERISTICS

To describe the thermally induced crecp behaviour of Pb/Sn alloy, a Weertman
model [5] is used to relate the creep deformation rate to stress and temperature. The
contribution of primary and secondary creep depends on the alloy type : secondary
creep controls strain at high temperature for the eutectic alloy, although primary
creep is predominant for lead-rich solder alloy. As a first approximation, only
steady-state creep is considered for eutectic Pb/Sn and :

g =€ o™ exp(—AH) t 5
e “o kT ()

creep equivalent strain,

creep constant,

creep exponent,

activation energy,

Boltzmann constant,

instantaneous absolute temperature,
elapsed time in seconds.

The values used for the creep coefficients are listed in table 1.

where

"HWEPS’;?’

3. The Finite Element Analysis

The geometrical modeling is made with CAEDS (IDEAS) v4.2 [7] software while
the non-linear calculations are carried out using ANSYS v5.0 A [8]. A 3-
dimensional study has been performed, but for computation reasons only a 2-
dimensional plane stress study is made here : a non-linear 2D-clement-finite
simulation with 10 thermal cycles needs approximately 45 hours CP time for
95 hours total elapsed computation time and the 2D main results are globally the
same. One typical electronic package with a J-lead is modeled, assembled on a
board [9] and is shown in Fig. 4. Only half of the assembly is modeled due to
symmetry. The lead is alloy 42 (Fe58/Ni42), the pad copper and the encapsulant
glass-epoxy. The board is epoxy FR4. All these materials are considered as linear
elastic ; except the board which is orthotropic, all are assumed to be isotropic. The
solder alloy (37Pb/63Sn) is treated as a viscoplastic material. All mechanical
properties are listed in Table 1 and Fig. 3.

The finite element model uses 4 node quadrilateral thin shell elements with a
finer mesh in the critical area (the solder joint). It consists of 4078 elements and
4329 nodes, with 694 elements for the refined solder joint area.
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The model is subjected to -20 to +100°C and -40 to +125°C temperature cycling.
The thermal cycles have different ramp and hold times listed in table 2.

TABLE 1. Mechanical characteristics [10].

E a v Creep  charact.
(GPa) (10°°C) (foroc  inkPaj
58Fe- 153 4 031
42Ni
epoxy 14 13 0.30
Cu 120 16 0.34
37Pb- * 24 0.40 So= nc= =
63Sn 3.71.10% 6.28 8165.2
FR4 xy 19 xy 13 xz,yz 0.18
z9 z70 xy 0.39
* solder plastic characteristics are plotted in Fig. 3.
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Figure 3. Evolution of solder alloy elasto-plastic characteristics with temperature (in °C).

Figure 4. Scheme of the finite element model.

TABLE 2. Thermal profiles parameters.

Temperature Ramp time Hold time
range (°C) (min) (min)
-20/+100 3 30
-40/+125 3 15
-40/+125 3 30

-40/+125 20 30




480 V. AUDIGIER, S. LASSERRE and J.L. LATAILLADE

4. Results
4.1. SOLDER JOINT BEHAVIOUR DURING THERMAL CYCLING

The J-lead solder joint is predominantly submitted to shear since it is a thin layer of
ductile material between two thicker layers of Fe/Ni alloy and Cu. Fig. 5 shows the
shear stress evolution during 2 thermal cycles for an element situated in the critical
solder area. Shear stress (Sxy) and the thermal profile (BFETEMP) are plotted as a
function of time. The solder joint is submitted to alternate cyclic stresses : tension
and compression shear stresses appear. As the solder reaches a homologous
temperature (=Tuse/Tmeting) Well beyond 0.5, steady-state creep is significant even
under ambient temperatures : a 30 minute dwell time generates stress relaxation
from -4 MPa to near 0 MPa at T, and from 13 MPa to 8 MPa at T, (numerical
values for a J-lead solder), while irreversible time dependent strains (such as
EPCRXY, creep shear strain) are accumulated and increase with every cycle.
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Figure 5. Shear stress (kPa) evolution during 2 thermal cycles for an element situated in a critical solder area;
cycles -20/+100°C, 3min ramp and 30min dwell times.

Fig. 6 shows the shear stress distribution in the solder at the beginning of the
dwell time at Ty, Figs. 7 and 8 show the inelastic (creep and plasticity) shear
strains at the end of the dwell time at T, It can be seen that the critical areas of
creep and high level plasticity are situated near the interfaces between lead and
solder or between pad and solder. These locations will be the crack initiation
locations which correlate well with SEM observations of a solder joint submitted to
414 thermal cycles -20/+100°C, 1 cycle/h, with a crack having initiated at the
lead/solder interface (Fig. 9).
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Figure 6. Shear stress (kPa) distribution in the solder at the beginning of the dwell time at -20°C.

.002436

.001814
.001191

.568E-03
. 548E-04
.678E-03
.0013

. 001823

. 002546

. 003169

Figure 7. Creep shear strain distribution in the solder at the end of the dwell time at 100°C.

-.001003
-.853E-03
-.703E-03
-. 553E-03
-.402E-03
-.252E-03
-.102E-03
.477E-04
.198E-03
. 348E-03

Figure 8. Plastic shear strain distribution in the solder at the end of the dwell time at 100°C.
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Figure 9. Crack in a J-lead solder joint after 414 cycles -20/+100°C.

It is interesting to study the hysteresis shear stress/strain curve (Fig. 10). During
dwell periods, strains are almost constant while stresses are decreasing. Stress
relaxation clearly appears during the ramp up. Table 3 summarises the solder shear
behaviour with temperature. It must be noted that the thermal mismatch between
different materials always exists during the thermal cycles ; this phenomenon is the
basis of all others, so it is mentioned in the Table 3 only when it is alone, i.e. when
it does not introduce complementary phenomena (creep, ...). It must be mentioned
also that the reorientation of principal directions takes place first at the interface
lead/solder and then it propagates towards the solder.

TABLE 3. Solder shear behaviour with temperature evolution.

Thermal step Shear evolution Main phenomenon

increase : 20 -20<T<40 inversion of the shear at principal stresses
t0 100°C the lead interface reorientation

40<T<100 decrease creep-relaxation

dwell time at decrease creep-relaxation

100°C

decrease :100 100>T>75  inversion of the shear at principal stresses

to -20°C the lead interface reorientation
75>T>-20 increase thermal mismatch (card/lead)
dwell time at - decrease creep-relaxation

20°C
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Figure 10. Shear stress/strain curve for -20/+100°C thermal cycle, 3 min ramp and 30 min hold times.

4.2. INFLUENCE OF THE THERMAL CYCLES PARAMETERS

4.2.1. Temperature Range.

Thermal profiles with the same ramp and dwell times but with different temperature
ranges are studied : -20/+100°C and -40/+125°C are applied to the model. The
global stress evolution is the same and is independent of the temperature range.
Table 4 summarises the maxima of the shear stress and strain amplitudes for a
critical element in the solder joint. When temperature range increases, shear stress
amplitude and total shear strain increase too. The inelastic (plastic and creep) strain
increases with the temperature range too.

TABLE 4. Shear stress level for a critical element in J-lead solder joint function of the temperature range.
Thermal Temperature AS,y (MPa) at Asyy total As,y inelastic
T

cycle (°C) range ‘min (pl+cr)
-20/+100 120 26.8 3.1195e-3 2.6391¢-3
-40/+125 165 31.8 4.2038 ¢-3 3.4462 -3

4.2.2. Ramp Time.

Different ramp times are studied : 3 and 20 minutes for a thermal cycle between -40
and +125°C. It can be seen (table 5) that a fast ramp increases the stress level in the
solder. The irreversible accumulated total shear strain (elastic + plastic + creep) is
sensibly less important for a short ramp time.
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TABLE 5. Shear stress and strain level for a critical element in the solder joint as a function of the ramp time.

Ramp time (min) Asyy total (-) % Aty inelastic/ AS,, (MPa)
Asyy total
3 4203863 82.0 19.2
20 4.2108¢-3 82.4 16.7

4.2.3. Dwell Time.

For the same temperature range and ramp time, different dwell times have been
considered : 15 and 30 minutes. Table 6 shows that the dwell time influences the
shear stress level and the amount of inelastic shear strain. In the last case, the
influence is greater than that of the ramp time. Shear amplitude increases with
dwell duration. For a short dwell time, creep acts partially and stress relaxation is
incomplete. The solder fatigue prediction is also wrong because the irreversible
strains are not fully accumulated as in the real case. For a long dwell time creep
fully appears, stress relaxation is maximum, and irreversible strains are totally
accumulated. The creep phenomenon is supposed completely present if the dwell
time, measured on the component and not on the thermal equipment, exceeds
15 minutes. So the longer the dwell time, the smaller the solder fatigue life.

TABLE 6. Shear stress level for a critical element in the solder joint as a function of the dwell time.

Dwell time ASyy (MPa) Asyy total (-) As,y inelastic % Asyy inelastic/
(min) (phen) () Ay total
15 14.26 4.1735e-3 3.2846 -3 78.7
30 15.98 4.2038 -3 3.4462 e-3 82.0

It must be noted that the amount of inelastic shear strain is more important at
Toax (97.9%) than at Ty, (31.6%).

5. Fatigue Life Prediction

In the automotive and computer industries the challenge consists in designing an
accelerated thermal cycling test to adequately simulate the service life in the field.
The current fatigue life models don’t take into account all key-parameters such as
temperature range, hold and ramp time. The traditional strain-based approach, the
Coffin-Manson law [11], considers strain from thermal expansion mismatch but
doesn’t consider creep and stress relaxation during ramp and hold times. Two
approaches seem to be closer to reality : a strain-energy based fatigue life model
developed by Pan [12] and a modified Coffin-Manson law [13].

Using the finite clement results some remarks can be made to determine the
most critical areas in the solder joint, which coincide with the first failure location.
Typical laws are then used to calculate the fatigue life of the solder and of the
electronic assembly. The finite element results and the fatigue prediction correlate
and it can be seen that the thermal cycle parameters have a significant influence on
the assembly fatigue life :

- if the AT = Tpu - Tan increases, stress level increases too, and fatigue life
decreases ;
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- if the ramp time increases (i.e. if the ramp rate decreases) , the Von Mises stress
level decreases, so the total deformation is reduced and on the opposite the
fatigue life increases ;

- if the hold time increases, more stress relaxation occurs and the fatigue life is
reduced.

Thus it is important to choose an appropriate thermal cycle to simulate the
service conditions in an accelerated test. In particular, the dwell time influence is
very important and an accelerated test must have 15 minutes minimum dwell
period, otherwise the realistic solder behaviour isn’t taken into account.

6. Conclusion

The reliability of surface mount solder joint in electronic assemblies has been
studied with a finite element method ; the real mechanical properties (plasticity and
creep) of the solder have been taken into account. This study reveals that some of
the thermal cycle parameters have a great effect on the thermo-mechanical
behaviour of the solder. The accelerated tests used in laboratory in order to simulate
a faster ageing of the assembly must also take them into account. The thermo-
mechanical fatigue behaviour of the solder joint is predominantly related to the
dwell time at Ty, and T,,,x where inelastic deformation occurs and leads to damage
accumulation. So it is important to realize accelerated thermal cycle tests with a
dwell duration greater than 15 minutes in order to simulate the realistic solder
behaviour.
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1. Introduction

Ceramics reinforced with aligned continuous fibers have the potential for use in high
temperature load carrying structures. However, the desirable damage tolerant
behavior observed at room temperature can be lost at high temperature [1] if strong
bonding develops along the fiber/matrix interface due to oxidation [2]. Currently,
considerable research is being devoted to the development of coatings that remain
chemically stable at high temperature and, at the same time, act as weak layers to
facilitate fiber/matrix debonding [3], a pre-requisite for damage tolerant behavior.
Another important issue is the evolution of damage during thermomechanical
cycling. Room temperature fatigue damage has been widely studied, and many
aspects are fairly well understood [4] for a detailed discussion. High temperature
fatigue and thermomechanical fatigue studies are far more sparse. At high
temperatures time-dependent oxidation, diffusion and creep complicate the modelling
of fatigue damage. In this paper, we discuss the fatigue behavior of unidirectional
ceramic matrix composites (CMC’s), and point out similarities and differences
between room temperature and high temperature fatigue damage.

2. Damage Mechanisms under Monotonic Tension

Since the microstructural damage evolution under monotonic loading has many
similarities to that occurring under cyclic loading, it is instructive to briefly discuss
the characteristic damage evolution under monotonic tension and accompanying
changes in overall composite behaviour.

Fig. 1a shows a stress-strain curve for a unidirectional CMC tested in uniaxial
tension in the axial direction. In order to elucidate the underlying damage
mechanisms, it is instructive to divide the stress-strain curve into several sequential
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parts [5]. At low applied stresses the composite behavior is elastic (Stage I). At higher
stresses matrix cracks initiate (typically in matrix-rich regions [5, 6]), and evolve into
fiber-bridged matrix cracks (Stage II), gradually causing non-linear stress-strain
behavior (note, however, that the initial matrix cracking often occurs without
detectable compliance changes [7]. With increasing stress, the matrix crack spacing
reaches a saturated level and remains nearly constant with a further increase in
applied stress. Beyond saturation, the deformation is primarily due to elongation of
the fibers, and the dominant damage mechanism is interfacial sliding (Stage III).
Within Stage III, the stress-strain curve may regain linearity, although with a lower
tangential modulus than the initial composite modulus. Distributed fiber failures
(Stage IV) may occur before localization (final fracture).

Fiber
g failures

M1
—

Interfacial 11
sliding

v

il

“J[_

AN Matrix II

cracking

Figure 1. (a) Damage mechanisms operating under monotonic tension. (b) Fatigue life diagram,
showing the fatigue mechanisms as a function of maximum applied stress and the
number of cycles (modified after Talreja [25]).

The stress-strain behavior may be strongly dependent on the loading rate [8]. The
mechanism for this is two-fold: (1) Composites with glass or glass-ceramic matrices
may experience slow-crack-growth due to stress-corrosion [9], such that the matrix
crack spacing increases with increasing loading rate, and (2) the interfacial frictional
shear stress may increase with increasing loading rate [8, 10]. Since damage
tolerance is only obtained in composites with relatively low interfacial fracture
toughness and low interfacial shear stress, the debonding process will be ignored in
the remainder of this paper (i.e., the interface will be treated as purely frictional).

3. Damage Mechanisms under Cyclic Loading (Tension-Tension Fatigue)
During the loading portion of the first fatigue cycle, the evolution of microstructural

damage is identical to the damage that develops under monotonic tension to the same
load level, i.e. below the stress at which matrix cracks initiate, ™ , no damage
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develops (Stage I). If the maximum applied stress, G, €xceeds o’ , matrix cracks
form (Fig. 1b). Matrix cracking and fiber/matrix debonding cause non-linear stress-
strain behavior and hysteresns during cyclic loading (due to frictional sliding), as well
as a permanent strain, € [1 1], Fig. 2. The energy dissipation due to repeated forward
and reverse frictional sliding results in a temperature rise, A7, during cycling
[12, 13]. As a result of matrix cracking and interfacial sliding, the composite stiffness
(e.g. the average composite modulus, £ decreases [13-15], as indicated in Fig. 3.
When matrix cracking has saturated, the modulus remains nearly constant, although
a slight modulus recovery is sometimes observed [13, 15].

E No matrix Cracks (o, < o™
E
[} <
1
[ *
c g 7

o

max]

s

Tl

€
0
Log N

Figure 2. A cyclic stress-strain curve showing Figure 3. During cycling the average composite
hysteresis (the energy dissipation per load cycle modulus decreases as the matrix crack spacing s
I/f dwfyic/dr) and a permanent offset strain, g or the interfacial shear stress t decreases. The
The average composite modulus is also defined. modulus stabilizes when the microstructural

damage (matrix cracking, interfacial wear)

Fatigue failure will occur when the residual composite strength, o, has decreased
to the value of the maximum applied stress, om. [16], Fig. 4. Fatigue life is often
described by an S-N curve (Fig. 5), i.e., Opna is plotted as a function of the number of
cycles to failure M. A fatigue limit, oy, is defined as the maximum applied stress
level that a composite can withstand for a specific number of cycles (typically 10° to
10%) without failure. A fatigue limit should only be claimed to exist if the evolution of
fatigue damage stabilizes. For CMC’s, the authors suggest the following conditions to
be met to specify a fatigue limit: (1) the number of cycles defined as run-out is at least
an order of magnitude higher than the highest number of cycles causing fatigue
failure, and (2) microstructural damage, as measured by changes in £ and AT
remains unchanged during cycling below the fatigue limit. Previous work by the
authors suggests that a true fatigue limit may only exist below % .

Interfacial sliding and wear play a key role in the behavior of damage tolerant
CMCs. For clarity, this mechanism will be described in detail. During loading,
fiber/matrix sliding starts from matrix cracks. Sticking friction exists in the middle of
the matrix blocks. The fiber slip-length, /;, increases as the applied stress is increased,
and the slip-zone may meet in the middle of the matrix blocks. The latter is termed
partial/full slip [17]. If unloading occurs before full slip is attained, the composite is
said to experience partial slip. During unloading the fibers start to slip in the opposite
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direction (reverse slip). As with loading, the slip-zones start from matrix cracks,
while the centre parts of the matrix blocks experience sticking friction. It is the
changing slip-length that causes non-linear stress-strain hysteresis loops. Under full
slip conditions the stress-strain relationship is linear (Fig. 6).

o, Residual

Strength Fatigue
Failure

o] /

time
Figure 4. Schematic showing that fatigue failure Figure 5. Schematic S-N curve; Guax as a function of
occurs when the residual composite strength has the number of cycles to failure.
decreased to the value of the maximum applied

stress.

0!5 -

yd Regime 1

o,

cyel
o,

[

Figure 6. Depending upon the maximum applied stress,
the composite may experience partial slip (Regime I),
partial/full slip in the first load cycle and partial slip in
the remaining (Regime IT) or partial/full slip during all
cycles (Regime III).

4. Models of Composite Behaviour
The modulus of an undamaged composite can be estimated from the rule of mixtures,

E. = (I-vf)En + vsEys, @
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where Efand E,, are the moduli of the fibers and matrix, respectively, and vr is the
fiber volume fraction.

The cyclic stress-strain behavior of unidirectional CMC’s with a regular matrix
crack spacing, s, can be described with reasonable accuracy by relatively simple
shear-lag models. The basic assumptions of the models are that all fibers are intact,
the fiber/matrix interface is treated as purely frictional, and Poisson's effects as well
as fiber roughness effects [18] are neglected. For simplicity, interfacial friction is
modelled by a constant interfacial shear stress, 7. Recent experiments indicate,
however, that T should not be treated as a material constant. Rather, it is a parameter
that is sensitive to wear [13], lubrication [19], velocity [8, 10] and temperature.
However, while T may change during cycling, it is reasonable to assume that © should
remain nearly constant within each load cycle.

We must distinguish between the two stages of interfacial slip. If the maximum
stress opmax exceeds a characteristic value, o, given by

s E v
cﬁ={71+c}"} e L @

full slip will occur during all stages of the first loading cycle. In Eq. 2, r is the fiber
radius and o7y is the axial residual stress in the fibers (i.e., the axial stress in the
fibers in the virgin and unstressed composite). If the cyclic stress range, Ao, is
smaller than a characteristic value

2v
aoy =L Ee S 3)
1-v, E, r

then the composite will experience partial slip during cyclic loading [17]. During
unloading, the reverse slip-length after complete unloading is (within the
approximations of the model) half the initial slip-length during the first load cycle
[20]. It is therefore possible that full slip can occur in the first loading cycle, while
partial slip will occur in the subsequent unloading and reloading cycles. Therefore, as
shown in Fig. 6, a distinction must be made between three situations [21]: Partial slip
in the first and subsequent cycles (Regime I), partial/full slip in first cycle, but partial
slip in the subsequent cycles (Regime II) and partial/full slip in all cycles
(Regime II).

In Regime I the average composite modulus can be estimated from the model of
Pryce and Smith [20] to be [22]

T

2
T r Ac(l—vf EﬂJ

E, 4sE,\ v, E,

-E ps = N (4)

where the subscript ps indicates partial slip. Since the average composite modulus
depends on the applied stress range, it is not a material constant.
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The permanent offset strain ¢* (axial strain at ¢ = 0) during cycling between zero
and Oy is [20]

2

1-v 1-v

g* = r O-Ime &__f_ _40-m0-?s£ f +20-9gﬁ , o)
4stE, E, v, E, v,

c

and the frictional energy dissipation per unit time, dwy,/dt, is given by the model of
Choet al. [17]

2
dt . 12 v, E | sEn
where fis the loading frequency.

In Regime II the average composite modulus and the frictional energy dissipation
are still found using (4) and (6), respectively, while the permanent strain becomes
[21]

2
= r o-lznax (1—\/./ Em) +cmax l—vf Em s T 0.7’ (7)

T seE<\ v, E) E, v, E, %E, E

The average composite modulus in Regime III (partial/full slip) can be found from
the model of Serensen and Talreja [5] (see [22]),

Ep= ——"F—, ®

where the subscript /5 indicates full slip. For full slip, the rate of frictional energy
dissipation can be estimated by [17]

dw 2
(_f”“) =f£_'c__A0__ﬁs_ Vs E, . 1))
dt Js rE, 3 r2\l-v, E,

The permanent strain in Regime ITI can be calculated from [5]

res
s t Oy

2r Ef E,

*

(10)

Note that the equations for &~ have been derived on the basis of isothermal cycling. As
mentioned earlier, frictional energy dissipation by cyclic interfacial slip will cause
heating of CMC fatigue specimens. Depending on the stress range and loading
frequency the temperature rise can be of the order of 10-100°C [23]; higher
temperatures may be present in the vicinity of the fiber/matrix interface.
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The above models describe the behavior of multiple-matrix-cracked CMC'’s.
Another important property is the fatigue life, i.e., when the composite strength has
decreased to o, The composite strength can be predicted by models that describe
the fiber strength by the two parameter Weibull distribution [16, 24]

s = A(m) v; oo, an
where o, is a characteristic strength value given by
1
o, = (__GZ"L"T) mt 12)
r

In Egs. 11 and 12, o4(Ly) is the stress level where 63.2% of the fibers have failed for
a gauge-length L,, m is the Weibull modulus, and A (m) is a dimensionless function
that depends only on the Weibull modulus. Models predict that the average fiber pull-
out length /; is related to the fiber strength and interfacial sliding shear stress by

| = A(m) o,
’ 4 =

r, (13)

where A(m) is a dimensionless function close to unity that depends vaguely on m [24].

5. Fatigue Damage Evolution

In addition to matrix cracking, and as pointed out by Talreja [25], the fiber/matrix
interface is the primary site within a brittle matrix composite where room
temperature fatigue damage accumulation can evolve. Repeated forward and reverse
sliding may cause abrasive wear of roughness along the fiber/matrix interface, and
lower the interfacial shear stress by decreasing the interfacial strain mismatch [13].
For ceramic composites with a relatively soft carbon-interphase layer, this wear
appears to occur within a relatively short number of cycles. From Eqs. 11 and 12 it
follows that a lower value of T should result in a lower composite residual strength
(and longer fiber pull-out length). Thus, a decrease in 7 is a likely cause for low cycle
fatigue failures [16]. The reduction in T increases the net stress on the fibers and also
increases the volume of a fiber subjected to a higher than average stress. Repeated
cycling will also induce wear damage along the surface of the fibers (particularly in
relatively soft carbon-fibers [26]). It is plausible that for ceramic fibers (which have
high wear resistance) it may take a large number of cycles before the wear-induced
surface flaws have become larger than the initial flaws in the fibers. Thus, wear-
induced damage to the fibers may be a high cycle fatigue mechanism (Fig. 7). In
models, wear induced fiber damage can be described by a decreasing value of 6, and
a changing m (or decreasing c.). Then, Eqs.[11] and [12] predict a decreasing /, and

o.. Serensen and Holmes [27] have shown that both the fatigue life and fatigue limit
increase with increasing o, (for fixed values of G, ). This shows that it is the
amount of interfacial or fiber wear that controls the fatigue life (Note, that the extent
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of sliding, and therefore the wear rate, decreases as the stress range decreases). Since
the basic damage mechanisms (matrix cracking and interfacial sliding) have been
found to be time or velocity-dependent under monotonic tension [8], it is not
surprising that the fatigue damage evolution is strongly dependent on the loading
frequency. Indeed, it has been shown that the fatigue life decreases sharply with
increasing loading frequency [23].

1
s
\ Matrix
Crack
Saturation
Log N
¢ Wear of
Interfacial
Roughness
Log N
o, AN Wear-induced
N Damage to
K }rface of Fibers
Initial N
Defects in
Fibers
Log N

Figure 7. Damage evolution laws for matrix crack
spacing, the interfacial shear stress and fiber strength.

It is useful to make a distinction between fatigue damage parameters and damage
indicators. Damage parameters are defined as the basic microstructural parameters
that may change during fatigue, i.e. the parameters that cause changes in the
behavior of a composite. These are (within the framework of the present models) s, ©
and o, (or 6o(Ly) and m). We define damage indicators as measurable parameters that
reflect changes in the underlying damage parameters. In the present study we will
consider E, & and dw/dt as damage indicators (other damage indicators can,
however, be chosen, e.g., the opening displacement of matrix cracks). The composite
modulus is particularly convenient, since, as noted by Serensen and Holmes [22], the
transition between partial and full slip is predicted to occur at an average modulus
given by

V/E,
1- 1-v, 5"_

2 E

Epsfi = , (14)
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which is independent of the matrix crack spacing and 1. Therefore, if the measured
value of E is lower than E,.s one can conclude that the composite experiences
partial/full slip, otherwise partial slip will be present.

6. Fatigue Methodology

In order to determine all relevant (intrinsic) composite parameters, it is useful to
choose a methodology that can extract the fatigue damage evolution laws from
relatively few experiments which will allow the composite behavior (E , £*, AT and
fatigue lifetime) to be estimated. According to the models, eight parameters are
required to describe the composite behavior: £z, E,, 7, vr, o7 s, T and o..

First we note that E; E,,, r, vy and , o’p remain constant for a given system, while
s, T and o, may change during cycling (Fig. 7). Usually, E;, and E,, are known. From
optical microscopy of a polished cross section of a virgin composite, ve and r can be
determined. The remaining parameters must be found by tensile and fatigue
experiments; key experiments are summarized in Fig. 8.

< Static
Cracking

Residual
Strength
of cycled
Specimens

Tensile
Test /

£

Figure 8. Key experiments required to determine
the parameters used to model fatigue damage in a
glass-ceramic matrix CMC. Static cracking due to
stress-corrosion provides saturated matrix cracking.
A tensile test gives the initial composite strength. By
measuring the residual strenght of fatigue
specimens, the loss of composite strength can be
determined.

A tensile test conducted to failure can give valuable information. Using the rule of
mixtures (Eq. 1), the measured value of £, provides a check on the fiber volume
fraction v;. The tensile test can also provide c,, which can be used to calculate the
initial value of o, hercafter denoted o.(N=1).], can be measured by scanning



496 B.F. SORENSEN and J.W. HOLMES

electron microscopy of the fracture surface. Optical microscopy of a polished face of
the tensile specimen gives the saturated crack spacing, s.

For matrices that are prone to stress corrosion, matrix cracking can take place
under static loading, and with time a saturated crack spacing (relatively insensitive to
the applied stress level, once it is well above o [9]) will be reached [19]. The
unloading stress-strain data give £ and €. Again, s can be measured by optical
microscopy. Then E and s give T (N=1), and & provides a means to estimate o7f*.
In this manner all initial parameters are determined.

Cyclic tests are needed to determine the fatigue damage evolution laws. The basic
assumptions are that during fatigue s, T and o, are functions of N, Gpux , Omin and f. In
order to study the evolution of fatigue damage, it is preferable to perform cyclic tests
on specimens that have been subjected to static loading, such that the matrix crack
spacing remains constant during the subsequent fatigue test (the matrix crack spacing
appears to be of minor importance for the evolution of strength controlling fatigue
damage, see [22] for a detailed discussion). T(N) can be calculated from data on E as
a function of N. The cyclic stress-strain data and the frictional heating data as
functions of N can be used as consistency checks on t(N). To determine the changes
in t during cyclic loading, the temperature rise of specimens subjected to cyclic
loading is measured as a function of the number of cycles [17]. Under quasi-static
conditions, there is equilibrium between heat generation dw/dt (by frictional energy
dissipation) and heat loss dg/dt (by radiation, convection and heat conduction) in a
test specimen (see Cho et al. [17] for a detailed discussion). Hence, from the
temperature rise, the frictional energy dissipation, and thus T, can be estimated [13,
17]. When conducting the fatigue experiments, some specimens should be cycled to
failure. Other specimens should be cycled to a preselected number of cycles, N;, N,
etc. These specimens are then tested in uniaxial tension to failure. This gives c,(N),
which is used to calculate o, at N = N;, N = N,, etc. In this manner, the damage
evolution laws for T and o, can be measured.
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Figure 9. Measured residual strength of [0],6 SiC¢/ CAS II composites. Two specimens were cycled to failure.
Two additional specimens were cycled to 400 000 cycles (approximately 80% of the fatigue life); their strength
was almost as high as the virgin material, indicating that fatigue damage remains stable until some event
triggers a rapid damage accumulation within a relatively short number of cycles immediately prior to failure.
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Results from cyclic experiments on SiC-fiber-reinforced calcium aluminosilicate
(Nicalon SiC¢/CAS II) indicate that © decreases within a short number of cycles and
remains nearly constant in subsequent cycles [13] (a slight recovery in T appears to
occur with continued cycling; apparently from wear debris along the interface).
Specimens cycled to a preselected number of cycles (N < N, indicate that the
composite strength is retained for up to 90% of the fatigue lifetime [22]. This
suggests that the primary fatigue damage mechanism in SiC/CAS II is wear damage
to the fibers (i.e., decreasing o), and that the decrease in fiber strength occurs within
a relatively short number of cycles (Fig. 9) immediately prior to failure.

7. High Temperature Fatigue Damage Mechanisms

An understanding of the damage mechanisms that occur during high temperature
isothermal mechanical cycling is of major importance. In addition to oxidation
damage to the interphase [3], creep of the fibers and matrix may take place [28].
Ideally, future composites will be engineered such that both of these phenomena will
occur at minimal rates. In the absence of these phenomena, fatigue damage can still
accumulate by the wear of debonded fiber/matrix interfaces and wear of the fibers.
High temperatures will affect the thermal mismatch between the fibers and matrix,
and, therefore, . This will directly affect the composite modulus and residual
strength.

Thermal cycling of a multiple-matrix-cracked composite may lead to interfacial
sliding due to differential thermal expansion between the fibers and matrix. Thus,
precisely the same damage mechanisms that operate during mechanical cycling
(decreasing © and o, due to interfacial sliding) may exist during thermal cycling.
This has not yet been studied experimentally. Modelling of the thermal cycling
process [29] has revealed two competing effects: (1) Sliding due to the difference in
axial thermal expansion between the fibers and matrix, and (2) a change in © with
temperature. This leads to a complicated forward and reverse slipping process as well
as slip/stick behavior along the fiber/matrix interface.

An understanding of in-phase and out-of-phase thermomechanical cycling will
also be of major importance for the successful microstructural design and application
of CMCs. In addition to thermochemical effects (damage to the interphase material)
or creep, purely mechanical fatigue damage can be expected. For multiple-matrix-
cracked composites where the thermal expansion coefficient of the matrix is higher
than that of the fibers, in-phase cycling will lead to a higher permanent strain, but
less interfacial sliding than out-of-phase thermomechanical cycling. This can be
understood by noting that interfacial slip occurs due to differences in axial strain
between the fibers and matrix. During heating, the thermal strain of the matrix
exceeds that of the fibers, whereas during mechanical loading the fiber strain exceeds
that of the matrix. Thus, during in-phase cycling, the two strain contributions tend to
oppose each other, while the two contributions magnify each other during out-of-
phase cycling.
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8. Conclusions

This paper has given a broad description of the mechanisms and models that control
the thermomechanical fatigue behavior of CMCs, and has highlighted the approaches
used to model fatigue life. While the damage mechanisms operating under room
temperature mechanical cycling are reasonably well understood (both experimentally
and analytically), the behavior under high temperature conditions is still poorly
understood. Additional research must be undertaken before reliable design criteria
can be stated with any degree of confidence.
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159, 295, 305, 315, 381, 393

Single-stage strain cycling, 209

Solder joint, 475

Specimen
barreling, 1, 15
geometry effects, 169
DCB, 279

Spera’s rule, 417

SRM life prediction rule, 417

Steels
austenitic steels, 1, 15, 67, 79, 89,

199, 227, 435

chromium steel, 349
composite steel, 227
martensitic steels, 209, 445
oil hydrocracking reactors, 215

over-eutectic, 221

pre-cutectic, 221
Strain energy release rate, 285
Strain-range partitioning, 339
Superalloys

AM1, 141, 381

AM3, 141



Superalloys
Astroloy, 403
CMSX2, 119
CMSX4, 131, 141
CMSXG6, 1, 159
DS CM 247LC, 109, 119
EI598, 179
EI698, 179
EP693, 179
EP962,179
FSX414, 47
IN 617, 327
IN 738 LC, 97, 103, 417, 425
MA6000,169
MA754, 339
MC2, 141
SRR99, 151, 159, 295, 305, 315,393
Waspaloy, 37
ZhS6KP, 179
Surface mount technology, 475

Temperature history effect, 435
Texture, 305
Thermal fatigue
25, 55, 67,97, 131,151, 189, 259,
285, 445, 457, 487
Thermo--mechanical
ageing, 215
bi-thermal fatigue, 47
fatigue, 1,15, 103, 109, 141, 151,
169, 179, 221, 227, 237,
295, 305, 315, 327, 339,
349, 361, 371, 381, 393,
467
torsion fatigue, 15, 425, 435,
Thermostructural composites, 259
Titanium alloys,
aluminides, 189
VT6, 179
V719, 179
Titanium matrix composites, 237

Von Mises, 425
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